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Preface 



In 1997 we put out a two volume set entitled SiC - A Review of Fundamental 
Questions and Applications to Current Device Technology. Six years later we 
are here again with Recent Major Advances in SiC. The editors asked each 
other hard questions to justify asking colleagues all over the world to spend 
a lot of time and effort to put out yet another book. On examining the 
older work we found that many of the articles on fundamental issues were 
as good today as they were in 1997. However, some of the applied reports 
were now out of date, some of the experimental work requires considerable 
updating and theory has shifted from considerations of band structure to 
point defects. Nevertheless, we had to ask whether the admirable proceedings 
of both ICSCRM and ECSCRM did not serve to update the SiC community 
adequately. We concluded that the proceedings feature the latest results but 
cannot attempt to convey perspective and are not normally written in a 
transparent style. Secondly, while the proceedings of ICSCRM and ECSCRM 
are available to all participants of these congresses they are not generally 
available in libraries. Even colleagues who are active in the field but cannot 
always attend ICSCRM or ECSCRM do not have this valuable resource at 
hand. We concluded that if we could bring out Recent Major Advances in 
SiC in a timely fashion and at a price that all colleagues and students can 
afford then this effort would be justified. In Springer- Verlag we have found 
a publisher willing to bring out the book within less than a half year of the 
delivery of the manuscripts and in our authors we have found dedicated souls 
who not only worked hard to put pen to paper but undertook many of the 
tasks that in the past have been taken on by the book publisher. Furthermore, 
the time constraints that we placed on the authors were stringent by past 
standards. It was truly a labor of love since no one gets any remuneration. 
The community and certainly the editors owe each and every one of our 
contributors a debt of sincere gratitude! 

The book is organized in very much the same way as our previous SiC I 
and SiC II. This was purposely done in order to emphasize the continuity 
with the older work and to avoid repetition wherever possible. We start with 
four papers on Theory, but the emphasis is on defects and nanostructures. 
Crystal growth comes next and we have three papers dealing with aspects 
of boule growth, three papers dealing with homoepitaxial film growth and a 
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contribution, which introduces the formation of SiC thin films by ion beam 
synthesis. New developments in surface and interface properties of SiC are 
covered next in a series of five papers. Not surprisingly, there is much new 
to tell in the realm of characterization and we include ten contributions in 
this section. The greatest effort in the last six years has been on the indus- 
trialization of SiC and this is reflected in the new depth and in some cases 
radical departure from the past, in four papers on processing and six papers 
on devices. 

In closing the editors hope that this book will be a convenient guide to 
researchers and students for many years to come. Together with our previous 
volumes it should serve as a “friend” to have on one’s desk which one can 
consult with ease if issues arise which require a look into the literature of 
SiC. We believe that SiC is just beginning to approach its promise in many 
fields of human endeavor and we hope that this book will help bring this to 
reality in just a little less time. 

It is with great pleasure that we thank Michael Krieger for his unswerving 
attention to solving the myriads of computer difficulties that we all encoun- 
tered in bringing the writing of this book to closure. The efforts of Dr. Claus 
E. Ascheron and Ms. Adelheid Duhm of Springer- Verlag towards the realiza- 
tion of “Recent Advances in SiC” are greatly appreciated by the editors. 



Pittsburgh, Kyoto and Erlangen, 
August 2003 



W.J. Choyke 
H. Matsunami 
G. Pensl 
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Zero- and Two-Dimensional Native Defects 



F. Bechstedt, J. Furthmiiller, U. Grossner, and C. Raffy 



1 Introduction 

Silicon carbide (SiC) is a very promising material for semiconductor devices 
which have to work under extreme conditions, such as high temperature, 
high power, and high frequency. Because of the good thermal conductivity, 
the high radiation resistance, and the high breakdown voltage, SiC is well 
suited for demanding applications in harsh environments. 

Defects and their complexes play an important role. This is not only 
true for the impurities used to dope the material. To a great extent the 
electrical and optical properties of SiC are governed by native defects, which 
also exhibit interesting physics of their own. Even though progress in crystal 
growth during the past years has been able to reduce imperfections in the SiC 
crystals, many properties of grown-in defects or those produced by irradiation 
damage during implantation of dopants are not well understood. 

Because of their atomic character the most important native defects are 
zero-dimensional ones on a mesoscopic or macroscopic length scale. Defects 
of this type are vacancies, antisites, and eigeninterstitials or their small com- 
plexes. The monovacancies formed by nearest-neighbour atoms of empty sili- 
con (Vsi) or carbon (Vc) lattice sites are prototypical examples in this respect. 
In SiC the situation is markedly different from that encountered in common 
semiconductors like silicon. Because of the stronger chemical bonding in this 
hard compound, the mobility of such point defects is remarkably reduced. 
They are thermally stable at room temperature, and far above [1]. In con- 
trast to silicon, antisites, e.g. silicon antisites Sic, also occur in the compound 
semiconductor SiC [2] . Interstitials are less likely for the same reason of strong 
bonding. The high thermal stability of a number of defect centers detected by 
photoluminescence (PL) [3, 4] may indicate more extended defects, e.g. sim- 
ple examples such as a divacancy VsiPc formed by nearest-neighbour silicon 
(Vsi) and carbon (Vc) monovacancies [5]. 

A characteristic property of SiC is its polytypism. The compound exists 
in more than 200 different polytypes. The 3C, 4iJ, QH and 15i? structures 
are the most common polytypes [6]. The accompanying variation of the in- 
direct fundamental gap between 2.39 eV (3C) and 3.26 eV (4iL) [7] makes 
SiC also interesting for heterostructure devices, e.g. twinning superlattices 
[8, 9]. The polytypes differ in the stacking sequence of the hexagonally closed- 
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packed double layers of Si and C atoms along the cubic [111] or the hexagonal 
[0001] direction. Depending on the nearest-neighbour atom arrangement, the 
atomic sites in SiC crystals are classified to be cubic or hexagonal ones. The 
two extreme cases are purely cubic stacking (resulting in the zinc-blende (3C) 
polytype) and purely hexagonal stacking (resulting in the wurtzite (2H) poly- 
type). Because of their importance for device applications, here we discuss 
mainly the 3C and 4H polytypes. 

The native point defects can give rise to energy levels in the fundamental 
gap and, hence, exist in different charge states [10, 11]. The positions of the 
corresponding levels with respect to the band edges depend on the polytype. 
Consequently, they may influence the doping efficiency [12] but the strength 
of this effect depends on the polytype. 

Strong indications for certain native defects or defect complexes come 
from characteristic sharp lines in PL spectra. One prototypical defect respon- 
sible for such emission lines in the low-temperature PL spectra is the so-called 
Di center [13]. Its fingerprint is an efficient luminescence at a photon energy 
0.35-0.45 eV below the excitonic gap independent of the polytype. The most 
important Li line is followed by characteristic phonon-assisted structures 
[14]. It has been observed in different polytypes after irradiation [15]-[18], 
but also in as-grown material after quenching from growth temperature and 
epitaxial layers grown by chemical vapour deposition (CVD) or solid-source 
molecular beam epitaxy (MBE) [19]-[21]. In 4Lf-SiC the Li line appears at 
about 2.901 eV [16, 17], whereas 3C-SiC shows this line at about 1.972 eV 

[22] . Other strong indications for a native defect, perhaps a silicon vacancy 

[23] , are the characteristic PL bands with no-phonon lines at 1.121 eV in 3C- 
SiC [24], 1.438 and 1.352 eV in 477-SiC [25, 26], or 1.433, 1.398, and 1.368 eV 
in 6i7-SiC [25, 26]. In contrast to the Li lines, the positions of these PL bands 
depend only weakly on the polytype. 

Stacking faults (SFs) and grain boundaries (GBs) are among the most 
important planar and, therefore, two-dimensional native defects in SiC. In 
a crystal with SFs, the various lattice planes are not stacked in the same 
way as in an ideal crystal, but certain lattice planes are twisted by an angle. 
Several types of SFs are discussed, for instance in the 3C polytype intrinsic, 
extrinsic or twin stacking faults [27, 28]. The normal bond stacking in the 
cubic polytype and the stacking in the presence of an intrinsic or extrinsic 
SF are schematically indicated in Fig. 1. Because of the polytypism of silicon 
carbide, SiC crystals are known to contain SFs. The periodic combination 
of cubic and hexagonal stackings results in many polytypes [6, 31]. Grain 
boundaries occur in crystals which consist of two differently oriented crystal 
halves of the same polytype. A twin boundary is a lattice plane at which the 
two crystal halves meet. Particularly important are tilt boundaries, which 
involve a rotation about an axis in the plane of the interface [32]. If only one 
half of a stacking fault with the twisting of bonding tetrahedra in one bilayer 
is studied, one also speaks about a twin boundary [29, 30] between two crystal 
halves of the same polytype. In the case of SiC it is likely to consider such 
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ISF ESF 






Fig. 1. Schematic representation of bilayer stacking in [111] direction in the 3(7 
polytype. The ideal stacking and the perturbation by an intrinsic stacking fault 
(ISF) or an extrinsic stacking fault (ESF) versus the positions A, B, and C of Si-C 
pairs (dots) in a (110) plane are shown 



interfaces also between two different polytypes. However, such an interface 
does not really represent a twin boundary. We will use the denotation as twist 
boundary to account for the fact that differently stacked (i.e., twisted) Si-C 
bilayers occur on both sides of the interface. 

Two-dimensional native defects are usually regarded to cause deleterious 
electrical effects. In silicon, the extrinsic SFs [33] and the GBs [34] were shown 
to affect device performance by generating electronic states in the band gap, 
causing the segregation of impurities, or acting as electrical traps for charged 
carriers. In the case of SiC, the degradation of the electrical characteristics 
of bipolar devices has been related to stacking faults [35, 36]. Other studies 
of the SF impact on electronic devices [37] lead to the conclusion of deterio- 
ration under long time operation. First-principles studies [38] suggested that 
some SFs in 3(7-, 4i7-, and 6i7-SiC can be electrically active by introducing 
states in the gap below the conduction-band minimum (CBM). These find- 
ings correspond to the observation of electron states due to cubic inclusions in 
4iJ-SiC matrices [9]. In addition to the electronic properties [39] grain bound- 
aries may also affect the mechanical properties by acting as initial zones of 
fracture with local stress concentration [40]. Corresponding tilt boundaries 
in cubic and hexagonal SiC have been observed by means of high-resolution 
transmission-electron microscopy (HRTEM) [41]. 

In the present chapter we discuss the relationship between energetics, 
geometry, and electronic states for native defects in 3(7- and 4iJ-SiC. Mono- 
vacancies are considered as prototypical zero-dimensional defects, but anti- 
sites are also discussed. Particular stacking faults and grain boundaries are 
studied in the two-dimensional case. The computational method is described 
in Sect. 2. The following Sect. 3 is related to the formation of native point 
defects and the resulting electronic states. Studies of selected planar defects 
complete the chapter in Sect. 4. Finally, a brief summary is given. 
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2 Computational Method 

The defect calculations are based on the density functional theory (DFT) 
[42] in the local density approximation (LDA) or in the local spin-density 
approximation (LSDA) [43]. Explicitly we use the Vienna Ab Initio Simula- 
tion Package (VASP) [44]. The interaction of the valence electrons with the 
atomic cores is treated by non-normconserving Vanderbilt pseudopotentials 
[45]. Their supersoftened form is especially important for the treatment of 
first-row elements such as C. It allows the restriction of the plane- wave ex- 
pansion of the single-particle eigenfunctions to a cutoff energy of 13.4 Ry. 
This corresponds to about 55 plane waves per atom. Slightly larger cutoffs 
of 14.8 Ry are used for the planar defects. Exchange and correlation are de- 
scribed in the parameterization of Perdew and Zunger [46] . In order to avoid 
partial errors due to the use of frozen cores, nonlinear core corrections are 
included. For arbitrary spin polarization the correlation energy is interpo- 
lated between the nonpolarized and fully polarized case as for the exchange 
energy [47]. For the defect-free polytypes 3C and AH the described method 
gives lattice constants slightly smaller than the experimental ones. The cubic 
lattice constant of the zinc-blende polytype with symmetry amounts to 
ao = 4.332 A, whereas the two hexagonal lattice constants of AH-SiC (C|^) 
are a = 3.061 A and c = 10.013 A. The internal deformations of the bond- 
ing tetrahedra are small (see [48]). Without quasiparticle corrections [48, 49] 
DFT-LDA gives the values 1.33 eV (3C-SiC) and 2.23 eV (4i7-SiC) for the 
energy gaps which are about 1 eV smaller than the experimental energies [7]. 

For the point defects extremely large supercells with 216 atoms (3C) or 
128 atoms (AH) are used to avoid too strong defect-defect interactions and 
electrostatic effects. A heuristic approach of Makov and Payne for the error 
evaluation [50], which has been applied in recent studies by other authors [5, 
51], is not used for interaction compensation. The total-energy minimization 
with respect to the atomic coordinates is performed by a conjugate-gradient 
technique [44]. Within the structural optimization a 2 x 2 x 2 special-point 
mesh [52] is used for the fe-space sampling. In order to describe excited defect 
states we take into account the constraint of a hole in the lowest oi-derived 
single-particle defect state. However, the effects of the excitation as well as 
of the spin polarization are described restricting the sampling to the F point. 
The influence of unphysical fe-induced splittings and dispersions is suppressed 
in this way. Details of the computational method for point defects can be 
found in [10]. 

The planar defects are also modelled using a supercell approach [27, 39, 
53]. In such a repeated-slab method usually two planar defects or interfaces 
are studied simultaneously. In the case of tilt boundaries inequivalent in- 
terfaces with respect to the cations and anions of the SiC compound are 
considered. Since the slabs contain a sufficient number of atomic layers or 
Si-C bilayers we apply planar fe-point sets. In the irreducible part of the two- 
dimensional Brillouin zone (BZ) usually 12 (3) special fc-points are used for 
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twist boundaries between polytypes (tilt boundaries between crystal halves 
of the same polytype). All atomic structures are fully optimized until the 
Hellmann-Feynman forces vanish. The repeated-slab approach and planar k- 
point sets are also applied to study the surface influence on the stacking-fault 
formation [54]. 



3 Zero-Dimensional Defects 

3.1 Formation of Charged Vacancies and Antisites 

First, we consider monovacancies with A = Si or C in the charge state 
q = 2+, +, 0, — , 2—. Independent of the polytype, 3C or AH, the ground state 
of a C-site vacancy generally exhibits a remarkable Jahn- Teller distortion 
apart from the double positively charged one. This can easily be explained for 
the cubic polytype [55]. However, disregarding the small deformations of the 
bonding tetrahedra, locally the same happens also in the AH case. There is a 
tendency for relaxation towards D 2 d symmetry as a consequence of a pairing 
mode. The Si-dangling bonds of the C vacancy overlap partially. In addition 
to an inward (positively charged) or outward (negatively charged) breathing 
relaxation, the defect systems gain energy by formation of bonded pairs of 
first-nearest-neighbour atoms. This is demonstrated in Fig. 2. Lowering the 
local symmetry from Tj (which is locally also nearly valid in AH) to D 2 d, 
the threefold degenerate t 2 defect level (without spin) splits into a lower 62 
state and a higher twofold degenerate e state. This mechanism occurs for Vq , 
Vq, and Vq . Further local symmetry reductions do not occur for Vq . In 
3C the additional electrons giving a nominal charging of the defect occupy 
conduction band states. Hence, negatively charged carbon vacancies do not 
exist in 3C. However, they occur in the AH case with a wider energy gap. 
Additionally, the crystal- field splitting acts in the hexagonal poly type. 




Fig. 2. Contour plot of the wave-function square of the highest occupied defect 
state of Vc in 3C-SiC in a plane perpendicular to a cubic direction. Two local 
symmetries Ta and D 2 d are allowed 
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Vq~^ exhibits a huge inward breathing mode, whereas shows the men- 
tioned pronounced pairing mechanism. The large geometrical changes in the 
Vq and cases in comparison to the intermediate charge state q = + 

result in a negative U behaviour [56]. We calculate a Hubbard interaction 
U = Etot{V^^) + EtotiVS) - 2Etot(V+) = -0.35 eV [57]. Consequently, the 
single positively charged C vacancy should be unstable in the thermodynamic 
equilibrium. For 4i7-SiC we calculate similar values U = —0.29 and —0.24 eV 
in dependence on the cubic (k) or hexagonal (h) lattice site [10]. In accor- 
dance with Fig. 1 the site character follows the stacking direction -|- or — . 
However, because of the larger energy gap of 4H also the double negatively 
charged vacancy can occur as a stable defect. As a consequence one observes 
a negative U behaviour with U = —0.29 eV independent of the lattice site 
also for the defects with additional electrons. 

The situation is quite different for the Si-site vacancies [10, 58]. Because of 
the strong localization of the C dangling bonds and the SiC lattice constant, 
only an outward breathing relaxation may occur [55] . The defect system can 
gain additional energy by a spin splitting of the t 2 levels. In the case of the 
single positively charged, neutral and negatively charged Si-site vacancies, 
high-spin states are predicted independent of the polytype in agreement with 
Hund’s rule. The total spins S = 0(Fg["''), l/2(V'gt‘), l(Fg°), 3/2(Fg7), and 
l(4g7~) are obtained for the ground states [10, 57]. Meanwhile, there are 
doubts in the DFT-LSDA result of a ^Ti ground state for the neutral Si va- 
cancy, at least in the 3C-SiC case [58]. More careful LSDA studies end with 
a mixed-spin state, ^E -|-^ Ti [60]. However, because of principal limitations 
of the DFT-LSDA a pure spin multiplet ^E cannot be derived. Fortunately, 
despite of the spin problem the results for the atomic geometry and the ener- 
getics do not change very much. We estimate an energy difference between ^E 
and ^Ti of about 0.04 eV, which slightly increases after inclusion of gradient 
corrections in the exchange-correlation energy. 

In the thermal equilibrium the concentrations of the defects are mainly 
determined by their formation energies f2f(V^). We adopt the formalism of 
Zhang and Northrup [61]. One has 

= Atot(V|) - Atot(ideal) + mx + + E,) , (1) 

for an A-site vacancy and 

12f(C'gj) = Atot(C'gj) — F/tot(ideal) -I- /rsi ~ Me + q{Ep + E^) , (2) 

for a carbon antisite with the total energy Etot (ideal) of the ideal SiC poly- 
type and Etot{V^) or Atot(C|;) for the system with the point defect. All 
chemical potentials and heats of formation AH{ are taken from total-energy 
ab initio calculations described in Sect. 2. The Fermi level Ep is allowed to 
vary in an interval defined by the experimental gap energy Eg [7]. In other 
words, the quasiparticle gap Eg is taken into account and the gap problem of 
the semiconductor physics using DFT-LDA or DFT-LSDA [49] is solved in 
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Si-rich C-rich 





Fig. 3. Formation energies of C {solid lines) and Si {dashed lines) vacancies in 3C- 
SiC versus Fermi level position in the fundamental energy gap. The most extreme 
preparation conditions are considered, Si-rich: /rsi = Me = ~ AHi and 

C-rich: /isi = - AJTf, Me = 



this way. More refined procedures, in which the overlap integrals of defect and 
band states determine how much of the total gap corrections contribute to 
a quasiparticle shift of a certain defect state [56], or direct self-energy calcu- 
lations [62] are not considered here. The valence-band maximum (VBM) 
is replaced by the corresponding Kohn-Sham eigenvalue. However, their val- 
ues in supercells with different defects and different charge states are aligned 
using the average electrostatic potentials [10]. 

Results for monovacancies in 3C-SiC are presented in Fig. 3. The results 
for 4iJ-SiC are rather similar [10]. There is only a small difference of the 
vacancy formation at cubic or hexagonal sites. In general, the cubic sites are 
preferred for carbon vacancies. The most important change happens due to 
the increase of the energy gap by about 1 eV. The slopes in Fig. 3 indicate 
that in highly n-doped crystals the negatively charged C vacancies should 
possess the lowest formation energies. The lowest formation energies (and, 
hence, highest defect concentrations) are found for Vq~^ under p-type doping 
and both Si-rich and C-rich preparation conditions. That means that under 
equilibrium conditions in the p-type limit, the carbon vacancy is a double 
donor, regardless of stoichiometry [10, 12]. These findings may explain why 
as-grown cubic SiC is always weakly n-type as well as the lowered doping 
efficiency of acceptors [63]-[65]. It seems that 40-60% of A1 acceptors are 
compensated in p-type epilayers [65] . 

The formation energies of carbon antisite defects in 3C-SiC are shown 
in Fig. 4. The underlying local symmetry is Tj. Test calculations employing 
starting configurations with T> 2 d or Csv symmetry showed that the defect sys- 
tem relaxes into a configuration. In contrast to these findings we expected 
a planar Csv configuration of four carbon atoms with sp^ hybridization and 
an empty p dangling bond orbital. It turns out that the negatively charged 
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Fig. 4. Formation energies of Cg; anti- 
sites in 3C-SiC versus Fermi level posi- 
tion for two different preparation condi- 
tions. Solid line: C-rich, dashed line: Si- 
rich 



carbon antisites C 5 J have the lowest formation energy of all studied native 
defects in n-type 3C-SiC grown under C-rich conditions, in agreement with 
other published theoretical studies [11, 12]. However, the carbon antisite is 
not electrically active. It does not induce any state in the fundamental gap. 

3.2 Ionization Levels and Intravacancy Transitions 

The (donor-like) ionization levels (q — 1/q) of a defect are independent of 
the preparation conditions, i.e., the actual values of the chemical potentials 
of the species involved. They are defined as the positions of the Fermi level 
Ep at which the formation energy (1.1) or (1.2) of a defect in two different 
charge states q and g -I- 1 or g — 1 and q becomes equal in Figs. 3 or 4. One 
finds 

e(g + 1/q) = - EtotiV^) - E, (3) 

for the acceptor ionization levels with respect to the VBM, E^, or 

s{q - 1/q) = E, + EtotiV^) - EtotiV^") (4) 

for the donor ionization levels with respect to the CBM, E^. It holds Eg = 
Ec — -Bv for the fundamental energy gap and e{q—l/q)+e{q/q—l) = Eg. For 
instance, for q = —1 the acceptor excitation energy e{0/—) gives the energy 
being necessary to bring a single negatively charged vacancy into its neutral 
charge state. For q = 0 the donor excitation energy e(— /O) defines the energy 
that is needed to bring one electron from a t 2 -derived single-particle vacancy 
level into the conduction band. 

Results for the vacancy ionization levels are presented in Fig. 5 and 
Tables 1 and 2. The tables also contain results of Torpo et al. [51, 58] ob- 
tained using normconserving pseudopotentials, 128-atom supercells, and no 
Madelung corrections. The agreement of the theoretical results [10, 51, 58, 66 ] 
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(a) (b) 

Si vacancy C vacancy 




Fig. 5. Energy-level scheme for silicon and carbon vacancies in (a) SC-SiC and (b) 
4/f-SiC 



of different groups and using different numerical approaches is excellent. This 
holds in particular for the positively charged states in the lower part of the 
fundamental gap. The comparison of the level schemes in Fig. 5 for 3C-SiC 
(a) and 4iJ-SiC (b) indicates close similarities of the level schemes for a C-site 
or a Si-site vacancy if the VBM is taken as energy zero. The main variation 
is due to the wider energy gap in AH . Deep midgap defect levels can more or 
less be used to align the band structures of 3C- and AH-SiC according to the 



Table 1. Ionization energies (in eV) of Si vacancies in 3C- and 4/f-SiC with re- 
spect to the VBM (positively charged) or CBM (negatively charged). Values in 
parantheses from [48, 51]. In addition the position of the Li line is given 



Level 


k (3(7) 


h (AH) 


k {AH) 


(+/++) 


0.34 


(0.43) 


0.08 


(0.09) 


0.06 


(0.14) 


(0/+) 


0.43 


(0.50) 


0.31 


(0.27) 


0.20 


(0.18) 


(-/o) 


1.28 


(0.68) 


1.98 


(2.15) 


2.07 


(2.22) 


(-/“) 


0.41 


(0.02) 


1.31 


(1.58) 


1.32 


(1.56) 


Li 


1.96 


(1.89) 


2.96 


(3.00) 


3.07 


(3.09) 



Table 2. Ionization energies (in eV) of C vacancies in 3(7- and dTf-SiC with respect 
to the VBM (positively charged) or CBM (negatively charged). Values in paran- 
theses from [48, 51]. Because of the negative-!/ behaviour only the (0/ -I- -I-) and 
( /O) levels are given in [51] 



Level 


k (3(7) 


h {AH) 




k {AH) 




(+/ + +) 


1.72 


1.68 


(1.53) 


1.68 


(1.57) 


(0/+) 


1.41 


1.37 




1.44 




(-/o) 


unstable 


0.65 


(0.82) 


0.52 


(0.63) 


(--/-) 


unstable 


0.84 




0.81 
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Fig. 6. Photoluminescence spectra of AH- and 3C-SiC layers grown homoepitaxi- 
ally by means of MBE. From [21] 



Langer-Heinrich rule [67]. In the case of AH-SiC the comparison of the level 
schemes for hexagonal (/i) and cubic (fc) sites only exhibits small differences. 
The variation of the level positions due to the site character is of the order 
of 0.1 eV or less. 

Figure 6 presents the low-temperature PL spectra of AH- and 3C-SiC 
layers grown by means of solid-source MBE [21]. They show the well-known 
emission lines of the Di defect center, both the zero-phonon Li line and the 
phonon replica. There are several indications that Si vacancies have to be 
taken into account for the explanation of the Di center [13]. Carbon vacancy 
levels are too close to midgap positions. In the Vsi case, the corresponding 
optical emission energy can be related to a recombination of an electron in the 
CBM and a hole situated at the vacancy leaving back a neutral vacancy. Cor- 
respondingly, neglecting electron-hole binding energies and lattice-relaxation 
effects the donor ionization energy e(0/-|-) (with respect to the CBM) is in- 
terpreted as Li peak energy. The values in Tables 1 and 2 result using the 
experimental gaps Eg = 2.39 eV (3C) and 3.27 eV (AH). The comparison 
with measured Li line positions of about 1.98 eV (3C) and 2.90 eV (AH) 
shows that the donor ionization levels (0/-I-) of silicon vacancies in 3C and AH 
(hexagonal site) nearly give the positions of the luminescence lines. Thereby, 
the binding energy of about 0.03-0.06 eV [16]-[18] of the bound exciton is 
neglected and an inaccuracy of about 0.1 eV of the theoretical level positions 
is taken into account. The advantage of this identification is the explana- 
tion of the polytype dependence of the L\ line and of the non-occurrence of 
a second line in AH. The splitting of the two (0/-I-) energies of cubic and 
hexagonal sites is rather large, so that electron-hole pairs recombine via the 
lower-energy transition. 
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These results suggest the conclusion that a Si vacancy, or more strictly 
speaking a C dangling bond, is involved in the Di center. There are also 
arguments against this interpretation. The Si vacancy formation energies are 
generally larger than that of C vacancies (cf. Fig. 3). However, the MBE 
growth of SiC [21] happens under conditions where the concentration of Si 
adatoms is nearly given by its equilibrium value. No accumulation of Si occurs 
on the growing SiC surface. On the other hand, desorption of carbon or carbon 
bearing species, such as Si 2 C and SiC 2 , can be neglected. 

In addition, it has been suggested that Si vacancies are unstable in the 
thermodynamic equilibrium against a transformation into a defect complex 
according to Fg° ^ Vq -I- Cg;, because of their larger formation energy in 
comparison to that of C vacancies [68]. However, there exists an energy barrier 
for this process of about 1.8 eV which is much higher than the thermal energy 
at a growth temperature of 1500 K (3C) or 1600 K (4i7). 

The question arises whether other PL lines, e.g. that at 1.35 and 1.44 eV in 
4iL [25, 26] or 1.12 eV in 3C [24], can be related to native defects like vacancies 
or not. To answer this question, we study the lowest intravacancy transition 
energies of Si vacancies in 3C- and 4iL-SiC as total-energy differences ?uv = 
£'tot(4g1’ excited) — Etot(k"s1’ Thereby, the excited state is described 
using the constraint of a hole in the low-energy one-electron a\ defect state. 
Results are listed in Table 3. In the 3C case we also give transition energies 
that are corrected by about 0.15 or 0.35 eV, in order to account for the strong 
dispersion of the lowest ai defect band [55]. Despite of the large supercells 
of 216 atoms, such a strong dispersion occurs due to the vacancy-vacancy 
interaction and the mixing with bulk-like contributions. 

Interestingly all the intravacancy transition energies considered in Table 3 
do not vary very much with the charge state of the vacancy Fg® and the 



Table 3. Lowest intradefect transition energies (in eV) of Fg® in 3(7- and 4L/-SiC. 
The inequivalent lattice sites, k and h, are distinguished in 4H. In the 3(7 case 
the energies corrected by the strong k dispersion of the ai defect band are given 
in parentheses. In the 4H case the small perturbations of the hexagonal crystal 
field are ignored in comparison to the defect-induced geometry changes, and the 
localized defect states are locally still described as in the cubic polytype 



Charge state q 


Transition 


3(7 (fc) 


4H (k) 


4H (h) 


+ 


ahl 






1.41 (1.06) 


1.42 


1.77 


0 




- 


Ui ^2 


1.42 (1.07) 


1.44 


1.82 


- 




- 


CI 1 L 2 1^2 


1.60 (1.40) 


1.57 


1.40 


— 




- 


.T..TTT^U 

a^i2 1^2 


1.43 (1.23) 


1.73 


1.68 
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polytype of the host, in particular considering only cubic lattice sites. The 
reason is that the charge state q shifts both participating single-particle levels 
ai and t 2 in the same manner. The participating orbitals are combined by 
the same C hybrids in more or less the same distance. The large difference of 
the transition energies of 3C and 4H in the TgY” case is a consequence of the 
fact that in 3C the level lies above the conduction-band minimum. In 4H- 
SiC the site dependence has to be taken into consideration. The transitions 
at hexagonal sites possess larger (smaller) energies for positively charged or 
neutral (negatively charged) Si vacancies than those at cubic sites. 

The values in Table 3 approach the experimental findings [24]-[26]. Son et 
al. [24] relate the PL line at 1.12 eV in 3C to a S' = 1/2 center, probably Pgt. 
We follow this interpretation, in particular because of the spin state. From 
the point of view of the energy, one cannot exclude Fg°. However, neither 
the spin S = 1 nor the spin S = 0 fits the PL experiments, in contrast to 
the corresponding vacancy in diamond [69]. The conclusions from the com- 
parison are more vague in the case of 4H, despite of the reduced dispersion 
of the lowest defect band as a consequence of the hexagonal crystal field. 
The transition energies 1.44 and 1.82 eV calculated without dispersion cor- 
rections for Fg® approach the positions of the two zero-phonon PL lines at 
1.35 and 1.44 eV accompanied by a S' = 1 signal measured with optically 
detected magnetic resonance (ODMR) [25, 26]. However, such an interpre- 
tation is doubtful because of the spin state and the larger computed line 
splitting. Another possible explanation of the occurrence of two lines in AH 
may be related to the crystal-field splitting of the 4 level into a\ and 
ones and not to the two inequivalent sites. Taking into account a dispersion 
correction of 0.31 eV also the transition in Fg7~ can be considered for the 
interpretation. Spin state and line splitting agree with the measurements. 
We mention that the high-spin state of the negatively charged FgT predicted 
theoretically [10, 23, 58] has been confirmed recently by measurements of the 
electron paramagnetic resonance [70]. 



4 Two-Dimensional Defects 

4.1 Tilt Boundaries 

Planar defects - boundaries - may occur between crystal halves of the same 
or of different polytypes. Prototypical examples for the zinc-blende SiC are 
twin boundaries of the E9 type [71, 72]. In this notation, the intersection 
of the lattices of the two crystals is considered. The points common to both 
lattices form the Coincidence Site Lattice (CSL). The number 9 gives the ratio 
of the unit-cell volume of the CSL to that of the original lattice [73]. Two 
models [40, 72] have been proposed for the S9{221} symmetrical coincidence 
boundary, in which the interface plane common to both 3C-SiC grains is of a 
{221} type. For covalent Si and Ge semiconductors the glide-plane model has 
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Fig. 7. Supercell to model Si-rich and C-rich E9{122} boundaries in 3C-SiC within 
the glide-plane reconstruction. The Si atoms {large circles) and C-atoms {small 
circles) are projected along the [110] axis. The tilt angle is indicated 



been found to be more stable than the mirror-plane model [72] . The supercell 
in Fig. 7 represents the glide-plane model. The tilt angle between two cubic 
grains is arccos(7/9), i.e., 38.94°. The supercell contains two boundaries with 
different local stoichiometry but the same number of Si and C atoms. Here 
supercells with 144 atoms are arranged in a simple orthorhombic Bravais 
lattice. The lattice constant of 5.2 nm in the direction perpendicular to the 
interfaces guarantees that the mutual interaction of the tilt boundaries is 
weak. Both the Si-rich and the C-rich interfaces consist of five- and seven- 
membered rings similar to the case of the 7r-bonded chain model of the 2x1 
reconstructed Si and Ge(lll) surfaces [74]. The odd-membered ring structure 
allows to keep the fourfold coordination of the group-IV atoms. 

As a consequence no dangling bonds occur in the twin interfaces. However, 
wrong (in the sense of the Si-C environment) Si-Si or C-C bonds dominate 
the corresponding Si-rich or C-rich interfaces. Because of the electron transfer 
from Si to C atoms in SiC, the Si-rich (C-rich) interface is called p-polar (n- 
polar). Each planar unit cell in an interface intersects two Si-Si or C-C bonds. 
One may also construct non-polar boundaries which contain both kinds of 
wrong bonds. Such non-polar interfaces seem to be observed in HRTEM of 
SiC films prepared by chemical vapour deposition (CVD) [40, 41]. However, 
they should be less stable than the polar ones [40]. The arrangement of the 
bonds in the tilt boundaries in odd-membered rings induces remarkable de- 
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viations of the bond angles from the ideal tetrahedron angle of 109.47° of 
about —20° to +24° [40, 41, 53]. The Si-Si wrong bonds at the interface have 
lengths rather similar to those in bulk Si. The bond lengths only deviate by 
about —2% from the ideal value. In the C-C case and n-polar interfaces larger 
deviations of about 5% appear. 





Fig. 8. Band structure {upper part) of the two {221} tilt boundaries (glide-plane 
model) versus the irreducible part of the corresponding two-dimensional BZ in DFT- 
LDA quality. The bulk band structure of 3C-SiC projected onto the planar BZ is 
shown as hatched region. The lower part of the hgure represents the wave-function 
squares of the occupied interface states at (a) F and (b) M. Larger (smaller) dots 
indicate the Si (C) atoms in parallel (110) planes 
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The average value of the two interface or boundary energies amounts to 
7 = 1.60 J/m^. This value agrees well with that 7 = 1.24 J/m^ calculated 
by other authors [40, 41]. The positive value indicates that the formation 
of such a complicated interface requires some energy to generate the change 
of the bonding topology, the distortion of the tetrahedra and the slightly 
compressed Si-Si and stretched C-C bonds. The formation energy of a tilt 
boundary in cubic SiC amounts to 0.175 eV per interface atom. This value 
approaches the thermal energy = 0.15 eV corresponding to the substrate 
temperature of about 1700 K in a CVD process and is much smaller than the 
thermal energy k-^T = 0.22 eV being relevant for bulk growth at about 2500 K 
using a modified Lely method. This may explain why {221} tilt boundaries 
are observed in polycrystalline SiC [73] and even the occurrence of similar 
boundaries in hexagonal SiC [75]. 

The interface states accompanying the two {221} tilt boundaries are 
shown in Fig. 8 together with the bulk band structure of 3C-SiC projected 
onto the two-dimensional BZ. Occupied interface states occur in the lower 
part of the fundamental gap close to the VBM. The state at the T point 
(denoted by “a”) being 0.2 eV above the VBM is localized at the C-rich 
boundary at Si-C bonds of the 5-fold rings as indicated by the corresponding 
wave-function square. The uppermost interface state at M is localized at the 
Si-Si bonds of the Si-rich boundary. In pure or n-doped SiC these filled inter- 
face states should not drastically influence its electrical properties. However, 
the p-doping efficiency may be decreased. Shallow acceptors with levels only 
slightly above the VBM (<0.4 eV) may be passivated by electronic states of 
the tilt boundaries. 

4.2 Boundaries Between Polytypes 

The significant polytypism of SiC is accompanied by a high probability for the 
appearance of SFs. Therefore the observation of twin boundaries, inclusions 
of stacking regions corresponding to another polytype, or the occurrence of 
extended SFs is likely. Such changes may happen along the normal stack- 
ing direction [111] (cubic) or [0001] (hexagonal). However, they may also be 
combined with a tilted boundary of the {115} type (cubic) or {3302} type 
(hexagonal). Here, we discuss as a prototype a {111}/{0001} interface be- 
tween 3C-SiC and 2iL-SiC. The wurtzite polytype 2H is considered to be a 
hexagonal model crystal instead of the more common AH and QH structures. 

Still a supercell description is used (cf. Fig. 9). Again, the two interfaces 
are not symmetrically equivalent due to the polarity of the compound. The 
supercell consists of 24 Si-C bilayers, twelve with purely cubic stacking and 
the other twelve layers with purely hexagonal stacking. A total of 48 atoms 
belong to a supercell. The edge length of nearly 6 nm guarantees a weak 
interaction of the two interfaces. The resulting periodic structure represents 
a twinning superlattice (3C)i(2H)Q [76], where the index gives the number 
of unit cells of the indicated polytype in a supercell. The system is slightly 
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Fig. 9. Interface between zincblende and 
wurtzite SiC along the [111]/[0001] di- 
rection. The bond stacking is represented 
in a (1120) plane. The rectangle indicates 
the supercell. Large {smalt) circles stand 
for Si(C) atoms 



biaxially strained and the interface bonds are relaxed to find the absolute 
minimum of the total energy. However, the effects of strain and relaxation on 
the electronic properties are negligible. The interface energy only amounts to 
7 = —1.12 mJ/m^. The negative value indicates an energetical favourization 
of the formation of such twin interfaces, in agreement with the fact that a 
mixed cubic/hexagonal stacking in the 4iJ or d>H polytypes is more favourable 
than a pure one in 3(7 or 2H [48, 77]. We mention that the absolute value 
of the interface energy is increased for smaller supercells as a consequence of 
the particle-in-a-box effect [39]. 

The electronic states of the twist boundaries (Fig. 9) are shown together 
with the projected bulk band structures of 3(7-SiC and 2i7-SiC in Fig. 10. 
There is only a tendency for rather shallow interface states. This is particu- 
larly true for the highest occupied interface states at F. The wave-function 
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Fig. 10. Band structure of the {111}/{0001} twist boundaries between the poly- 
types 3C and 2H versus the two-dimensional hexagonal BZ in DFT-LDA quality 
{upper part of the figure). The shaded region represents the projected bulk band 
structure of 2HSiC. The hatched areas indicate regions which are in addition al- 
lowed in 3C-SiC. The lower part of the figure represents the wave-function squares 
of the (a) highest occupied and (b) lowest empty interface state. Larger (smaller) 
dots denote the Si (C) atoms in parallel (1120) planes 
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square (also Fig. 10) shows a localization of this state near the interface but 
slightly more at the 2H side with a strong decay into the 3C region. The 
lowest empty interface state at M exhibits a much stronger localization on 
the 3C side in agreement with the fact that the corresponding energies are 
close to midgap positions in 2HS\G. Our findings are obviously influenced by 
the type-II heterostructure character of the {iC)i{2H)Q superlattice and the 
electric fields accompanying the spontaneous polarization field in the hexag- 
onal crystal 2iJ-SiC. According to the band discontinuities of Ai?c = 0.99 eV 
and AAv = —0.13 eV [48] the lowest electron wave functions should be lo- 
calized in the 3C regions, whereas the probability to find a hole should be 
larger in the 2H stacking regions. This picture is interfered by the saw-tooth 
potential as a consequence of the spontaneous polarization field [9, 48]. 

The arrangement of the two twist boundaries in a superlattice allows 
two other interpretations. The results given in Fig. 10 remain valid for the 
discussion of thin inclusions of cubic 3C layers which are embedded in a 
hexagonal 4iJ matrix. Then, instead of the hatched conduction-band region of 
the projected 3C band structure around M in Fig. 10, two-dimensional bands 
appear. They are related to the fact that a 3C layer embedded in a hexagonal 
matrix forms a deep quantum well for the movement of the electrons [9, 
78, 79]. A corresponding band line-up is shown in Fig. 11. The spontaneous 
polarization in 4i7 is taken into consideration. Another interpretation follows 
if the two twist boundaries come close to each other. Then a stacking fault 
appears. A SF in a hexagonal crystal represents an efficient trap for electrons 
[38, 79]. 




Fig. 11. Band-line up for a thin layered 2>C inclusion in a 477 matrix (schemati- 
cally). The spontaneous polarization field in the hexagonal crystal is considered 
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4.3 Surface Influence on Defect Generation 

A growing surface influences the generation of planar defects beneath it. We 
study this effect in the case of a 3C-SiC crystal grown under Si-rich con- 
ditions. Prototypical two-dimensional defects are the intrinsic and extrinsic 
stacking faults, ISF and ESF (Fig. 1). The probability of their occurrence 
in thermodynamic equilibrium is studied in dependence on the depth be- 
neath the surface. In Fig. 12 two Si-rich and Si-terminated SiC surfaces are 
considered with varying reconstruction and stoichiometry. The most Si-rich 
SiC (11 1)3 X 3 surface consists of a Si tetramer on a twisted Si adlayer with 
clover-like rings [80, 81]. It corresponds to a Si coverage of 6> = 13/9. Under 
less Si-rich conditions a \/3 x \/3)R30° reconstruction exists for 4iJ(0001), 
6if(0001), and 3(7(111) surfaces. It is represented by a T4 adatom model 
[80, 82] and, hence, a (9 = 1/3 stoichiometry. 

For both surfaces Fig. 12 demonstrates a remarkable dependence of the 
SF formation energy versus the depth beneath the surface. For SF positions 
directly below the surfaces the formation energies are positive, indicating 
that the formation of SFs is energetically unfavourable. For deeper bilayers 
beneath the surface, at least from the fourth bilayer, the formation energies 
become negative, indicating that the formation of mixed hexagonal and cubic 
bond stacking in AH and 6H polytypes is energetically more favourable than 
the pure cubic stacking such as in the considered bulk case. Figure 12 leads to 
the conclusion that a surface stabilizes the cubic stacking in the first atomic 
layers in agreement with predictions based on model studies [83, 84]. The 
strength of this effect depends on the surface geometry and stoichiometry as 
well as on the type of the SF. 




Fig. 12. Formation energy per 1x1 surface unit cell area of a stacking fault in 
the surface region of cubic SiC versus SF location in a Si-C bilayer. ISF : solid line, 
ESF: dashed line, (a) 3x3 surface, (b) (\/3 x v^)R-30° surface [54] 
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5 Conclusion 

Also in the case of wide-band-gap semiconductors such as SiC first-principles 
calculations allow the description of geometric, thermodynamic and electronic 
properties of defects or defect complexes. In this review chapter this is mainly 
demonstrated for native defects. Monovacancies have been considered as pro- 
totypical zero-dimensional defects. However, to a certain extent also anti- 
sites and vacancy complexes have been discussed. We have shown that in 
the thermodynamic equilibrium the carbon vacancy should have the lowest 
formation energies in bulk SiC independent of the polytype. It forms a dou- 
ble donor which dramatically reduces the doping efficiency of acceptors such 
as Al atoms. The theory also allows the calculation of energies of optical 
transitions between bulk and vacancy states or excited and ground states of 
vacancies. We discussed their possible relationship to recent photolumines- 
cence measurements. In the two-dimensional case examples for tilt and twist 
boundaries have been discussed. They give rise to completely empty or filled 
states in the fundamental gap close to the band edges of the ideal bulk. We 
show that the formation of two-dimensional defects depends on the thermal 
treatment and the growing surface. 
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Defect Migration and Annealing Mechanisms 
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1 Introduction 

The diffusion and the annealing of defects represent two fundamental mech- 
anisms of mass transport and defect reactions in semiconductors including 
SiC. They play a pivotal role in the device processing, for instance in the 
ion-implantation. Ion-implantation is the main technology to produce doped 
regions. It provides spatially well-defined dopant-profiles that are required to 
separate regions of p- and n-type conductivity in modern devices. Yet, the 
implantation creates various defects in the crystal that affect the electron mo- 
bility. The subsequent annealing seeks to remove the implantation-induced 
defects and to achieve an electrical activation of the dopant. However, the 
heat treatment not only anneals unfavorable defects, it also invokes a dopant 
diffusion which broadens the previously implanted profiles. Understanding 
the annealing processes and the dopant diffusion is therefore pivotal for the 
success of a semiconductor material. 

The dopant diffusion is tightly linked to the migration of intrinsic de- 
fects. Substitutional impurities are per se immobile. Mobile intrinsic defects, 
namely vacancies and interstitials, act as vehicles for the dopant migration. 
Two factors influence the dopant diffusion: the abundance of vacancies and 
interstitials, and the mobility of the vehicles. Indeed, an excess of mobile 
intrinsic defects generated by the implantation triggers an enhanced dopant 
diffusion, which severely affects the implanted dopant profiles. This has been 
recently observed for the p-type dopants boron [l]-[3] and aluminum [4]. 

The kinetic properties of vacancies and interstitials may be studied di- 
rectly by monitoring the annealing of intrinsic defect-centers or by analyzing 
the self diffusion. For the first approach the identification of the correspond- 
ing defect-center is a prerequisite for the analysis. In electron spin resonance 
experiments (EPR), defect-centers were identified as isolated silicon vacan- 
cies in 3C-and 4i?-SiC [5, 6] and as carbon vacancies in AH- and 6iJ-SiC 
[7]-[9]. This identification was theoretically verified [6, 10, 11]. In positron- 
annihilation spectroscopy (PAS), defects related to silicon and carbon vacan- 
cies can be distinguished by a considerable difference in the positron lifetime 
[12, 13]. The annealing behavior of silicon and carbon vacancies studied by 
EPR and PAS in irradiated material also contains information on the ki- 
netics of interstitials that may recombine with the vacancies. Characteristic 
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differences were found between carbon and silicon vacancies. The carbon va- 
cancy anneals in a single annealing stage at around 500° C in irradiated SiC 
[7], while it persists annealing to 850°C in semi-insulating material [8, 14]. 
The silicon vacancy was found to anneal in several stages in irradiated SiC. In 
EPR experiments its signal eventually vanishes above 750°C. In PAS, centers 
related to silicon vacancies disappear after going through similar annealing 
stages as the silicon vacancy in EPR. They finally anneal above 1450° C. 

In the analysis of the self diffusion, contributions by interstitials and va- 
cancies may be separated, for instance, by a quantitative modeling of isotope 
diffusion profiles (e.g. [15]). The first quantitative experiments [16]-[18] on 
the self diffusion in 3C- and 4i7-SiC reported large activation energies for 
both, the silicon and the carbon diffusion. The analysis could not unravel the 
underlying mechanisms. In particular, the contribution of interstitials and 
vacancies remains open. 

A microscopic picture of defect migration and annealing is unlikely to be 
developed from experiments alone. Theoretical investigations are necessary 
to analyze the abundance of defects and their migration from a microscopic 
point of view. Microscopic models for experimentally observed defect-centers 
can be developed or verified by the calculation of local vibrational frequencies, 
hyperfine tensors or positron lifetimes. 

The microscopic properties and the abundance of vacancies [6],[19]-[21], 
antisites [21]-[24], and interstitials [25]-[27] were investigated within the 
framework of density functional theory (DFT). An identification [6, 10, 11] of 
EPR-centers became possible by the calculation of hyperfine parameters. The 
evaluation of the positron lifetime [28, 29] for defects related to silicon and 
carbon vacancies supported the analysis of PAS experiments. Furthermore, a 
metastability of the silicon vacancy in p-type SiC was predicted theoretically 
[25, 30]. A carbon vacancy-antisite complex that evolves from the metastable 
silicon vacancy was later observed in annealed irradiated SiC [31]. The mi- 
gration of intrinsic point defects was investigated by ab initio methods in 
3C-SiC [11, 26] and by a DFT-based tight-binding scheme in 4i7-SiC [32]. 
These investigations also included an analysis of the recombination of inter- 
stitials and vacancies. It is predicted that interstitials play an important role 
in diffusion processes. Their migration proceeds with lower barriers than the 
vacancy migration. In particular the metastability of the silicon vacancy in 
p-type material affects its participation in the defect kinetics. From the cal- 
culated barriers a hierarchy of annealing stages was derived that qualitatively 
agreed with the experimental findings. 

The present article outlines the current achievements in the microscopic 
understanding of the diffusion and annealing of intrinsic point defects in SiC. 
First we briefly summarize the ab initio method. The abundance of the intrin- 
sic defects and the relative importance of specific interstitial sites is discussed 
in the following section. In Sects. 3 and 4, the migration mechanisms of the 
interstitials and vacancies are analyzed. The analysis includes the metasta- 
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bility of the silicon vacancy and its consequences for the vacancy migration. 
The role of interstitials and vacancies in the self and dopant diffusion is out- 
lined. Then we turn to the annealing mechanisms of vacancies. A summary 
concludes the paper. 



2 First-Principles Calculation of Defects Properties 

2.1 The First-Principles Method 

The ground state properties and the migration of defects are described using 
the first principles plane-wave method implemented in the program package 
FHI96MD [33] . In this method, the defect is described within a large supercell 
containing 64 or 216 lattice sites for 3C'-SiC and 128 lattice sites for 4il-SiC. 
The electronic structure of the system is obtained using the density functional 
theory (DFT) and the local density approximation (LDA) for the description 
of the exchange-correlation functional. All atomic positions are allowed to 
relax to minimize the total energy of the defect. For silicon and carbon, 
soft norm conserving pseudopotentials of the Troullier-Martins type [34] are 
employed. The carbon potential has been optimized to allow for a small plane 
wave basis set with an energy cut-off of 30 Ry. A special /e-point sampling [35] 
with 8 special fc-points in the Brillouin zone is used, except when Jahn-Teller 
distortions become important. The calculations then were pursued in 216 
atom cell with the T-point only, thereby preserving the proper degeneracy of 
the defect levels. For charged defects we include Madelung corrections [36] to 
account for the electrostatic interaction of the defect with its periodic images 
and the neutralizing background charge. 

2.2 Defect Abundance and Defect Formation Energy 

In thermodynamic equilibrium, the abundance of a defect is given by the de- 
fect’s formation energy. In SiC, the formation energy depends on the chemical 
environment that is expressed by a carbon and a silicon chemical potential 
fic and fisi- In equilibrium, fic and /rsi are related to the chemical potential 
of SiC /isic by /isic = A<C + MSi- Hence the formation energy is a function of 
only one chemical potential, A/rsi = /rsi — where /ig; refers to crystalline 
silicon. For charged defects also the doping conditions enter via the Fermi 
level /rp- As outlined in [37] and [38], the formation energy reads 

- (nsi - nc) A/rsi + , (1) 

where q is the charge state of the defect, and nsi and nc are the number of 
silicon and carbon atoms in the super cell. The quantity is given by 

Ad = Ad, cell “ '^cA<SiC - (^^Si - nc)^4i + <?Av , 



(2) 
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E'^ cell obtained from the total energy of the defect cell; y^sic as well as 
/Tg; are to a good approximation given by the total energy of the crystals; 
Ey is the position of the valence band edge that we use as a reference for 
fj,p. In order to preserve the stability of SiC, the chemical potential A/igj 
may vary only within the bounds — i?f,sic < A/igi < 0, where the heat of 
formation of SiC i?f.siC amounts to 0.61 eV according to our results (experi- 
ment: 0.72 eV). The lower and upper limit corresponds to an excess of carbon 
(C-rich conditions) and silicon (Si-rich conditions), respectively. 

The ionization levels of a defect correspond to the Fermi level positions 
at which it is favorable for the defect to alter its charge state. The ionization 
level is given by 

e(<Z2|<Zi) = <-i?S', (3) 

where the ionization changes the charge state from <71 to Q 2 , usually by 
one electron. The transfer of a second electron has to overcome the addi- 
tional electron-electron repulsion U and is typically unfavorable. However, 
an additional relaxation driven by a strong electron-phonon coupling may 
over-compensate the electron-electron repulsion. In such a situation the ef- 
fective electron-electron interaction is attractive (negative-C/) and the ioniza- 
tion level e{q\q — 1) appears below e{q + Ijg). The ionization levels are not 
only important to understand the electrical activity of a defect. The charge 
state of a defect sometimes influences the migration and annealing of defects. 
Three aspects depend on the charge state: (i) the ground state configuration, 
(ii) the migration path, and (iii) the migration barrier. Instances for these 
aspects are the metastability of the silicon vacancy and the equilibrium sites 
of the silicon interstitial. 

2.3 Defect Migration: Migration Path and Energy Barriers 

The migration and annealing of defects is investigated by analyzing the mi- 
gration paths and barriers of the mobile defects and the recombination of 
interstitials and vacancies. As emphasized above, this analysis has to account 
for all relevant charge states of the defect. The analysis includes the migration 
between the energetically most favorable sites and other intermediate config- 
urations that are possibly visited during the migration. The migration path 
with the lowest migration barrier, that starts and finally ends at the energet- 
ically lowest sites, constitutes the migration mechanism. In our analysis we 
employed two standard methods, the ridge method [39] and the drag method 
(e.g. [40]). The ridge method implements an automated search for the saddle 
point between adjacent defect sites. In the drag method, the potential energy 
surface between the initial and final site is calculated for a relevant subset 
of atomic coordinates, while the other coordinates are allowed to relax. In 
this way the migrating defect is dragged from the initial to the final site and 
the migration barrier is obtained. The interstitial migration and the recom- 
bination of interstitials and vacancies were primarily investigated using the 
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ridge method. We resorted to the drag method for the analysis of the vacancy 
migration. During the vacancy migration, defect states disperse through the 
band gap and have to be properly occupied, which is difficult to accomplish 
in the automatic search. 



3 Hierarchy of Intrinsic Point Defects in SiC 

In this section we focus on the abundance of mobile intrinsic defects and their 
hierarchical ordering according to their relative importance. In the self and 
dopant diffusion this hierarchy is important, as the abundance of the mobile 
defects, besides their diffusivities, enters into the diffusion constants. 

The following discussion briefly reports on the properties of vacancies 
and describes in more detail the vacancy-antisite complexes and the possible 
interstitial configurations. The vacancy-antisite complexes are relevant for the 
migration of the vacancies. In particular, the carbon vacancy-antisite complex 
is connected to the metastability of the silicon vacancy in p-type material. 
The silicon and carbon interstitial can exist at a number of different sites 
that are important for the migration. 

3.1 Carbon and Silicon Vacancies 

The silicon and carbon vacancies were discussed in detail in the works of 
Zywietz et al. [19, 41, 42], Torpo et al. [20, 21] and Deak et al. [43]. The 
two vacancies possess a three-fold degenerate defect level in the band gap, 
which in 4il-SiC is split by the lower crystal field into a non-degenerate and 
a doubly degenerate level. In case of the carbon vacancy (Vc), its occupation 
invokes a considerable Jahn-Teller-distortion. In 3C-SiC, the vacancy can 
exist in the charge states 2+, 1+ and neutral. The negative charge states 1“ 
and 2“ are only found in 4il-SiC for a Fermi level above 2.0 eV. Our results 
for the ionization levels are given in Table 1. According to these results and 
the results of Zywietz et al., a negative-!/ effect appears for the charge states 



Table 1. Ionization levels of the mobile defects in 3C-SiC in eV 
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e(0 -f) 


e(-|0) 
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0.4 
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1+ and 1” . This effect is also found for the vacancy in 4_ff-SiC using a special 
/c-point sampling. However, the size of this effect is small when applying the 
Madelung corrections. We obtain a value of —0.15 eV, which is comparable to 
the accuracy of our calculations. On the other hand, Torpo et al. ([21]) report 
the absence of the negative-17 using these corrections. Taking the uncertainty 
in the total energy of charged defects into account, we cannot exclude that 
the positive charge state is stable around a Fermi level of 1.2 eV. The recent 
identification of the EI5-center in 4i7-SiC [7, 11] as a positive carbon vacancy 
gives indication towards a stable positive vacancy and that the negative-!/ 
may be artificial. 

For the silicon vacancy (Vsi) a relevant Jahn-Teller distortion is not ob- 
served in the DFT calculations. Instead, a high-spin state is predicted. This 
is consistent with the findings of EPR experiments [5, 6] for the ground state 
of kg/. Our results and the results of Torpo et al. show that the vacancy 
exists in the charge states 1“*', 0, 1“ and 2“ in 3C-SiC. Already in weakly 
doped p-type material, i.e. for a Fermi level above 0.6 eV, the vacancy be- 
comes negative. In 4i7-SiC, also the charge states 3“ and 4~ are realized in 
n-type material. 

3.2 Vacancy- Antisite Complexes: The Metastability 
of the Silicon Vacancy 

The simplest vacancy-antisite complex is created by exchanging the posi- 
tion of the vacancy with one of its nearest neighbors. By this transformation 
the properties of the original vacancy dramatically change. It is transformed 
into a vacancy on the other sublattice and a neighboring antisite. The silicon 
vacancy-antisite complex, which is related to the carbon vacancy, is, according 
to our results in 3C-SiC, unstable in all relevant charge states. The silicon va- 
cancy and the carbon vacancy-antisite complex (Vc“C'si)) on the other hand, 
are related to each other: in p-type material the Vc-C'si-complex is energet- 
ically more favorable than the silicon vacancy, whereas in n-type material 
the silicon vacancy is the more stable configuration. This metastability of the 
silicon vacancy was discussed by Bockstedte et al. in 3C'-SiC [25] using an ab 
initio method and by Rauls et al. [30] for the neutral pair in 4i7-SiC using 
a DFT based tight binding method. The formation energy of Vsi and Vc-Csi 
as a function of the Fermi level is plotted in Fig. 1 for 3C- and 4i7-SiC. The 
comparison of the formation energies shows the large energy gain yielded by 
the transformation of Vsi into kc“C'si- The metastability is important for its 
migration and annealing properties. In the following, we discuss the origin of 
this metastability and the energetic aspects in more detail and turn to the 
kinetic aspects of the transformation in Sect. 5.2. 

The metastability of the silicon vacancy has its origin in the bonding of the 
carbon neighbors surrounding the vacancy. Vsi possesses a threefold degener- 
ate level within the band gap formed by four carbon dangling bonds. By its 
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Fig. 1. Metastability of the silicon vacancy: (a) geometry of Vsi- The arrows in- 
dicate (1) the transformation of Fsi into Fc-C'si and (2) the migration by second 
neighbor hops and (b) the formation energy of the silicon vacancy and the carbon 
vacancy-antisite complex as function of the Fermi level /ip for Si-rich conditions in 
3C-SiC and 4_ff-SiC. The cubic and the hexagonal complexes are indicated by the 
subscripts k and h, respectively (cf. text) 



transformation into the carbon vacancy-antisite complex three silicon dang- 
ling bonds and only one carbon dangling bond at the antisite are generated. 
These dangling bonds form a non-degenerate defect state mainly localized 
at the carbon dangling bond and a two-fold degenerate state comprised of 
the three silicon dangling bonds within the band gap. The creation of the 
carbon dangling bonds is energetically more costly than the silicon dangling 
bonds of the carbon vacancy, as a comparison of the formation energies in 
Figs. 2 and 3 shows. Therefore also the carbon vacancy-antisite complex is 
energetically more favorable than the silicon vacancy, when the defects are 
positively charged or neutral. However, the two defect levels of the carbon 
vacancy-antisite complex lie above the levels of the silicon vacancy. This ob- 
servation implies that (i) the charge states of Vsi and V'c-C'si are different for 
a given /rp, and (ii) with the successive occupation of the defect levels, the 
energy of V'c-C'si rises faster than that of Vsi- Dae to these facts it is pos- 
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Fig. 2. Silicon interstitials: (a) formation energies of silicon interstitials and the 
silicon vacancy for Si-rich material, (b) geometry of the tetrahedrally coordinated 
interstitials and the (llO)-oriented split-interstitial 



sible that the silicon vacancy becomes more stable in n-type material than 
the carbon vacancy-antisite complex. The vacancy-antisite complex is found 
in the charge states 2+ through 2“ in 3(7- and 4i7-SiC. Its ionization levels 
(cf. Table 1) lie above the corresponding levels of the silicon vacancy. The 
stabilization of the silicon vacancy over the vacancy-antisite complex occurs 
for a Fermi level above 1.7 eV, when the vacancy-antisite complex is neutral 
and the silicon vacancy is negative. As Fig. lb shows, the properties of the 
defect in 3(7-SiC and 4iJ-SiC are similar. In 4i7-SiC, several configurations 
of the complex exist, which are distinguished by the occupation of cubic or 
hexagonal lattice sites and the orientation of the complex with respect to 
the c-axis. In Fig. lb, we have considered complexes oriented parallel to the 
c-axis with the vacancy and the antisite occupying either cubic or hexagonal 
sites. 
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Qp<l(X)> QpSi<l(X)> Chcx 

Fig. 3. Carbon interstitials: (a) formation energy of the carbon interstitials and 
the carbon vacancy for Si-rich material and (b) the (lOO)-oriented split-interstitials 
at the carbon and silicon site and the hexagonal interstitial 



3.3 Silicon Interstitials 

Several different interstitial sites exist in cubic SiC as depicted in Fig. 2a, b be- 
sides tetrahedrally coordinated sites with either four carbon or silicon neigh- 
bors and hexagonal sites, bond-centered interstitials and split-interstitials 
may exist. The bond centered interstitial is located at the bond of two lattice 
atoms. In a split-interstitial, the silicon atom shares a site with a lattice atom 
forming a dumbbell-like atom pair. This atom pair is primarily oriented along 
the (100)- or (llO)-directions. The realization of the tetrahedral, hexagonal 
and bond centered sites were first investigated using ab initio methods by 
Wang et al. [44] and later studied together with the split-interstial sites by 
Bockstedte and Pankratov [25], and Mattausch et al. [26]. The latter investi- 
gation showed that the hexagonal and bond-center sites are unstable. Based 
on a comparison of the formation energies of the interstitial sites, it was found 
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that two different sites dominate: the tetrahedrally carbon coordinated inter- 
stitial (Sixc) and the (llO)-oriented split-interstitial (Sigp^iio))- 

In p-type material, the tetrahedrally carbon coordinated site Sixc is the 
most favorable site. The interstitial does not possess deep levels in the band 
gap. The interstitial silicon atom therefore donates its electrons to conduction 
band states. By the interaction with its carbon neighbors and a polarization of 
the surrounding bonds, the silicon atom is efficiently neutralized. As discussed 
in [38], polarization induced levels occur just below the conduction band edge. 
Due to their extended nature, an accurate treatment of these states is not 
possible. As the analysis indicated, the ionization levels are located above 
the mid gap (in Fig. 2a the formation energy of Sixc is therefore not plotted 
above mid-gap). 

In n-type material the split-interstitial Sigp^no) dominates over all other 
interstitial sites. This dominance is observed already for a mid-gap Fermi 
level, corresponding to intrinsic conditions. The interstitial has deep levels in 
the band gap arising from the sp^-like bonding of the silicon atoms with their 
carbon neighbors. According to our results for the ionization levels, Sisp(no) 
is neutral for a Fermi level above mid-gap and positive below. 

The other interstitial configurations have higher formation energies and 
are hardly relevant. In the migration of the two dominating sites they may act 
as intermediate sites, in particular for Sixc- The electronic structure of these 
interstitials is discussed in detail in [38]. Here we also note that the silicon 
vacancy is less abundant than the silicon interstitial in p-type material. Only 
the carbon vacancy-antisite complex has a comparable formation energy. This 
situation changes in compensated and n-type material. 

The silicon interstitials in 4iJ-SiC have not been investigated in detail 
so far. Besides the interstitial sites discussed for 3C'-SiC, additional sites 
known from the hexagonal wurzite structure (2i?-SiC) appear: a site where 
the interstitial has simultaneously four silicon and carbon neighbors and an 
open cage formed by the hexagonal rings of two adjacent lattice planes. For 
the interstitial sites with cubic surrounding we expect similar properties as 
in 3C'-SiC. The properties of the interstitial sites related to the hexagonal 
environment still needs to be investigated. Yet, we presume that the migration 
barriers are similar to those in the cubic arrangement. 

3.4 Carbon Interstitials 

Similar sites are available for the carbon interstitials as for the silicon inter- 
stitials. The detailed analysis [25, 27, 38] of the interstitial sites in 3C-SiC 
shows that the carbon split-interstitial at the carbon and the silicon site 
with (lOO)-orientation are the most abundant sites 3C-SiC (cf. Fig. 3). The 
split-interstitial at the carbon site (Cgp^ioo)) is for all doping conditions ener- 
getically lower than that at the silicon site (CgpSi^ioo))- The next important 
site is the hexagonal site (Cnex)- The tetrahedral sites and the (llO)-oriented 
split-interstitial site are less favorable. 
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The carbon split-interstitial Csp(ioo) has a doubly degenerate defect state 
within the band gap. The state derives from a sp^-like hybridization of the 
carbon-orbitals and the dangling bonds of the four silicon neighbors. On the 
carbon atoms it is dominated by the p-orbital oriented perpendicular to the 
bonds of the carbon atom with its two silicon neighbors. In the charge state 
2+, the degenerate defect state is not occupied and the symmetry of Csp(ioo) 
is D 2 d- In the charge state 1+, a Jahn-Teller distortion moves the silicon 
neighbors out off the (llO)-plane and reduces the symmetry to D 2 - It is driven 
by a rehybridization of the carbon p-orbitals which now can participate in the 
bonds with the silicon neighbors. In the neutral and negative charge states 
also a tilt of the dumbbell with respect to the (lOO)-direction is observed. 
According to our results for the ionization levels (cf. Table 1), the positive 
charge states 2+ are relevant for Cgp^ioo) in p-type material. Only in n-type 
material, i.e. for pp > 1-8 eV, the interstitial is negative. The split-interstitial 
at the silicon site CspSi(ioo) has only non-degenerate states within the band 
gap. Therefore, it maintains its C' 2 v-symmetry and the orientation of the 
dumbbell when the defect states are occupied. CspSi(ioo) is realized in the 
charge states 2+ through 2~ . The energy difference between the CspSi(ioo)- 
site and the more stable Csp^ioo)-site is at most 0.9 eV, therefore this site is 
relevant for the migration of Cgp^ioo). 

The lattice distortion introduced by the split-interstitials Cgp^ioo) and 
CspSi(ioo) is essentially restricted to the surrounding neighbors. Hence, we ex- 
pect similar properties also in other polytypes. Our recent results for Csp(ioo) 
and CspSi(ioo) in 4if-SiC [38] essentially confirm this expectation. However, 
the hybridization of the defect states in 4i7-SiC differs from our findings in 
3C-SiC. This slightly affects the orientation of the pair and the bond dis- 
tances. Due to the larger band gap of this polytype, also becomes a 

stable charge state in n-type material. The neutral interstitials Cgp^ioo) and 
CspSi(ioo) were investigated by Rauls et al. [32] before. Within their DFT- 
based tight-binding approach Csp(ioo) and CspSi(ioo) were found to be stable. 
Yet, a larger energy difference between Csp(ioo) and CgpSi(ioo) were obtained. 
As argued there, this finding could depend on the employed tight-binding 
parameterization. 



4 Interstitial Migration 

4.1 Silicon Interstitials 

The migration path of the silicon interstitial starts and ends at the energet- 
ically most stable site. In 3(7-810, these sites are the tetrahedral interstitial 
Sixc in p-type material and the split-interstitial Sisp(no) for intrinsic con- 
ditions and in n-type material. In the following, we discuss the most rele- 
vant migration paths for the two interstitials. Examples for these paths are 
sketched in Fig. 4a,b. A summary of the migration paths and barriers is given 
in Table 2. 
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SifC ®'TC 
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Fig. 4. Migration of silicon and carbon interstitials: (a) migration of the Sixc- 
interstitial via the split-interstitial Sisp(no), (b) migration of Sisp(no) between ad- 
jacent lattice sites, (c) second neighbor hop of the carbon split-interstitial Csp(ioo), 
(d) nearest neighbor hop of the split-interstitial between silicon and carbon sites. 
In (a) the initial, intermediate, and Hnal site and the motion of the Si-atoms is 
indicated. In (b), (c), and (d) the initial site and the hopping direction are shown 



Table 2. Silicon interstitials: migration barriers in eV for the dominant migration 
paths 
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In p-type material, the migration path connects adjacent SiTC-sites. Such 
carbon-coordinated tetrahedral sites are found in the (lOO)-direction and the 
(llO)-direction. In the (llO)-direction, the Sixc-sites are connected via a 
tetrahedrally silicon coordinated site. Along the (lOO)-direction, a silicon- 
lattice atom hinders a direct motion of the interstitial to the next Sixc“ 
site. From this observation two migration mechanisms become plausible: (a) 
direct migration through the interstitial region via the silicon coordinated 
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site Sixsi and (b) the migration via the split-interstitials Sisp(ioo) or Sisp(iio) 
as intermediate sites. 

The direct migration path leads along the (lll)-direction through the 
hexagonal ring to the next Sixsi-site with a barrier of 3.5 eV. From the 
Sixsi-site, the interstitial could continue in the (llO)-direction or change its 
direction to reach one of the other three surrounding SixC“Sitos- The barrier 
for the migration from the Sixsi-site to the Sixc-site amounts to 0.3 eV. 
Since at the Sixsi-site the charge state 4+ is not the ground state, a charge 
transfer may alter the charge state with some probability. Then the migration 
could alternatively continue via the (llO)-oriented split-interstitial with a low 
barrier. However, this route is not very likely as the Sixsi“interstitial with an 
even lower barrier would move towards an adjacent SixC“Site. 

The migration of Sixc via the split-interstitial sites proceeds by a hop 
towards one of the neighboring silicon lattice sites. By this hop, the lattice 
atom is displaced from its site, thus creating either a (100)- or (llO)-oriented 
split-interstitial (Sigp(ioo) or Sisp(no))- This displaced atom then may con- 
tinue towards the adjacent Sixc-site as depicted in Fig. 4a. In case of the 
Sisp(iio>“SitO) the migration could also proceed with the initial silicon atom 
to a different Sixc-site. As for Sixsh the charge state 4+ is not the equilib- 
rium charge state of Sigp^ig^ . However, since we have found very low barriers 
for leaving the split-interstitial sites, we expect that the migration continues 
without altering the charge state at this site. The migration barriers amount 
to 3.4 eV (Sisp(iio)) and 3.5 eV (Sisp(ioo))- Within the accuracy of the calcu- 
lation, the migration via the direct or the kick-out path is equally likely. 

For intrinsic conditions and in n-type material the silicon interstitial mi- 
grates as a neutral split-interstitial Sigp^no) . As depicted in Fig. 4b, one of the 
silicon atoms of the interstitial configuration hops along the (llO)-direction 
towards the next silicon lattice site. In this manner it displaces the silicon 
atom at this site and thus forms a new split-interstitial. The migration bar- 
rier for this path amounts to 1.4 eV. The direction of the migration by this 
hop is determined by the orientation of the silicon pair. The pair can change 
its orientation for example from (llO)-direction to the (l-lO)-direction by 
turning around the (OOl)-axis. The barrier for this turn amounts to 1.3 eV. 
This enables an isotropic migration of the split-interstitial. 

4.2 Carbon Split-Interstitials 

The carbon split-interstitial Cgp^ioo) is the most stable carbon interstitial. 
The migration of the carbon interstitial thus proceeds between adjacent 
Csp( 100 ) -sites. The energetically lowest intermediate-site for the migration is 
the CgpSi(ioo) -sites. Two migration mechanisms exploit this fact: (i) the sec- 
ond neighbor hop of one carbon atom (Cj in Fig. 4c) in the (llO)-direction to 
the next carbon site as indicated in Fig. 4c and (ii) the consecutive nearest 
neighbor hops between neighboring carbon and silicon sites in the sequence 
Csp(lOO) ^CspSi(ioo) ^Csp(ioo) (the last hop is indicated in Fig. 4d) 
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Table 3. Carbon split-interstitial: migration barriers in eV for the nearest and 
second neighbor hop in SC-SiC. The last column refers to the values in 4i/-SiC of 
Ref. [38] 
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In both cases, the hop in the (llO)-direction induces a rotation of the 
carbon pair and a displacement of the silicon-neighbor next to the hopping 
carbon atom basically in the (OOl)-direction. To avoid strained bonds the 
motion of the involved atoms is not restricted to the (l-lO)-plane alone. 
We have calculated the barriers for the migration of and 

^sp(ioo)’ ^^( 100 ) ■ results are listed in Table 3. For the migration 
by second neighbor hops and via CspSi(ioo)“SiteS) similar barriers are found. 
Hence both mechanisms are equally likely. Significantly lower barriers are 
found for than for C^^^j^pp^ and C^^j^pp^. This shows that in compen- 

sated material the split-interstitial is far more mobile than in p-type material. 

A migration of the split-interstitial via the hexagonal site, the tetrahedral 
site, or the (llO)-oriented split-interstitial is unlikely. The energy difference 
between Ggp^oo) and the hexagonal site in the charge state 2+ is slightly 
lower than the migration barrier of Ggp^igo) and exceeds it in the positive and 
neutral charge states. Assuming similar barriers as for the second neighbor 
hop, we expect that a migration via the hexagonal site contributes little to 
the migration of Gsp(ioo>- The tetrahedral sites and the (llO)-oriented split- 
interstitial have a much higher energy then Ggp^ioo) and are therefore not 
relevant . 

In 4iJ-SiG, Rauls et al. [32] have analyzed the migration of Ggp^oo) via 
second neighbor hops for the neutral charge state. The migration in this poly- 
type is not isotropic, as at hexagonal and cubic sites different arrangements 
of the second neighbor sites are found. This affects the barrier heights dif- 
ferently in each possible direction. A lowest migration barrier of 2.9 eV was 
determined in their calculations for the migration along the (OOOl)-direction. 
This migration barrier is much higher than our result. The difference to our 
result is consistent with their finding of the much larger energy difference 
between the Gsp(ioo)~site and the GspSi(ioo)“Site that, as stated there, may be 
related to the tight binding parameterization. Other results for the migration 
barriers in 4iJ-SiG are to our knowledge not available. 
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5 Vacancy Migration 

5.1 Carbon and Silicon Vacancies 

The migration of the vacancies can proceed by hops of neighboring atoms 
into the vacancy, whereby the vacancy moves to the lattice site of the hop- 
ping atom. Such hops are primarily performed by the nearest neighbor and 
the second neighbor of the vacancy, as sketched in Fig. la for the silicon va- 
cancy. Apparently, the nearest neighbor hop transforms the vacancy into a 
vacancy-antisite complex. In the case of the carbon vacancy such a complex 
is unstable. Hence, a migration via second neighbor hops is a more likely sce- 
nario. In the case of the silicon vacancy, the nearest neighbor hop transforms 
the vacancy into the more stable vacancy-antisite complex. However, a fur- 
ther transformation of the carbon vacancy-antisite complex by a consecutive 
nearest neighbor hop is not possible. The Vsi-Sic-Csi-complex that would 
result from such a transformation is unstable in all relevant charge states. 
Hence, a migration mechanism solely based on nearest neighbor hops is not 
possible. A migration of the silicon vacancy by second neighbor hops should 
prevail. Yet, except for n-type material, where the silicon vacancy is stable, 
the effect of the metastability has to be taken into account. We defer this 
discussion to the next section and concentrate on the migration by second 
neighbor hops first. 

Our analysis of the second neighbor hop in 3C-SiC, including its migration 
path and the calculation of the migration barriers using the drag method 
is detailed in [38]. Here we basically outline the results for the migration 
barriers we have tabulated in Table 4. For the carbon vacancy, we find a 
strong dependence of the migration on the charge state. The migration of 
proceeds with a barrier of 5 eV in p-type material. In n-type material, bonding 
states are occupied at the transition state, which reduces the barrier of the 
neutral vacancy to 3.5 eV. The migration for intrinsic conditions may proceed 
in the positive charge state with a barrier between these two extremes. For 
the silicon vacancy, the barriers of the second neighbor hop are affected to 



Table 4. Carbon and silicon vacancies: energy barriers in eV for the migration of 
Vc and Vsi by second neighbor hops and for the transformation of Vsi into Vc-Csi 
for the relevant charge states in 3C-SiC. The last column refers to the values in 
4H"-SiC of Ref. [38] 
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a smaller extend by the charge state. In p-type and compensated material 
values between 3.2 eV and 3.6 eV are found. Only the migration of VgP 
in n-type material proceeds with a smaller barrier of 2.4 eV. However, a 
transformation into the more stable vacancy-antisite complex for a Fermi 
level below 1.7 eV affects the migration of the silicon vacancy. Only in n-type 
material the migration may proceed freely. 

5.2 Transformation of Vsi into Vc-Csi: Consequences 
for the Migration 

The discussion in the previous section has shown that the silicon vacancy 
and vacancy-antisite complex Vc-Csi can transform into each other. In p- 
type and compensated material Vc-Csi is the stable configuration. When 
the two configurations are in thermodynamic equilibrium, the kinetics of the 
metastability-induced transformation does not interfere with the migration 
of the silicon vacancy. The kinetics of the transformation may become impor- 
tant if the barriers involved in the vacancy migration and the metastability- 
induced transformation differ significantly. Then, the timescale and the tem- 
perature may play an important role. A comparison of the barriers of these 
processes is also important for the annealing mechanisms of the vacancy. 

As above, we refer the reader to [38] for a detailed description of the 
mechanism and the calculation of the energy barriers. The results for the 
transformation barriers of Vsi into Vc-Csi and for the reverse process are 
summarized in Table 4. The charge state that is relevant during the trans- 
formation is determined by the charge state at the initial site. We assume 
that the charge state is preserved during the process. Yet, this is not the 
preferred charge state of the final configuration. Eventually, the equilibrium 
charge state is obtained at the final configuration by exchanging electrons 
with other defects, the valence or conduction band. This applies also for the 
transformations Vg["^(Vc-Csi)^“ and (Vc-Csi)^'''^Vg['", where (Vc-Csi)^“ 
and for example Vg]*" are the preferred charge states. 

The metastability of the vacancy in p-type material and its stabilization 
in n-type material is accompanied by a pronounced variation of the transfor- 
mation barriers with the charge state. In p-type and compensated material, 
the transformation Vsi— i’Vc-Csi has a much lower barrier (between 1.9 eV 
and 2.5 eV) than the reverse process Vc-Csi^Vsi (6.1 eV for pp<l-24 eV, 
and between 4.2 eV and 3.5 eV for 1.24 eV</ip<2.19 eV). The first process 
is thus more likely than the second. Only for pp>2.19 eV, where (Vc-Csi)^“ 
is stable, the transformation Vgf^(Vc-Csi)^“ has a lower probability than 
the reverse process (Vc-Csi)^“^Vgf. 

For the migration of Vsi the energy barrier is higher than the transfor- 
mation barrier for Vsi^Vc-Csi except for V|[", i.e. when /ip>1.76 eV. Thus 
kinetic effects may become important at low and moderate temperatures, 
when the metastability-induced transformation is thermally activated, but 
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not the reverse transformation and the vacancy migration. Then the transfor- 
mation of the vacancy into the vacancy-antisite complex efficiently diminishes 
its concentration and prevents its migration. Only at higher temperatures, 
when the reverse transformation Vc-Csi— ^•Vsi is sufficiently activated, a mi- 
gration via the silicon vacancy, now acting as an intermediate site, should be 
observed. The effective barrier for the process is given by the difference of 
the formation energies and and the migration barrier of the 

vacancy 

+ El^^ . (4) 

In p-type material, amounts to 7.7 eV and drops to 4.3 eV for pp = 

1.2 eV. Yet, equilibrium has to be maintained between the two defects. This 
implies that the transformation with a barrier of 6.1 eV has to be activated 
for pf< 1-24 eV. For a Fermi level above mid-gap, this activation barrier 
becomes much lower and this criterion is no longer critical. An effective barrier 
of 3.2 eV still has to be surmounted at pp = 1-76 eV, where Vsi becomes 
stable. 

Besides the migration via a metastable silicon vacancy, a dissociation of 
the vacancy-antisite complex may lead to a migration of the carbon vacancy 
away form the antisite at the expense of the binding energy. Using the mi- 
gration barrier for the vacancy in p-type material plus the binding energy 
of 1 eV, we arrive at an estimate of 6.2 eV and 4.5 eV for the dissociation 
of (Vc-Csi)^'*' and (Vc-Csi)°, respectively. Only in p-type and compensated 
material (/ip<1.24 eV), the dissociation has a similar probability as the trans- 
formation (Vc-Csi)^Vsi, followed by a vacancy migration. 

We have not investigated the transformation barriers in 4i7-SiC. Rauls et 
al. [30] have investigated the neutral case. They obtained a transformation 
barrier of 1.7 eV, which is in agreement with our results in 3C'-SiC. Therefore 
we expect similar properties of this transformation in relation to the vacancy 
migration and a possible dissociation of the carbon vacancy-antisite complex 
in p-type and compensated material. 



6 Self and Dopant Diffnsion 

The availability of vacancies or interstitials is crucial for their contribution 
to self and dopant diffusion besides the migration rates of individual lattice 
atoms or mobile dopant-vacancy complexes and dopant interstitials. In the 
following discussion we outline the interplay of these two factors, namely 
the abundance and the mobility, for the self diffusion. We also discuss the 
dopant-diffusion in the context of the vacancy and interstitial migration. 

6.1 Self Diffusion 

The self diffusion constants Dgi and Dq of silicon and carbon atoms are 
obtained from contributions of different migration mechanisms, in particular 
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from the vacancies Vsi, Vc and the interstitials SixC) Sisp(no), and Csp(ioo)- 
For example, the carbon self diffusion constant reads 

Dc = -Dvc + ^Ci + ^iDi , (5) 

where -Dvc Dqi denote the diffusion constants of Vc and Cgp^ioo), re- 
spectively. The third term in (5) stands for contribution of other possible 
mechanisms such as the migration along extended defects, which we do not 
consider here. In thermodynamic equilibrium, the contribution of vacancy 
and interstitial related mechanisms is described by a prefactor Dq and an 
activation energy Q 

D = Doexp{-Q/kT) , (6) 

where k is the Boltzmann constant and T the temperature. The activation 
energy Q accounts for the concentration of the mobile defect, as described by 
the formation energy (A/isi, /ip) in (1) and its migration with a migration 
barrier E'^ 

Q = E^{A^^su^^F) + E^. (7) 

According to (1), the formation energy depends on the chemical environment 
through the chemical potential A/rsi and on the doping conditions through 
the Fermi level /ip. This expresses the fact that in a carbon-rich environ- 
ment, for instance, carbon interstitials and silicon vacancies have a higher 
abundance than in silicon-rich environment. Hence, also the activation en- 
ergy will depend on the chemical environment and the doping conditions, 
which also enter via the charge state dependence of the migration barrier. 
According to (1), the formation energy linearly depends on /rp for a given 
charge state q, which translates into the same linear dependence of the acti- 
vation energy. This so called Fermi level effect has to be taken into account 
when comparing activation energies measured in different samples [45]. 

In Tables 5 and 6 we have compiled the activation energies of the contri- 
butions by vacancies and interstitials to the carbon and silicon self diffusion. 
The activation energy for each charge state is listed in three different ways. In 
the second column Q is listed as derived from (1) and (7). In the following two 
columns this expression is evaluated for the relevant range of /ip. Whereas 
the third column accounts for Si-rich conditions, i.e. A/isi = 0, the fourth 
column accounts for C-rich conditions, i.e. A/isi = — Fff.siC- A comparison 
of the activation energies for vacancies and interstitials reveals the dominant 
contributions to self diffusion. 

Our results indicate that the carbon self diffusion is mediated to similar 
extend by carbon vacancies and carbon split-interstitials. In Si-rich mate- 
rial, no clear dominance exists. In C-rich material a preference for a split- 
interstitial mediated carbon diffusion is observed. The silicon self diffusion is 
clearly dominated by silicon interstitials (Si^^) in Si- or C-rich p-type mate- 
rial, i.e. for /ip<0.8 eV. The contribution of the silicon vacancy for /tp>0.8 eV 
is restricted to conditions where an equilibrium between the vacancy and the 
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Table 5. Carbon self diffusion: activation energies for vacancy and interstitial 
mediated diffusion. The activation energy is listed as an explicit function of hf and 
A/rsi as obtained from (1) and (7). In columns 3 and 4, the ranges of the activation 
energy corresponding to the range of /tf , in which the defect is stable, are given for 
Si-rich and C-rich conditions. Ec denotes the conduction band edge 
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Table 6. Silicon self diffusion: activation energies for vacancy and interstitial me- 
diated diffusion. The activation energy is listed as an explicit function of Hf and 
A/rsi as obtained from (1) and (7). In columns 3 and 4, the ranges of the activation 
energy corresponding to the range of /tf , in which the defect is stable, are given for 
Si-rich and C-rich conditions. Eq denotes the conduction band edge 
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vacancy-antisite complex is maintained. In compensated and n-type mate- 
rial, the silicon split-interstitial is the relevant interstitial site. This intersti- 
tial dominates the silicon diffusion in Si-rich material for /ip <1.8 eV. Above 
this value for / j,f the abundance of increases and compensates for the 
barrier of the vacancy migration. The vacancy mediated diffusion thereby 
becomes the leading mechanism in n-type material. In C-rich material and 
for /rp>0.8 eV, the silicon vacancy clearly dominates the self diffusion, except 
for intrinsic conditions where the split-interstitial and the vacancy contribute 
to a similar extent. 

The carbon and silicon self diffusion in 3C- and 4i7-SiC were investigated 
by Hong et al. [16, 18] and Hon et al. [17] by a tracer method. The activation 
energies were determined for nominally undoped poly-crystalline SC-SiC as 
well as for intrinsic and n-type 4i7-SiC. It was not stated whether Si-rich or 
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C-rich conditions applied to the experiments. In SC-SiC an activation energy 
of 9.45 eV±0.05 eV was found for the silicon self diffusion. Assuming that the 
Fermi level in the undoped experimental samples was positioned at or above 
mid-gap, the experimental activation energy is in good agreement with our 
values found for Sisp(no) in Si-rich material (9.9 eV) and in C-rich material, 
where the values range between 9.8 eV and 10.5 eV (depending on For the 
carbon self diffusion in polycrystalline SC-SiC, the experimental activation 
energy amounted to 8.72 eV±0.14 eV. This result has to be compared with 
our values in Si-rich material of about 7.2 eV (C°p^j^pp^ or Vq) and in C-rich 
material of 6.6 eV for the diffusion mediated by Csp(ioo)- The discrepancy of 
1.7 eV-2 eV cannot be explained by the uncertainty in the chemical potential 
A/j,si and the Fermi level /ip. Only if we assume that mediates the 
diffusion and the contribution of interstitials is suppressed the calculated 
activation energy agrees with the experimental value. Here the polycrystalline 
nature of the material may have affected the defect equilibrium. 

Even though our results for the self diffusion are obtained for 3C-SiC, 
with some limitations these results should also apply for the self diffusion 
in 4i7-SiC. This expectation is based on two observations: (i) the formation 
energy of vacancies and carbon interstitials typically vary by less than 1 eV 
between different polytypes and (ii) the migration mechanisms are similar 
in 3C- and 4i7-SiC. The main differences lie in the existence of additional 
sites for the silicon interstitials in the hexagonal polytypes and the larger 
band gap. However, the self diffusion experiments in intrinsic and n-type 
4iJ-SiC resulted in different activation energies than in polycrystalline 3C- 
SiC. For the carbon self diffusion 7.14 eV±0.05 eV (intrinsic material) and 
8.20 eV±0.08 eV (n-type material) were obtained by the analysis. The sili- 
con self diffusion was described by 7.22 eV±0.07 eV (intrinsic material) and 
8.18 eViO.lO eV (n-type material). In the light of our expectation, the large 
difference between the experimental values in undoped 3C'-SiC and intrinsic 
4i7-SiC are not explained by uncertainties in the chemical potential or by 
Fermi level effects. Here we note that the investigation of the aluminum- and 
boron-diffusion in 477-SiC [2, 45] indicate to a slower silicon self diffusion 
than observed in the tracer diffusion experiments of Hong et al. [16, 18] and 
Hon et al. [17]. 

6.2 Dopant Diffusion 

The dopant diffusion necessarily involves the mobile dopant-vacancy com- 
plexes or the mobile dopant interstitials. A prerequisite for both mechanisms 
is the presence of mobile intrinsic defects. Therefore, our understanding of the 
vacancy and interstitial migration allows us to draw a few general conclusions 
for the dopant migration. 

The dopant diffusion based on silicon vacancies in p-type material has 
to be considered in the light of the metastabilty of the silicon vacancy. A 
nearest or second neighbor complex with the silicon vacancy may be affected 
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by a similar metastability. This is indeed the case for boron [47]. The nearest 
neighbor complex of boron with Vsi is almost unstable in p-type material. 
Similarly large barriers are found for the reverse transformation as for the 
transformation Vc-Csi— ^•Vsi. The complex is therefore rather immobile. A 
migration mechanism based on silicon vacancies thus seems not likely for p- 
type dopants. It is available for n-type dopants, where the vacancy is stable. 
A migration mechanism based on carbon vacancies is affected by the large 
migration barrier of the carbon vacancy itself. In case of boron, an even larger 
migration barrier was found for the second neighbor complex Bc-Vc as for 
the carbon vacancy. 

Interstitials may thus play an important role in the dopant diffusion. Sil- 
icon interstitials are clearly relevant in p-type material. Only in n-type ma- 
terial the silicon vacancy is stable and may be more relevant than the silicon 
split-interstitial due to its larger equilibrium abundance. Carbon interstitials 
most likely counterbalance their low equilibrium abundance by their high 
mobility. The key to an interstitial- mediated dopant diffusion, hence, are the 
properties of the dopant-interstitial itself. In case of boron, we found that 
the dominant interstitial sites are the carbon coordinated tetrahedral site 
and the hexagonal site. The kick-out reactions by silicon or carbon intersti- 
tials have similar or even lower barriers than the interstitial migration. It is 
accompanied by a large energy gain. Thus the interstitial is stabilized by a 
considerable kick-in barrier, which is larger than the barrier for the migration 
between the interstitial sites. 

These qualitative considerations support the conclusions recently drawn 
by Konstantinov [46], Bracht et al. [2] and Janson et al. [3] from their analysis 
of the diffusion of the p-type dopants aluminum and boron. The quantitative 
modeling of the diffusion profiles attributed the migration to a kick-out mech- 
anism based on silicon interstitials. The earlier assumption [48] of a vacancy 
mediated boron diffusion was not confirmed. 



7 Annealing of Vacancies and Interstitials 

During the processing of a semiconductor device, intrinsic defects are gen- 
erated in excess. The subsequent annealing seeks to reduce these defects to 
an inevitable abundance determined by the defect equilibrium. The success 
depends on the defects produced and the temperatures applied during the 
annealing. Here the mobile defects, namely vacancies and interstitials, play a 
pivotal role. Their annealing properties are central to the annealing of other 
immobile defects that may be diminished by reacting with or separating into 
vacancies and interstitials. The principal annealing mechanisms of vacancies 
and interstitials are (i) the out-diffusion to the surface, (ii) the diffusion to 
extended defects, and (iii) the recombination of vacancies with interstitials. 
The relevance of these mechanisms depends on the kind of the damage intro- 
duced into the material. In particular, the vacancy-interstitial recombination 
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becomes relevant only when vacancies and interstitials are present to a similar 
extent. This is the case in irradiated SiC, which has been studied extensively 
in order to identify intrinsic defect centers and their annealing properties. In 
the following, we focus on the vacancy-interstitial recombination. Based on 
the findings, we discuss then a hierarchy of annealing processes for vacancies 
and interstitials. 

7.1 Recombination of Vacancies and Interstitials 

Depending on the separation of the vacancy and the interstitial, their recom- 
bination essentially proceeds in two steps; (i) diffusion limited motion of the 
vacancy and interstitial towards one another and (ii) the recombination of 
the pair by a direct hop of the interstitial into the vacancy. The first step is 
diffusion-limited and is described by the migration barrier of either the inter- 
stitial or the vacancy. This barrier is modified by the mutual interaction. An 
understanding of the final step requires an analysis of closeby Frenke 1-pairs, 
which we give in the following paragraphs. 

For the direct recombination of carbon interstitials and vacancies in 3C- 
SiC, we have considered the Frenkel-pairs where the interstitial is located 
at the nearest and second neighbor site to the vacancy, Cspgi^ioo)-Vc and 
Csp(ioo)“Vc- These Frenkel pairs are depicted in Fig. 5a. Besides the displayed 
nearest neighbor pair, the pair with an opposite orientation of the carbon- 
silicon dumb bell was considered. This pair turned out to be unstable and 
recombined without a barrier. The stable nearest neighor pair CspSi(ioo>“Vc 
exists in the charge states 2+ through 1“ with the ionization levels e(+|++) = 
0.4 eV, e(0|-|-) = 0.7 eV, and e(— 10) = 1.8 eV. The recombination of the 
pair was investigated [11] using the ridge method. It turned out that at 
the transition state the defect wave functions remained localized. The defect 
levels merged with the valence band states only after the transition state 
was passed. For the positive charge state we therefore expect that the pair is 
neutralized at the end of the recombination. The recombination barriers for 




Fig. 5. Recombination of interstitials and vacancies: (a) recombination of the 
CspSi(ioo)“Vc pair by a nearest-neighbor hop (1) and recombination of the Csp(ioo>- 
Vc pair by a second neighbor hop (2) and (b) recombination of the fourth-neighbor 
Sisp(iio>"Vsi pair by a kick-out of the second neighbor silicon into the vacancy 
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Table 7. Recombination of Frenkel pairs: Energy barriers in eV for the relevant 
charge states in 3C-SiC. The geometry of the Frenkel pairs is displayed in Fig. 5. 
The last column refers to values in 4i/-SiC of [32] 





2+ 


1+ 


0 


477,0 


Csp(ioo)"Vc 


1.0 


0.5 


0.4 


0.5 


CspSi( 100 )-Vc 


1.2 


1.2 


1.4 




Sisp(iio)-Vsi 


0.0 


~0.2 


0.2 





the pair are listed in Table 7. The values vary between 1.2 eV for the positive 
Frenkel-pairs and 1.4 eV for the neutral pair. In case of the negative pair, 
which is only relevant in n-type material, the extra electron is donated to the 
conduction band. The treatment of this case involves the electron transfer 
and is beyond the scope of our methods. 

The recombination of the Frenkel pair Csp(ioo)“Vc proceeds by a second 
neighbor hop as indicated in Fig. 5a. In this hop, the carbon atom that 
has a common neighbor with the vacancy performs the recombination. As 
for the nearest neighbor Frenkel-pair the charge states 2+ through 1“ are 
realized with ionization levels at e(+| + +) = 0.8 eV, e(0|+) = 1.1 eV, and 
e(— 10) = 1.9 eV. For this Frenkel pair we found lower recombination barriers 
as for CspSi(ioo)-Vc- The values listed in Table 7 show that (Csp(ioo)-Vc)''' 
and (Csp(ioo>-Vc)° recombine with a barrier of only 0.4 eV and 0.5 eV. These 
barriers are lower than the migration barriers of the split-interstitial. Using 
the DFT-based tight-binding method, Rauls et al. [32] obtained a barrier of 
0.5 eV for the recombination of the neutral second neighbor pair Csp^ioo)-Vc 
in 4iJ-SiC. This finding indicates that similar mechanisms are operative in 
both polytypes. 

For both Frenkel pairs, we have found a sizeable binding energy, which 
indicates an attractive interaction. The value depends on the charge state 
of the pair and amounts to 2 eV-4 eV for CspSi(ioo)“Vc and about 1.0 eV 
for Csp(ioo)-Vc. Note that for a Fermi level above 0.8 eV either the carbon 
split-interstitial or the carbon vacancy is neutral, thus the diffusion of the 
interstitial towards the vacancy is not hindered by a long-range repulsive 
electrostatic interaction. 

The recombination of silicon vacancies and silicon interstitials proceeds 
via Sixc-sites in p-type material and via Sisp^no)-sites in compensated and 
n-type material. The only stable Frenkel-pair with a tetrahedral interstitial 
(Sixc or Sixsi) we have found is the pair in which the SiTC-interstitial binds 
to one of the carbon neighbors of the silicon vacancy. The pair is positively 
charged in p-type material and neutral in intrinsic material. With a high 
probability an antistructure pair, i.e. a complex of a silicon and carbon an- 
tisite, evolves from this Frenkel-pair. The barrier for this process amounts 
to 3.5 eV and 2.6 eV for the positive and neutral pair, respectively. When 
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the silicon interstitial reaches other tetrahedral sites in the vicinity of the va- 
cancy, a barrier-less recombination is observed. Thus in p-type material the 
vacancy-interstitial recombination is essentially limited by the diffusion of the 
interstitial towards the vacancy with a migration barrier of about 3.5 eV. 

Our analysis of Frenkel pairs with a silicon split-interstitial showed that 
second neighbor pairs are unstable. Stable pairs result when the interstitial 
occupies a third or fourth neighbor site of the vacancy. Here we consider in 
more detail the recombination of the fourth neighbor pair that is depicted in 
Fig. 5b. The pair exists in the charge states through 2~ , with ionization 

levels at e(0|-|-) = 1.3 eV, e(— 10) = 1.8 eV and e( |— ) = 2.3 eV. In the 

charge state 2+ the pair is unstable (for /ip below 0.5 eV). For the neutral 
pair we have obtained a very low recombination barrier of only 0.2 eV. The 
recombination process proceeds as indicated by arrows in Fig. 5b: the silicon 
interstitial hops towards the second neighbor site displacing the silicon atom 
of that site towards the vacancy. This atom is only loosely bound and recom- 
bines immediately with the vacancy. For the third neighbor and other ori- 
entations of the split-interstitial we also expect recombination barriers much 
lower than the migration barrier of the split-interstitial. This expectation is 
mainly based on the instability of the second neighbor pair. 

Also the recombination of carbon vacancies with silicon interstitials or of 
silicon vacancies with carbon interstitials is possible. By these recombination 
processes antisites are created. Such vacancy-interstitial pairs most likely 
evolve from the implantation damage by a diffusion of the interstitial. Rauls 
et al. [32] have considered such a recombination of the silicon vacancy with 
a carbon interstitial. A moderate barrier of 1.1 eV was obtained, which is 
similar to the diffusion limited recombination of the vacancy with the silicon 
interstitial. 

7.2 Hierarchy of Annealing Mechanisms 

A hierarchy of annealing mechanisms is discussed in the following for the 
silicon and carbon vacancy. This hierarchy is based on the results for the 
defect migration, the metastability of the silicon vacancy and the recombi- 
nation of vacancies and interstitials and focuses on the energy barriers of 
these processes (cf. Tables 2, 4 and 7). The central point is the observation 
that interstitials in SiC have lower migration barriers than vacancies. Thus 
the mobility of interstitials plays an important role in the early stages of the 
annealing, in particular at low temperatures. 

The findings for the silicon interstitial and the silicon vacancy suggest 
different hierarchies for p-type, compensated and n-type material. In p-type 
material, the metastability-induced transformation of the silicon vacancy is 
activated at lower temperatures than the migration of the SiTC'intsrstitial. As 
already discussed, the majority of silicon vacancies is converted into vacancy- 
antisite complexes at low and moderate temperatures. Its concentration in- 
evitably drops below its detection limit in the experiment. Instead, signatures 
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related to Vc-Csi should appear. An annealing based on the recombination 
of Frenkel pairs is thus unlikely. Further annealing now concerns the vacancy- 
antisite complex. A recombination of Sixc and Vc-Csi becomes possible once 
the migration of Sixc is activated. This recombination most likely yields anti- 
structure pairs. The dissociation of the vacancy-antisite complex or its diffu- 
sion to sinks occurs with much larger barriers and is therefore only activated 
at much higher temperatures. 

In compensated material, the Sigp^no) -interstitial becomes relevant. The 
silicon vacancy is still metastable for /ip < 1.7 eV. Since the barrier of inter- 
stitial migration is now much lower than that of the metastability-induced 
transformation, the Frenkel-pair recombination is activated at lower tempera- 
tures than the transformation-induced annealing of the vacancy. In particular, 
Frenkel-pairs with a small separation between the vacancy and the interstitial 
recombine, before the diffusion-limited recombination sets in. The diffusion 
of the Vc-Csi to sinks, such as extended defects, is associated with the largest 
barrier and therefore constitutes the final annealing stage. In n-type mate- 
rial, the silicon vacancy is no longer metastable. Since its migration barrier 
is still higher (at least in 3C-SiC) than that of the silicon interstitials, we 
expect that the recombination process is activated before the diffusion of the 
vacancy and its recombination with sinks. 

Experimentally, the annealing of the silicon vacancy and related centers 
were studied by spin resonance experiments [5, 31] and positron annihilation 
spectroscopy [12, 13, 49, 50]. Itoh et al. [5] observed the annealing of the 
Tl-center in irradiated p-type and n-type 3C-SiC by EPR and found three 
annealing stages at 150°C, 350°C and 750°C. For the last annealing stage an 
activation energy of 2.2 eV was deduced. The center was shown to be a nega- 
tive silicon vacancy [5, 6, 11], which may exist only for 0.6 eV</ip<1.8 eV. In 
the irradiated material, the Fermi level is most likely trapped by defect levels 
around mid gap. Thus according to our hierarchy, these annealing stages can 
be interpreted in terms of the recombination of closeby Frenkel pairs, fol- 
lowed by the diffusion-limited recombination and finally the vanishing of the 
Tl-signal by the metastability induced transformation into a carbon vacancy- 
antisite complex. The activation energy deduced for this last annealing stage 
is in excellent agreement with our value for the transformation barrier of Vg; 
of 2.5 eV. The vacancy-antisite complex is not paramagnetic for a mid-gap 
Fermi level in 3C-SiC and thus cannot be detected by direct EPR exper- 
iments. Recently, a defect center was observed by Lingner et al. [31] us- 
ing MCDA detected EPR in irradiated 6i7-SiC. Based on their theoretical 
analysis, the center was identified as a carbon vacancy-antisite complex. It 
was observed only in material annealed above the annealing temperature of 
the silicon vacancy. An EPR-center with a similar ^-tensor and finestructure 
constant D was observed by ODMR experiments [51] in electron irradiated 
nominally undoped 3(7-810 (L3-center). This center, which has trigonal sym- 
metry was observed after annealing the samples above 750°C and is related 
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to a photoluminescence band in the near mid gap region. The similarity 
suggests the carbon vacancy-antisite complex as a common model for the 
centers in 3(7- and 6i7-SiC. This observation of the carbon vacancy-antisite 
complex underlines our interpretation of the annealing stages reported by 
Itoh et al. for the Tl-center. The PAS experiments of Kawasuso et al. [12] 
in 6i7-SiC show similar annealing stages for silicon vacancy-related defects 
up to 750°C, where the Tl-center disappears. Above this temperature, a sil- 
icon vacancy-related component was still observed until it finally annealed 
at 1400° C. This was explained by the formation and annealing of vacancy- 
nitrogen complexes. The explanation assumes that the nitrogen concentration 
exceeds the vacancy concentration in the irradiated material. The onset of 
the vacancy migration may explain this process, provided the n-type char- 
acter of the material remained unaffected by the irradiation. On the other 
hand, an interstitial-mediated nitrogen diffusion could also account for the 
complex- formation. 

An annealing of the carbon vacancy by two processes follows from the 
analysis of our calculations: the annealing by an interstitial- vacancy recom- 
bination and the migration of vacancies two sinks. Since the migration of 
interstitials and the recombination of Frenkel pairs have much lower barriers, 
this annealing mechanism is activated before the migration of the carbon 
vacancy. This hierarchy is essentially independent of the doping conditions, 
except for p-type material (/ip<0.7 eV), where a coulomb repulsion between 
the positively charged interstitial and the vacancy could hinder a recombina- 
tion process. 

Experimentally, the annealing of carbon vacancy-related centers has been 
studied by EPR [7] and PAS [12, 13, 49]. In irradiated 4i7-SiC, Son et al. [7] 
observed the EPR-center EI5 that was identified as the positive carbon va- 
cancy at the cubic lattice site [11]. The signature of this center completely 
vanishes above 500° C. A similar annealing temperature was deduced from the 
PAS experiments in irradiated material. This low annealing temperature indi- 
cates that a large fraction of the carbon vacancies anneals by a recombination 
with interstitials. The vacancies that escaped the Frenkel-pair recombination 
should anneal only at significantly higher temperatures. Such an annealing 
stage is not observed in irradiated material. Yet, it may be the only relevant 
stage when the excess of vacancies outnumbers the available interstitials by 
far. For example, EPR experiments [8, 14] in as grown semiinsulating ma- 
terial report a much larger thermal stability of the carbon vacancy than in 
irradiated material. The vacancy was found to persist thermal annealing up 
to 850° C. Since the carbon interstitials have a much lower abundance than 
vacancies in this case, an annealing of the vacancy by recombination with 
carbon interstitials is not possible. The out-diffusion of the vacancy (or its 
diffusion to other sinks) is the only available annealing mechanism in this case. 
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8 Conclusion 

A picture of the defect migration and the annealing mechanisms has been de- 
vised that emerged from theoretical investigations based on ab initio methods 
within the framework of DFT. The investigation of the microscopic structure 
and the abundance of the mobile intrinsic defects, their migration mecha- 
nisms and the recombination of vacancies with interstitials contribute to this 
microscopic picture. A strong influence of the doping conditions is reported 
for the mobile silicon defects. Among the silicon interstitials, the tetrahedrally 
carbon-coordinated interstitial and the split-interstitial Sisp(no) are the rel- 
evant interstitials in p-type, and in compensated or n-type SiC, respectively. 
A metastability of the silicon vacancy occurs in p-type and compensated ma- 
terial which transforms the vacancy to a more stable carbon vacancy-antisite 
complex. This has strong implications for the diffusion mediated by the mo- 
bile silicon defects and the annealing of silicon vacancies and interstitials: 
(i) the interstitial migration in p-type material proceeds with higher barriers 
than in compensated and n-type material, and (ii) the silicon vacancy be- 
comes unavailable on behalf of the kinetic aspects of the transformation. The 
central result is the finding that the interstitials are more mobile than the 
vacancies. 

The importance of interstitials and vacancies in the self and dopant diffu- 
sion is influenced by two factors: their abundance and their diffusivity. The 
discussion of these two factors showed that in most cases the interstitials play 
a significant role in the dopant and self diffusion. One example is the domi- 
nance of silicon interstitials in the silicon self diffusion in p-type material. In 
case of the carbon interstitials, their lower abundance compared to the car- 
bon vacancy may be even overcompensated by their higher mobility. For the 
dopant diffusion, similar qualitative conclusions were drawn and outlined for 
the case of boron, for which theoretical investigations indicate an important 
role of the interstitial mediated diffusion. 

A hierarchy of annealing mechanisms for the carbon and silicon vacan- 
cies is derived. This hierarchy predicts that the recombination of vacancies 
with interstitials is activated before the diffusion of vacancies to sinks. The 
metastability-induced transformation of the silicon vacancy into a carbon 
vacancy-antisite complex in p-type and compensated material constitutes an 
important annealing mechanism. In the hierarchy of annealing mechanisms, 
the metastability-induced transformation follows the recombination of sili- 
con vacancies and interstitials in compensated material. The hierarchy of 
annealing mechanisms is in qualitative agreement with the annealing stages 
observed in recent experiments for defect centers identified as silicon and 
carbon vacancies. 
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1 Introduction 

Hydrogen is one of the most common impurities in electronics technology 
with profound and very versatile influence on the electronic characteristics of 
the semiconductor material. It is of special importance in the case of SiC. Due 
to the difficulties with bulk crystal growth and diffusion doping, in-growth 
doped homoepitaxial layers prepared by chemical vapor deposition (CVD) 
play a crucial role in device processing. Hydrogen is, of course, a natural 
contaminant of such layers. Even though consequences of this fact have been 
anticipated, at the time of writing the most recent comprehensive review [1] 
about state of the art in SiC research, the information about the properties 
and effects of hydrogen was scarce and not well understood. 

Atomistic theoretical modeling at quantum mechanical level can provide 
information about the stable forms of an impurity, the possible complexes it 
can form with intrinsic defects and dopants, and about the energetics of these 
complexes, allowing conclusions to be drawn regarding the conditions under 
which the complexes are formed. Various properties of defects, observable in 
electric, optical and magnetic resonance spectroscopy, can also be predicted. 
Even if the data supplied by model calculations are only approximate, they 
can guide the identification of the fingerprints of a given impurity in the spec- 
tra and can help to understand the mechanisms by which it influences the 
concentration and lifetime of free carriers. Therefore, in 1998, we decided to 
start a systematic study of hydrogen in SiC, using first principles methods. 
This work is not finished yet (notably donor -|- hydrogen complexes still have 
to be considered) but it seems to be reasonable to summarize our results in 
parallel with what is known from experiments. As we will show, the “inter- 
active” use of theoretical and experimental results advanced our knowledge 
about hydrogen in SiC a great deal, even though a lot remains to be done 
with the latter to verify the predictions of the former. Obviously, future ad- 
vances in the methodology of theory will help to increase the accuracy of 
the predictions, too, and even resolve some controversies stemming from the 
errors today’s theoretical tools suffer from. 

This paper is organized as follows. First, in this introductory section, we 
summarize the knowledge about hydrogen in SiC, gathered up to the time we 
have started our studies (shortly after the appearance of [1]). In Sect. 2, we 
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describe the applied theoretical methods, and then, in Sect. 3 we summarize 
our results regarding hydrogen. Finally, in Sect. 4, we try to draw conclusions 
about what can be known today about the behavior of hydrogen in SiC in 
light of our results and those of new experiments. 

1.1 Hydrogen Incorporation During CVD Growth 
of p-Type SiC 

Since doping utilizes the competition of dopants and host atoms for a given 
site in the crystal [2] , hydrogen entering the race for the free valences of a va- 
cancy may influence doping efficiencies. Monitoring a hydrogen-related pho- 
toluminescence (PL) center [3, 4] (assigned tentatively to a H atom trapped 
in a silicon vacancy, see later) it was proven that hydrogen enters together 
with boron in boron-doped CVD grown epitaxial 6iL-SiC layers. The cor- 
relation of increasing H-related PL intensity with increasing p-type doping, 
as well as secondary ion mass spectroscopy (SIMS) measurements, showing 
correlation between the hydrogen and boron concentrations, suggested that 
the hydrogen incorporation is directly proportional to the amount of boron 
in the SiC epilayer [5, 6]. After an ^1700°C anneal for 0.5 h in argon, the 
SIMS measurements showed that the hydrogen diffused out of the samples, 
while the capacitance-voltage (C-V) curves indicated a three to fourfold in- 
crease in the net carrier concentration. This could be interpreted as, prior to 
the anneal, hydrogen had been passivating the acceptors [5, 7]. It was found, 
by varying the Si/C ratio during the CVD growth, that boron prefers the 
silicon site versus the carbon site [5]. Larkin speculated [7] that - based on 
the non-polar covalent radii - boron (without hydrogen) should have substi- 
tuted carbon - in direct conflict with the experimental evidence. However, 
assuming that boron and hydrogen were incorporated together, the size of a 
B-H species could have required incorporation onto the silicon site, as indeed 
observed. 

No evidence for donor passivation was found in these experiments [5, 6], 
nevertheless, hydrogen was observed by nuclear reaction analysis and infrared 
absorption measurements in n-type epitaxial layers [8]. 

1.2 Diffusion of Hydrogen in SiC 

Svensson and co-workers implanted n-type 6i7-SiC substrates by hydrogen 
[9]. It was found that during anneals at temperatures between 750 and 850°C, 
H migrated within the implanted region and gradually decorated defects gen- 
erated by the implantation. These H-related defect complexes were stable up 
to ~900°C, after which an out-diffusion of hydrogen was observed. Later, 
epitaxial layers of low doped 4i7-SiC were implanted with 20 keV ^H+ ions 
to a dose of 10^® cm“^. The samples were subsequently annealed at temper- 
atures ranging from 1040 to 1135°C [10]. SIMS was used to obtain the depth 
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profiles of deuterium. Assuming that hydrogen migrated rapidly and became 
trapped and de-trapped at implantation-induced defects, a dissociation en- 
ergy between 3.5 and 4.9 eV was estimated as the rate limiting step [9, 10]. 
Since the hydrogen-related PL center (mentioned above) annealed out in this 
temperature range [11], the dominant trap for hydrogen was associated with 
the silicon vacancy. 

Causey et al. studied H diffusion by measuring the release rate of gaseous 
tritium (^H) during thermal annealing of different SiC materials hydro- 
genated by recoil injected [12]. For highly Al-doped monocrystalline QH- 
SiC they obtained an activation energy of (1.5 ± 0.2) eV for diffusion, while 
the corresponding values for unintentionally doped material were typically 
1 eV higher [12]. 

The SIMS depth profile of low doped epitaxial SiC samples (see 
Sect. 1.3.3), implanted with at low energy (300 eV/atom), showed that 
- compared to high-energy implantation [13] - hydrogen was mobile even 
at surprisingly low temperatures (from 300 K), presumably because of the 
drastically reduced implantation damage [14]. It was found that hydrogen 
diffused on a |J,m scale in p-type SiC, whereas no such effect was found in 
n-type samples. 

1.3 Effect of Hydrogen on the Concentration of Carriers 

The effect of hydrogen on the electric properties was investigated by inten- 
tionally introducing hydrogen into SiC with high temperature - high pressure 
annealing in H 2 , or with low temperature - low pressure H-plasma treatment, 
or through hydrogen implantation. 

1.3.1 H 2 Annealing of SiC 

6iL-SiC bulk material was annealed in ultra pure H 2 gas at 10 bar between 
1500-1700°C for 10-20 hours [15]. Al-doped p-type ([p] ~ 10^^ cm“^) and 
nitrogen doped n+- ([n] ~ 10^® cm“^) and n-type ([n] ~ 10^^ cm“^) samples 
were investigated by electron paramagnetic resonance (EPR) and Hall effect 
measurements [15, 16]. The EPR signal of Al dropped by 68% and that of 
the residual boron also diminished significantly upon hydrogenation. At the 
same time, the Hall measurements showed a 80% loss in the hole concen- 
tration indicating passivation of the acceptors by hydrogen [15]. It has been 
shown that up to 90% of the acceptors (B and Al) can be passivated by this 
hydrogenation method [17]. In N-doped samples it was found that after hy- 
drogenation the n-type sample did not show a decrease in the EPR signal 
of N, within the experimental accuracy (2%), while the intensity dropped by 
75% in the heavily doped n+-sample. The n-type wafer was then annealed 
again at 500° C for 30 hours without the presence of hydrogen, after which 
a drop of 65% in the EPR signal of N donors was measured. This observa- 
tion was interpreted as hydrogen having been present in the n-type sample 
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as well but that hydrogen-donor binding reaction was thermodynamically or 
kinetically impeded [16]. This was supported by SIMS measurements: the 
hydrogenation setup of [15] was filled with D 2 instead of H 2 , and n+- and n- 
SiC wafers were annealed under the same pressure and temperatures as in the 
case of H 2 . It was found that, in fact, the penetration depth and the detected 
amount of D were higher in n- than in n“'"-type material. It was speculated 
that with the Fermi-level higher in n~^ , the hydrogen was negatively charged 
and could easily be trapped by ionized nitrogen donors while, at the lower 
Fermi-level positions in the n-type samples, hydrogen could have been neu- 
tral, binding less easily to the positively charged N donors. That could have 
also been the reason why hydrogen was less mobile in n^- than in n-type ma- 
terial. Nevertheless, no H-related local vibration modes have been found in 
n+-type samples [17]. (It has to be noted that the investigated samples were 
quite opaque in the infrared range where such modes might be expected.) 



1.3.2 Hydrogen-Plasma Annealing 

Hydrogen-plasma anneal of p-type 6i7-SiC epilayers (doped with A1 to 
[p] ~ 10^® cm“®) at low temperature (250°C) for 3 h caused passivation of the 
acceptors [18]. Monitoring the EPR signal of A1 and B before and after hydro- 
genation, a decrease of 22% and 18% has been observed. Since a post-anneal 
at 500°C for 80 min. decreased the intensity of the EPR lines further, passi- 
vation due to dopant-hydrogen complex formation seemed more likely than 
carrier trapping in defects created by the plasma. Exposing n- and p-type SiC 
substrates (doping level: 7 x 10^^ cm“®) to a deuterium plasma at 300°C, the 
passivation was much more prevalent in p-type than in n-type samples. Reac- 
tivation of passivated B acceptors occurred at 700°C [19, 20]. After exposure 
to an Ar plasma n-type samples also showed loss of carrier concentration [20] , 
indicating that the change in the carrier concentration after plasma anneal- 
ing can also be due to carrier trapping in intrinsic defects. Konstantinov and 
co-workers studied n-type SiC exposed to a hydrogen plasma [21] at 0.1 torr, 
in the range 300-700°C. The carrier concentration profile as monitored by 
C-V measurements on a Schottky-contact showed that the hydrogen plasma 
led to the formation of a high-resistance layer at the surface of the crystal, 
with a characteristic typical of structures with a space-charge-limited cur- 
rent. Since Ar plasma treatments achieved the same effect, this was regarded 
as evidence that the plasma treatment created intrinsic trapping centers. 



1.3.3 Low Energy Implantation of Hydrogen 

Low energy (300 eV per atom) ion implantation of deuterium was performed 
to investigate the mobility (see Sect. 1.2) and the passivating effect of hydro- 
gen in epitaxial 4H-, and 6i7-SiC [14]. The depth profile was analyzed 
by SIMS, the electrical properties measured by C-V profiling and admit- 
tance spectroscopy. The samples were slightly doped (5-10 x 10^® cm“®) n- 
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and p-type epitaxial layers on heavily doped substrates of the same type. 
No evidence for an influence of the polytype was found. SIMS showed that 
the concentration ratio of A1 to B varied between 1:1 and 2:1 in the epi- 
layer of p-type samples. It was found that in p-type SiC hydrogen passivated 
both boron and aluminum. Up to at least 465 K, the passivation was strong 
(>90%) and affected both types of acceptors, whereas at 680 K boron was 
passivated preferentially and a net acceptor concentration remained due to 
aluminum. A partial reactivation of passivated acceptors was achieved by 
post-implantation annealing between 530 and 600 K, indicating the dissoci- 
ation of an Al-H complex in this temperature range [22]. In n-type SiC, no 
electric effects or incorporation on a pm scale was detected [14]. 

A substantial decrease of the free carrier concentration after H-implantation 
into heavily doped n-type (~ 10^® cm“^) 4if-SiC was reported based on spec- 
troscopic ellipsometry studies [23], however, that was attributed to electron 
traps created during implantation. 

1.4 Spectroscopic Fingerprints of Hydrogen- Related Defects 

For several decades the only direct evidence for the existence of a hydrogen- 
related defect in SiC was a low temperature PL center. Bands arising as 
phonon replica due to local modes at 2962, 2977, 2988 cm“^ in 6H-, and 
2959, 2985 cm~^ in 4i7-SiC after H+ implantation of p-type material grown 
in C-rich environment were interpreted as C-H stretch modes due to H in 
silicon vacancies at different inequivalent sites [3, 4]. A decrease in the PL 
intensity of these C-H lines at around 1000°C was reported [11]. Later this 
PL center has also been found in as-grown slightly p-type SiC epilayers [24] . 

6i7-SiC n-type CVD epilayers ([n] ~ lO^^-lO^® cm“^) irradiated by 
2 MeV-electrons and implanted by 300 keV-deuterium ions were investigated 
by deep level transient spectroscopy (DLTS) [25]. Six occupation levels were 
found ranging from Ac-0.87 up to Ac-0.34 eV (where Ac is the conduc- 
tion band minimum) but the intensities were the same in electron-irradiated 
and deuterium implanted samples [25] . The conclusion was that none of the 
observed DLTS centers were hydrogen related. However, it should be noted 
that the CVD epilayers might have had a higher hydrogen content in the first 
place than that introduced by the implantation. 

No EPR signals related to H has been observed either, but muon spin 
resonance experiments indicated Mu (an analogue of the H atom made of 
a muon and an electron) to be at tetrahedral interstitial site (see [26] and 
references therein). 

1.5 The Main Questions for Theory (in 1998) 

It was clear from the experiments that hydrogen was present in as-grown p- 
type CVD epilayers. Its significant effect on the carrier concentration seemed 
likely to stem from complex formation with the acceptors, leading to their 
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passivation. The process for both the passivation and the reactivation seemed 
to be different for boron and aluminum. In contrast to p-type samples, lit- 
tle evidence of hydrogen incorporation into as-grown n-type SiC was found. 
Apparently, hydrogen plasma treatments at relatively low temperatures were 
also able to achieve passivation of p-type material only, while their effect on 
n-type samples was mainly the creation of trapping centers. High tempera- 
ture - high pressure annealing in H 2 was capable to hydrogenate both type 
of samples but hydrogen passivation was less effective in n-type ones. Also, 
the mobility of hydrogen appeared to be higher in p-type than in n-type ma- 
terial, unless intrinsic defects (created by the radiation damage) served as 
traps. Except for a PL center assigned to a hydrogen atom trapped in a sil- 
icon vacancy (Vsi)> no spectroscopic fingerprints of hydrogen related defects 
were found, despite of the obvious presence of H in all these p-type and in 
some of the n-type samples. 

Therefore, the most intriguing question was that what were the dominant 
hydrogen defects in SiC and where should they show up in optical (PL, 
IR, Raman), electric (DLTS) and magnetic resonance spectra. The primary 
target of our investigations was, therefore, to find the stable forms of one- 
and two-hydrogen defects and calculate their measurable properties. The only 
theoretical studies we were aware of in SiC had considered hydrogen solely as 
an isolated interstitial in the neutral charge state, using a molecular cluster 
model [27, 28] . The equilibrium position of in 3C-SiC was found at the 
tetrahedral interstitial site in the cage of the less electronegative atoms. Si 
(at Tsi)- In 6iL-SiC the most stable configuration for the interstitial hydrogen 
was found at the i?-site. We have considered interstitial and “substitutional” 
(i.e. vacancy-trapped) H and H 2 . (Since self-interstitials anneal out at lower 
temperatures, we neglected their interaction with H). 

After establishing the relative stability of the different configurations of 
hydrogen defects, we could hope to find explanation to the observed depen- 
dence of hydrogen incorporation on the level of doping. In order to understand 
the anomalies found in dopant passivation, first of all the Fermi-level depen- 
dence of the charge state and mobility of hydrogen had to be investigated. 
Obviously, the interaction of hydrogen with the dopants had to be studied as 
well, in order to understand the dependence of the mechanism of passivation 
on the type of the dopants. 



2 Methods of Calculation 

In the following we briefly state the parameters of the calculations we car- 
ried out on hydrogen related defects. Models of defect complexes have been 
studied in a supercell geometry. Energy and wave function related results 
quoted for 3C-SiC and for 4iL-SiC refer to calculations on 128- and 96-atom 
cells, respectively. Local vibration modes (LVM) were obtained in a 64-atom 
3C-SiC supercell. The isolated defects levels were reconstructed by fitting the 
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obtained dispersion of the defect levels in a tight binding scheme, with the 
isolated defect level as parameter. The total energy was corrected according 
to the occupation of the defect levels. In calculation of the total energy of 
charged defects no correction was applied. With the cell sizes used here, a 
monopole correction [29] for singly charged defects would be about 0.2 eV, 
which is comparable with other error sources in the calculation. Due to the 
uncertainties [30] in correcting higher charge states, we have rather refrained 
from discussing them. Brillouin-zone summations were usually carried out on 
a 2 X 2 X 2 Monkhorst-Pack scheme [31]. (In case of 3C-SiC, sometimes the 
3x3x3 scheme was necessary to explicitly include the band edge states.) 
The T-point approximation was used in vibration calculations. 

The quantum mechanical problems were solved in the framework of the 
density functional theory (DFT [32, 33]) in the local density approximation 
(LDA), using the functional of Perdew and Zunger [34]. For calculating de- 
fect properties related to total and one-electron energies we have used a plane 
wave basis (with a cut-off of 36 Ry) in conjunction with Troullier-Martins 
[38] norm-conserving pseudopotentials, applying the FHI98MD code [39]. The 
position of the defect levels (and, consequently, the total energy) has been 
modified [35] by shifting them proportional to their overlap with the con- 
duction band states of the perfect crystal. (A correct gap and appropriate 
defect levels can obtained in a self-consistent way by mixing exact exchange 
with the DFT method [36, 37]. We have used the CRYSTAL98 code for such 
calculations to check on the one-electron level positions.) The local vibration 
modes were determined for the 3C-polytype by using the supercell version of 
the AIMPRO code [40] which utilizes the same LDA functional as FHI98MD 
but with norm conserving Bachelet-Hamman-Schliiter pseudopotentials [41]. 
We have used an optimized basis with four s- and four p-type Gaussians for 
each Si or C atom while two s and p Gaussians were included for hydrogen 
atoms. In addition, an s-type Gaussian was put at each bond center to sim- 
ulate the effect of polarization functions. Hyperfine tensors of paramagnetic 
defects were determined using the GRYSTAL98 [42] code in spin-polarized 
96-atom supercell calculations, where the first neighbors of the defect were 
handled with a 6-21G* all-electron basis, while the rest with a compatible 
21G* basis and Durrand-Barthelat type pseudopotentials [43]. 



3 Results of Atomic Simulations 

3.1 Hydrogen Related Defects 

To understand how a given impurity appears in the observed spectra of a 
semiconductor, one has to investigate the energetics of the various defects it 
may form. Knowing the equilibrium total energies of the stable complexes 
makes it possible to estimate the dependence of their relative concentration 
on the experimental conditions (assuming equilibrium). Therefore, first we 
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Fig. 1. Interstitial sites in 4_fI-SiC. Black 
and white circles represent C and Si atoms, 
respectively 



present a short summary of our results regarding the most basic hydrogen- 
related defects: interstitial and “substitutional” (i.e., vacancy-trapped) H and 
H 2 . For the 3(7 polytype a detailed description of the various configurations 
can be found in [44]. The data given here relate to 4iJ-SiC (unless otherwise 
noted) and (except for interstitial H and the acceptor-hydrogen complexes) 
have not been published before. Note, that most of the configurations are 
very similar in the two polytypes; we mention differences only when they are 
significant . 

Interstitial atomic hydrogen in the positive charge state is in equilibrium 
at an antibonding site (see Fig. 1) binding to a carbon atom symmetry). 
The bond between that C atom and its Si neighbor along the symmetry axis 
is greatly weakened, and the C-H bond is quite strong, as if the hydrogen 
would be the forth neighbor of the carbon atom. In the 4i7-polytype (unlike 
in 3(7-SiC, see [44]) both the neutral and the negatively charged hydrogen 
atom select an antibonding position behind a silicon atom, near to the T or R 
site (Csy symmetry). However, interstitial hydrogen is a “negative U” defect, 
i.e., the neutral charge state is less stable in equilibrium than the charged 
states at any position of the Fermi-level. The (+/— ) occupation level is at 
Ey + 2.2 eV, where Ey is the top of the valence band [45]. 

The hydrogen molecule is most stable at the R site with the bond parallel 
to the c-axis of the crystal. Figure 2 shows the relative energy per hydro- 
gen atom for the possible interstitial defects as a function of the Fermi-level 
position. 

The molecule is energetically preferred over H+ if Ep > i?v + 0.8 eV and it 
is always more stable than H“. (The molecule is more stable in 4iJ-SiC than 
in 3(7 because of the larger open space available around the R site.) Note, 
however, that except for Fermi-level positions around the (+/— ) occupation 
level, most of the hydrogen atoms in the crystal have the same charge and 
so they repel each other. Therefore, molecule formation is hindered. (As we 
shall see, incorporation of H 2 into the crystal is mostly also unlikely under 
equilibrium conditions.) 

A hydrogen atom, captured in a silicon vacancy, saturates one of the 
four carbon dangling bonds and a strong C-H bond is formed. (Similarly 
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Fig. 2. Relative stability of the 
interstitial hydrogen defects in 



4H-SiC 



to 3C-SiC, the silicon vacancy shows almost no reconstruction in AH either, 
due to the localized nature of the carbon dangling bonds, which prevents 
the formation of long bonds between the other carbon atoms around the 
vacancy. Therefore the symmetry of the complex is nearly C^y.) Considering 
the calculated (0/—) occupation level of the silicon vacancy and the (+/— ) 
occupation level of interstitial hydrogen, it follows that they are attracted to 
each other if the Fermi-level is between Ey + 0.5 and Ey + 2.2 eV. Both Vs, 
and (Vsi + H) become doubly negative already in moderately n-type samples 
(both can be more negative in strongly n-doped material), so the binding 
energy of the complex can be calculated as: 



p-type: 


[3.1eV+(^F-£^v)] 

TA- 1 TJ + 


(hsi + H) + h'^ , 


(1) 


Pgi -1- 41 ) 


n-type: 


[3.1 eV-l-(iJp — Bv)] 
^Si”+H+ > 


(hsi + H)^ + ) 


(2) 



where h~^ is a free hole created in the process. The first reaction holds for 
Ep > Ey + 0.5 eV (when Vs, becomes negative), i.e. the minimal energy 
gain is 3.6 eV. The calculated (— /2— ) occupation level for the vacancy is at 
Ep « Ey+1.3 eV, so the lowest energy gain upon the second reaction is about 
4.4 eV. (Note that a charge correction may shift the (— /2— ) occupation level 
up.) 

A second hydrogen atom can also be trapped in the vacancy where it 
saturates another dangling bond. The binding energy is 

[ 2.6 eV-l-(Ep — Bv)] . 

j^type: (Fsi + H)--fH+ , ^Vsi + 2B)- + h+ , (3) 

[2.6eV+(£;p-£;v)l 

n-type: (Fgi + H)^- -b H+ > (Vgi + 2H)2- + h+ . (4) 

However, as long as [Vsi] > [H]> the monohydrid is preferentially formed 
because the disproportionation reaction is exothermic. In p-type material 

-1-0.4 eV 

> (Fsi + 2H)- + FsT • 



2 X (Fsi + H) 



( 5 ) 
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For Fermi-level positions above Ey + 0.5 eV the (Vsi + 2H) complex also 
becomes negative, so it can attract further hydrogen atoms but, similarly 
to the n = 2 case, (Vsi -I- nH) + {n — l)Vsi is increasingly less stable than 
n{Vsi + H) for n = 3,4 as well (see [44]). It is interesting to note, however, 
that 

-6.7eV 

Fsi + H 2 > (Fsi + 2H) . (6) 

Therefore, molecules will be captured and dissociated by silicon vacancies. 

The dangling sp^ hybrids of the Si atoms around Vc can easily make long 
bonds (across an unrelaxed distance of about 3.1 A), causing a considerable 
Jahn-Teller distortion, resulting in Cih symmetry in 4i?-SiC (I? 2 d in 3C'-SiC). 
The (0/—) occupation level of the carbon vacancy lies at Ey + 2.3 eV. That is 
very close to the (+/— ) occupation level of interstitial H, thus Vq and H will 
practically never attract each other. Since the (-I-/0) occupation level of Vc is 
at Ey -1-1.8 eV, there is just a 0.4 eV window for the Fermi-level where there 
is no repulsion. In case a hydrogen gets trapped in a carbon vacancy, a stable 
complex is formed with the hydrogen in a symmetric position between two 
silicon neighbors of the vacancy (forming a puckered three-center bond with 
them: C\h symmetry in 4iJ-SiC {C 2 v in 3C-SiC) [46]. A second hydrogen in 
the vacancy forms another three-center bond with the two other silicon atoms. 
(This configuration has C\h symmetry in the hexagonal and D 2 symmetry 
in the cubic polytype.) Calculations, similar to those above, show that the 
binding energy of H to Vc is significantly (~ 2 eV) lower than in the case 
of the silicon vacancy. So, if both types of vacancies are present in sufficient 
concentration, interstitial hydrogen prefers complex formation with Vsi over 
Vc both kinetically and thermodynamically under equilibrium conditions. 

3.2 Hydrogen Incorporation Excluding Complexes 
with Dopants 

For calculating the amount of hydrogen incorporated into SiC under various 
conditions, we have to assume that the crystal is in thermal equilibrium with 
the hydrogen gas contained in the surrounding ambient. As mentioned in the 
introduction, hydrogen can be incorporated into SiC by implantation, dur- 
ing CVD growth, with H-plasma treatment or by annealing in hydrogen gas. 
Implantation is definitively not an equilibrium process, and practically any 
amount of hydrogen can enter the crystal. The post-implantation heat treat- 
ment acts to restore equilibrium conditions but metastable species, created 
during irradiation or in the early stages of annealing, may survive even long- 
term, high-temperature heat treatments. The calculated relative stabilities of 
the various hydrogen related defects - as outlined in the previous subsection 
- may help to guess the dominating species. 

Strictly speaking, CVD is no equilibrium process either, but under sta- 
tionary growth conditions the assumption of the thermal equilibrium between 
the hydrogen content of the reactive gas mixture and the growing crystal is 
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acceptable. The concentration of the incorporated hydrogen can be obtained 
by using the formation energies of the hydrogen related defects in the crystal. 
These are calculated for each defect as the total energy Etot of the supercell 
containing the defect minus the chemical potential of the constituents: 

.^form ~ ^tot 'y ^ T Q^F 



where rii is the number of atoms of type i in the supercell and fXi is their 
chemical potential in the gas, q is the charge of the defect and Ep is the 
Fermi energy (the chemical potential of electrons) in the doped crystal. The 
chemical potentials of C and Si are connected (/isi + Me = MSic) and are 
theoretically limited, on the one hand, by bulk silicon formation (extreme 
Si-rich conditions, /iSi = ^’ad, on the other hand, by bulk graphite 

formation (extreme C-rich conditions, mc = To calculate the actual 

chemical potential of the atoms in the reactive gas mixture is beyond our 
possibilities. Therefore, in the following, we will use these extremes as the 
limit of Si- or C-rich growth conditions. It should be kept in mind, however, 
that these are far out from what is practically applied in growth experiments. 
(Who would want to grow Si or graphite instead of SiC?) 

The gas mixture used in CVD consists mainly of H 2 molecules (the car- 
rier gas). We found, however, that the chance for incorporation of molecules 
into the crystal is minuscule under the investigated circumstances - it is the 
atomic hydrogen content of the mixture which is responsible for the hydro- 
gen defects in the crystal. The chemical potential for atomic hydrogen is 
calculated, assuming an ideal monatomic gas [44, 47], as a function of the 
temperature and pressure. While the effect of temperature is crucial in the 
gas phase, it is usually neglected in the crystal, and the concentration of a 
given defect can be approximated in the form of 



N, = n: 



5,exp(%i4i>) 



kT 



( 8 ) 



where T is the temperature, k is the Boltzmann constant, Nf is the number 
of possible sites in the crystal for the given defect, gi is the statistical weight 
of the electron configurations, and the sum goes over all defects, which occupy 
the same lattice site. This approximation is valid in the low concentration 
limit, where there is no interaction between the defects and, therefore, the 
concentration of each defect can be calculated independent of the others. 

Many of the defects (and, of course, the dopants) can be charged, de- 
pending on the position of the Fermi level, which is - in turn - determined 
by their charge and concentration. Therefore, the concentrations have to be 
calculated self-consistently with the neutrality condition for the semiconduc- 
tor, assuming a given concentration of dopants. As mentioned in Sect. 2, only 
singly charged states have been consideration here. This might cause some 
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underestimation in the total hydrogen content in case of very high doping 
as will be discussed. (The concentrations published for 3C-SiC [44, 45] are 
based on formation energies with no charge correction, so the data given for 
higher charge states there are suspect to strong overestimations.) 

In a first step, excluding complexes of hydrogen with the dopants (and 
neglecting self-interstitial -I- hydrogen complexes) we have considered only in- 
terstitial hydrogen and vacancy -I- hydrogen complexes as the possible forms 
of hydrogen incorporation during growth. As mentioned above, the calcula- 
tions predicted negligible incorporation of hydrogen if only the H 2 gas was 
considered in the environment. Due to dissociation of the molecules at the 
temperature of growth and - more importantly - due to the reactions at or 
near the crystal surface, about 1% of the hydrogen could be atomic. There- 
fore, to simulate the effect of that we have assumed equilibrium between the 
crystal and an atomic hydrogen gas of a (partial) pressure of 0.01 atm, at the 
typical CVD growth temperature of 1500°C. (Boron acceptors and extreme 
C-rich growth conditions, and nitrogen donors and extreme Si-rich conditions 
were assumed for p-type and n-type material, respectively.) The results are 
shown in Fig. 3. Except for heavy n-doping, the only hydrogen defect present 
is the positively charged interstitial atomic hydrogen, H+, the amount of 
which follows the p-type dopant concentration, lagging behind by 2-3 orders 
of magnitude. (This is in contradiction with the experimental finding in B- 
doped samples, where an almost equal concentration of hydrogen with that 
of boron was observed. Obviously, the discrepancy must originate from the 
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Fig. 3. Concentration of hydrogen related defects in 44f-SiC. The crystal is assumed 
to be in equilibrium with 0.01 atm atomic hydrogen gas at 1500°C. The chemical 
potentials of Si and C are assumed to take their extremal values in the n- and p-type 
case, respectively. Na and Ad are the concentrations of the boron acceptors and 
nitrogen donors, respectively, and Ep-Ey is the position of the Fermi level relative 
to the valence band edge. The conditions assumed here may give an estimate for 
the incorporation during CVD except for the fact that dopant-hydrogen complexes 
were not considered here 
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interaction of B with H. If, as assumed, they are incorporated together, the 
difference should be made up by B + H complexes, which have not been 
considered here so far.) In heavily n-type samples some H“ may appear. The 
dominating form of hydrogen in n-type material should be the higher negative 
charge states of (Vsi -I- 2H) complex (excluded from our present concentra- 
tion calculation). Including (Vsi -I- 2H)^“ in the calculation without charge 
correction would give a maximum of ~ 10^® cm“^ but, at this temperature, 
the expected error should amount to about 2 orders of magnitude overesti- 
mation. (Vsi -l- H)®“ may, however reach concentrations comparable to those 
of the dopants for very heavy n-type doping. 

Among the post growth hydrogenation methods, H-plasma treatments 
around 300°C appear to be the most popular. This is no equilibrium process 
either but an estimation about the hydrogen incorporation can be given as- 
suming the crystal to be in equilibrium with an amount of atomic hydrogen 
corresponding to that in a hydrogen plasma, typically 0.03 atm. Obviously, 
at such a low temperature, hydrogen molecules are much more stable than H 
atoms in equilibrium, so molecule formation has to be excluded. (In reality 
this is prevented by the energy supplied to the plasma.) The results shown in 
Fig. 4 indicate that this hydrogenation method is very effective. The amount 
of H“'" is almost equal to the dopant concentration in p-type samples lead- 
ing to almost complete compensation of the acceptors. The calculations also 
predict the concentration of (Vsi -I- 2H)“ complexes, created by the plasma 
treatment, to be near the dopant concentration in n-type material. Together 
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Fig. 4. Concentration of hydrogen related defects in 4H-SiC. The crystal is assumed 
to be in equilibrium with 0.03 atm atomic hydrogen gas at 300°C. The chemical 
potentials of Si and C are assumed to be equal. Na and Ad are the concentrations 
of the boron acceptors and nitrogen donors, respectively, and Ep-Ey is the position 
of the Fermi level relative to the valence band edge. The conditions assumed here 
may give an estimate for hydrogen incorporation during low temperature H-plasma 
treatment except for the fact that dopant-hydrogen complexes were not considered 
here 
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with higher charge states of silicon vacancy + hydrogen complexes, these 
would lead to elimination of the free carriers by trapping. 

Hydrogenation was also attempted by high temperature - high pressure 
annealing in H 2 . Here the assumption of equilibrium between the gas and 
the crystal is completely justified. We have carried out the calculations for 
the experimental conditions, 1700°C and 10 atm [15], but found very little 
hydrogen incorporation if only assuming H 2 to be present. However, a con- 
siderable amount of the molecules should be dissociated at this temperature. 
Repeating the calculation at the same temperature but with 1 atm atomic H, 
instead, we obtained the results shown in Fig. 5. Again, H+ is the dominant 
species in p-type material, its concentration approaching that of the dopant 
at lower levels of doping but about an order of magnitude less in the heavy 
doping limit. In n-type SiC, the amount of H“ becomes higher than that of 
H+ as the Fermi level passes the (+/— ) occupation level of hydrogen. (Vsi 
-I- 2H) “ also appears and higher charge states of silicon vacancy -I- hydrogen 
complexes may even have larger concentrations. For n-type doping between 
10^^ and 10^® cm“®, H“ and H+ coexists and molecules may form. 

As mentioned in the introduction of this subsection, our method of es- 
timating the concentrations is valid in the low concentration limit of each 
species, i.e., interaction between them is excluded. Therefore, the calculated 
concentration of H 2 refers only to those molecules which are incorporated as 
such in the first place. Since that requires the incorporation of two hydro- 
gen atoms at the same time, the formation energy is much higher than the 
one needed for one hydrogen atom (the formation energy of one H atom is 
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Fig. 5. Concentration of hydrogen related defects in 477-SiC. The crystal is assumed 
to be in equilibrium with 1 atm atomic hydrogen gas at 1700°C. The chemical 
potentials of Si and C are assumed to be equal. Na and Ad are the concentrations 
of the boron acceptors and nitrogen donors, respectively, and Ep-Ey is the position 
of the Fermi level relative to the valence band edge. The conditions assumed here 
may give an estimate for hydrogen incorporation during high temperature annealing 
except for the fact that dopant-hydrogen complexes were not considered here 
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higher than half of the binding energy between two H atoms in a molecule in 
the crystal). Therefore, the directly incorporated H 2 concentration remains 
always very low. In contrast, in Vsi + 2H, the binding energy of the C~H 
bonds makes up for the incorporation of the second hydrogen in the vacancy. 

We would like to emphasize again that the concentrations given here 
are estimates about the direct (and independent) incorporation of the vari- 
ous forms of hydrogen defects under the assumption of equilibrium with an 
atomic hydrogen gas (at different temperatures and pressures) and serve only 
as a semi-quantitative guide to the real situations (CVD-growth, H-plasma 
treatment, high T - high p annealing in H 2 ), which they simulate. The total 
hydrogen concentration for heavy doping might be enhanced by the higher 
charge states of the vacancy -I- hydrogen defects (not considered here) , espe- 
cially in the n-type case. Still, as we will discuss in Sect. 4, our findings can 
very well be used to interpret the available results on hydrogen incorporation 
into SiC. 



3.3 Fast Diffusion of H+ 

Hydrogen related complexes, other than the ones created during growth or by 
hydrogenation, can form, in principle, if the binding energy of the constituents 
(two H atoms, a vacancy plus hydrogen atoms, etc.) is negative, provided the 
constituents do not repel each other, given their equilibrium charge states 
for the actual Fermi-level position. The necessary condition for the actual 
formation is, however, a sufficient mobility of hydrogen. The same holds for 
the post-implantation anneals. In a molecular cluster model of 4if-SiC, the 
diffusion of a neutral hydrogen atom has been calculated to be 0.7 eV [48]. 
Unfortunately, the neutral charge state appears to be irrelevant due to the 
negative U character of hydrogen. The mobile species should be H+, the 
equilibrium configuration of which is at the antibonding site behind a carbon 
atom (unlike for H°), on a mirror plane to the c-axis of the crystal. The C-H 
bond points toward either an interstitial T or an i? site (see Fig. 1). Since the 
direction orthogonal to this plane is a channel direction, it seems plausible to 
assume that moving H’*' along this direction will have the lowest migration 
barrier. We fixed the coordinate of along the channel direction at different 
points and allowed the system to find its minimal energy by relaxing the 
hydrogen orthogonal to the channel direction and the surrounding atoms in 
every direction [49] . The results of the calculations show that H+ moves along 
oscillating between the two sides of the channel (see Fig. 6). 

We found the highest barrier along this path to be 0.4 eV which is, there- 
fore, an upper bound for the activation energy of H"*" migration. Taken into 
consideration, that the zero point vibration energy of H'*' in the equilibrium 
state is 0.27 eV, at annealing temperatures around 1500°C (fcT = 0.15 eV) 
H+ should diffuse almost freely in the lattice, unless it is trapped by another 
hydrogen, or by dopants, or by vacancies. 
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Fig. 6. The path of hydrogen diffusion along 
the channel direction. Dark grey, light grey and 
white atoms represent C, Si, and H atoms, re- 
spectively 



As described in the preceding subsections, silicon vacancies are expected 
to be the major traps for H'*'. In case of trapping, the energy to activate diffu- 
sion is the dissociation energy of the Vsi -I- H complex. That can be estimated 
as the sum of the negative of the binding energy and the diffusion barrier for 
migration. Using (1-4), the dissociation energy can be estimated, in p- 
type and weakly n-type material to be between about 4.0 and 5.3 eV from (Vsi 
-I- H), or 3. 5-4. 8 eV from (Vsi + 2H) depending on the Fermi-level position 
during annealing. (The upper limit was taken at Ey -1-1.8 eV.) 

3.4 Complexes of Hydrogen with p-Type Dopants 

The very mobile H'*', which is the dominating form of hydrogen in p-type 
SiC, can easily be captured by the ionized acceptors (A~). Therefore, the 
formation of electrically inactive complexes is likely. Experimental 

findings indicated that this might, indeed, be the case. Therefore, we have 
investigated the interaction of boron and aluminum with hydrogen in AH- 
SiC [45],[50]-[54]. In 4iJ-SiC there are two inequivalent substitutional sites 
in both sublattices, but our investigations showed no significant difference 
between them, as far as the complex formation is concerned. As it turned 
out, the most stable configurations are determined by simple rules. First 
of all, hydrogen always binds to the carbon sublattice (which is negatively 
charged), i.e., to a carbon neighbor if the acceptor sits on a Si site and to 
the acceptor, if it sits on a C site. In the case of Bsi, the small size of the 
B atom and the flexibility of the carbon bond angles make a Bs, -|- Hbc 
complex with Bsi-H-C bonding the most stable one (C being pushed toward 
the plane of its Si neighbors). This is followed in energy by Bsi -I- Hab(C) 
with a difference of approximately 1 eV. The larger A1 atom makes an Alsi 
+ Hab(C) complex with Alsi-C-H bonding more stable than Alsi -I- Hbc by 
0.3 eV. When the acceptors are on the carbon site, the rigidity of the Si bond 
angles precludes the bond centered position for H (the Si atom is hard to push 
toward the plane of its C neighbors), and the most stable configurations are 
Be + Hab(b) and Ale + Hab(ai) with a H-Ac-Si bonding. 

The complex formation with hydrogen passivates both boron and alu- 
minum, i.e., the arising complexes have no level in the gap and cannot be- 
come charged. Reactivation of the acceptor requires the dissociation of these 
complexes according to the reaction 
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(A + H)° ^ (A)- + (H)+ , 7l = AlorB. (9) 

The binding energy of the (neutral) complex with respect to the isolated 
(charged) constituents can be estimated by subtracting the sum of the total 
energies of a supercell containing A~ and a supercell containing H“'" from the 
sum of the total energies of a supercell containing a neutral A + H complex 
and of a perfect supercell. Due to the different bonding configurations in the 
most stable forms, the calculated binding energies for the Bsi + Hbc and 
the Alsi + Hab(C) complexes are significantly different, —1.6 and —0.7 eV, 
respectively [50]. It should be noted, that the reaction (9) compares energies 
of two charged species with a neutral one. The error committed in the energy 
calculation of charged supercells is independent of the sign of the charge and 
can be estimated in this case to be about 0.2 eV/cell [51]. Therefore, a better 
estimate for the binding energies would be —2.0 and —1.1 eV for B + H and 
A1 + H, respectively. 

The dissociation reaction (9) requires that the more mobile constituent, 
H’*', be moved away from the acceptor. Therefore, the activation energy (i.e. 
the energy of reactivating the acceptor) is approximately the sum of the 
negative of the binding energy of the complex and of the migration barrier 
for H+. (The barrier height for the first step in the dissociation process might 
be affected somewhat by the presence of the acceptor.) Using our calculated 
barrier for the H"*" migration with the estimates for the binding energies 
we obtain a dissociation energy of 2.4 and 1.5 eV for B + H and A1 + 
H, respectively. These should also be the effective activation energies for 
hydrogen diffusion in B- and Al-doped samples if no vacancies are present. 

3.5 Effect of Complex Formation on Hydrogen Incorporation 
into p-Type Samples and on the Site Selection of Boron 

If stable complexes of the acceptors with hydrogen exist, they can also form 
during in-growth doping of CVD layers. Therefore, it is interesting to inves- 
tigate how the possibility of complex formation influences the incorporation 
of hydrogen during CVD growth. Also, in-growth doping utilizes the site 
competition technique, which may be influenced by the effect of hydrogen. 

In order to investigate the incorporation of the dopants and hydrogen, one 
needs to calculate the formation energies Eform of the complexes (see (7)), 
calculated with respect to a pn corresponding to - as before - the atomic 
H content (about 0.01 atm) of the reactive gas mixture. The calculation of 
the chemical potential of the acceptor atoms is difficult. One should take into 
account that in the gas phase the precursor molecules of the dopants (B 2 H 6 
or A1(CH3)) dissociate. Using standard heat of formation data the dissoci- 
ation leading to a BH (AlH) molecule requires 1.2 eV (0.7 eV) less energy 
than dissociation leading to free B (Al) atoms. Therefore, BH and AlH are 
definitely present in the gas phase. If these molecules are incorporated into 
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the crystal, the acceptor- hydrogen complex may form in the first place, de- 
pending on how their formation energy compares with that of the isolated 
acceptor. Calculating this difference does not require the chemical potential 
of the acceptor atoms. The results [51, 52] show that isolated aluminum is 
more stable than the (Alsi -I- Hab(C)) complex for any CVD growth tem- 
perature. Therefore, A1 is incorporated as isolated substitutional acceptor, 
and the amount of incorporated hydrogen depends on the A1 concentration 
only through the doping effect of the latter as described in Sect. 3.2, i.e., [H] 
should be about 2-3 orders of magnitude less than [Al] . 

In contrast to aluminum, due to the higher binding energy between B and 
H, the formation energy difference between Bsi and (Bsi -I- Hbc) is positive in 
the whole temperature range, indicating that the incorporation of the B -|- H 
complex is favored over the isolated B atom. Therefore, boron and hydrogen 
gets incorporated together, in equal amounts [51, 53, 54], in agreement with 
the observations. 

One has, of course, also take into account that B can occupy the carbon 
site in the lattice as well. (In case of Al, the energy difference between the two 
sites is much too high.) Since the site selection of boron can be influenced 
by tuning the Si/C ratio in the gas phase, we investigated the formation 
energy difference between the two sites for B and for the B -|- H complex 
in dependence of the Si/C ratio. Except for extreme Si-rich conditions, Bsi 
-|- H is favored over Be + H, and except for extreme C-rich conditions. Be 
is favored over Bsi. We remind the reader that these theoretical extremes 
are set by bulk silicon and graphite formation, so normal growth conditions 
are well away from these limits. Therefore, under realistic CVD conditions 
(where hydrogen is abundant) Bsi -|- H is formed. In contrast, in situations 
like implantation, where there is no hydrogen present during B incorporation. 
Be should be the dominant form of boron. Comparing the stability ranges 
of these two complexes in dependence of the Si/C ratio and the temperature 
shows that except of very extreme Si-rich conditions or very high temper- 
atures, Bsi -l- H is more likely, i.e., boron incorporation onto the Si site, 
together with hydrogen is preferred if H is present at all. 

Accepting the proposal of [60] to assign the deep boron acceptor to Be, 
it becomes clear why the concentration of deep boron acceptors was so low 
in CVD layers grown even in Si-rich conditions at 1350°C as reported in [55] 
while high concentration of deep boron acceptors could be achieved in im- 
planted samples [56]. It is the effect of hydrogen during in-growth doping 
which makes the boron select the silicon site and produce the shallower ac- 
ceptor center. If hydrogen is present, boron is incorporated together with a 
hydrogen atom, preferentially onto the Si site as an electrically inactive com- 
plex. Given the binding energy of the complex, some of them can dissociate 
during the growth process. However, for the B atom to change site would 
then require more than 4 eV [57]. Therefore, it is activated as a shallow ac- 
ceptor. In case of implantation, boron is introduced without hydrogen, and 
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in course of the heat treatment selects the C site (unless B is co-implanted 
with C [58]), becoming activated as a deep acceptor. 

Since H is incorporated together with B in CVD growth, [H]~[B] in such 
samples. Since the B + H complexes may dissociate during the growth in a 
non-equilibrium process, it is difficult to say, how much is in B -|- H complexes, 
and how much is interstitial. 

In case of post-growth hydrogenation, the formation of acceptor-hydrogen 
complexes has little influence on the total amount of incorporated hydrogen 
concentration, [H]. As shown in Fig. 4, H-plasma treatment of p-type SiC 
would result in [H] about equal to the acceptor concentration, [A], even with- 
out complex formation. If the latter is taken into account, what is gained 
in “passivating” H atoms, is lost in number of active acceptors, lifting the 
Fermi-level, and diminishing the number of “compensating” free H+. In case 
of high-T, high-p anneal in H 2 , (where [H]<C[A], otherwise) the A-H com- 
plexes can increase [H]. However, although the binding energy lowers the 
formation energy with respect to interstitial H, the acceptor concentration 
is orders of magnitude lower than that of the interstitial site (prefactor in 
(8)), so the increase in [H] is not more than 50% even for the highest doping 
concentration in Fig. 5. 

3.6 Spectroscopic Fingerprints of H-Related Defects 

Occupation levels have already been mentioned in the preceding subsections. 
Figure 7 shows the summary of the calculated -I-/0/— occupation levels for 
interstitial H and for the V + nH defects, for comparison with DLTS ex- 
periments. (As mentioned before, our experience, since the publication of 
our work on hydrogen in 3C-SiC [44], showed that for higher charge states 
the charge correction cannot be neglected but also that the usually applied 
monopole correction leads to serious overcorrection. Therefore, in the time 
being we do not venture to predict occupation levels involving higher charge 
states, and advise caution with respect to such data published in our papers 
on 3C-SiC. In the case of the (-I-/0) and (0/—) occupation levels the error 
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Fig. 7. The calculated occupation levels for various H-related defects in 47/-S1C. 
The energies are given in eV with respect to the valence band. (Only singly charged 
states have been considered) 
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Fig. 8. The calculated one-electron levels for neutral H-related defects in 47/-SiC. 
The energies are given in eV with respect to the valence band 



due to the lack of charge correction is much smaller and ~ considering other 
error sources - we expect the given values to be accurate within 0.2 eV. In 
case of the (+/— ) occupation level the charge corrections cancel each other.) 
As can be seen from the figure, all Vsi related defects have similar occupation 
levels near the valence band, acting as traps in n-type material. Vc related 
defects have occupation levels closer to the conduction band and are ampho- 
teric, similar to interstitial hydrogen. (Note that the positive charge state of 
Vsi -I- 2H and the negative charge state of Vc + H and Vc + 2H may exist 
but have not been calculated yet). The acceptor -I- hydrogen complexes are 
electrically inactive. 

The electronic transition energies detected in optical spectroscopy (ab- 
sorption, PL and PL excitation, or optically detected magnetic resonance, 
ODMR) can be related, to a good approximation, to the relative positions of 
the one electron levels. Figure 8 shows our calculated one-electron level posi- 
tions in the neutral charge state of the defects. Here we expect an accuracy 
within about 0.1 eV. (Note: sometimes, e.g., in case of D^A~ recombina- 
tion detected by PL, the relevant one-electron levels are those of the charged 
states. Those, however, cannot be calculated reliably because of the problem 
with charge in supercell calculations.) 

Local vibration modes (LVM) of the defects can also be calculated - in- 
cluding the effect of isotope substitution - to help the assignment of observed 
vibration bands in IR, Raman and PL spectroscopy. The expected accuracy 
is about ±30 cm“^, so it makes no sense to try to reproduce site- or polytype- 
dependent effects. Therefore, vibration calculations have been carried out in 
3C-SiC only. In the simple case of the C-H stretching mode vibration in 
Vsi + H) even anharmonicity effects could be taken into account and an an- 
harmonicity parameter of 14.4 meV was obtained [59]. The results in the 
harmonic approximation are summarized in Table 1. 

Electron magnetic resonance experiments give usually the most important 
cues to set up models for various defect centers. The quantity, calculation can 
provide, to check upon the models by comparison with experimental data is 
the hyperfine (hf) tensor. Using the CRYSTAL98 code with all electron basis 
for the immediate neighbors of the defects and a valence basis for the rest 
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Table 1. Vibration frequencies for hydrogen related defects in silicon carbide. The 
frequencies had been calculated in 3C-SiC in the quasi-harmonic approximation 
and are given in cm“'^. Columns H-H, H-D and D-D indicate the number of H 
atoms substituted by D 



Defect 


Mode 


H-H 


H-D 


D-D 


(H)+ 


stretching 


2747 






(H)- 


stretching 


1268 






(H2)° 


stretching 


3452 






(Vsi -b H)° 


stretching 


2961 


2170 




(Vsi -b 2H)° 


symmetric 


3051 


3014 


2229 




asymmetric 


2999 


2206 


2200 


(Vc -b H)° 


asymmetric 


1570 








symmetric 


991 






(Vc -b H)+ 


asymmetric 


1770 








symmetric 


1189 






(Vc -b 2H)° 


symmetric 


1332 


1177 


952 




asymmetric 


976 


975 


730 




asymmetric 


976 


797 


730 


(Vc -b 2H)+ 


asymmetric 


1279 








asymmetric 


1271 








symmetric 


1000 






(Bsi -b H)° 


stretching 


3114 






(Alsi + H)° 


stretching 


2908 







Note that the H 2 vibration in 477-SiC may be considerably higher 
around the higher due to the larger open space around the R site 



in a 96-atom 4iJ-SiC supercell, we have attempted to calculate the hf tensor 
for the hydrogen related defects in their paramagnetic state. The lack of 
reconstruction in case of Vsi causes the vacancy related defect states to be 
rather delocalized, therefore, the accuracy of the calculated hf tensors for 
the various paramagnetic states of Vsi itself turned out to be pure with this 
approximation. (Calculations with all electron basis for the second neighbors 
are under way but they are very time consuming.) In contrast, for the case 
of the more localized defect states in Vq the results are rather reasonable in 
comparison with values published in the literature [79]. Therefore, Table 2 in 
Sect. 4.3 gives the principal values of the calculated hf tensors for Vq, (Vc + 
H) and (Vc + 2H) in the appropriate spin states [78]. 
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Table 2. The calculated principal values of the hyperhne tensor (MHz) of defects 
at the fc-site compared to the Ell center [84] in 4_H-SiC and to the T5 center in 
parentheses [77] in 3C-SiC. The calculations were carried out at the k site. The 
spin density is localized on two silicon atoms in Ell {Cih symmetry) while on four 
equivalent Si atoms in T5 (D 2 symmetry). Si(l) is on the c-axis, Si(2) is in the 
mirror plane while Si(3) and Si(4) are equivalent in Cih symmetry. H(l) binds to 
Si(l) and Si(2) while H(2) binds to Si(3) and Si(4) 



Atom 


(Vc)- 


(Vc + H)° 


(Vc + 2H)+ 


(Vc + 2H)+ 


Experiment 


^H(l) 




-42.3 


-23.7 


-56.7 








-43.8 


-21.6 


-51.6 








13.5 


-2.4 


-1.5 




iH(2) 






-33.0 


-57.0 










-0.6 


-2.1 










-31.5 


51.3 




29Si(l) 


-138.8 


-151.7 


-63.0 


-173.3 


60.6(41.1) 




-141.5 


-152.9 


-63.6 


-175.1 


70.2(41.4) 




-180.5 


-243.1 


-101.3 


-270.4 


85.7(56.7) 


2®Si(2) 


-157.7 


-284.2 


-112.4 


-288.4 


70.2 




-123.5 


-182.0 


-67.2 


-187.7 


67.8 




-120.8 


-181.1 


-66.6 


-185.9 


57.0 


2®Si(3,4) 


-11.1 


2.1 


-89.3 


-178.4 






-13.8 


3.9 


-148.7 


-279.4 






-12.6 


1.2 


-90.2 


-180.2 





4 What Have We Learned about Hydrogen in SiC 
from Theory and Experiments? 

4.1 Incorporation of Hydrogen and Its Effect 
on the Flee Carrier Concentration 

Our calculations have verified the assumption of Larkin [7] about hydrogen 
being incorporated together with boron during CVD growth and influencing 
the site selection of the latter in favor of the Si site. In addition, accepting 
the suggested assignment of Bsi to the shallow, and Be to the deep boron 
acceptor center [60], our results can explain the experimental findings regard- 
ing the relative abundance of them in growth or in implantation. More recent 
experiments have also proven that boron carries hydrogen into the crystal. 
Samples with a low level of boron doping have been prepared in a nomi- 
nally hydrogen- free environment [61]. After the ion bombardment of a SIMS 
measurement, the PL signal assigned to the Vsi + H center has appeared. 
According to our prediction, the amount of hydrogen is comparable to the 
amount of the acceptors only in B-doped as-grown CVD samples. In case of 
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Al-doping (where the A1 and H incorporation is independent), the hydrogen 
concentration, [H], is 2-3 orders of magnitude lower (depending on doping 
level) than that of [Al] (see Fig. 3). This prediction has been experimentally 
confirmed [62] . Our results indicated hydrogen incorporation to be negligible 
in as-grown n-type epilayers explaining why no passivation of been found [5] . 

According to our calculations - and in agreement with [22, 63, 64] - the 
dominating form of hydrogen in p-type samples is the mobile interstitial H"*', 
which can be easily introduced by H-plasma treatment at low temperature 
with [H+] close to that of the acceptor concentration (see Fig. 4). That ex- 
plains the high level of compensation in hydrogenated p-type samples [18]- 
[20], [64]. In contrast, the dominant hydrogen defect in n-type samples is the 
electron trap Vsi + 2H, which diminishes the free carrier concentration by 
trapping just the same way as pure Vs, (created during, e.g. Ar-plasma treat- 
ment) does - again in agreement with observations [19]-[21],[23]. A recent 
experiment [65] also confirmed our interpretation. H-plasma treatment of 
samples coated with a thin Ni or Pt film showed complete passivation of p- 
type samples, while no loss of carrier concentration was observed in n-type 
ones up to 800° C. The metal coating protects the samples from vacancy for- 
mation but H+ can easily penetrate it. The only successful way to achieve 
hydrogen passivation of n-type samples so far was annealing at high temper- 
ature in high pressure hydrogen gas. Our calculations indicate (see Fig. 5) 
that in such cases the concentration of interstitial H- may be higher than 
that of Vsi + 2H, and could, indeed, cause donor passivation. (Although our 
results simulating the effect of such treatments still did not show [H“] to be 
comparable with [N].) The lower passivation rate found in n- vs. n“'"-samples 
- despite the higher amount of H detected by SIMS in the former [15] - can 
be explained by the higher likelihood of molecule formation in the lO^^-lO^® 
doping range. 

4.2 Diffusion and Trapping of Hydrogen 

Many experiments monitoring the hydrogen diffusion profiles in p-type ma- 
terial have established that hydrogen must be rather mobile unless the level 
of radiation damage is high [14, 22, 62, 63, 66, 68]. The very low diffusion 
barrier we find for H'*’, 0.4 eV, is in line with that. 

In n-type material the hydrogen diffusion is slow, even if little damage 
was created [14]. According to our results, hydrogen forms molecules in mod- 
erately doped n-type samples, when the Fermi energy is around Ey + 2.2 eV 
(for a doping level around few times 10^^ cm“^). These are much less mo- 
bile than H+. Also, the dominant hydrogen-defects, created by hydrogenation 
other than high temperature annealing, are the silicon vacancy -I- hydrogen 
complexes in which hydrogen is tightly bonded. 

H-implantion at high energy creates radiation damage. Self-interstitials 
are expected to anneal out relatively early, so the dominant traps for hy- 
drogen in such cases are vacancies. We have shown that the binding energy 
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of hydrogen is significantly (~ 2 eV) higher to Vsi than to Vc- The calcu- 
lated dissociation energy of H+ is between about 4.0 and 5.3 eV from Vsi 
-I- H, and about 3. 5-4. 8 eV from Vsi -I- 2H (depending on the position of 
the Fermi-level). This is in fair agreement with range 3. 5-4. 9 eV, found ex- 
perimentally [9, 10]. Hydrogen atoms in the silicon vacancy passivate the 
dangling bonds one by one. According to theory, Vsi can accommodate four 
H atoms, which would passivate the hole trap activity completely. To achieve 
that, however, [H] > [Vsi] is needed, because the disproportional distribution 
of hydrogen among the vacancies is energetically not favored. It should be 
noted that Vc and H never attract each other. (Except for Fermi-level posi- 
tions between Ey + 1.8 eV and 2.2 eV, there is even repulsion). Therefore, 
even if the irradiation energy is between the displacement limits of the two 
sublattices, the chances for hydrogen getting trapped in Vc are meager. 

H 2 molecules, even when they may be formed at all, have a binding energy 
of about —1 eV, corresponding roughly to a dissociation energy of about 
1.4 eV. Therefore, in the absence of silicon vacancies, the major trap for 
hydrogen are the dopants. Our calculated dissociation energies for B -|- H and 
A1 -I- H complexes, 2.4 and 1.5 eV agree nicely with the observed acceptor 
reactivation energies of 2.5 and 1.6 eV [68]. They also agree with the observed 
activation energies of hydrogen migration in Al-doped and in unintentionally, 
i.e., B-doped samples [12], confirming that in defect-free p-type material the 
acceptors limit the hydrogen diffusion. 

The B -I- H and A1 -|- H complexes were found to be electrically inac- 
tive. Therefore, besides compensation, the observed loss of free holes after 
H 2 annealing, H-plasma treatment low energy H-implantation [14]-[16],[18]- 
[22] could have occurred also due to passivation by complex formation, as 
indicated by the loss of the acceptor related EPR (electron paramagnetic 
resonance) signal [15, 18]. Since the ionized acceptors and H+ are electri- 
cally attracted to each other, and the latter is very mobile, this seems very 
likely. More recent experiments [62]-[69],[71], especially the one reported in 
[64] seem to prove that, indeed, that is the case. In the latter, a Schottky- 
diode was prepared from Al-doped (4 x 10^^ cm“^) bulk 6iJ-SiC material 
by electron beam evaporation of a ruthenium contact. Hydrogen was intro- 
duced by a dc hydrogen plasma through the contact in order to reduce the 
near-surface damage and accumulation of near-surface hydrogen. The diffu- 
sion of H'*' could be enhanced by reverse bias annealing. After passivation, 
C-V measurements showed that the reactivation kinetics was a first order 
process, and the obtained dissociation energy (1.5 eV) was very close to the 
values in [12, 68]. The passivation - reactivation process was reversible (with- 
out switching on the H-plasma again), proving that the reactivation did not 
occur by out-diffusion of H (as would be the case for mere compensation) . It 
should be noted that our calculations also predict a metastable, electrically 
inactive A1 -|- H configuration, only about 0.3 eV higher in energy, than the 
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stable one. This might explain some uncertainties in the observed effective 
diffusion activation energy of hydrogen in Al-doped samples [66, 69]. 

Existence of a metastable A1 + H complex has been suggested based on 
experiments as well. Al-doped (1— 8x 10^® cm“®) 6iJ-epilayers were subjected 
to a hydrogen plasma and changes in both the H- and the Al-related PL lines 
were monitored [70]-[72]. Upon hydrogenation the well-known PL-center, re- 
lated to Vsi + H [3, 4] have appeared, together with a strong reduction in 
the intensity of the Al-BE (bound exciton) line. The latter indicates that - 
besides the creation of Vsi + H defects - apparently electrically inactive A1 
-|- H complexes have been formed as well. The passivation was, however, not 
complete. Prolonged excitation with above band gap light caused a gradual 
reduction and finally a complete disappearance of the Al-BE emission during 
the measurement. (After annealing the hydrogen out at 1100°C, the recovery 
of the Al-BE PL line was complete, and no light-induced quenching could be 
observed anymore.) It was, therefore, assumed [71] that an electrically active 
metastable A1 -I- H complex exists which is transformed into the electrically 
inactive configuration due to optical excitation. We have not been able to 
find electrically active complexes of A1 and H. Considering the fast diffusion 
of H’^, which at elevated temperatures could even be athermal, it seems likely 
that the additional passivation occurred due to the heating effect of the high 
intensity illumination by the formation of further A1 -|- H complexes. 

We have not as yet investigated donor -|- hydrogen complexes but our 
results so far indicate that they are difficult to form because it is difficult 
to get mobile hydrogen into n-type SiC. Upon plasma treatment the total 
hydrogen concentration may reach that of the donors but it is present in 
the form of Vsi + 2H complexes. Hydrogen implantation of n-type samples 
should primarily create Vsi + H- These defects can also cause loss in the car- 
rier concentration by electron trapping. Further measurements on H-plasma 
treated n-type samples would be necessary. 

4.3 Fingerprints of H-Related Defects 

The knowledge obtained about the stable hydrogen related defects and about 
the conditions of their formation explains the scarcity of direct spectroscopic 
evidence of hydrogen in SiC. Hydrogen is easily captured by vacancies and 
dopants, thus the observation of interstitial hydrogen can only be expected 
under special circumstances in high quality crystals. Although, for E-p > 
Ey + 0.8 eV, H 2 is the stable species (see Fig. 2) with a characteristic LVM 
around 3452 cm“^ (see Table 1), molecule formation can only be expected 
around the (+/— ) occupation level of interstitial atomic hydrogen at Ep = 
Ey + 2.2 eV. Unfortunately, in this range of doping (except for implantation 
which would also create vacancies) only high temperature annealing in high 
pressure hydrogen gas seemed to be able to produce an observable amount 
of hydrogen but no Raman measurements were erformed on those samples. 
The dominant interstitial hydrogen defect is H+ at the ABc site, with a 
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characteristic LVM at 2747 cm“^. In principle, a measurable amount of H'*' 
could be created by H-plasma treatment (especially through a protecting 
metal coating) in p-type samples, but dissociation of acceptor + hydrogen 
complexes has to be achieved without loss of hydrogen from the sample. 
(Since the activation energy for diffusion is much less than the binding energy 
to the acceptor, this should be difficult but, obviously possible in p-type 
samples [64].) In fact, a hydrogen related LVM near the predicted one has 
been observed in 6i7-SiC epilayers with [H]~ cm“^ [73] but definite 
assignment to H+ was not possible. We expect that low-energy implantation 
(below the displacement threshold of the Si sublattice) could also create a 
sufficient surplus of interstitial H+ in moderately p-type material. 

From acceptor (A) passivation studies it is clear that A -|- H complexes 
can be created in detectable amount but, being electrically inactive, they 
could only be seen in infrared absorption (IR) or Raman spectroscopy. The 
characteristic LVMs were calculated to be 3114 and 2908 cm“^ for Bsi -I- 
Hbc and Alsi -I- Hab(C)) respectively. In [17] no such vibration could be 
detected. We note, though that according to our estimation (see Fig. 3), the 
expected amount of A1 -|- H complexes in those samples with ~ 10^^ cm“^ 
Al-doping could have been a few times 10^® cm“^ - difficult to see in rather 
opaque material. IR measurements in H-plasma treated highly doped material 
could be more successful. In boron and hydrogen implanted SiC samples a 
PL center, called BH°, was found with two vibrational side bands at 86 
and 118 meV [74]. We have found two LVMs at 82 and 84 meV, and one at 
116 meV for the Bsi -I- Hbc defect, and no gap modes have been found for Als, 
+ Hab(C)- Based on that it would be tempting to identify the BH° center 
with Bsi -I- Hbc complex, however, the Bsi -I- Hbc stretch mode around 
386 meV (3114 cm“^) was not detected, and binding of an exciton to an 
electrically inactive defect is questionable. Further investigation (including B 
and H isotope substitution) is needed to clarify the nature of BH° PL center. 

The hydrogen concentration can be best increased by implantation but 
at the cost of creating vacancies. Since hydrogen trapping in silicon vacan- 
cies is preferred both kinetically and thermodynamically, Vsi + H complexes 
should be dominant. Vsi + complexes with n > 1 should appear only 
if [hsi] < [H] (or in H-plasma treated samples, see Fig. 4). As mentioned 
in the introduction, the only H-related defect observed by spectroscopy was, 
indeed, the PL center associated with Vsi + H, based on the vibrational side- 
bands due to the stretch mode of a C-H bond [3, 4]. The calculated LVM 
(in 3C-SiC), 2961 cm“^ (see Table 1) is well within the range observed for 
the various sites in the hexagonal polytypes between 2959 and 2988 cm“^. 
Recently, with improved methods in crystal growth, ion implantation, and 
spectroscopy, these spectra were revisited in 6i7-SiC [75]. Besides the known 
lines, new peaks have also been found. These were associated with the over- 
tones of the C-H stretch mode [59, 75] based on agreement with theoretical 
calculation regarding its anharmonicity. It was found that the PL peaks ap- 
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peared only in moderately p-type samples and not in n- or heavily p-type 
ones. Assuming that the exciton is captured by the neutral defect, our re- 
sults for the occupation levels (see Fig. 7) can explain this, namely Vsi + 
H in 4i7-SiC is neutral only when the Fermi-level is between Ay -I- 0.3 and 
0.5 eV. (In 3C-SiC Ay -I- 0.3 and 0.7 were obtained.) These occupation levels 
should be observable by DLTS. 

Hydrogen related defects remain elusive for magnetic resonance spec- 
troscopy. Interstitial hydrogen and dopant -I- hydrogen complexes are dia- 
magnetic, therefore, only vacancy -I- hydrogen complexes have a chance for 
detection. EPR studies after wet oxidation showed an EPR signal which 
could be attributed to a defect in the SiC crystal, involving a carbon dan- 
gling bond, but not identical with the known Vsi signatures [76]. The dif- 
ference between the annealing characteristics of the center in Al-doped and 
unintentionally, i.e., boron-doped samples was reminiscent to the behavior 
of hydrogen [9, 10, 12] so the disappearance of the signal was attributed to 
hydrogen diffusion. The observed activation energy, 4.0 eV, was well in the 
range we have obtained for the binding energy of H to a carbon dangling 
bond in the Vsi + H complex (see Sect. 3.1). Unfortunately, due to the lack 
of hyperfine data, no identification of this observed EPR center is as yet 
possible. The calculation of the hyperfine tensor for Vsi + complexes are 
under way. 

The formation of Vc + H complexes requires very special circumstances. 
Low-energy electron-irradiation of samples with Fermi-level between Ay -1-1.8 
and 2.2 eV during irradiation could, in principle produce them, provided the 
H-content was originally sufficiently high. LVMs related to Vc + nH defects 
are given in Table 1, while the calculated principal values of the hyperfine 
tensor in paramagnetic states can be seen in Table 2. 

An EPR center, called T5, with D 2 symmetry has been observed in boron- 
doped electron irradiated CVD layers of 3(7-810 and associated with Vq [77]. 
The EPR signal could not be detected in similar samples if they were even 
weakly n-type. This was interpreted as loss of the paramagnetic state due to 
an occupation level at midgap. Both the latter assumption and the observed 
symmetry contradict theoretical results on Vq [44]. Since the (Vc + 2H)+ 
complex did posses D 2 symmetry, and it could be expected to occur only 
after irradiating p-type material, we suggested it as the real origin of the T5 
center. This had a special importance, since the T5 center could be annealed 
out around 200° C with an activation energy of 1.45 eV. Assuming that to 
be characteristic for Vc diffusion, meant that Vc could be removed by low 
temperature annealing. This is at odds with results of positron annihilation 
studies [82]. Later EPR work [83] in electron-irradiated hexagonal material 
identified the so-called EI5 as the fingerprint of Vc . Our calculations as well 
as that of [60, 79] confirm the assignment. At the same time the Ell cen- 
ter [78] of 4i7-SiC showed characteristics very similar to that of T5 in 3(7-SiC. 
Therefore, Ell and related centers have been tentatively assigned to Vc -|- 
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nH complexes [84] , assuming that the low activation energy is connected with 
hydrogen diffusion. Recently, however, the calculation of the hyperfine ten- 
sor became possible for us and the calculated values have not confirmed the 
assignment [78]. The positively charged carbon (split) interstitial (sharing a 
carbon lattice site with another carbon atom in a similar configuration as the 
Vc + 2H complex) appears to be a better candidate [78, 80, 81], although 
C-related hyperfine interaction could not be found yet. 



5 Conclusion 

Although, at present, few of the possible hydrogen defects have been experi- 
mentally observed, most of the technologically important effects of hydrogen 
(passivation of p-type material by complex formation with and its influ- 
ence on the site competition doping, as well as passivation of n-type material 
by carrier trapping in Vsi + nR defects) are by now understood. Since the 
dissociation energy of hydrogen from vacancies is comparable to the migra- 
tion barriers of vacancy motion, it would be interesting to study the effect 
of hydrogen on the annealing kinetics of vacancies. This is even more true 
for self-interstitials. The complex formation of hydrogen with donors is rarely 
observed, mainly because the low concentration and low mobility of hydrogen 
in most n-type samples. Still, theoretical studies may reveal some surprises 
even there. Another subject not studied so far is the formation of larger 
aggregates of hydrogen (e.g. platelets), which have been observed in other 
semiconductors and might have technological importance for SiC as well. We 
hope to cover these problems in the near future. We also expect progress in 
the calculation of the energy of higher charge states of defects which may 
correct some of the results reported here. 

Note 

The authors of this paper are subject of scientometric evaluation in their 
country. This publication contains new results but is not carried by the Cita- 
tion Index. Therefore, you are kindly requested to give an e-mail notification 
to the address p.deak@eik.bme.hu whenever you refer to this work. 

Acknowledgement 

We are greatly indebted to our experiment ator partners, W.J. Choyke and 
R.P. Devaty (U. Pittsburgh), E. Janzen and N.T. Son (Linkoping U.; coop- 
eration supported by the IVA-MTA Grant Nr. 36), A.W.R. Leitch (U. Port 
Elisabeth; cooperation supported by the SA-Hungary S&T Grant Nr. 7/98) 
and J. V. Bardeleben (U. Paris 6&7) for their guidance in our studies and for 
the computer capacity they provided for us (through the Pittsburgh Super- 
computer Grants Nr. PHY970006P and PHYOIOOOIP, the Swedish National 




Hydrogen in SiC 



85 



Supercomputer Grant Nr. 2000018 and at the computer center in Paris). 
We are also grateful to J.E. Lowther (U. Witwatersrand) and M. Bockstedte 
(U. Erlangen) for many useful advices in computational methodology. The 
support of the Hungarian grants OTKA T-034397 and F-038357 are appre- 
ciated. 



References 

1. Fundamental Questions and Applications of SiC, ed. by W.J. Choyke, H. Mat- 
sunami, and G. Pensl (Wiley-VCH, Berlin 1997), special issue of Phys. Stat. 
Sol. (a) 162 and (b) 202 (1997) 

2. D.J. Larkin, P.G. Neudeck, J.A. Powell, and L.G. Matus: Appl. Phys. Lett. 65, 
1659 (1994) 

3. W.J. Choyke and L. Patrick: Phys. Rev. Lett. 29, 355 (1972) 

4. W.J. Choyke, L. Patrick, and P.J. Dean: Phys. Rev. B 9, 3214 (1974) 

5. D.J. Larkin, S.G. Sridhara, R.P. Devaty, and W.J. Choyke: J. Electronic. Mater. 
24 , 289 (1995) 

6. A. Schoner, K. Rottner, N. Nordell, M.K. Linnarson, C. Peppermiiller, and 
R. Helbig: Diamond Relat. Mater. 6, 1293 (1997) 

7. D.J. Larkin: Phys. Stat. Sol. (b) 202 , 305 (1997) 

8. J. Portman, C. Haug, R. Brenn, J. Schneider, K. Rottner, and R. Helbig: Nucl. 
Instrum. Methods Phys. Res. B 155, 132 (1999) 

9. M.K. Linnarson, J.P. Doyle, and B.G. Svensson: in Ill-Nitride, SiC and Di- 
amond Materials for Electronic Devices, ed. by D. Gaskill, C.D. Brandt, and 
R.J. Nemanich, Mat. Res. Soc. Symp. Proc. No. 423 (Material Research Society, 
Pittsburgh, 1996), p. 635 

10. M. Janson, M.K. Linnarson, A. Hallen, and B.G. Svensson: in Hydrogen in 
Semiconductors and Metals, ed. by R.G. Leisure, Mater. Res. Symp. Proc. 
No. 513 (Material Research Society, Warrendale, 1998), p. 439 

11. L. Patrick and W.J. Choyke: Phys. Rev. B 8, 1660 (1973) 

12. R.A. Causey, J.D. Fowler, C. Revenbakht, T.S. Elleman, and K. Verhese: J. Am. 
Ceram. Soc. 61 , 221 (1978) 

13. M.K. Linnarson, M. Janson, and B.G. Svensson: Phys. Status Solidi B 210, 
395 (1998) 

14. N. Achtziger, J. Gillenberger, W. Witthuhn, M.K. Linnarson, M. Janson, and 
B.G. Svensson: Appl. Phys. Lett. 73 , 945 (1998) 

15. F. Gendron, L.M. Porter, C. Porte, and E. Bringuier: Appl. Phys. Lett. 67 , 
1253 (1995) 

16. B. Theys, F. Gendron, C. Porte, E. Bringuier, and C. Dolin: J. Appl. Phys. 82, 
6346 (1997) 

17. B. Clerjaud, F. Gendron, C. Porte, and W. Wilkening: Solid State Commun. 
93 , 463 (1995) 

18. G.J. Gerardi, E.H. Pointdexter, and D.J. Keeble: Appl. Spectrosc. 50, 1428 
(1996) 

19. F. Ren, J.M. Grow, M. Bhaskaran, R.G. Wilson, and S.J. Pearton: J. Electron. 
Mater. 26 , 198 (1996) 




86 



P. Deak, A. Gali, and B. Aradi 



20. G. McDaniel, J.W. Lee, E.S. Lambers, S.J. Pearton, P.H. Holloway, F. Ren, 
J.M. Grow, M. Bashkaran, and R.G. Wilson: J. Vac. Sci. Technol. A 15, 885 
(1997) 

21. A.O. Konstantinov, N.S. Konstantinova, O.I. Kon’kov, E.I. Terukov, and 
P.A. Ivanov: Fiz. Tekh. Poluprovodn. (Semiconductors 28, 209 (1994)) 

22. N. Achtziger, C. Hiilsen, W. Witthuhn, M.K. Linnarson, M. Janson, and 
B.G. Svensson: Phys. Status Solidi B 210, 395 (1998) 

23. T.E. Tiwald, J.A. Woollam, S. Zollner, J. Ghristiansen, R.B. Gregory, T. Wet- 
teroth, S.R. Wilson, and A.R. Powell: Phys. Rev. B 60, 11464 (1999) 

24. L.L. Glemen, W.J. Ghoyke, A. A. Burk, Jr., D.J. Larkin and J.A. Powell: Silicon 
Carbide and Related Materials, Proc. 5th Inti. Conf., Institute of Physics Conf. 
Series, No. 137 (Bristol, United Kingdom: lOP Publishing, 1993), p. 227 

25. M.O. Aboelfotoh and J.P. Doyle: Phys. Rev. B 59, 10823 (1999) 

26. S.K. Estreicher: Mater. Sci. Forum 148-149, 349 (1994) 

27. C.H. Ghu and S.K. Estreicher: Phys. Rev. B 42, 9486 (1990) 

28. M.A. Roberson, and S.K. Estreicher: Phys. Rev. B 44, 10578 (1991) 

29. G. Makov and M.G. Payne: Phys. Rev. B 51, 4014 (1995) 

30. P. Deak, U. Gerstmann, R. Rurali, and B. Aradi: to be published 

31. H.J. Monkhorst and J.K. Pack: Phys. Rev. B 13, 5188 (1976) 

32. P. Hohenberg and W. Kohn: Phys. Rev. 136, 864B 

33. W. Kohn and L.J. Sham: Phys. Rev. 140, A1133 (1965) 

34. J.P. Perdew and A. Zunger: Phys. Rev. B 23, 5048 (1981) 

35. G.A. Baraff and M. Schliiter: Phys. Rev. B 30, 1853 (1984) 

36. M. Stadele, M. Moukara, J.A. Majewski, P. Vogl, and A. Gorling: Phys. Rev. 
B 59, 10031 (1999) 

37. R. Dovesi, R. Orlando, G. Roetti, G. Pisani, and V.R. Saunders: in Computer 
Simulation of Materials at Atomic Level, Vol. 217 of Phys. Stat. Sol. (b), ed. 
by P. Deak, Th. Frauenheim, and M.R. Pederson (VILEY-VCH, Berlin, 2000), 
p. 63 

38. N. Troullier and J.L. Martins: Phys. Rev. B 43, 1993 (1991) 

39. M. Bockstedte, A. Kley, J. Neugebauer, and M. Scheffler: Gomput. Phys. Gom- 
mun. 107, 187 (1997) 

40. R. Jones: Philos. Trans. R. Soc. London, Ser. A 341, 351 (1992) 

41. G.B. Bachelet, D.R. Hamann, and M. Schliiter: Phys. Rev. B 26, 4199 (1982) 

42. V.R. Saunders, R. Dovesi, C. Roetti, M. Gaus, N.M. Harrison, R. Orlando, 
and G.M. Zicovich-Wilson: CRYSTAL’98 User’s Manual (University of Torino, 
Torino 1998) 

43. P. Durrand and J.C. Barthelat: Theor. Chim. Acta 38, 283 (1975) 

44. B. Aradi, A. Gali, P. Deak, J.E. Lowther, N.T. Son, E. Janzen, and 
W.J. Ghoyke: Phys. Rev. B 63, 245202 (2001) 

45. P. Deak, A. Gali, and B. Aradi: in European Conference on SiC and Related 
Materials 2000, ed. by G. Pensl, D. Stephani, and M. Hundhausen, Mater. Sci. 
Forum 353-356 (Trans. Tech. Pubk, Switzerland, 2001) p. 421. 

46. A. Gali, B. Aradi, P. Deak, W.J. Ghoyke, and N.T. Son: Phys. Rev. Lett. 84 
4929 (2000) 

47. J.E. Northrup, R.D. Felice, and J. Neugebauer: Phys. Rev. B 56, R4325 (1997) 

48. M. Kaukonen, C.J. Fall, P.R. Briddon, R. Jones: unpublished 

49. B. Aradi, A. Gali, P. Deak: to be published 

50. B. Aradi, A. Gali, P. Deak, N.T. Son, and E. Janzen: Physica B 308-310, 722 

(2001) 




Hydrogen in SiC 



87 



51. P. Deak, B. Aradi, A. Gali, and U. Gerstmann: Phys. Stat. Sol. (b) 235 , 139 
(2003) 

52. B. Aradi, P. Deak, N.T. Son, E. Janzen, W.J. Choyke, and R.P. Devaty: Appl. 
Phys. Lett. 79 , 2746 (2001) 

53. P. Deak, B. Aradi, and A. Gali: J. Phys. Condens. Matter 13, 11607 (2001) 

54. B. Aradi, A. Gali, P. Deak, N.T. Son, and E. Janzen: in International Confer- 
ence on Silicon Carbide and Related Materials, ed. by S. Yoshida, S. Nishino, 
H. Harima, and T. Kinioto, Mater. Sci. Forum 389-393 (Trans. Tech. Publ., 
Switzerland, 2002), p. 561 

55. S.G. Sridhara, L.L. Clemen, R.P. Devaty, W.J. Choyke, D.J. Larkin, H.S. Kong, 
T. Troffer, and G. Pensl: J. Appl. Phys. 83, 7909 (1998) 

56. M. Gong, C. V. Reddy, C.D. Beling, S. Fung, G. Brauer, H. Wirth, and W. Sko- 
rupa: Appl. Phys. Lett. 72 , 2739 (1998) 

57. B. Aradi, A. Gali, P. Deak, E. Rauls, Th. Frauenheim, and N.T. Son: ibid. [45], 
p. 455 

58. H. Itoh, T. Troffer, C. Peppermiiller, and G. Pensl: Appl. Phys. Lett. 73 , 1427 
(1998) 

59. A. Gali, B. Aradi, D. Heringer, W.J. Choyke, R.P. Devaty, and S. Bai: Appl. 
Phys. Lett. 80 , 237 (2002) 

60. T.T. Petrenko, T.L. Petrenko, V.Y. Bratus and J.L. Monge: Physica B 308- 
310, 637 (2001) 

61. A. Henry, B. Magnusson, M.K. Linnarsson, A. Ellison, M. Syvajarvi, R. Yaki- 
mova, and E. Janzen: ibid. [45], p. 373 

62. M.K. Linnarson, U. Forsberg, M.S. Janson, E. Janzen, and B.G. Svensson: ibid. 
[54], p. 565 

63. M.S. Janson, M.K. Linnarson, A. Hallen, B.G. Svensson, N. Nordell, and 
S. Karlsson: Phys. Rev. B 61 , 7195 (2000) 

64. M.E. Samiji, A. Venter, M.C. Wagener, and A.W.R. Leitch: J. Phys. Condens. 
Matter 13 , 9011 (2001) 

65. M.K. Linnarson, A.L. Spetz, M.S. Janson, L.G. Ekdahl, S. Karlsson, 

A. Schoner, I. Lundstrom, and B.G. Svensson: in International Conference on 
SiC and Related Materials, ed. by J.C.H. Carter, R.P. Devaty, and G.S. Roher, 
Mater. Sci. Forum 338-342 (Trans. Tech. Publ., Switzerland, 2000), p. 937 

66. C. Hiilsen, N. Achtziger, U. Resilohner, and W. Witthuhn: in International 
Conference on Silicon Carbide and Related Materials, ed. by C.H. Carter, 
R.P. Devaty, and G.S. Roher, Mater. Sci. Forum 338-342 (Trans. Tech. Publ., 
Switzerland, 2000), p. 929 

67. M.S. Janson, A. Hallen, M.K. Linnarson, N. Nordell, S. Karlsson, and 

B. G. Svensson: ibid. [45], p. 353 

68. M.S. Janson, A. Hallen, M.K. Linnarson, and B.G. Svensson: Phys. Rev. B 64, 
195202 (2001) 

69. C. Hiilsen, N. Achtziger, J. Herold, and W. Witthuhn: ibid. [45], p. 331 

70. Y. Koshka and M. Mazzola: ibid. [54], p. 609 

71. Y. Koshka and M.S. Mazzola: Appl. Phys. Lett. 79, 752 (2001) 

72. Y. Koshka and M.S. Mazzola: in European Conference on Silicon Carbide and 
Related Materials 2002, Mater. Sci. Forum in print 

73. K. Rottner and R. Helbig: Appl. Phys. A 59, 427 (1994) 

74. C. Peppermiiller, R. Helbig, K. Rottner, and A. Schoner: Appl. Phys. Lett. 70 , 
1014 (1997) 




P. Deak, A. Gali, and B. Aradi 



75. W.J. Choyke, R.P. Devaty, S. Bai, A. Gali, P. Deak, and G. Pensl: ibid. [54], 
p. 585 

76. P.J. Macfarlane and M.E. Zvanut: J. Appl. Phys. 88, 4122 (2000) 

77. H. Itoh, A. Kawasuso, T. Oshima, M. Yoshikawa, I. Nashiyama, S. Tanigawa, 
S. Misawa, H. Okumura, and S. Yoshida: Phys. Stat. Sol. (a) 162, 173 (1997) 

78. A. Gali, P. Deak, N.T. Son, and E. Janzen: in European Conference on Silicon 
Carbide and Related Materials 2002, Mater. Sci. Forum, in print 

79. M. Bockstedte, M. Heid, A. Mattausch, and O. Pankratov: ibid. [54], p. 471 

80. M. Bockstedte, M. Heid, A. Mattausch, and O. Pankratov: ibid. [78] 

81. T. Petrenko, T. Petrenko, and V. Bratus’: to be published 

82. A. Kawasyuso, H. Itoh, and S. Okada: J. Appl. Phys. 80, 5639 (1996) 

83. N.T. Son, P.N. Hai, and E. Janzen: Phys. Rev. B 63, 201201 (2001) 

84. N.T. Son, W.M. Ghen, J.L. Lindstrom, B. Monemar, and E. Janzen: Mater. 
Sci. Eng. B 61-62, 202 (1999) 




Electronic Properties of Stacking Faults 
and Thin Cubic Inclusions in SiC Polytypes 



U. Lindefelt and H. Iwata 



1 Introduction 

The ability of SiC to crystallize in many different polytypes still remains a 
mystery. The distance over which an often complicated stacking order repeats 
ranges from around 10 A in 4i?-SiC to several hundred A in the largest 
polytypes. The mechanism behind such a long-range correlation is difficult 
to imagine, and intuitively deviations from perfect stacking order, i.e., the 
occurrence of stacking faults (SF), should be quite common. 

SFs can appear not only during crystal growth at high temperatures, but 
also in the crystalline material at lower temperatures. In this case, partial 
dislocations are set into motion to relieve stress, leaving a faulted area (SF 
ribbon) between the leading and trailing partials. The width of this SF ribbon 
depends on the SF energy, i.e., the energy per unit area required to create 
a SF, with small SF energies leading to wide SF ribbons. In SiC, one often 
observes quite broad SF ribbons, which is thus consistent with the observed 
small SF energies. 

At temperatures as low as room temperature, a very large resolved stress, 
of the order GPa and more, is usually required to cause partial dislocation 
motion in SiC. In other words, stress alone is generally too low to cause SF 
expansion in SiC at room temperature, and if SFs are to expand at such 
temperatures some other mechanism is required. 

It was recently discovered [1] that pin diodes manufactured from 4iJ-SiC 
gradually degraded in the sense that the voltage drop across the diode, for a 
constant current, gradually increased with the time of operation. The increase 
in voltage drop, compared to its ideal value (around 3.4 V at a current density 
of 100 A/cm^) was typically in the range from several mV to several tenths of 
a volt, even up to more than 1 V in some cases. It was also realized [1, 2] that 
this electrical degradation was associated with the expansion of SFs across 
the active regions of the device, despite the low temperatures. Although the 
physical mechanisms for SF expansion at low temperatures have not been 
investigated in detail in connection with diode degradation, the most likely 
cause is electron-hole recombination enhanced dislocation motion [3]-[5]. 

Thus, SFs may appear in many different situations. The work described 
in this chapter started in order to bridge a logical gap: even if SFs appear 
in connection with diode degradation, do they really cause degradation? If 
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not, getting rid of SFs need not solve the problem. If they do cause degra- 
dation, how does it work? This chapter is a review of the work leading to a 
rather complete understanding of the basic physics involved in SF-induced 
diode degradation. It is based on several articles [6]-[12] whose aim was not 
only to understand the degradation problem, but later also to increase our 
understanding of SFs and cubic inclusions in SiC poly types in general. 



2 Structural Models 

2.1 The Stacking Patterns Around Stacking Faults 

in the Most Common SiC Polytypes, and Their Specification 

In this chapter we will consider SFs that are introduced by partial dislocation 
glide in the basal (0001) plane, which is orthogonal to the hexagonal c-axis. 
In 3C-SiC, this plane corresponds to the (lll)-plane. If a denotes the lat- 
tice constant in the basal plane, a complete dislocation with Burgers vector 
(a/3) (2110) can dissociate into two partial dislocations: 

(a/3)(2TT0) ^ (a/3)(lT00) -k (a/3)(10T0) . (1) 

Each partial corresponds to a slip of the upper part of the crystal relative 
to the lower part by a non-primitive translation vector. After the passage of 
the leading partial, a SF has been created between the two partials (the SF 
ribbon). 

As will be seen below, there generally exist many different types of in- 
trinsic SFs in each polytype. To facilitate the discussion of SFs we need a 
notation system that uniquely specifies each one of them, and which at the 
same time can help visualize and interpret the local stacking order. No such 
system seems to exist. Therefore, this section is largely devoted to the in- 
troduction and description of a convenient system of notation. We will also 
analyse the number of different intrinsic SFs possible in each polytype. 

When discussing stacking orders in SiC polytypes it has become custom- 
ary to use the classical ABC-notation. In connection with SFs and polytype 
inclusions we find it much more convenient to use the Hagg notation and 
the related Zhdanov notation. It may even be that the inconvenient notation 
system used so far has contributed to the confusion and erroneous state- 
ments regarding the number of inequivalent SFs that are possible in different 
polytypes. In the Hagg notation, the stacking orders AB, BC and CA are all 
denoted + (to the ‘right’, cf. Fig. 1), and the reverse stacking orders BA, AC, 
CB are all denoted — (to the ‘left’). The crystal structures for 3C-, 2H-, AH-, 
6H-, and 15i?-SiC are then represented by a repetition of (-k -k -k), (H — ), 

(-k-l ), (++H ), and (-k-k-| )(++H )(++”! ) = (++”l )3> 

respectively. The Zhdanov notation is a further simplification of this nota- 
tion, and consists of a sequence of integers in which the first integer denotes 
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Fig. 1. (left) Stacking sequences as viewed from the [1120]-direction in three unit 
cells of perfect 6-ff-SiC ((33)3) and different kinds of SFs expressed in the Hagg 
notation (and arranged in columns). The rectangles show different choices of unit 
cells, and below each column the stacking sequence within each unit cell is expressed 
in the Zhdanov notation. SFs which are equivalent by symmetry are indicated 
by connecting lines at the bottom. The horizontal solid lines inside each unit cell 
indicate the location of the SF plane. To the left is the Hagg sequence for perfect 
6/f-SiC translated into the conventional ABC-notation (solid circles). Open circles 
indicate the positions of bi-layers coming from neighbouring cells 



the number of consecutive plus signs, the second the number of consecutive 
minus signs, the third the number of consecutive plus signs again, etc. Thus, 
the five polytypes can be denoted (3), (11), (22), (33), and (32)a. As a fur- 
ther extension of this notation, we will write for instance (33)* to denote a 
sequence ( h -I-+) starting with a minus sign. Note that a starred se- 

quence corresponds to rotating the crystal 180° around the hexagonal c-axis, 
i.e., watching the crystal from ‘the other side’. Furthermore, we shall use the 
term hexagonal turn to denote a change of sign in the Hagg sequence. 

In Fig. 1 we analyse the different SFs that can appear in QH-SiC us- 
ing this notation. The important point to note is that a moving par- 
tial dislocation changes a plus (minus) sign immediately above the glide 
plane into a minus (plus) sign, leaving all the other signs in the Hagg se- 
quence unaltered. We start by letting a partial pass at a hexagonal turn 

...(-I- + H )l(+ + ”l )••• ™ perfect (33), where | denotes the slip 

plane, resulting in . . . (-|- -|- -I )|( — h H ) .... In the faulted unit 

cell this is denoted (123)*, or, to be more specific, . . .(33)(123)*(33) — By 
choosing another and perfectly equivalent unit cell (see Fig. 1), we can re- 
gard this as . . .(33)*(42)*(33)*. . . since infinite sequences of (33) and (33)* 
both represent 6iJ-SiC. We can thus, instead of SF(123)*, use the notation 
SF(42)* to identify this SF, keeping in mind that (42)* refers to the starred 
environment (33)* in the sense just indicated. There are five more possible 
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glide planes within a unit cell of 6i7-SiC. With the choice of unit cells indi- 
cated in Fig. 1, we thus get at most six different SFs in 6iJ-SiC, which we can 
denote SF(42)*, SF(3111)*, SF(24), SF(42), SF(3111), and SF(24)* with the 
convention that a starred SF refers to a starred environment, e.g., SF(3111)* 
corresponds to . . .(33)*(3111)*(33)* 

We will now see that the symmetry of the crystal reduces the number 
of nonequivalent SFs in 6i?-SiC to three. Take, for instance, the stacking 
sequence for SF(42)*. Making a 180° rotation around the hexagonal c-axis 
corresponds to interchanging plus- and minus signs. Apart from a translation 
by c/2, which is of no consequence in an infinite crystal, the resulting stacking 
sequence is the same as that for SF(42). Thus, SF(42)* is just SF(42) seen 
by an observer on ‘the other side’ of the crystal. Since the two observers are 
watching the same piece of material, we conclude that SF(42)* and SF(42) are 
equivalent. The same argument applies to SF(3111)* compared to SF(3111), 
and to SF(24)* compared to SF(24). Thus, there can at most be three dif- 
ferent inequivalent types of SFs in 6iJ-SiC: SF(42), SF(24) and SF(3111). 
Furthermore, there are no symmetry operations in the space group (C|^) of 
6if-SiC which transform one of these SFs into another. We then conclude 
that there are exactly three types of inequivalent SFs in 6H-SiC. Using the 
same kind of arguments we find two different types of SFs in 4Ff-SiC, which 
we denote SF(31) and SF(13), and, of course, only one type of SF in 3C-SiC, 
denoted SF(lll). 

Note that the sum of the integers in the parenthesis specifying a SF in 
each case equals the integer in the Ramsdell notation specifying the polytype 
of the host material containing the SF, so there is no need to specify the host 
polytype explicitly. Furthermore, we note that the number of different SFs in 
each polytype coincides with the number of different energy levels associated 
with a given defect state. For instance, it is well known that substitutional 
N in SiC gives rise to one, two and three different donor levels in 3C-, 4H- 
and 6iJ-SiC, respectively, corresponding to the different planes in which the 
N atom can be present. 

There is one more important comment to make about the notation system 
used here. As specified so far, our SF notation is not unique. This is because 
SF(31) and SF(13), and similarly SF(42) and SF(24), are related through an 
interchange of Si and C atoms. For instance, interchanging Si and C atoms 
in SF(31) transforms it into SF(13). To make the notation unique we have to 
specify the relative positions of the Si and C atoms. We use the convention 
that each bi-layer consists of a C atom on top of a Si atom, i.e., a vector from 
a Si atom to its partner C atom in each bi-layer is in the positive c-direction. 

Figure 2 shows a unit cell and the different SFs in 15i?-SiC. This polytype 
is represented by an infinite sequence of (32)3, or by (23)*3. Clearly there can 
be no basic difference between SFs in different subcells (32) (which are actu- 
ally rhombohedral unit cells), so there are no more than five different types 
of SFs in 15i?-SiC. Above or below each stacking sequence in Fig. 2 we show 
the full Zhdanov sequence within a (hexagonal) unit cell. To simplify this 
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0 - 

+ 
+ 
+ 



(32111232) (324132) 

(1112) (41) 



(32)3 (332232) 
A B C A B (23)3 (32)* 



+ + + 

+ + + 

+ + + 

(322332) (323142) 

(23) (14)* 



Fig. 2. (right) Stacking sequences as viewed from the [1120]-direction in one hexag- 
onal unit cell of perfect 15i?-SiC ((32)a) and different kinds of SFs expressed in the 
Hagg notation (and arranged in columns). The rectangles show different choices of 
subcells (rhombohedral unit cells). Above or below each column, the stacking se- 
quence is expressed in the Zhdanov notation, both inside a hexagonal unit cell and 
inside a subcell. The horizontal solid lines inside each cell indicate the location of 
the SF plane. To the left is the Hagg sequence for perfect 157?-SiC translated into 
the conventional ABC-notation (solid circles). Open circles indicate the positions 
of bi-layers coming from neighbouring cells 



notation we can specify the stacking sequences only inside the rhombohedral 
unit cells indicated in the figure. In this simplification, SFs marked with a 
star, like SF(32)*, are to be thought of as representing . . .(23)*(32)*(23)*. . ., 
i.e., in a starred environment, while SFs with no star, like SF(41), repre- 
sents . . .(32)(41)(32). . ., i.e., in an unstarred environment. Note that in the 
starred environment, the Zhdanov integers change places compared to the 
unstarred counterpart, or, more generally in larger polytypes, are obtained 
after one cyclic permutation. With this convention we can specify the SFs as 
SF(41), SF(14)*, SF(23), SF(32)* and SF(1112). Of these SF(41) and SF(14)* 
are expected to have similar properties since both contain a 4-step leg be- 
tween hexagonal turns. Similarly for SF(23) and SF(32)*, which both contain 
neighbouring pairs of 2- and 3-step legs, while SF(1112) locally shows a more 
2if-like (zig-zag) stacking sequence. Since, unlike the hexagonal polytypes, 
15i?-SiC does not have a 180° symmetry rotation around the c-axis (hexag- 
onal or triclinic), SFs like SF(23) and SF(32)* are not related by spatial 
symmetry. They do, however, transform into one another under an inter- 
change of Si and C atoms, as do also SF(41) and SF(14)*, so again we use 
the same convention as earlier regarding the relative positions of the Si and 
C atoms to make the notation unique. Note also that if 15i?-SiC is regarded 
as ( 23)3 instead of (32)a as assumed here, the starred SFs become unstarred 
and vice versa. 

The layer sequences for the various SFs in 3C-, 4H-, and 6i/-SiC are 
illustrated later in connection with the SF wave functions (see Figs. 8-13). 
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2.2 The Geometrical Structure of Cubic Polytype Inclusions 
in AH- and 6i?-SiC 

Stacking faults in neighbouring (0001) planes can give rise to SC-like cubic 
inclusions, i.e., layers having a straight 3C-like stacking sequence. This is 
illustrated for 4iJ-SiC in Fig. 3. Starting from 1SF(31) and aiming in each 
step to maximize the length of the 3C-like (straight) stacking sequence, one 
can obtain the inclusions 2SF(62), 3SF(71) and 4SF(10,2), where the integer 
in front of ‘SF’ denotes the number of SFs used to produce the inclusion. Note 
the relatively large increase in the length of the 3C-like (cubic) sequence when 
going from an odd to an even number of SFs. In 6i7-SiC, the corresponding 
cubic inclusions are 1SF(42), 2SF(51), 3SF(93), and 4SF(10,2). In this case 
the relatively large increase in the width of the inclusion is in every third 
step. 

In Fig. 3 we chose to insert additional SFs only along the positive c- 
direction (‘up’). There are, of course, other choices that can be made and 
which can take place in nature. For a more systematic study of these possi- 
bilities, see [10]. The 3C'-like inclusions corresponding to those in Fig. 3 are 
illustrated more clearly in Fig. 4. 
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(22)5 1SFX3I) 2SF(62) 3SF(71) 4SF(II4I 

Fig. 3. {left) Stacking sequences as viewed from the [1120]-direction in five unit 
cells of perfect 4J7-SiC ((22)s) and different kinds of cubic inclusions expressed in 
the Hagg notation (and arranged in columns). Below each column the stacking se- 
quence within the cell indicated by a rectangle is expressed in the Zhdanov notation. 
Horizontal solid lines indicate the locations of SFs 
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Fig. 4. {right) Atomic models of stacking sequences as viewed from the [1120]- 
direction for some cubic inclusions in 4J/-SiC. The horizontal lines denote different 
slip planes, and solid (open) circles represent C (Si) atoms 



3 Isolated SFs in 3C-, 4H-, 6H- and 15i?-SiC 

The computational method we have used is a state-of-the-art local density 
method, applied to a supercell geometry with typically 96 or 120 atoms per 
supercell depending on the polytype and property being investigated. For 
more details about the method we refer to [12] and references therein. 

3.1 Tools for Characterization and Analysis of Wave Functions 

The basic output from the calculations are total energies, band structure 
energies and wave functions. To simplify the inspection of the wave functions, 
we will not plot the wave functions themselves, but rather the projected 
probability distribution 

fa{z) = J J \<I'a{x,y,z)\‘^ dxdy , (2) 

where d'a is the wave function for a state a which corresponds to a certain 
band with index n and wave vector fc in the Brillouin zone. For each value of 
z along the crystal c-direction, the integration is performed in a basal plane 
within the supercell. The projected probability distribution fa{z) is simply 
the probability to find an electron occupying the given state a at a certain 
distance z away from the SF plane. 
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As a simple measure of the degree of wave function localization in the 
direction perpendicular to the SF plane we use the localization parameter 
Wa, defined as the distance within which the truncated normalization integral 

Ia{z) = J fa{z')dz' (3) 

increases from 10% to 90%. In (3) the integration starts at the bottom of the 
supercell. 

3.2 Band Structures 

We will start by considering SFs in 4iJ-SiC. In Figs. 5a-c are shown the 96- 
atom supercell Kohn-Sham band structures along the closed path F-M-K-F 
in the Brillouin zone for the perfect crystal and for crystals containing SF(31) 
and SF(13). The most striking feature in the fundamental band gap region is 
the appearance of a split-off band about 0.22 eV (0.18 eV) below the bottom 
of conduction band at M for SF(31) (SF(13)). On the other hand, the top 
of the valence band shows no similar features. We also note similar split-off 
bands in local band gaps in the Brillouin zone. Similar results were obtained 
by Miao et al. [13] for one of the SFs in 4iJ-SiC. 




r M K r 



Fig. 5. Kohn-Sham band structure for 96 atom supercells for (a) perfect 44/-S1C, 
(b) with SF(31) and (c) with SF(13). The arrows point at the split-off bands below 
the conduction band caused by the SF 






TMK rrMK r 

Fig. 7. Kohn-Sham band structure for 96 atom supercells for (a) perfect 6//-S1C, 
(b) with SF(42), (c) with SF(24), and (d) with SF(3111). The arrows point at the 
split-off band caused by the SF 
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Fig. 6. Kohn-Sham band structure for 96 atom supercells for (a) perfect SC-SiC 
and (b) with SF(lll) 

In contrast to the situation for 4i7-SiC, no clearly split-off bands in the 
vicinity of the fundamental band gap for SF(lll) in 3C-SiC can be seen 
(Fig. 6). However, around the K-point, which is the point where 2FT-SiC has 
its conduction band minimum, there are clear signs of band split-off. This is 
probably related to the fact that SF(lll) introduces two hexagonal turns in 
neighbouring planes, i.e., SF(lll) introduces locally a 2i7-like zig-zag pattern 
in the stacking sequence. 
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In 6iJ-SiC (Fig. 7) the situation seems to be a mixture of that for 4i7- 
and for 3C-SiC. SF(42) and SF(24) both give rise to clearly split-off states in 
the fundamental band gap at M, 0.19 eV and 0.17 eV below the conduction 
band minimum, respectively, whereas for SF(3111) there are no clearly split- 
off bands in the vicinity of the fundamental band gap. Just like SF(lll), 
however, SF(3111) causes a band split-off at the bottom of the conduction 
band around K. This is again consistent with the 2i7-like zig-zag pattern 
associated with SF(3111). No clear split-off occurs around the valence band 
maximum. 

The band structures for the five different SFs in 15i?-SiC are qualitatively 
very-similar to those already shown for the other polytypes, and will there- 
fore only be summarized here. There are clearly split-off bands 0.16 eV and 
0.11 eV below the conduction band minimum at M for SF(41) and SF(14)*, 
respectively, but not for the other SFs. As expected, SF(1112) causes a clear 
split-off at the lowest conduction band at K, but not at M. Finally, for SF(23) 
and SF(32)*, no clearly split-off states in the band gap appear. 

The energies of the split-off states below the conduction band minimum 
at M for all the polytypes are summarized in Table 1, together with other 
information and characteristic features that will be discussed below. 



Table 1. Electronic structure data for different SFs in four different polytypes. Eb 
is the energy of the split-off band minimum below the conduction band minimum, 
with ~0 indicating cases where no clearly split-off states are seen, wb, wc, and wv 
are the localization parameters for the minimum of the split-off band, for the weakly 
localized near-band-edge state just below the bottom of the extended state at the 
conduction band minimum, and for the weakly localized near-band-edge state just 
above the top of the extended state at the valence band maximum, respectively. 
Eqw and wqw are the energy and wave function localization parameters obtained 
using the simple QW model as described in the main text 



Polytype 


Type of SF 


Eb [eV] 


Wb [A] 


wc/wv [A] 


Eqw [eV] 


WQW [A] 


3C 


SF(lll) 


~0 




30/18 






4H 


SF(31) 


-0.22 


7.2 


-/- 


-0.24 


6.1 




SF(13) 


-0.18 


8.6 


-/28 


-0.24 


6.1 


6H 


SF(42) 


-0.19 


8.0 


-/- 


-0.22 


6.5 




SF(3111) 


~0 




15/15 








SF(24) 


-0.17 


9.5 


-/28 


-0.22 


6.5 


15R 


SF(32)* 


~0 




-/- 








SF(1112) 


~0 




23/18 








SF(23) 


~0 




-/35 








SF(41) 


-0.16 


8.3 


-/- 


-0.22 


6.5 




SF(14)* 


-0.11 


9.8 


-/28 


-0.22 


6.5 
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From these results the following rules seem to emerge: (1) Clearly split- 
off band states below the overall bottom of the conduction band (at M) are 
created if and only if the length of the longest cubic ‘leg’ in the stacking 
sequence has increased. (2) No clear split-off takes place at the top of the 
valence band in any case. (3) Clear conduction band split-off at K occurs if 
the number of hexagonal turns in the local stacking sequence has increased. 



3.3 Strong and Weak Wave Ibmction Localization 

In order to reveal more about the electronic structure of the SFs, we shall 
now study the wave functions for various states. Again we will start with 
4ff-SiC and show in Fig. 8 fa{z) for the bottom of the conduction band, 
for the split-off band below the bottom of the conduction band at M, and 
for the top of the valence band in the case SF(31). The wave function for 
the split-off band (Fig. 8b) exhibits very strong localization around the SF 
plane with localization w = 7.2 A, whereas the wave functions for both the 
top of the valence band and the bottom of the conduction band are still 





Position along c*axis [in units of supercell size] 



Fig. 8. The projected probability distribution (2) {left-hand scale, solid line) and 
the truncated normalization integral (3) {right-hand scale, dashed line), within a 
96 atom supercell, for (a) the bottom of the conduction band, (b) the split-off 
band at M and (c) the top of the valence band in 47/-SiC containing SF(31). Also 
shown are the stacking sequence and the degree of localization {w) for localized 
states 
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Fig. 9. Same as Fig. 8b, c but for SF(13) 



delocalized, band-like states extending throughout the supercell along the 
c-direction. (This is, of course, the reason why we identify the latter states 
as valence band and conduction band states, respectively.) Thus, without 
the occurrence of broken or strongly distorted bonds, which usually result in 
gap states and wave function localization in connection with intrinsic defects 
and surfaces, a SF in 4H-SiC also leads to a localized SF band in which the 
electron has a strongly enhanced probability to be in the immediate vicinity of 
the SF plane. Of course, in contrast to the case of localized point defect states, 
this is only a one-dimensional localization, since an electron in the bound SF 
state is free to move along the SF plane with an effective mass corresponding 
to the inverse of the curvature of the split-off band in Fig. 5b (see Sect. 3.7). 
It is important to note that the wave function is to a large extent localized 
within the elongated cubic ‘leg’ associated with the SF. In the next section 
we will discuss this one-dimensional localization in more detail. 

The projected probability distributions for SF(13) are shown in Fig. 9. 
For the conduction band minimum at M, fa(z) looks almost identical to that 





Position aiong c-axis [in units of supercel size] Position along c-axis [In wins of supercell size] 

Fig. 10. The projected probability distribution (left-hand scale) and the truncated 
normalization integral (right-hand seale), within a 96 atom supercell, for (a) the 
bottom of the conduction band and (b) the top of the valence band in 3C-S1C with 
a SF 
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for SF(31) and is therefore not shown again. The localized SF state 0.18 eV 
below the conduction band minimum (Eq) also has a projected probability 
distribution which is very similar to that for SF(31), whereas it looks dif- 
ferent for the highest valence state. In fact, the probability distribution in 
Fig. 9b has the appearance of a localized state (in one dimension), essentially 
localized around the SF, but with a localization ic « 28 A, which is much 
larger than for the bound SF state at {Eq — 0.18) eV for which w « 8.6 A 
(see Table 1). Furthermore, this highest energy valence state lies very close in 
energy (typically a few meV) to other (extended) valence band states, with 
no clear signs of split-off. We refer to the type of localization seen in this 
state as weak localization. 

In 3C-SiC the projected probability distributions for the lowest conduc- 
tion state and highest valence state for SF(lll) are shown in Fig. 10. Even 
though they are very close in energy to the delocalized band states in their re- 
spective bands, they are surprisingly localized, in particular the valence state 
with localization w « 18 A. We also observe that they have most of their wave 
functions in the 3C host region outside the thin 2iJ-like stacking sequence, 
and, which is perhaps more mysterious, with amplitudes almost exclusively 




Position aiong c-axis [in units of supercoll si2s] 




Position aiong c*axis [in units of supercell size] 




Fig. 11. The projected probability distribution (left-hand scale) and the truncated 
normalization integral (right-hand seale), within a 96 atom supercell, for (a) the 
bottom of the conduction band, (b) the split-off band at M and (c) the top of the 
valence band in 61!f-SiC containing SF(42) 
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Fig. 12. Same as Fig. llb,c but for SF(24) 

on different sides of the SF. We refer to the latter feature as (conduction and 
valence band) wave function segregation. 

For the three different SFs SF(42), SF(24) and SF(3111) in 6iJ-SiC, fa{z) 
for the bottom of the conduction band, for the split-off band at M below the 
bottom of the conduction band, and for the uppermost valence state are 
shown in Figs. 11-13. Similar to SF(31) and SF(13) in 4iJ-SiC, the projected 
probability distributions for the states at the bottom of the conduction band 
at M in 6i?-SiC look almost the same for the cases SF(42) and SF(24). Like 
for the band structures, the wave functions for the SFs in 6iL-SiC show char- 
acteristics which are a mixture of those in 4iJ- and 3C-SiC. We find band 
states with strong localization for SF(42) and SF(24) (like for SF(31) and 
SF(13)), with weak localization at the valence band edge for SF(24) (like for 
SF(13)), and with wave function segregation of the conduction and valence 
band edges for SF(3111) (like for SF(lll)). In 15i?-SiC the projected proba- 
bility distributions are qualitatively very similar to those already shown for 




.4/s -2/8 0 2« -4/8 -2/B 0 2/S 4/8 

Position along c-axis [in units of supercell size] Position along c-axis (in units of supercell size] 



Fig. 13. The projected probability distribution (left-hand scale) and the truncated 
normalization integral (right-hand seale), within a 96 atom supercell, for (a) the 
bottom of the conduction band (b) the top of the valence band in 6H-SiC containing 
SF(3111) 
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the other polytypes and we will therefore only summarize the results: SF(41) 
is similar to SF(42) and SF(31) but with split-off band localization 8.3 A, 
SF(14)* is similar to SF(24) and SF(13) but with split-off band localization 
9.8 A, SF(1112) is similar to SF(3111) and SF(lll) but with segregated con- 
duction and valence band edge localizations 23 A and 18 A, respectively, 
SF(23) is similar to SF(24) and SF(13) at the valence band edge but with a 
localization 35 A, and SF(32)* is similar to SF(42) and SF(31) in the sense 
that none of these give rise to band edge localization. 

All these results concerning wave function localization are also summa- 
rized in Table 1. From these results the following pattern emerges: (1) The 
clearly split-off states below the overall bottom of the conduction band (at 
M) are strongly localized (with localization less than 10 A) and bound in the 
direction perpendicular to the SF plane. (2) Weak localization of bound near 
valence band edge states can take place. (3) Weak localization near the con- 
duction band edge takes place only in the form of wave function segregation 
(of conduction and valence band edge states), and occurs if and only if the 
SF corresponds to an increase in the number of local hexagonal turns. 

3.4 Strong Wave Ibinction Localization 
and Quantum Confinement 

The question arises what is causing the strong localization of the clearly split- 
off states. It is well understood that heavily deformed, broken or chemically 
perturbed bonds around point defects (regarded as a zero-dimensional defect) 
can give rise to gap states and three-dimensional localization of the wave func- 
tion. Two-dimensional localization around dislocations (a one-dimensional 
defect) and one-dimensional localization in the vicinity of surfaces (regarded 
as a two-dimensional defect) can also be understood in terms of deformed 
or broken bonds, but requires interaction between individual atomic sites 
along the dislocation line or surface to account for the lower dimension of 
the localization. In the case of SFs, however, strongly perturbed bonds are 
not involved in an obvious way like for a surface, since the crystal retains its 
perfect structure (apart from a very small relaxation of the lattice which is 
irrelevant for this discussion) on either side of the SF plane. 

We noted earlier that the strongly localized wave functions associated 
with a SF have most of their amplitude in the region where the cubic stack- 
ing sequence is elongated relative to the perfect crystal. It has been found 
[14, 15] that for a 3C/4iJ-SiC interface, for instance, the conduction band 
offset is around I eV, with the conduction band for 3C'-SiC being below that 
for 4if-SiC, whereas the corresponding valence band offset is much smaller. 
Therefore, if there are elongated 3C'-like regions in a faulted 4if-SiC crys- 
tal, one could argue that the conduction band electrons tend to be attracted 
to such a region with a locally lower conduction band. Since 3C-SiC is the 
polytype with the smallest band gap, and the valence band offset between 
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Table 2. Valence and conduction band offsets, AEv{nH/3C) = Ev{nH)-Ey{3C) 
and AEc{nH /3C) = Ec{nH)-Ec{3C), respectively, for interfaces between three 
different hexagonal SiC polytypes (n = 2, 4, and 6) and 3C-SiC, and between 15-R- 
and 3C-SiC. The valence band offsets have been determined from the calculated 
value AEy{2H /3C) = 0.13 eV [14, 15, 18] and assuming that they are proportional 
to the degree of hexagonality, as suggested in [18]. The conduction band offsets 
are obtained using the values Eq{3C) = 2.4 eV, Ea{2H) — 3.3 eV, Eq{AH) = 
3.2 eV, and Eq{6H) « .E'g(15R) = 3.0 eV. By taking appropriate differences, the 
band edge offsets between the hexagonal polytypes can be estimated, neglecting 
interface-dependent charge rearrangement effects 





2HI3C 


m/3C 


6H/3C 


15R/3C 


AEy (eV) 


0.13 


0.07 


0.04 


0.05 


AEc (eV) 


1.03 


0.87 


0.64 


0.65 



3C-SiC and other polytypes seems to be small, 3C-like regions in all poly- 
types should give rise to locally lower conduction bands. We have therefore 
suggested [6, 7] that one could regard the SF as giving rise to a thin electron- 
attractive quantum- well (QW), and that the one- dimensional loealization ean 
be understood as a QW eonfinement effeet. This can be considered as a lim- 
iting case of two or more SFs in neighbouring glide planes, leading to 3C'-like 
inclusions (to be discussed in more detail in Sect. 4), in which case an inter- 
pretation in terms of QWs is more obvious and straightforward. 

We can check whether this interpretation in terms of a thin QW is realistic 
and possibly lend further support to it by estimating the binding energy and 
wave function localization using a simple one-dimensional theory for quantum 
square wells [12, 16]. Since the lattice constant c for 4iJ-SiC, for instance, 
is close to 10 A, it is reasonable to assume a QW width of 5 A for both 
SF(31) and SF(13). Assuming a QW depth of 0.87 eV (i.e., the conduction 
band offset AEc{AH jiC) from Table 2), and the effective mass 0.3 (in units 
of the free electron mass), which is the effective mass for 3C-SiC in the 
[lll]-direction calculated from the effective mass components in [17], the 
QW model results in one bound state with binding energy 0.24 eV and wave 
(envelope) function localization w = 6.1 A. In the cases of SF(42) and SF(24) 
in 6i7-SiC, we have used a QW depth of 0.64 eV (Table 2) and a QW width of 
7.0 A, resulting in one bound state with energy 0.22 eV below the conduction 
band minimum, with localization w ~ 6.5 A. These results are reproduced in 
Table 1 for comparison with the results from the supercell calculations. The 
close agreement suggests that the QW interpretation is indeed realistic, and 
supports the idea that the one-dimensional localization can be understood as 
a QW confinement effect. 

A similar estimate for SF(41) and SF(14)* in 15.R-SiC using the estimated 
conduction band offset in Table 2 and a QW width 7.0 A (the same as for 
SF(42) and SF(24)) gives a binding energy which is in less good agreement 
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with the supercell results (see Table 1), but we still feel that the conclusion 
about a QW confinement effect is basically correct. Of course, the simple 
square shape of the QW potential used here to interpret the numerical results 
is chosen only because of its analytical simplicity. It has been shown both in 
[15] and [18] that a 2H jiC interface induces a dipole moment in the vicinity 
of the interface. We therefore also expect a dipole moment at a AH/iC, 
6H /3C or 15i?/3C interface, since the dipole moment in principle originates 
from the hexagonal or rhombohedral symmetry. The electric field associated 
with such a dipole moment can change the electrostatic potential, leading 
to a potential shape that is different from a simple square well. But even 
though this model is simple and crude, both with respect to the shape, the 
width and the depth of the QW, we think the arguments above do indeed 
suggest that SF(31) and SF(13) in 4iJ-SiC, SF(42) and SF(24) in 6iJ-SiC, 
and SF(41) and SF(14)* in 15i?-SiC, are each associated with a QW of some 
shape, and that a QW model offers a helpful and reasonable description of 
the SF results. 

3.5 Cases Where the SF Acts as a Quantum Barrier 

We have seen earlier that SF(lll), SF(3111) and SF(1112) are similar in the 
sense that none of them gives rise to clearly split-off states with strong lo- 
calization. A glance at the stacking sequences leads to the impression that, 
just like SF(31), SF(13), SF(42), SF(24), SF(41), and SF(14)* lead to local 
3C-like structures, SF(lll), SF(3111) and SF(1112) locally resemble 2iJ-like 
regions. 21?-SiC is the polytype with the largest band gap, and from Ta- 
ble 2 we infer that, in analogy with 3C-like QWs, these thin 2i7-like regions 
should act as quantum barriers, explaining the absence of bound band states 
in the fundamental band gap below the conduction band. A partial justifi- 
cation of this interpretation is offered by the result that SF(lll), SF(3111) 
and SF(1112) all give rise to a clearly split-off band below the bottom of 
the conduction band at K, which is where 2iJ-SiC has its conduction band 
minimum, hence lowering the local conduction band minimum at K relative 
to that at M. 

3.6 Weak Localization 

Unfortunately space does not permit a discussion of the mechanisms behind 
the weak localization and the (conduction and valence band) wave function 
segregation observed among Figs. 8-13 and Table 1. This issue was discussed 
in [12], where it was found that the underlying cause is the pyroelectric na- 
ture of the non-cubic polytypes, i.e., the existence of electric dipole moments 
(spontaneous polarization) associated with the hexagonal turns and an ac- 
companying depolarization field. Briefly, for the polytypes considered here, 
a SF can either displace a hexagonal turn in the positive c-direction (as in 
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e.g. SF(31)), in the negative c-direction (e.g. SF(13)), or add hexagonal turns 
(e.g. SF(3111)). This creates a local attractive potential perturbation, a local 
repulsive perturbation, and a perturbation which is attractive on one side 
of the SF and repulsive on the other, respectively. It is the effects of these 
perturbations which show up as weak localization and wave function segrega- 
tion in the band edge wave functions. This feature also explains the different 
energies for the clearly split-off bands for different types of SFs in a given 
polytype [12]. 

3.7 In-Plane Effective Masses for the Split-Off Bands 
and Modified Conduction Band Edges 

We have seen that the electrons occupying the clearly split-off states are 
bound in the [0001] direction, but still free to move in the (0001) plane, i.e., 
along the planar QW. To get some insight into the dynamical properties of 
such electrons moving along the planar QW we have calculated (Table 3) 
their effective mass components for the in-plane motion. For comparison, we 
also show the planar effective mass components for the lowest (extended) 
conduction band in both the perfect and faulted crystals. From Table 3 we 
conclude that: 

1. The effective masses in the lowest (extended) conduction band are essen- 
tially unaffected by the SF. 

2. The effective mass components in the MK-direction in the Brillouin zone 
for an electron in the strongly localized, quantum confined band states 
are essentially the same as in 3C-SiC. 



Table 3. Effective mass components (in units of the free electron mass) around 
the M-point along the two Brillouin zone directions M-E and M-K for the strongly 
localized split-off band (SOB) and for the extended states forming the conduction 
band minimum (CB). The masses for the partner SFs SF(13), SF(24) and SF(14)* 
in the polytypes AH, 6H and 157?, respectively, are the same as those shown within 
the numerical accuracy. For comparison, the in-plane effective mass components for 
perfect 3C-SiC are m-wir = 0.42 and tumk ~ 0.23 







AH 


6H 


157? 


Perfect 


SF(31) 


Perfect 


SF(42) 


Perfect 


SF(41) 


SOB 


M-F 




0.74 




0.65 




0.66 




M-K 




0.22 




0.22 




0.23 


CB 


M-F 


0.59 


0.60 


0.76 


0.76 


0.65 


0.67 




M-K 


0.29 


0.29 


0.26 


0.26 


0.23 


0.22 
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3. The effective masses for SF(31) and SF(13) in 4iJ-SiC are practically the 
same, and this is also true for SF(42) and SF(24) in 6iJ-SiC, and for 
SF(41) and SF(14)* in 15i?-SiC. 

4. The effective mass components rriMr in the MF-direction are clearly larger 
for the quantum confined states than in 3C-SiC. 

The components tomf for SF(31) and SF(13) are larger than for SF(42) and 
SF(24), whereas the latter are almost the same as for SF(41) and SF(14)*. 
We shall see later (Sect. 4.4) that this effective mass component decreases 
as the thickness of the 3C'-like inclusion increases, and the presently stated 
result may thus be related to the fact that SF(31) and SF(13) have shorter 
cubic ‘legs’ in the stacking sequence than have SF(42), SF(24), SF(41) and 
SF(14)*. 

3.8 Stacking Fault Energies 

From a practical point of view, one of the reasons for studying SFs in SiC is 
their small SF energies 7, defined as 7 = (E(faulted) — E(perfect))/7l, where 
A is the SF area, E(faulted) is the total energy of the faulted portion of the 
crystal with a SF and E(perfect) is the total energy of the same portion of the 
perfect crystal. For instance, the SF energy in 6i/-SiC is around 3 mJ/m^ and 
around 15 mJ/m^ in 4iJ-SiC [19, 20], compared to 280 mJ/m^ in diamond 
[21], 55 mJ/m^ in Si, and 45 mJ/m^ in GaAs (see [19] and references therein). 
In crystals where the SF energy is large, perfect dislocations tend not to 
split up into partial dislocations to any appreciable extent, since the effective 
pulling force acting on the trailing partial from the leading partial, given by 
7/6 where b is the length of the Burgers vector, is large. In SiC, however, 
where 7 is relatively small, the area between the leading and trailing partials 
(i.e., the area containing a SF and showing up as a SF ribbon) can become 
large without requiring too much energy, and thereby influence the properties 
of the crystal substantially. 

Direct calculations of the SF energy are computationally quite demanding. 
There is, however, a very elegant method for calculating SF energies, known 
as the ANNNI (axial next nearest neighbour Ising) model [19, 22, 23]. It 
requires only the total energy per primitive unit cell for a few (usually four) 
unfaulted polytypes to give the SF energy in any polytype. As with most 
models, however, it is very difficult to asses its accuracy. It is therefore of 
value to compare the predictions of the ANNNI model with those of a first- 
principles calculation. 

In Table 4 we show the SF energies calculated with the supercell method 
and with the ANNNI model. The supercell calculations were performed in 
two different ways, one in which all atoms were held in their ideal positions 
(without ISR, i.e., without intra-supercell relaxation) and the other with 
full relaxation of all atoms in the supercell (with ISR). The ANNNI model 
calculations were based on the following inter-layer interaction parameters 
(in eV): Ji = 1.9097, J 2 = -2.3059, J 3 = -0.3959 [7]. 
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Table 4. Theoretical and experimental SF energies 7 (in mj/m^) for four different 
SiC polytypes. ISR means ‘intra-supercell relaxation’ and is defined in the main 
text. Experimental values are from [19] 



Polytype 


Type of SF 


7 (without ISR) 


7 (with ISR) 


7 (ANNNI) 


7 (exp.) 


SO-SiC 


SF(lll) 


-1.71 


-2.70 


-6.27 


- 


474-SiC 


SF(31) 


17.7 


18.4 


18.3 


14.7T2.5 




SF(13) 


18.1 


18.7 


18.3 


14.7T2.5 


674-SiC 


SF(42) 


3.1 


1.35 


3.14 


2.9T0.6 




SF(3111) 


40.1 


38.4 


36.6 


- 




SF(24) 


3.35 


1.63 


3.14 


2.9T0.6 


15R-SiC 


SF(32)* 


0.03 


- 


0 


- 




SF(1112) 


38.7 


- 


38.7 


- 




SF(23) 


0.1 


- 


0 


- 




SF(41) 


20.8 


- 


21.4 


- 




SF(14)* 


20.7 


- 


21.4 


- 



We note the following characteristics: 

1 . The ANNNI model and the supercell calculations are in very good agree- 
ment for the non-cubic polytypes. 

2. The effects of intra-supercell relaxation are less than 2 mJ/m^. 

3. The agreement with experimental results is good in the few cases where 
such results are available. 

4. The ANNNI model can not distinguish between SFs related through an 
interchange of Si and C atoms, thus giving the same SF energies for 
SF(31) and SF(13), SF(42) and (24), and SF(41) and SF(14)*. 

5. The SF energies for the SFs increasing the number of hexagonal turns in 
6H- and 15i?-SiC are clearly higher than the SF energies for the other 
SFs belonging to the same polytype. Thus, unless there is a preference 
as to in which glide plane partial dislocations are nucleated, these types 
of SFs should be relatively rare if created after growth. 

6. The SF energy for the SF in 3C-SiC is negative, both in the supercell 
calculations and in the ANNNI model. The same result has been obtained 
by others [24]. 

The result in (6) may appear puzzling in view of the fact that 3(7-SiC is 
regarded as a stable polytype [25]. One must be aware, however, that the 
calculation of SF energies corresponds to two points on an energy vs. con- 
figuration diagram, with no information whatsoever about possible energy 
barriers the system must overcome to change configuration. 
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4 Thin Cubic Inclusions in 4i/- and GH-SiC 

With thin cubic inclusions in these polytypes we mean cases where one of 
the cubic ‘legs’ in the stacking sequence has increased by two or a few steps 
(bi-layers) compared to the perfect crystal. Here we will consider the cubic in- 
clusions 2SF(62), 3SF(71) and 4SF(10,2) in 477-SiC (cf. Fig. 4), and 2SF(51), 
3SF(93) and 4SF(10,2) in 6i7-SiC. The formation of thin cubic inclusions has 
been observed in highly doped n-type 4i7-SiC epilayers [26]-[30] and will be 
discussed further in Sect. 5.4. 

4.1 Band Structures 

In Fig. 14 we show how the band structure along the closed path F-M-K-F 
in the Brillouin zone changes as two, three, and four SFs in neighbouring 
planes are introduced, converting a part of the 4iJ-SiC crystal into a 3C'-like 
region. From Fig. 14 we see that as the cubic inclusion becomes broader, the 
split-off band moves further down in the band gap. For the broadest cubic 
inclusion considered here (4SF(10,2) in Fig. 14d) a second split-off band can 
be clearly seen, but is actually present also in the case of 3SF(71) (Fig. 14c). 




FMK rrMK r 



Fig. 14. Band structure of (a) perfect 4i7-SiC, (b) 477-SiC with 2SF(62), (c) 477- 
SiC with 3SF(71), and (d) 477-SiC with 4SF(10,2). The arrows point at the bands 
which have been split-off from the conduction bands into the band gap due to the 
narrow cubic inclusion 
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Table 5. The lowest (n = 1) and second lowest (n = 2) bound state energy _Eb 
inside various cubic inclusions in 4_ff- and 6H-SiC as obtained from the supercell 
calculations and from a simple rectangular QW model. The last column shows the 
width of the QW model potential, whose depth was assumed to be 0.87 eV and 
0.64 eV in 4H- and 67/-SiC, respectively, and with an effective mass equal to 0.3 
free electron masses 



Polytype 


Type of 
inclusion 


Eb (supercell) 
[eV] 


Fb(QW) 

[eV] 


Width 

[A] 


n — 1 


n = 2 


n = 1 


n = 2 




4i7-SiC 


2SF(62) 


-0.60 


- 


-0.58 


- 


12.5 




3SF(71) 


-0.71 


-0.11 


-0.63 


-0.08 


15.0 




4SF(10,2) 


-0.75 


-0.35 


-0.73 


-0.36 


22.5 


6i7-SiC 


2SF(51) 


-0.35 


- 


-0.32 


- 


10.0 




3SF(93) 


-0.49 


-0.06 


-0.49 


-0.12 


20.0 




4SF(10,2) 


-0.55 


-0.17 


-0.52 


-0.18 


22.5 



The numerical values of the energies of the split-off bands at the M-point are 
summarized in Table 5 both for 4H- and 6iJ-SiC, together with the results 
from the simple rectangular QW model [16]. 

In the QW model the depths of the QW potentials and the effective mass 
were assumed to be the same as in the case of isolated SFs. The agreement 
between the two methods is seen to be very good, even though the QW model 
in comparison with the ab initio supercell method is exceedingly simple. Here 
one can really talk about having done things the hard way! 

4.2 Strong Wave Function Localization 
and Quantum Confinement 

The conclusion that the split-off bands are 2-dimensional QW bands is even 
further strengthened by the close agreement between the split-off wave func- 
tions from the supercell calculations (see Figs. 15-17 for the cases 2SF(62), 
3SF(71) and 4SF(10,2) in 4i?-SiC) with those from the simple rectangular 
QW model [10]. In view of these results for thin cubic inclusions, where the 
intuitively quite obvious explanation concerning the split-off bands in terms 
of a planar QW is definitely quantitatively supported, one can regard the 
QW interpretation of the split-off bands in the case of isolated SFs as a lim- 
iting case of the same physical mechanisms, although this interpretation is 
no doubt much less obvious in the latter case. 
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Fig. 15. The projected probability distribution (2) {left-hand scale) and the trun- 
cated normalization integral (3) {right-hand scale) for the minimum of the split-off 
band in the case 2SF(62) in 41/-SiC. Also shown is a portion of the stacking se- 
quence 




Fig. 16. Same as Fig. 15 but for (a) the lowest (n = 1) and (b) second lowest 
(n = 2) split-off band for 3SF(71) in 4H-SiC 




Fig. 17. Same as Fig. 15 but for (a) the lowest (n = 1) and (b) second lowest 
(n = 2) split-off band for 4SF(10,2) in 4JT-SiC 



4.3 Occurrence of Weak Localization 
and Wave Function Asymmetry 

As in the case of isolated SFs, SF-induced changes in the spontaneous polar- 
ization lead to wave function segregation also in the case of cubic inclusions 
[10]. In the isolated SF case, wave function segregation can be related to the 
creation of additional hexagonal turns [12], whereas in the cubic inclusion 
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case, wave function segregation (which is of the opposite type) can be related 
to the annihilation of hexagonal turns. In [10] it was furthermore concluded 
that the clear asymmetry in the probability distribution for the strongly lo- 
calized states, in the sense that the QW wave functions inside the inclusion 
are displaced towards the upper part of the cubic stacking sequence (to the 
right in Figs. 15-17), is also related to this change in spontaneous polariza- 
tion, which causes a tilt of the QW potential with lower energy towards the 
right in Figs. 15-17 than towards the left. 

4.4 In-Plane Effective Masses in Cubic Inclusions 

The calculated effective masses of electrons inside cubic inclusions in 477- 
and 6i7-SiC for motion along the M-F and M-K directions in the Brillouin 
zone, are shown in Table 6. The most notable features are: 

1 . The mass component along M-F for the lowest subband decreases steadily 
as the width of the inclusion increases. 

2. For the widest inclusion studied here (with a width around 22.5 A for 
4SF(10,2)), the effective mass component for the lowest subband is still 
about 25% above its infinite-width value 0.42. 

3. The mass component along M-K is essentially independent of the width 
of the QW and very close to its value in 3C-SiC. 



Table 6. Effective masses (in units of the free electron mass) for motion parallel 
with the basal plane for electrons occupying the bottom of the lowest (n = 1) and 
second lowest (n = 2) sub-band at M inside some cubic inclusions, and for two 
isolated SFs. For comparison, the in-plane effective mass components for perfect 



are m-Mr = 


0.42 and ttimk 


= 0.23 








Polytype 


Type of 
inclusion 


n = 


1 


n 


= 2 


M-r 


M-K 


M-r 


M-K 


477-SiC 


1SF(31) 


0.74 


0.22 


- 


- 




2SF(62) 


0.60 


0.22 


- 


- 




3SF(71) 


0.60 


0.22 


0.59 


0.21 




4SF(10,2) 


0.56 


0.23 


0.65 


0.21 


677-SiC 


1SF(42) 


0.65 


0.22 


- 


- 




2SF(51) 


0.63 


0.22 


- 


- 




3SF(93) 


0.57 


0.23 


0.69 


0.22 




4SF(10,2) 


0.56 


0.23 


0.66 


0.21 
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4.5 Successive Stacking Fault Energies 
Around Cubic Inclusions 

With successive SF energies 7p we shall mean 7^ = {E{p) — E{p — l))/A, 
where A is the SF area, E(p) is the total energy of the faulted portion of 
the crystal with p SFs in neighbouring planes (pSF) and E(0) is the total 
energy of the same portion of the perfect crystal. Table 7 shows the successive 
SF energies jp, p = 2, 3 and 4, for cubic inclusions in 4iJ- and 6i7-SiC. For 
convenience we have also included 7i(4i7-SiC) and 7i(6i7-SiC) from Table 4. 
We observe that 

1. In 4iJ-SiC, 72 is almost a factor 4 smaller than 71 (using the values 
from the supercell calculation). Thus, barring too high energy barriers 
between the different configurations (i.e., too high Peierls barriers for 
partial dislocation motion), there should be a tendency for 1SF(31) (a 
single SF) to transform into 2SF(62) (a double SF). Similarly, if 3SF(71) 
is created, 4SF(10,2) could form with relative ease. 

2. In 6i7-SiC, the situation is reversed in the sense that 72 is almost a factor 
7 larger than 71. Thus, single SFs should dominate over double SFs in 
this polytype. 

3. The ANNNI model agrees well with the supercell calculations. 

In Sect. 5.4 we shall discuss items (1) and (2) in the light of experimental 
observations. 

The low value of 72 relative to 71 in 4i7-SiC can of course be regarded 
as a SF-SF interaction effect: it is seen from Fig. 4 that the second SF in 
2SF(62) is introduced in the plane adjacent to the SF plane in 1SF(31). 
The relation between 3SF(71) and 4SF(10,2) is similar. However, 3SF(71) is 
obtained from 2SF(62) by skipping two glide planes before the third SF is 
introduced. This reduces the SF-SF interaction, leading to a value of 73 which 
is rather close to 71. The same argument can be applied to 6i7-SiC. In this 



Table 7. SF energies 7 p (in mj/m^) for snccessive SFs in neighbouring basal planes 
leading to cubic inclusions in AH- and 677-SiC (without ISR) 



Polytype 


Transformation 


P 


7 p (supercell) 


7p (ANNNI) 


4H-SiC 


Perfect 




1SF(31) 


1 


17.7 


18.3 




1SF(31) 




2SF(62) 


2 


4.7 


3.1 




2SF(62) 




3SF(71) 


3 


20.3 


21.5 




3SF(71) 




4SF(10,2) 


4 


5.4 


3.1 


6H-SiC 


Perfect 




1SF(42) 


1 


3.1 


3.1 




1SF(42) 




2SF(51) 


2 


21.0 


21.4 




2SF(51) 




3SF(93) 


3 


6.4 


6.3 




3SF(93) 




4SF(10,2) 


4 


3.8 


3.1 
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polytype 4SF(10,2) is obtained from 3SF(93) by skipping three glide planes 
relative to the previously inserted SF plane. This reduced SF-SF interaction 
brings 74 close to 71. 



5 Experimental Observations Explained 
by the QW Action of SFs 

5.1 Anomalous Resistivity Anisotropy 
in n-Type AH- and 6ff-SiC 

By growing AH- and 6iJ-SiC crystals using different growth directions, Taka- 
hashi et al. [31] produced crystals containing a high density of SFs and mea- 
sured the resistivity in directions essentially perpendicular and parallel to the 
SF plane, both in n-type and p-type samples. It was found that the resistivity 
perpendicular to the SF in n-type samples of both AH and 6H polytypes was 
much larger than the resistivity along the SF plane provided the tempera- 
ture was not too high. This anisotropy was much too large to be explained 
by the normal bulk resistivity anisotropy [32]-[34], which is mainly caused by 
the anisotropy of the electron effective mass [35, 36]. On the other hand, no 
corresponding resistivity anomaly was found in p-type samples even though 
the density of SFs in these samples were as large as in the n-type samples. 
The authors could not find a proper explanation of these results. 

This resistivity anomaly, and its restriction to n-type samples only, can 
easily be explained in terms of our results suggesting a QW action of the SFs. 
In n-type samples, electrons are trapped by the strongly localized SF band 
states around 0.2 eV below the conduction band, and they will essentially 
remain there provided the temperature is not high enough to excite them 
to the conduction band. Due to the strong localization in the c-direction, 
the electron transport along this direction (perpendicular to the SF plane) is 
obstructed, whereas the electrons are free to move in the SF plane with the 
effective masses shown in Table 3. In p-type samples, the Fermi level is well 
below the localized SF band at {Ec — 0.2) eV, which is therefore not affecting 
the current transport. The weakly localized states in the immediate vicinity 
of the valence band maximum are very close in energy to the extended band 
states, and therefore do not cause abnormal resistivity anisotropy unless the 
temperature is very low. 

5.2 Electrical Degradation of Bipolar Devices 

We mentioned in the Introduction that electrical degradation of bipolar AH- 
SiC devices (diodes) coincided with the observation of SFs in the active re- 
gions of the device. This can be explained by the following arguments. Elec- 
trons injected into the base region of, for instance, a pin-diode containing 
SFs, are captured by the bound, strongly localized QW states around the 
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SF, tending to make the SF negatively charged. To screen out the increase 
in negative charge density, holes are also attracted to the SF region. This 
enhanced local concentration of electrons and holes will increase the proba- 
bility for electron-hole recombination, leading to a reduction of the electron 
and hole lifetimes, and hinder electrons and holes from moving freely in the 
device. This will impede the normal build-up of an electron-hole plasma, 
and consequently obstruct the normal conductivity modulation, causing an 
increased voltage drop across the device. 

An interesting question is what is causing the expansion of the SFs. This 
has not been investigated in detail, but it could be noticed that apart from 
stress, which is generally too low to cause partial dislocation motion around 
room temperature in SiC, recombination enhanced dislocation motion [4, 5] 
is most likely involved [3]. In this case, electrons and holes injected into 
the base region from the emitters recombine in the vicinity of the leading 
partial, which probably has created recombination levels in the band gap. 
If this recombination is radiationless, an energy of approximately the band 
gap, or a considerable fraction thereof, can be released for each recombining 
electron-hole pair in the form of phonons. This energy can then be available 
for double kink formation and migration, pushing the dislocation over the 
energy barriers associated with the dislocation motion. 

Today the electrical degradation problem is a serious obstacle for the de- 
velopment of bipolar SiC technology. The results and conclusions presented 
here imply that bipolar device technology in all hexagonal and rhombohedral 
polytypes are likely to suffer to some degree from the same electrical degra- 
dation problem as found for 4if-SiC devices, until the expansion of SFs can 
be controlled or minimized, if not completely avoided. However, for non-cubic 
polytypes with band gaps not too different from 3C-SiC (e.g. those with small 
hexagonality), the QW capture effect may not be essential and in practice 
permit sufficiently stable devices. For unipolar SiC devices of all polytypes, 
and for bipolar 3C'-SiC devices, no such degradation problems are expected 
at present. 



5.3 Results from Luminescence Studies 

Bergman et al. [37] and Sridhara et al. [38] have observed low temperature 
photoluminescence (PL) peaks around 425 nm (2.92 eV) in electrically de- 
graded 4iJ-SiC diodes with developed SFs. The emission was observed from 
the entire SF area. Although all details in the PL spectrum are presently 
not understood, it is thought to be due to the recombination of excitons 
whose electron states are formed from the bottom of the split-off band at M, 
0.2-0. 3 eV below the conduction band minimum. 

Room temperature electroluminescence from entire SFs in degraded diodes 
have also been reported [3] , and reveal radiative transitions with photon en- 
ergies around 2.8 eV. This was interpreted as transitions from the strongly 
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localized QW-like states 0.2-0. 3 eV below the conduction band minimum to 
the top of the valence band. 

PL peaks around 510 nm (2.43 eV) have also been observed in 4iJ-SiC [39] . 
Similarly, Skromme et al. [40] have observed PL peaks at around 510 nm, 
which they suggested came from a cubic environment. These peaks have 
tentatively been assigned by Bergman as coming from a double SF, since, 
according to our calculations, the double SF 2SF(62) in 47L-SiC has a QW- 
like level approximately 0.6 eV below the conduction band minimum. 

5.4 Observation of the Occurrence of Double and Single SFs 

It has been reported recently [27, 28] that double SFs (2SF(62)) were gener- 
ated in n-type 4i7-SiC samples after annealing at 1150°C for 90 minutes in 
argon gas. The samples, which were SF free before the anneal, were highly 
N-doped to a concentration about 3 x 10^® cm“^, and the density of dou- 
ble SFs was as high as 50-80 |J,m~^, corresponding to a distance between 
faults of about 12-20 unit cells of 4Lf-SiC. In this case there should be no 
electron-hole plasma that can drive the SF expansion. Nor were there any 
obvious sources of stress. So why are SFs generated, and why are double SFs 
generated instead of single SFs? 

An interesting mechanism for SF expansion, which does not require 
electron-hole recombination or large stress, has been suggested by Miao et 
al. [13]. It assumes an n-type sample with the electrons being excited into 
the conduction band. If we take isolated SFs in 4iJ-SiC as an example, each 
electron can gain about 0.2 eV by making a transition from the conduction 
band into the strongly localized SF state. If the energy that can be released 
in this way exceeds the energy required to locally expand the SF sufficiently 
much to create the localized state, the system can gain energy and the SF 
can thus expand. 

To explain the formation of double SFs Liu et al. [28] and Kuhr et al. 
[27] suggested a mechanism, which is the same as that proposed by Miao et 
al., except that they suggested that the conduction band electrons instead 
induce a double SF. In fact, creation of single SFs only by this mechanism 
in 4i7-SiC does not seem very likely. In 4i7-SiC the SF energy for creation 
of the first SF is around 15 mJ/m^. Suppose that the around 0.2 eV gain in 
electronic energy is sufficient to overcome the SF energy to create a single 
SF. Then it seems plausible that creating a second nearby SF, which only 
requires about 5 mJ/m^ (Table 7) would also take place since the additional 
gain in electronic energy is even larger, namely (0.6 — 0.2) eV = 0.4 eV, 
where 0.6 eV is the QW energy level in the case of 2SF(62) (Table 5). The 

2.5 eV photon peak observed in [29, 30] fits very well with transitions from 
this QW-like level to the top of the valence band. 

This mechanism for doping-induced creation of SFs has been investigated 
in more detail and with more formal rigour in [27]. It was also found that in 
6i7-SiC, the mechanism produces only single SFs, as in the original suggestion 
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by Miao et. al. The reason is basically that in this polytype the SF energy 
for the first SF is around 3 mJ/m^, creating a QW level at around 0.18 eV, 
whereas the formation of a second nearby SF requires much more energy, 
namely around 21 mJ/m^ (Table 7), but gives an additional contribution from 
the electronic transitions to the QW level of only (0.35 — 0.18) eV = 0.17 eV. 
This conclusion [27] is in agreement with experimental observations [41]. 
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Crystal Growth 




Principles and Limitations 

of Numerical Simulation of SiC Boule Growth 
by Sublimation 
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1 Introduction 

To overcome some of the problems in SiC crystal growth, modeling can now 
be considered as a reliable engineering tool in research, development and pro- 
duction of electronic materials. There is a multitude of physical phenomena 
in the sublimation growth process. Only a partial modeling of the whole pro- 
cess can be made even by the most ambitious researcher. The main objective 
is to reach an accurate understanding of heat and mass transfer. It could lead 
to “better” material or more “efficient” production processes. The purpose 
of modeling should not be the model itself, but to provide tools for the devel- 
opment of the process. In this sense, if it is easy to reach a consensus on the 
meaning of better and efficient in the fabrication of materials, the role of pro- 
cess modeling in achieving these goals, in contributing to them is not easily 
identifiable (S. Motakef, Cape Simulation Inc., http://www.capesim.com). In 
the sublimation process, there is no direct way to control the behavior of in- 
dividual species and therefore the growth process can be influenced through 
macroscopic parameters, such as thermal environment, mass transport and 
chemical composition and reactivity. Firstly, modeling gives an insight on 
what is actually happening in the system. Secondly, it helps in evaluating 
new systems without the need of building them. 

Numerical simulation is now the most prevailing technique for the solution 
of macroscopic governing equations. The popularity of this approach comes 
from the fact that calculations can be performed for complex geometries and 
multi-physics and multi-scale phenomena can be solved. 

This approach is often limited due to a poor understanding of fundamen- 
tal physics or to the complexity of the system. Direct numerical simulation 
might not be possible. The main limitation in SiC crystal growth modeling is 
the accurate knowledge of physical, thermal, radiative, chemical and electri- 
cal data for the different components of the reactor. This is the weakest link 
in developing completely predictive models. In addition, the link between the 
thermochemical history of the grown material and its structure and defects 
still needs further development and input of experimental data [1]. Despite 
these limitations, numerical modeling is sufficiently mature to support effec- 
tive optimization of SiC growth conditions. The key of success is the combined 
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use of simulation, experiments and characterization with “daily interaction” . 
It is the goal of this paper to show that modeling and simulation can now be 
considered as characterization tools in SiC technology. 



2 Modeling and Simnlation of the Growth Procednre 

2.1 Experimental Setup 

In 1978 Tairov and Tsvetkov introduced a modification of the Lely’s method 
of crystal growth [2] . In order to control the polytype of the crystals produced 
by spontaneous nucleation on the graphite walls, they introduced a SiC single 
crystal seed in the growth cavity. Physical vapor transport is driven by the 
temperature gradient between the powdered source and the surface of the 
seed (Fig. 1). 

Generally, the powder is placed in the lower half of a graphite crucible 
and the single crystal seed is stuck on the graphite lid with carbonized sugar 
or graphite glue. The main interest in this growth method is that it allows 
obtaining several circular single crystalline slices from the same ingot, as in 
the case of silicon crystal growth. 




Graphite crucible 

Graphite foam 



coils 

Water-cooled 
tube 



Fig. 1. Schematic representa- 
tion of the reactor and graphite 



lid 



2.2 State of the Art 

It is obvious that improvement in SiC growth technology occurs through 
extensive experimentation. However the advances made in process modeling 
as well as in the various tools of numerical simulation proves their effectiveness 
in so far as the help with the understanding of problems and with the design 
of equipment. This effort was initially motivated by the need for a better 
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knowledge of the local temperature range in the cavity. The main contribution 
of this activity is to make visual the history of the growth and to convey 
complex and highly coupled phenomena to common knowledge. This is a 
further help to the experimentation. 

Heat transfer phenomena include conduction, convection, radiation, heat- 
ing through induction as well as the latent heat of sublimation and conden- 
sation on the gas-solid interface. Since the first publications in this research 
field [3]-[6], the models, the databases were refined and the experimental 
verification of numerous hypotheses was confirmed. A lot of advances have 
been made in the last five years period along several routes. The majority of 
published results are based on 2-dimensional modeling of heat transfer [7]- 
[41]. Useful set of data can be found [4, 27]. Transient numerical results on 
the evolution of heat transfer during the growth process have been recently 
studied to refine the knowledge of the evolution of important growth param- 
eters [37]. Models including the semi-transparency of the growing boule were 
introduced by Klein et al. [27] to improve the accuracy of the simulation ap- 
proach. Inverse modeling was also applied to the optimization of the shape 
of the crucible [33] . 

The modeling and the simulation of heat transfer is not sufficient to de- 
termine the rate of growth and the shape of the crystal. Mass transfer models 
must therefore be coupled with the preceding as well as with thermodynamic 
and kinetic databases [11, 14]. During the last five years, modeling of mass 
transfer was performed to understand macroscopic growth phenomena and 
to provide simultaneous control of many factors like (i) the SiC powder sub- 
limation and the growth rate on the seed, (ii) the shape of SiC boule during 
growth [9, 11, 17, 19, 38], (iii) silicon and graphite inclusion in the crys- 
tal [8, 26, 38], (iv) the influence of source powder evolution [8, 31, 38, 39], 
(v) the influence of Stefan flow due to intense sublimation and condensa- 
tion [9, 35]. Many attempts to relate thermal and concentration macroscopic 
fields to crystal properties and defect occurrence were proposed. As an exam- 
ple, it was demonstrated that minor modifications in the reactive cavity were 
part of the many causes of the creation of defaults during growth [8],[24]-[26], 
that frequently, the requirements for controlling the different factors are in 
contradiction with each other [8, 13]. 

Finally, the more recent modeling development was based on the integra- 
tion of the thermoelastic stress due to temperature gradient in the growing 
crystal and to its shape. It was shown that the magnitude of shear stress and 
the Von Mises stress can provide guidelines to understand the distribution of 
dislocations [22]-[25] ,[38]-[41] . 

One of the weak points in regard to realistic modeling of PVT growth 
is the accurate description of mass transfer and chemical reactions within 
the SiC powder provoking a change in fluxes of Si and C containing species 
[31, 38]. 
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All along the development of these models, comparison with experimental 
growth results, in situ visualization techniques with X-Ray [42, 43], measure- 
ments of high temperature properties [44] were performed for the validation 
and the improvement of the predictive capabilities of the simulation results. 

We are primarily interested in SiC ingots grown by the modified Lely 
method with graphite walls for the reactive cavity. Similar procedures are 
also operational. These use tantalum walls or short distances between the 
powder and the seed (sandwich sublimation method) [45]-[47]. 

First of all, the different models and the database sets will be described. 
They will be applied to a standard configuration in order to visualize the 
different macroscopic fields. 

In the second part, the influence of the geometric modifications on the 
thermal history of the cavity will be discussed. The first series of simulations 
will be carried out at the beginning of growth. The growth of ingots of 8 to 
10 mm provokes geometric modifications that are not insignificant in view of 
the dimensions of the reaction cavity (15 to 20 mm). The modifications of 
the local thermal field in the cavity will then be presented as a function of 
the stage of crystal growth. Finally, more advanced modeling and simulation 
of mass transfer and reactivity will be discussed as well as new modeling 
development. 

2.3 Modeling and Databases 

In the course of the development of bulk growth processes, increased attention 
was paid to crucible design and optimization of the thermal and concentra- 
tion profiles in the growth cavity. There is no way to control the behavior of 
individual species and therefore the growth process can only be influenced 
through macroscopic mechanisms, such as thermal environment, mass trans- 
port and chemical reactions. 

In our group, for two-dimensional axisymmetric geometry, a software 
package has been initially built from commercial and in-house software 
packages [4, 7]. The current knowledge of thermal, electrical and chemical 
databases is also inserted. Other software packages like CFDACE^ or Virtual 
Reactor^ [30] are available for this specific problem and can be easily used. 
Equations describing heat and mass transfer have been already published 
[4, 27, 28]. 

^ CFDACE is a product of CFD Research Corporation, 215 Wyan Drive, 
Huntsville, AL 35805, USA, http://www.cfdrc.com 
^ Virtual Reactor and Global heat transfer are products of Soft Im- 
pact, P.O. Box 33, Engelsa pr. 27 194156 Saint-Petersburg, Russia 
http:/ /www. softimpact.ru 
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2.3.1 Thermodynamic Modeling 

The thermodynamic calculations were carried out by minimization of the to- 
tal free energy of the Si-C-Ar system in the temperature range 2300-3000 K. 
A self-consistent set of data was generated for the gaseous molecules from a 
literature review, measurements and heat capacity and entropy calculations 
using recent results on molecular structures, vibrational frequencies and elec- 
tronic spectra. Nine gaseous species in addition to argon (Sii, Si 2 , Sis, Ci, 
C 2 , C 3 , SiC, Si 2 C, SiC 2 ) and three condensed phases (SiC, Si and C graphite) 
were considered [7, 11]. The parameters introduced in the calculations were 
the temperature, the crucible volume and the initial quantities of argon and 
solid silicon carbide at the source. Calculations show that only three species 
are of importance: Sii, Si 2 C, SiC 2 . 



2.3.2 Gas and Surface Chemistry 

A comprehensive capability must be available to simulate multi-step gas and 
surface chemistry. Large sets of multi-step reactions or thermodynamic equi- 
librium must be handled in the code. The surface chemistry is treated by 
doing a complete reaction-diffusion balance at the surface to obtain the sur- 
face concentration of species. The heat release from the gas/surface reactions 
is included in the model. 

The use of local thermodynamic equilibrium (LTE) assumes infinite length 
or time scale. We have checked that mass transport computations linked with 
LTE can give the trends in the crystal shape and on the influence of pres- 
sure, but with too high absolute growth rate. High temperature spectrometry 




Temperature (K) 

Fig. 2. Total pressure of reactive gas species over solid SiC as a function of tem- 
perature with (o) and without (•) evaporation coefficients [14, 48] 
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(2000-2300 K) was used to evaluate sublimation coefficients [14]. It is clear 
that the chemical system does not reach thermodynamic equilibrium. One 
order of magnitude has been measured between equilibrium partial pressure 
and measured pressure (Fig. 2). These data are now included in the models 
to compute the growth rates and crystal shapes [48]. 

2.3.3 Induction Heating and Temperature Distribution 

Electromagnetodynamics must be coupled with heat transfer, especially ra- 
diative heat transfer within the growth cavity. The radiation model is tightly 
coupled to the fluid transport, conjugate heat transfer and chemistry models 
to ensure energy conservation. 

These calculations make use of a materials database which include the 
electrical and the thermal conductivity of crucible and insulation material, 
the source and the boule material properties, the gas species and associated 
reactivity data, the induction frequency and the current density. The current 
database has been partially validated with external and indirect measure- 
ments. A precise knowledge of the thermophysical properties of the compo- 
nent materials of the reactor as well as the powder, single- and poly-crystal 
forms of SiC are essential for obtaining realistic results [20] . 



2.3.4 Multicomponent Fluid Transport 

The fluid transport model is based on the low pressure kinetic theory of gases. 
Transport coefficients such as viscosity, conductivity, speciflc heat, diffusivity 
and thermodiffusion coefficients are calculated as local functions of tempera- 
ture, pressure and composition. The Stefan-Maxwell formulation for diffusive 
transport ensures complete mass conservation of all species in the system. 
The transport database is interactive with the calculations and comes from 
the kinetic theory of gases. 

For the modifled-Lely method with graphite crucible, within the range 
of investigated experimental parameters, it was found that the natural con- 
vective transport of heat and of chemical species (buoyancy effects) can be 
neglected when compared to diffusive transport and heat conduction and 
radiation. 

2.4 Selected Results in Heat and Mass Transfer 
2.4.1 Overview 

A generic representation of the different macroscopic fields is presented in 
Fig. 3. Magnetic vector potential contours for five turns of coil and frequency 
of 120 kHz are shown in Fig. 3a. A large amount of energy is absorbed 
by the susceptor (Fig. 3b) within a thin skin depth. A temperature held 
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Fig. 3. Half-right part of the axisymmetric reactor: (a) Potential vector, (b) Joule 
losses, (c) temperature field, (d) temperature field in the cavity (T in K) (/ = 
120 kHz) adapted from [7] 



is established inside the crucible (Fig. 3c). A thermal gradient of less than 
80 Kcm“^ is typical (see zoom in Fig. 3d). 

The value of the growth rate is determined by the growth temperature, the 
total pressure in the system, the temperature difference between the surfaces 
of source and seed and the seed-source distance. It is important to note, at 
this stage, that the challenge is to control small temperature differences (less 
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Fig. 4. Comparison of experimental and computed results as a function of coil 
position [49] 



than 100 K) in the gas cavity, as compared to the total temperature difference 
(about 2500 K). 

This kind of simulation was validated by changing frequency, current and 
coil position (Fig. 4). The numerical tool seems able to give guidelines for a 
better control of the temperature field in the cavity. More refined models of 
heat transfer were recently published [27, 33, 37]. 




Fig. 5. Influence of the diameter of the hole used for pyrometric measurements on 
the calculated temperature of the different parts of the reactor along the symmetry 
axis [49] 
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2.4.2 Heat Transfer: Influence of the Diameter 
of Pyrometric Holes 



The next example deals with the ability of the simulation tools to predict 
the influence of any modification of the crucible design on the thermal held 
inside the reaction chamber. We will discuss one example, the influence of 
the modification in the size of the hole on the graphite lid (Fig. 5). The sim- 
ulation of the variation of the axial temperature as function of the diameter 
of the hole at the backside of the seed crystal is also shown. The thermal 
gradient can be strongly increased by increasing the diameter of the hole and 
consequently the thermal stress level [41]. We shall discuss after what are the 
implications of such modifications. 



(a) 



(b) 



(c) 
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Fig. 6. Influence of the crystal thickness on the thermal held and on the axial 
temperature difference in the cavity [49] 
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2.4.3 Heat Transfer: Influence of the Growing Crystal 

Many simulations have been performed at the beginning of the growth pro- 
cess. Nevertheless, it is also important to simulate the evolution of the tem- 
perature field as the growth proceeds. In fact, during the growth process, 
the distance between the crystal and the powder varies. The shape of the 
reaction chamber is modified and the variation of the electrical and thermal 
conductivities of the SiC powder due to its sintering and graphitization must 
be taken into account [39] . An example of the evolution of the thermal field 
inside the reaction chamber as the crystal grows is given in Fig. 6. When 
the length of the boule increases, the radiative transfer inside the crucible 
leads to lower values of axial and radial temperature differences. The exact 
knowledge of this evolution is of importance for further discussions about the 
modeling of crystal shape [17]-[19], stress pattern, defect, dislocation and 
micropipe density [22]-[25],[38]-[41]. 



2.4.4 Influence of the Insulation 

A graphite foam is always used around the crucible to ensure a good thermal 
insulation. Some experiments have been conducted with two different insu- 
lating foam thicknesses. The standard process with a large foam thickness 
leads to AH polytype growth on AH. Processes that have been carried out 
with a reduced foam thickness have led to crystals which initially grow with 
the AH polytype and then switch to the QH polytype (Fig. 7). Heat transfer 
simulation predicts a decrease of the radial temperature difference along the 
seed (30 mm in diameter) of about 30% when the thickness of the insulation 
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Fig. 7. Influence of the foam thickness on heat transfer [26] 
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is increased. It drops from 60 K with a poor insulation to 40 K. These re- 
sults indicate that a small increase of the radial temperature difference (in 
comparison with the working temperature) is sufficient to change the growth 
mode and strongly deteriorate the material. 



2.4.5 Geometry Modification and Crystal Shape 

Some years ago, with seeds of 20 mm, two different configurations of the cavity 
were studied, a standard configuration (Fig. 8a) and a configuration with a 
flat screen acting as a radiation shield (Fig. 8b) [7]. It could be advantageous 
for the growth of SiC crystals to prevent the formation of SiC deposits on 
the crucible around the seed. To provide this, it is necessary to establish a 
temperature field on the surface of the crucible which is everywhere higher 
than the temperature of the surface of the growing crystal. This provides 
material transport predominantly to the seed. A flat screen allows crystal 
growth while avoiding poly-SiC growth. Mass transport modeling shows that 
no deposition occurs on the screen. The crystal grows with free boundaries. 
But, after an initial enlargement, the ingot diameter progressively decreases. 
The screen becomes too far from the growing interface to ensure the same 
conditions as in the first growth stages. This geometry allows the growth 
without poly-SiC but is inadequate to ensure a long-lasting enlargement due 
to changes in the thermal and fluxes fields during growth. 



10 mm 




Fig. 8. Initial growth flux for (a) a standard configuration and (b) a configuration 
with a flat screen inserted in the cavity [7] 
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2.4.6 Influence of Argon Dilution 

In addition to temperature, the partial pressures of argon and reactive species 
are among the process key parameters. It was simulated that for an argon 
pressure of 3 Torr (3.99 mbar), the crystal is convex (Fig. 9) and its shape 
more sensitive to the temperature field. When the argon pressure is increased 
to 7 Torr (9.3 mbar), i.e. the dilution of reactive species is increased, the 
growth rate decreases and the shape less sensitive to the temperature field 
(the same for both cases at the beginning of the process). This example 
shows that it is possible to understand and quantify the final shape of the 
ingot [17, 19, 24, 39]. Generally, flat ingots are less subject to crack and a 
process less sensitive to variations of the temperature field is preferred. 

These heat and mass transfer simulations may allow minimizing design 
problems and completing the experimental and characterization approaches. 
But, many technological problems as for example seed attachment, powder 
transformation [8, 31, 38, 39], insulation aging and quality are not yet de- 
scribed by simulation. 




0.3 mm/h 0.8 mm/h 



Fig. 9. Influence of the argon pressure on the final shape of the crystal: (a) growth 
experiments, (b) simulation results of the reactive flux 

2.4.7 Scaling up of the Reactor 

With heat transfer simulation, a design for the scaling up of the previous reac- 
tor can be proposed to keep similar temperature distributions. The pedestal 
supporting the seed is changed from 30 to 50 mm and all dimensions of the 
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Fig. 10. Influence of frequency heating on the scale up of the reactor 



different parts of the reactor were increased. It is possible by changing fre- 
quency to obtain a temperature distribution in the cavity of the scale up 
(right of Fig. 10) similar to that of the standard reactor (left of Fig. 10). This 
kind of quantification does not give all the keys to succeed but may allow 
minimizing design problems [21]. 

2.4.8 Model Development 

The present development of the simulation tools is now focused on the pre- 
diction of dislocation formation [22]-[25],[38]-[41j. Thermoelastic stresses are 
considered to be one of the reasons for the formation of crystalline defects 
(dislocations, micropipes). All thermoelasticity and plasticity [1] data are not 
available to implement the model of dislocation generation and multiplication 
already used for silicon. Experiments and measurements analysis have to be 
scheduled. However, with simple models, it was shown that the calculated 
stresses exceed considerably the critical resolved shear stress in SiC which 
represents an indicator for the start of plastic deformation, i.e., formation of 
dislocations. This indicates that the observed dislocation network should be 
partly caused by thermal stresses. The thermoelastic approach can be used 
to correlate the temperature field in the growing crystal, its shape and the 
spatial distribution of dislocations. 

These first results show that a careful control of the shape of the boule is 
needed to control the temperature gradient and the subsequent stress field. 



3 Conclusions 

It is not possible to build a single model that can capture the physics and 
chemistry of silicon carbide growth processes that covers all time and length 
scales. Different types of models can be proposed, each one appropriate to 
a specific range, each one giving insight. The sublimation process is difficult 
to control. Minor geometric or experimental parameters variations consider- 
ably modify the growth of the boule. The combination of experimental and 
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simulation approaches is powerful to delimit material science problems from 
process problems and to pave the route of the future virtual prototyping of 
such reactors. 

From a macroscopic point of view, numerical modeling is becoming mature 
to support effective optimization of SiC growth conditions. Present capabili- 
ties include simulation of heat and mass transfer and thermal stresses. These 
tools can now be used as a characterization technique for the visualization 
of the different fields in this “black box” process and to help process engi- 
neers in decision making. The uncertainties in material properties and data 
on growth kinetics limit the predictive capabilities of the numerical tool but 
are not sufficiently high to inhibit comparison with experimental results. 
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Defect Formation and Reduction 
During Bulk SiC Growth 



N. Ohtani, M. Katsuno, T. Fujimoto, and H. Yashiro 



1 Introduction 

The development of silicon carbide (SiC) bulk crystal growth technology in 
the last decade has brought about tremendous progress in the techniques of 
growing large high-quality SiC bulk crystals. SiC crystals up to four inches in 
diameter have been successfully demonstrated, and three-inch SiC substrates 
have already been brought to market. However, the commercialization of SiC 
devices is still largely limited due to relatively high density of structural de- 
fects in SiC bulk crystals, and thus it is abundantly clear that the further 
successful development of SiC semiconductor technology relies on achieving 
an understanding of the defect formation processes during SiC bulk crystal 
growth. This paper aims to describe the current understanding of defect for- 
mation during SiC bulk crystal growth, and it also tries to provide strategies 
to reduce the crystallographic defects in SiC bulk crystals. 

The first part of this paper deals with the seeded physical vapor transport 
(PVT) growth of bulk SiC single crystals in the conventional (0001) c-axis 
direction. One of the major problems with SiC bulk crystals grown along 
the c-axis is “micropipe” defects. Over the past several years, a significant 
reduction in micropipe density has been achieved and SiC substrates with a 
micropipe density of less than a few tens per square centimeters have been 
commercially available. However, micropipes are still a major obstacle limit- 
ing the widespread use of SiC devices, and thus understanding of the origin 
of micropipes is of the utmost importance to extend the successful applica- 
tion of SiC technology. In addition, the investigation of structural defects 
other than micropipes, such as dislocations and crystal mosaicity (domain 
structure), is at an even earlier stage and thus little is known about the ori- 
gins of these defects. In the first part of this paper, we discuss the causes 
and formation mechanisms of micropipes, dislocations and mosaicity in bulk 
SiC crystals and try to relate the obtained knowledge to reduction of these 
crystallographic defects. 

The second part of this paper concentrates on the PVT growth of bulk 
SiC crystals perpendicular to the c-axis. Many aspects are different between 
the growth parallel and perpendicular to the c-axis. The types and distri- 
bution of crystallographic defects in SiC crystals grown in the [1100] and 
[1120] directions are largely different from those of crystals grown along the 
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c-axis. A major advantage of these growth directions is that the growth pre- 
vents micropipe formation. However, the growth instead tends to yield a large 
number of basal plane stacking faults in SiC crystals. It was found that the 
density of the stacking faults largely depends on the crystal growth direction 
and polytype. Based on these results, we discuss the defect formation process 
during growth in the [1100] and [1120] directions and demonstrate successful 
reduction of stacking fault density in SiC bulk crystals. 

2 Growth Along the (0001) c-Axis Direction 

2.1 Micropipes 

2.1.1 General Features 

Micropipes are hollow tubes penetrating SiC single crystals along their c-axis 
and very often occur in PVT grown SiC crystals. They are interpreted in the 
framework of Frank’s model of hollow core dislocations [1]. Frank predicted 
that a dislocation whose Burgers vector exceeds a critical value should have 
a hollow tube at the core. By balancing the elastic dislocation strain energy 
released by the formation of a hollow core against the energy of the free 
surface, Frank showed that for isotropic linear elasticity and a cylindrical 
core, the equilibrium core radius r is 



/i6 
87T7 ’ 



where 7 is the surface energy, fx is the shear modulus and b is the Burgers 
vector. 

Figure 1 shows an atomic force microscope (AFM) image of the (OOOl)Si 
surface of 6 H-S 1 C, where a spiral step ending at a micropipe is visible. The 
almost archimedean circular spiral step is characterized by a large step height 




Fig. 1. AFM image of a growth spiral due to a 
micropipe on the 61^-810(0001)81 surface. The 
scanning size was 40 |tm x 40 |tm, and the step 
height was 13.5 nm, which is nine times the c 
lattice parameter of GH-SiC 
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(13.5 nm corresponding to nine times the unit c lattice parameter of 6i?-SiC) 
due to the large Burgers vector of the micropipe. 

Micropipes in PVT grown SiC crystals were first recognized as fatal de- 
fects by Koga et al. [2] in 1992. Koga et al. fabricated blue light-emitting 
diodes (LEDs) using PVT grown SiC crystals and found that the leakage 
current in blue LEDs was caused by hollow tube defects penetrating the en- 
tire crystals along the c-axis. They also reported that micropipes cause large 
hexagonal etch pits on the etched (OOOl)Si surface. Micropipes are replicated 
into the device epitaxial layers and become a critical defect for SiC devices [3] . 

Several groups have confirmed that the Frank relationship (1) between 
the radius and the Burgers vector of hollow core dislocation is approximately 
established for micropipes in SiC crystals, corroborating the assumption that 
micropipes are hollow core dislocations. Heindl et al. [4] measured the radii 
of micropipes on the (0001) surface of PVT grown 6iL-SiC crystals and the 
step height of the accompanying growth spirals by AFM. Assuming that the 
obtained step height is equal to the Burgers vector, i.e. that micropipes are 
pure screw dislocations, they fitted Frank’s theory of hollow core dislocations 
to the obtained experimental results as modified with regard to kinetic effects 
by Cabrera and Levine [5], and calculated the values for surface energy and 
supersaturation near the emergence point of a micropipe. 

Based on their detailed AFM studies of micropipes, Heindl et al. [6] ar- 
gued the dislocation content of micropipes. They discussed the obtained sur- 
face energy for the inner surface of micropipes and found that it appears 
too small and physically unreasonable. They claimed that micropipes are 
mixed- type dislocations and not pure screw dislocations, and that the ap- 
parent small surface energy for the inner surface of micropipes resulted from 
the underestimate of the Burgers vector of micropipes, which occurs when 
the edge components of micropipes do not contribute to the surface step 
height. On the other hand, Huang et al. [7], using synchrotron white beam 
X-ray topography (SWBXT), provided evidence that micropipes are pure 
screw dislocations with a large Burgers vector. They analyzed a series of mi- 
cropipe images in comparison with the corresponding simulated images and 
concluded that micropipes are pure screw dislocations. Using the same tech- 
nique combined with scanning electron microscopy (SEM), they also revealed 
that the magnitude of the Burgers vector of micropipes in 6H- and 4iJ-SiC 
crystals are several times the unit c lattice parameter, while no discernible 
hollow cores are detected for elementary c screw dislocations for 6i7-SiC and 
for elementary c and 2c screw dislocations for 4iJ-SiC, respectively [8]. 

PVT grown SiC bulk crystals contain micropipe defects of typically 
~10^ cm“^, and several empirically determined characteristics have been re- 
ported. The micropipe formation has been related to the purity of the starting 
SiC source material [2], and the generation and propagation of micropipes 
are also sensitive to specific seeding techniques employed and to growth pa- 
rameters, such as pressure and temperature. Micropipes appear to originate 
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in the vicinity of the seed crystal, lie generally along the growth direction, 
and are often associated with low angle grain boundaries [9]. 

An important aspect of micropipes is that while they are forming during 
growth, simultaneous processes also occur which reduce their concentration, 
such as dissociation, coalescence, recombination and transformation [10, 11]. 
These processes are largely controlled by growth kinetics rather than equilib- 
rium thermodynamics, and many of them are believed to be surface-mediated 
processes [12]. In principle, a dislocation with a Burgers vector 6 = nc (c be- 
ing the smallest translation vector) is energetically unfavorable compared to 
the distribution of n elementary dislocations with a Burgers vector c. The 
fact that micropipes appear stable and propagate in the crystal implies that 
a large kinetic energy barrier exists to nucleate a dislocation in SiC crystals 
adjacent to the micropipe [13]. 



2.1.2 Causes of Micropipes 

Several possible causes for the formation of micropipes exist, and are catego- 
rized into three groups: (1) thermodynamic, (2) kinetic, and (3) technological 
causes [14, 15]. For example, the thermodynamic causes include thermoelas- 
tic stress due to non-uniform heating, while the kinetic causes are related 
to the nucleation process and growth surface morphology. In all these cases, 
one must also consider the technological aspects, such as the seed surface 
preparation and contamination of the growth system. 

Schulze et al. [15] demonstrated micropipe-free growth of 6i?-SiC bulk 
crystals on a micropipe-free Lely platelet (seed crystal) and indicated that 
the thermal gradient inside the growth crucible is a relevant process param- 
eter for micropipe-free crystal growth. They supposed that the low thermal 
gradient 5 K/cm) resulted in near-thermal equilibrium growth conditions, 
which largely suppressed improper nucleation processes. Under these growth 
conditions, the achievable growth rate was limited to be less than 0.27 mm/h. 

Tsvetkov et al. cited evidence pointing to nucleation of micropipes occur- 
ring as a result of growth instabilities that lead to the formation of secondary 
phase precipitates such as graphite particles and silicon droplets [14]. This 
was later borne out by the observation of Glass et al. [10], who observed 
micropipes in SiC crystals that were associated with graphite particles and 
silicon droplets. They have ascribed the causes of graphite particles and Si 
droplets, which have lead to micropipe streaming in the crystals, to a tech- 
nological issue and growth instabilities, respectively. 

Another example of a cause of micropipe formation is illustrated in Fig. 2. 
The figure shows an optical micrograph of a 6iL-SiC crystal vertically sliced 
along the c-axis growth direction, where polytype instabilities (15i?-SiC poly- 
type inclusions) cause micropipes. They are visible as vertical line defects in 
the micrograph, and a multitude of micropipes emerge slightly above the non- 
basal plane interfaces between the QH and 15i? polytypes. Different polytypes 
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Fig. 2. Longitudinally sliced GH- 
SiC crystal along the growth direc- 
tion, showing a multitude of mi- 
cropipes emerging at the polytypic 
boundaries between GH and 15-R 

possess different stacking sequences along the c-axis and thus cause a disreg- 
istry in the atomic bonding when they have a non-basal plane interface. This 
disregistry and associated large localized strains are relieved by the formation 
of micropipes at the interface. 

2.1.3 Micropipe Formation Models 

To date, several models have been proposed to elucidate the formation mech- 
anism of micropipes [16]-[21]. They are classified into two groups: one is 
mechanisms that generate depressions or voids at the growing surface, which 
subsequently or almost simultaneously attract dislocations to stabilize voids 
(hollow cores) during growth; and the other is mechanisms that lead to an 
extremely large Burgers vector and the hollow core is a consequence of the 
energy reduction according to Frank’s theory. 

Giocondi et al. [17] proposed a surface depression model that tried to 
explain an accumulation of elementary c screw dislocations via the formation 
of a surface depression surrounded by a macrostep at the growing surface. 
Macrosteps, which are very often observed on the SiC{0001} surface, sweep 
up screw dislocations during growth by shifting their emergence points in the 
direction of motion. Once the macrostep stops at an obstacle, e.g. secondary 
phase precipitate, it bows around the obstacle, reunifies and moves further 
as a reformed complete macrostep. Consequently, the obstacle is surrounded 
by a macrostep forming a depression, into which the screw dislocations have 
been collected. 

On the other hand, a mechanism that leads to a dislocation with an ex- 
tremely large Burgers vector was elucidated by Pirouz [18]. He pointed out 
that the twist-type misorientation existing in SiC crystals plays a major role 
in the micropipe formation. PVT grown SiC crystals have a mosaic structure, 
with all the domains having a strong [0001] texture. The boundaries among 
these domains may have both the tilt and twist nature of misorientation, 
and a small twist misorientation between the adjacent domains is accommo- 
dated by arrays of screw dislocations lying on the boundary plane. Pirouz 
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considered a triple junction of such twist-type low angle grain boundaries, 
and that at the triple junction, there will be a screw dislocation with b = 3c 
when all the twist boundaries are in the same sense. Since the magnitude 
of the Burgers vector of the b = 3c screw dislocation exceeds the critical 
value (2-3 nm) for the dislocation core to be empty, this junction disloca- 
tion will become a hollow core dislocation (micropipe) . This relatively small 
micropipe will further attract elementary c screw dislocations, by the image 
force mechanism [18], to become a larger diameter micropipe. 

Ohtani et al. [20] recently proposed a different story for micropipe forma- 
tion, i.e. a surface step model for the micropipe formation in SiC crystals, 
taking into account several important aspects experimentally observed for 
micropipe formation. Micropipes are very often observed at the foreign poly- 
type and/or secondary phase inclusions during growth, where high density 
elementary c screw dislocations are introduced and the spiral steps emanating 
from them are very closely located and interact with each other. The model 
assumes that the strong repulsive interaction between these steps [22] coa- 
lesces the underlying elementary c screw dislocations through the energetic 
bunching of the spiral steps. 

It was found that there exists a strong repulsive elastic (long-range) in- 
teraction between the unit cell size steps on the SiC{0001} surface [22]. The 
elastic repulsive force (per unit step length) between steps at the surface of 
an isotropic solid is proportional to the square of the step height and the 
surface tension at the step (step stiffness) [23]. For SiC{0001}, the height of 
steps is often as large as the c lattice parameter (1.512 nm for 6i/-SiC and 
1.005 nm for 4iJ-SiC) [12], so that the step repulsive interaction is enhanced 
by one to two orders of magnitude compared to those on Si(lll) and Si(OOl). 
Furthermore, SiC{0001} has proved to have considerable resistance to chemi- 
cal attack or oxidation, which implies that a highly stable step structure with 
a large stiffness is established on the SiC{0001} surface. 



Fig. 3. 5 pm X 5 pm AFM image of the 
stepped structure of the 6/f-SiC(0001)Si 
surface. Small protrusions observed on the 
entire surface are foreign particles that ad- 
hered to the surface after growth. The step 
down direction is from the upper left to 
the lower right. Steps of a height equal to 
the unit c lattice parameter (1.512 nm) 
were regularly arranged; the positions of 
the steps are indicated by short arrows 
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Figure 3 shows an AFM image of extremely regularly arranged surface 
steps on the 6i/-SiC(0001) surface where the observed area was 5 pm x 
5 pm. The height of the observed steps is equal to the unit c lattice parame- 
ter of 6i?-SiC. The edges of steps are fairly straight and the local distribution 
of distances between the steps is extremely uniform, which is a clear mani- 
festation of the strong repulsive interaction between steps on the SiC(OOOl) 
surface [22]. 

For simplicity, two elementary c screw dislocations having the same sign 
Burgers vector are considered (the discussions below can be extended to 
include the cases that involve more than two screw dislocations) . Each screw 
dislocation provides a spiral step of unit cell height as denoted by A and B in 
Fig. 4a. If the dislocations are placed very close together, the spiral steps are 
intermixed and arranged alternately, as schematically illustrated in Fig. 4a. 
In this step system, steps A and B interact via the strong repulsive force 
between them, and this repulsive interaction induces the energetic bunching 
of steps A and B. 

In general, coalescence of steps, i.e. step bunching, costs more energy than 
an equivalent height of a distribution of isolated steps. However, when the 
steps are located close to each other (Fig. 4b), this energy is outweighed by 
the decrease in step repulsive energy since the coalescence of steps A and B 
increases the average separation between the steps (Fig. 4c). 
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Fig. 4. Schematic diagrams of (a) the intermixed growth spirals from two adjacent 
screw dislocations with the same-sign Burgers vector, and a step train comprising 
alternately arranged steps A and B (b) before and (c) after the energetic step 
bunching 
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The energetic bunching of spiral steps drives the coalescence of the two 
adjacent screw dislocations at their centers, giving rise to a screw dislocation 
with a Burgers vector b = 2c. It should be noted that the coalescence of 
dislocations only occurs via the crystal growth process, and thus the parts of 
the screw dislocations already existing in the crystal before the spiral steps 
are bunched are never coalesced. 

It is obvious that the coalescence of dislocations occurs at the cost of bulk 
elastic energy. In terms of energetics, the energy gain by the coalescence of 
spiral steps needs to overcome the energy cost due to the elastic strains to 
form a screw dislocation having a twice larger Burgers vector b = 2c (super 
screw dislocation). This condition is satisfied at the initial stage of coales- 
cence, since the coalesced length of dislocations is small; the coalescence is 
limited to a near surface region. When the growth proceeds and the coalesced 
length of dislocations becomes larger, the energy cost due to the elastic strains 
tends to be greater than the energy gain due to the reduced step repulsive 
energy. At this stage, however, the core substance is evaporated, releasing 
the large elastic strains at the core, and this hollow core formation further 
stabilizes the super screw dislocation (micropipe) and kinetically prevents it 
from dissociating. 



2.1.4 Micropipe Dissociation and Reduction 

As discussed above, there exists a large kinetic energy barrier against mi- 
cropipes being dissociated; however there is a significant suggestion that this 
kinetic barrier can be reduced by optimizing the growth conditions, and mi- 
cropipes are dissociated [24]. For example, a micropipe can be dissociated 
into a micropipe with a slightly smaller Burgers vector plus one elementary 
c screw dislocation as schematically shown in Fig. 5. It is worth noting that 
this dissociation process only occurs during crystal growth and cannot be 



B=nc B=(n-I)c B=c 




Fig. 5. Schematic drawing of micropipe dissociation process, where a micropipe is 
dissociated into a micropipe with a slightly smaller Burgers vector plus one elemen- 
tary c screw dislocation 
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driven by post-growth processes such as annealing [20]. In this respect, mi- 
cropipe dissociation is assumed to be a surface-mediated process, and the 
spiral growth mechanism on the SiC{0001} surface plays an important role 
in the dissociation process of micropipes. 

The lateral advance of multiple unit cell height spiral steps emanating 
from micropipes during growth would become unstable under the optimized 
growth conditions. The changes in growth conditions may affect the growth 
kinetics and also the characteristics of spiral steps, such as step energy and 
stiffness. The unstable multiple unit cell height spiral steps are transformed 
into fully or partially dissociated spiral steps, which leads to full or partial 
dissociation of micropipes located at their centers, as illustrated in Fig. 5. 

Recently Kamata et al. reported that a similar dissociation process of 
micropipes occurs during SiC homoepitaxial thin film growth by chemical 
vapor deposition (CVD) [25]. They conducted deliberate etching experiments 
and defect analysis to conclude that micropipes are structurally transformed 
into several closed-core elementary c screw dislocations during CVD thin 
film growth of SiC. The probability of micropipe dissociation increased from 
around 1% to 98% as the C/Si ratio of the reactant gasses for CVD growth 
decreased from 0.9 to 0.6 [26]. They discussed the dissociation mechanism of 
micropipes during CVD growth and claimed the importance of the step-flow 
growth mode and also the curvature of steps that are pinned at micropipes. 
Their results clearly suggested that the C/Si gas ratio during CVD growth 
influences the micropipe dissociation process through the modification of the 
growth kinetics (spiral growth versus step-flow growth) and the characteris- 
tics of surface steps. 

Recent advances in the PVT growth technique have made possible a 
highly-controlled growth process of SiC bulk crystals and allowed us to 
achieve a reproducible crystal growth under the optimized growth conditions, 
which has led to a continuous reduction in micropipe density over the past 
several years, and recent demonstration of low micropipe density (1-10 cm“^) 
SiC substrates [27, 28]. 

2.2 Dislocations 

2.2.1 Grown-in Type Dislocations 

As described in the previous section, a significant reduction in micropipe den- 
sity has been successfully demonstrated by several groups. However, while the 
micropipe density is decreasing, SiC device commercialization is still largely 
limited by the presence of crystallographic defects other than micropipes. In 
particular, dislocations are another critical defect for the implementation of 
high blocking voltage (^ 2000 V) SiC devices [29]. In this section, we overview 
several dislocation processes occurring during growth and/or post-growth of 
hexagonal SiC bulk crystals. 
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Grown-in type dislocations in SiC bulk crystals have been studied by sev- 
eral authors [13, 16, 19, 30]. Dudley et al. have tried to explain the nucleation 
of screw dislocations at the SiC bulk growth by considering the lateral growth 
over secondary phase precipitates on the growing surface [19]. When the sur- 
face precipitate is overgrown, the growth fronts may meet at the precipitate 
and coalesce with misalignment under the influence of small stresses. In order 
to accommodate this misalignment, screw dislocations of opposite signs are 
created, which have Burgers vector magnitudes equal to the magnitude of the 
misalignment. Their model is based on the observation of micropipes (super 
screw dislocations) often originating at secondary phase inclusions in PVT 
grown SiC crystals. 

Threading edge dislocations are present in SiC crystals with a density 
between 10^ to 10^ cm“^ and frequently appear in arrays corresponding to low 
angle grain boundaries. Takahashi et al. investigated the dislocation structure 
of 6i/-SiC crystals grown in the [OOOT] direction by X-ray topography [13]. 
They found that the growth inherited the defects existing in the seed crystal 
and also introduced, at the initial stage of growth, an additional high density 
of threading dislocations extending along the (0001) growth direction. Both 
screw and edge-type threading dislocations were introduced at the foreign 
polytype inclusions during growth, where non-basal plane interfaces between 
different polytypes contain crystallographic imperfections that are a serious 
cause of grown-in dislocations. 

Defect formation at the initial stage of PVT growth of SiC has been de- 
liberately examined by Sanchez et al. using transmission electron microscopy 
(TEM), AFM, X-ray topography and defect selective etching [30]. They ob- 
served the formation of basal plane stacking faults at the initial stage of 
growth, with densities showing a good correlation with the threading dis- 
location density. Threading screw dislocations tended to form in pairs with 
opposite Burgers vectors, and these results bear out the pair generation model 
of screw dislocations by Dudley et al. [19]. Sanchez et al. [30] also showed 
pair generation of edge dislocations at the stacking faults nucleated at the ini- 
tial stage of growth. If partial dislocations encompassing the stacking faults 
are Shockley type, then resulting threading dislocations would have an edge 
character. Frank type partial dislocations would result in screw type thread- 
ing dislocations. The stacking fault formation was attributed to nucleation of 
two-dimensional (2D) islands on the surface of seed crystal, and the density 
of threading dislocations markedly decreased as the growth rate decreased 
and at growth on the off-oriented seed crystal. 

All the above results combine to clearly indicate that grown-in type dis- 
locations are a major source of threading dislocations in PVT grown SiC 
bulk crystals. Most of them propagate from a seed crystal and are caused by 
secondary phase and/or foreign polytype inclusions and stacking fault for- 
mation due to 2D nucleation process. The nucleation density of threading 
dislocations largely depends on the crystal growth conditions. 
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Grown-in type basal plane dislocations were investigated by Wang et 
al. [31] using SWBXT. They have revealed a basal plane dislocation net- 
work in PVT grown SiC crystals. Transmission topographs clearly revealed 
a number of glide dislocations, connecting or emanating from micropipes, 
which consist of a dislocation network lying in the (0001) basal plane. Wang 
et al. argued the relationship between micropipes and the glide dislocations 
on the basal plane. Micropipes running along the growth direction always 
intersect the growth front, a free surface, and the image force due to the 
existence of the free surface, then, can provide a significant shear stress along 
the basal plane because of the large magnitude of the Burgers vector of mi- 
cropipes. This shear stress may in turn generate glide dislocations with much 
smaller Burgers vectors on the basal plane via Frank-Read type mechanism 
of dislocation multiplication. These basal plane dislocations would be weakly 
dissociated into Shockley type partial dislocations on the (0001) basal plane, 
and a large difference between the mobilities of the dissociated Si core and C 
core partial dislocations has been reported [32] 

2.2.2 Stress-Induced Dislocations 

Generally, the distribution of dislocations in a semiconductor crystal is well 
correlated with the distribution of thermal stress within the crystal induced 
by non-uniform temperature distribution during post-solidification cooling. 
For hexagonal SiG crystals, the basal plane (0001) (1120) glide system is most 
easily activated. Fujita et al. studied the deformation behavior of 6iJ-SiG 
single crystals up to 1600°G and determined two critical stresses as a function 
of temperature [33]. One is the critical shear stress resolved to the basal plane. 
The other is the critical normal stress exerted on the crystal to activate the 
prism plane slip system. The two critical stresses differ significantly and the 
latter is about 30 times greater than the former. This is due to a large Peierls 
energy for the prism plane slip in hexagonal SiG. 

Both the basal plane slip and prism plane slip bands have been observed 
in PVT grown SiG crystals by Ha and co-workers [34, 35]. Ha et al. observed 
arrays or bands of oval-shaped etch pits on the etched vicinal (0001) Si surface 
of PVT grown 4if-SiG crystals [34]. The characteristic oval shape is due to 
the shallow angle between a dislocation line confined in the basal plane and 
an off-cut wafer surface. The long axis of an etch pit is approximately parallel 
to the corresponding dislocation line. The arrays were aligned parallel to each 
other and perpendicular to the off-cut direction, and based on the character- 
istic distribution, they were interpreted as the basal plane slip bands due to 
high-temperature deformation during the growth or post-growth processes; 
thermoelastic stress was proposed as a plausible cause of the deformation. 
Ha et al. have also experimentally confirmed prismatic slip bands in PVT 
grown SiG crystals [35] . They observed rows of etch pits extending along the 
(1120) directions on the etched (0001) surface in vicinity of micropipes, mis- 
oriented grains and polytypic inclusions at the periphery of the crystals. The 
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rows of etch pits correspond to arrays of threading dislocations approximately 
extending along the c-axis, and formed a band configuration which is char- 
acteristics to slip band dislocations induced by generation and multiplication 
of dislocations under thermal stress. 

The presence of thermoelastic stress during PVT growth of SiC crys- 
tals has been modeled by several research groups [36]-[39]. If a crystal is 
grown along the c-axis in the growth apparatus with cylindrical symmetry, 
the stress distribution is going to be axisymmetric. Numerical modeling re- 
vealed that the magnitude and distribution of thermoelastic stress during 
SiC bulk growth largely depend on the boundary conditions that the grown 
crystal experiences during growth [39] . The density of basal plane slip bands 
observed by Ha et al. was well correlated with the calculated shear stress 
distribution across the wafer [34]. Furthermore, Hobgood et al. reported that 
the radial distribution of (0001) threading dislocations across a PVT grown 
6if-SiC wafer was also well correlated with radial distribution of the resolved 
shear stress in the (0001)(1120) glide system [37]. They measured distribu- 
tions of shallow etch pit density on the etched (0001) 6i7-SiC wafer surface 
and found that the radial distribution of etch pits across the wafer diameter 
exhibited a characteristic W-pattern. This spatial variation is consistent with 
predictions of the radial dependence in resolved shear stress stemming from 
excess thermoelastic stresses during growth. However, the above result natu- 
rally raised a question why there was a good correlation between the (0001) 
threading dislocation density and the stress distribution in the (0001)(1120) 
glide system. The next section discusses a possible explanation to this ques- 
tion. 

2.2.3 Dislocation Conversion 

A newly revealed dislocation conversion process during SiC crystal growth 
has recently been reported by Ha et al. [40]. They have observed that dur- 
ing CVD epitaxial growth of SiC, basal plane dislocations in the substrates 
convert into threading edge dislocations in the epilayers [40]. The conversion 
was interpreted as a result of the image force effect in the epilayer between 
flowing growth steps and basal plane dislocations. A majority of basal plane 
dislocations in the substrates (both in the slip bands and background) were 
converted into threading edge dislocations in the subsequently grown epilay- 
ers. 

It is should be noted that this mechanism can be operative in PVT growth 
of SiC bulk crystals and can increase the threading edge dislocation density. 
The conditions similar to the epitaxial growth on a vicinal substrate are also 
established for PVT growth of SiC bulk crystals, where the growth front is 
domed (curved). Basal plane dislocations existing in bulk SiC crystals bend 
toward the c-axis direction during growth by the interaction with the growing 
curved surface and are structurally converted into threading edge dislocations 
approximately extending along the c-axis. 
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As described in Sect. 2.2.1, most threading dislocations extending along 
the (0001) growth direction observed in PVT grown SiC bulk crystals are 
likely to be grown-in type dislocations; however the dislocation conversion 
could be another major source of threading dislocations. If significant por- 
tions of basal plane slip band dislocations are converted into threading edge 
dislocations, it reasonably corroborates the observation of the W-pattern dis- 
tribution of etch pits due to the threading dislocations described in Sect. 2.2.2. 

2.3 Crystal Mosaicity (Domain Structure) 

2.3.1 General Features 

Crystal mosaicity (domain structure) is commonly observed in the PVT 
grown bulk SiC single crystals produced to date. The crystals typically con- 
tain slightly misoriented domains bordered by regions of high dislocation 
density. These domains are fully replicated into the device epitaxial layers by 
a thin film growth process, and consequently the mosaicity of the substrate 
has a major impact on the performance of SiC devices made on it. The mo- 
saicity in SiC single crystal wafers was first reported by Glass et al. [41]. They 
examined commercially available 6iJ-SiC substrates by high-resolution X-ray 
diffractometry (HRXRD) and reciprocal space mapping, and the results in- 
dicated a presence of domain structure in SiC crystals, with varying domain 
densities. The X-ray diffraction curves obtained from the substrates showed 
multiple peaks distributed over several hundred arcseconds, while a single 
diffraction peak with a full width at half maximum (FWHM) of 15 arcsec 
was obtained for Lely platelets grown via the non-seeded sublimation pro- 
cess. They ascribed this difference to a lower growth temperature and higher 
degree of supersaturation in PVT (seeded sublimation) growth process than 
in the Lely (non-seeded sublimation) growth process; these growth condi- 
tions are expected to increase the nucleation density on the growing surface. 
Following work by Glass et al. [41], Tuominen et al. [42] conducted a series 
of X-ray rocking curve measurements for commercial 4iL-SiC substrates by 
varying the beam spot size for a constant 0004 reflection and changing the 
order of reflection at a constant beam spot size. They obtained very similar 
results to those for 6iL-SiC substrates reported by Glass et al. 

Ellison et al. [43] studied the relationship between the warpage and mosaic 
structure of SiC substrates. They found that the warpage of SiC substrates 
results from a convolution of the surface preparation and intrinsic properties 
inherited from the bulk growth process. A high defect content present in 
the substrates easily enables them to deform plastically (crystal bending). 
The warpage of SiC wafers severely hampers the full wafer processing of 
micron or sub-micron optical lithography patterning, and the final quality of 
SiC epilayers is also expected to be influenced by the crystal bending of the 
underlying substrates. 
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2.3.2 Causes of Mosaicity 

Several causes and mechanisms of the misoriented domain formation in PVT 
grown SiC crystals have been proposed and discussed. Glass et al. [41] found 
that the micropipe density was approximately consistent with the number 
of multiple peaks or the magnitude of broadening of X-ray rocking curves 
(over several hundred arcseconds), and thus suggested the possibility that 
micropipes are the main cause of the mosaicity in PVT grown bulk SiC 
crystals. More recently, Pirouz [18] discussed the dislocation systems lying on 
a prism plane, e.g., {1120} or {iTOO} plane. As discussed in Sect. 2.2.2, {1120} 
and {1100} are not usually activated to be a slip plane in hexagonal SiC 
poly types, even though the low angle grain boundaries commonly observed 
in PVT grown SiC crystals lie in the {1120} plane, which implies that the 
dislocations comprising the low angle grain boundaries are not introduced by 
thermal stress after growth, and that they are grown-in type dislocations and 
rather introduced during growth by the growth process itself. Pirouz [18] and 
Glass et al. [10] claimed that the strong [0001] texture in PVT grown SiC 
crystals originates in a spiral growth mechanism. The interaction between 
two growth spirals can be assumed to result in low angle grain boundaries 
due to twist misorientation between the two growth spirals. 

Recently, Katsuno et al. [44] revealed that micropipes and elementary 
c closed-core screw dislocations only slightly affect the shape of the X-ray 
rocking curves. The rocking curves obtained from regions that contained mi- 
cropipes (density ~ 200-600 cm“^) and/or elementary c closed-core screw 
dislocations (density ~ 2 x 10^ cm“^) showed a relatively narrow single 
diffraction peak with an FWHM of 13-27 arcsec. The width of the rock- 
ing curves slightly increased with the increase of micropipe density. However, 
even for crystal areas with a micropipe density of 600 cm“^, the width re- 
mained less than 30 arcsec and the rocking curves did not show multiple 
peaks. These results preclude the possibility of micropipes being the cause of 
the strong (0001) mosaicity present in SiC bulk crystals. 

Katsuno et al. [45] found that PVT grown SiC crystals have a strong 
[0001] texture around etch pit rows due to edge dislocation walls aligned along 
(1100) directions. Figure 6 shows the 0006 X-ray rocking curves obtained from 
a region that accommodated two parallel etch pit rows (coupled low angle 
grain boundaries) with the incident plane (a) parallel and (b) perpendicular 
to the etch pit rows. The rocking curve with the incident plane parallel to 
the boundaries shows a narrow single diffraction peak (Fig. 6a), while the 
one with the incident plane perpendicular to the boundaries shows a much 
broader peak (40-80 arcsec), often splitting into multiple peaks as shown in 
Fig. 6b. Based on these results, Katsuno et al. concluded that the tilting of 
the (0001) lattice plane has a rotation axis parallel to both the boundary 
plane and the (0001) basal plane, which is quite contradictory to the twist 
misorientation due to the growth spiral interaction modeled by Glass et al. 
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Fig. 6. 0006 X-ray rocking curves obtained from two parallel etch pit rows with 
the incident plane (a) parallel and (b) perpendicular to the etch pit rows 



[10] and Pirouz [18]. The twist misorientation causes the tilting of the (0001) 
basal plane with a rotation axis perpendicular to the boundary plane. 

The tilting of the (0001) basal plane of SiC bulk crystals has been dis- 
cussed by Katsuno et al. [45] and Ha et al. [34]. Katsuno et al. [45] have at- 
tributed the tilting of the (0001) basal plane to the inclination of the boundary 
dislocations from the c-axis. The polygonization of edge dislocations along 
(1100) directions requires glide and climb motions of the dislocations. The 
glide and climb of dislocations are temperature-activated processes [46], and 
thus they most probably occur during growth. In the course of these motions, 
the edge dislocations predominantly lie along the c-axis but often jog toward 
(1100) directions due to the climb motion. It is assumed that these jogs vir- 
tually bend the edge dislocations at the grain boundary from the c-axis and 
bring about a tilting of the (0001) basal plane around it. Such a jog structure 
of boundary dislocations was recently observed by Hong et al. using TEM [47] 

Ha et al. have recently proposed a different model for the origin of the 
tilting of the (0001) basal plane in SiC crystals [34]. They observed an abrupt 
change in the population of basal plane dislocations across a grown-in poly- 
gonized domain wall. The domain wall is composed of threading dislocations 
of pure edge type, forming a prism-plane-tilt boundary in a low energy con- 
figuration. The strain field around domain wall dislocations can act as an ob- 
stacle to the movement of basal plane dislocations. Basal plane dislocations 
approaching the domain wall experience a repulsive force, which is propor- 
tional to the threading dislocation density comprising the wall. The piled-up 
basal plane dislocations are parallel to the wall and are of pure edge type. 
The distribution of these piled-up basal plane dislocations results in a basal- 
plane-tilt across the domain wall. Consequently the piled-up of basal plane 
dislocations creates mixed-tilt (containing both basal-plane-tilt and prism- 
plane-tilt) low angle grain boundaries in SiC crystals. 
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Fig. 7. Evolution of the crystal mosaicity 
during crystal growth in the [OOOT] direc- 
tion after polytype instabilities occurred. 
The 1120 X-ray rocking curves with the 
incident plane perpendicular to the growth 
direction were acquired at the points along 
the growth direction (a) before polytype 
instabilities occurred, (b) 1 mm, (c) 3 mm 
and (d) 5 mm from foreign polytype in- 
clusion. The inset figure is a photo of 
polytype-mixed 47f-SiC crystal 



One of the major causes of the domain formation in PVT grown SiC 
crystals is the inclusion of foreign polytypes during growth [48]. Figure 7 
shows the evolution of mosaicity (prism-plane-tilt) in a 4i7-SiC crystal during 
growth after polytype instabilities at the near seed regions. The 1120 X-ray 
rocking curve with the incident plane perpendicular to the growth direction 
becomes broader and splits into multiple peaks as the scan goes far from the 
foreign polytype inclusion along the growth direction. The polytypic inclusion 
would result in stresses due to the differences in the lattice constant and 
the coefficient of thermal expansion [50] between different polytypes. During 
growth, the stresses are released by the introduction of dislocations, which 
are further activated to glide and climb in the crystals to minimize their total 
strain energy by aligning themselves along (1100), forming low angle grain 
boundaries. 



2.3.3 Reduction of Mosaicity 

An important aspect of the low angle grain boundaries is that they are not 
uniformly distributed, and most often occur at the peripheral regions of crys- 
tal [45, 49]. Figure 8 shows the etched (OOOl)Si surfaces of the central and 
peripheral regions of a 6i7-SiC wafer. As seen in the figure, the central region 
of the wafer appears free of low angle grain boundaries, while the peripheral 
region often contains polygonized low angle grain boundaries. 

Powell et al. [51] analyzed SiC wafers by crossed polarizer imaging and 
found that the wafers had three distinct regions: (i) the central region free 
of contrast, (ii) the cross-hatched region (contrasts due to localized strain 
fields at low angle grain boundaries) surrounding the central area and (iii) 
the wafer rind, composed of polycrystalline SiC. They claimed that, to ex- 
pand the central region of a better crystallinity, a high degree of control of 
both the transient and continuous thermal profiles is required. To achieve 
this, they employed a numerical modeling of the heat dissipation and flow 
in the growth reactor and developed an optimal design and growth process 
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Fig. 8. Etch pit features on the (OOOl)Si surface of a 6-ff-SiC wafer: (a) the cen- 
tral and (b) the peripheral regions. The central region appears free of low angle 
grain boundaries, while the peripheral region contains polygonized low angle grain 
boundaries 



for the single crystal area expansion. Hofmann et al. [52] also pointed out 
the critical role of the numerical growth process analysis. After adjustment 
of heating distribution and modification of the thermal insulation, they suc- 
cessfully achieved the reduction of stress variations due to low angle grain 
boundaries. 

Optimized crucible design and growth processes have been pursued to 
minimize the undesirable temperature gradients existing in SiC crystals dur- 
ing growth, with the aid of the numerical simulation of temperature profile 
inside the crucible (for a recent review of the numerical simulation of SiC 
bulk crystal growth see the contribution by M. Pons et al. in this book). 
This effort has recently led to the demonstration of a low crystal mosaicity 
two-inch 4iJ-SiC wafer [53] , which shows a series of single diffraction peaks of 
X-ray rocking curve across the wafer, as narrow as a few tens of arcseconds, 
indicating that the wafer possesses a low crystal mosaicity. 



3 Growth Perpendicular to the c-Axis Direction 

3.1 Advantages over the Growth Along the c-Axis 

Recently a drastic improvement in the channel mobility has been demon- 
strated for SiC MOSFETs on the (1120) surface [54, 55]. SiC MOSFETs 
on the (1120) surface showed a markedly enhanced channel mobility com- 
pared to that of the conventional MOSFETs fabricated on the (0001) sur- 
face. Some additional advantageous characteristics have also emerged about 
thin film epitaxy [56] and ion implantation [57] for the SiC(1120) surface, 
and these outstanding achievements have naturally spurred interest in bulk 
crystal growth in the [1120] direction. Bulk crystal growth in this direction is 
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essential for the fabrication of SiC(1120) substrates having a large diameter 
and reasonable uniformity of doping concentration. 

A major advantage of growth perpendicular to the c-axis is micropipe sup- 
pression. Takahashi et al. proved that micropipes can be eliminated in SiC 
crystals grown in the [1100] and the [1120] directions [58, 59], which are nat- 
urally favored growth directions in the Acheson and Lely growth processes. 
They ascribed the micropipe suppression to the different strain relaxation 
mechanism in the growth perpendicular to the c-axis. Strain relaxation (de- 
fect formation) processes depend on the crystal growth direction and differ 
largely between the crystals grown along the c-axis and perpendicular to the 
c-axis [13]. 

Another advantage of growth in the [1100] and the [1120] directions is 
polytype control [59]. The polytypic structure of the grown crystal perfectly 
succeeds that of the seed crystal in the [1100] and [1120] growth: 6iL always 
grows on a QH part of the seed, and AH always grows on a AH part of the 
seed crystal, independently of the growth conditions such as the growth tem- 
perature and Ar pressure. These results are reasonably understood from the 
fact that the information on the stacking sequence of atomic layers appears 
on the (1100) and the (1120) growing surfaces. 

3.2 Dislocations and Crystal Mosaicity 

The dislocation structure and crystal mosaicity of SiC bulk crystals grown in 
the [1100] and [1120] directions have been reported by Takahashi et al. [13] 
and Katsuno et al. [48]. Takahashi et al. [13] investigated the dislocation 
structure of 6iL-SiC crystals grown in the [1100] direction by X-ray topog- 
raphy, HRXRD and defect selective etching. They revealed that the crystal 
does not contain defects having displacements along the [1100] growth direc- 
tion, such as screw dislocations, and that a number of edge dislocations with 
a 1/3(1120) Burgers vector are introduced at the initial stage of growth and 
extend along the [1100] growth direction. They also measured X-ray rocking 
curves from a {0001} wafer vertically sliced along the [1100] growth direc- 
tion and showed that the rocking curves exhibited an anisotropic behavior. 
The rocking curve with incident plane parallel to the [1100] growth direction 
showed a narrow single symmetrical peak with a FWHM of 20 arcsec, which is 
as good as that for high-quality Lely platelets, and as the wafer was scanned 
along the growth direction, the rocking curve hardly changed for the peak po- 
sition and FWHM. On the other hand, the rocking curve showed split peaks 
by about 200 arcsec when the X-ray incident plane was perpendicular to the 
growth direction. Takahashi et al. [13] attributed this anisotropic behavior of 
X-ray rocking curves to the existence of low angle tilt grain boundaries (edge 
dislocation walls) extending in the [1100]-(0001) plane, which provided a tilt 
around the growth direction. 

Recently Katsuno et al. [48] re-examined the above interpretation and 
obtained similar results to those of Takahashi et al. [13] for 4iL-SiC crystals 
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Fig. 9. 0004 X-ray rocking curves acquired from a (0001) wafer vertically sliced 
from a [1120] grown 4_ff-SiC crystal. The incident plane was (a) parallel and (b) 
perpendicular to the [1120] growth direction 



grown in the [1120] direction; a {0001} wafer vertically sliced along the [1120] 
growth direction showed anisotropic X-ray rocking curves. Figure 9 shows 
the results of the X-ray rocking curve measurements. The incident plane of 
diffraction was chosen either (a) parallel or (b) perpendicular to the [1120] 
growth direction. The rocking curve with the incident plane parallel to the 
growth direction (Fig. 9a) shows a single diffraction peak with a FWHM of 
60 arcsec, and the peak position and FWHM hardly changed for the wafer 
scans along the growth direction. On the other hand, the rocking curve with 
the incident plane perpendicular to the growth direction shows split peaks 
by about 350 arcsec (Fig. 9b). The positions and separation of these split 
peaks slightly varied for scans across the wafer. These results suggested that 
the crystal contained domains separated by low angle tilt grain boundaries 
extending in the [1120]-(0001) lattice plane. 

They also examined a horizontally sliced (1120) wafer from a 4if-SiC 
crystal grown in the [1120] direction, where the rocking curves were measured 
with the incident plane parallel to (0001) and [1100]. For both diffraction 
geometries, the rocking curves showed a narrow single symmetrical peak with 
FWHM of 20-30 arcsec, indicative of very small mosaicity in the (1120) lattice 
plane. 

In their experiments, a seed crystal prepared from a 4i7-SiC crystal grown 
in the [OOOT] direction was used. The seed crystal did not have the kind of 
anisotropic mosaicity in the (0001) lattice plane that they have observed 
in the [1120] grown crystal, and thus the observed (0001) mosaicity in the 
[1120] grown crystal was caused by the growth process itself. It was also 
revealed that the mosaic structure abruptly changed between the seed and 
grown crystals; the anisotropic mosaicity in the (0001) lattice plane almost 
fully evolved after crystal growth of about 1 mm in length from the seed and 
grown crystal interface. 

The anisotropic mosaicity in the (0001) lattice plane is assumed to stem 
from rearrangement of basal plane dislocations. They are directed approxi- 
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mately along the [1120] growth direction and arrayed in the (0001) direction 
during growth. The basal plane dislocations are mainly inherited from the 
seed crystal and also often introduced by improper surface preparation of seed 
crystal [60] . The glide and climb motions of the basal plane dislocations are 
even more highly activated during growth, compared to the (0001) threading 
edge dislocations, since the Peierls energy is minimum for the basal plane 
glide. The observed drastic change in the mosaic structure between the seed 
and the grown crystals would result from these fast rearrangement processes 
of the basal plane dislocations. 

3.3 Stacking Faults 
3.3.1 General Features 

Micropipe formation is fully suppressed by growth perpendicular to the c- 
axis. At the same time, however, the growth brings about another problem, 
which is the stacking fault formation during growth. Takahashi et al. observed 
linear etch pits extending along (1120) on the etched (1100) surface of a [1100] 
grown 6i?-SiC crystal [61]. By a direct comparison with X-ray topographs, 
they concluded that the etch pits are caused by the stacking faults in the 
basal plane. 

Figure 10 shows (a) a high-resolution transmission electron microscope 
(HRTEM) image of a stacking fault in a 6iJ-SiC [1100] grown crystal and 
(b) a corresponding schematic stacking sequence of Si-C bilayers along the 
c-axis. In Fig. 10a, the dot images correspond to Si-C pairs and the alternate 
bright and dark bands correspond to the ACB:ABC stacking sequence; each 
comprises three Si-C double layers. A slightly thicker dark band, indicated 




Fig. 10. (a) HRTEM micrograph of stacking fault in a GH [1100] grown crystal, 
and (b) a corresponding schematic stacking sequence of Si-C bilayers along the 
c-axis 
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by an arrow, can be seen in the middle of the figure. The band consists of 
four Si-C double layers and the local stacking sequence is ACB:ACA:BCB, 
which represents an extrinsic type stacking fault. HRTEM observations over 
a reasonable number of specimens revealed that most of the stacking faults 
are produced by an excess or lack of single Si-C double layer. 

The stacking fault density increases as growth proceeds. Once the stacking 
faults are generated, they proceed to grow and are not terminated. Stacking 
faults are hardly observed in the (0001) grown seed crystal, and there are also 
very few stacking faults introduced at the interface between the seed and the 
grown crystals, implying that the stacking fault formation occurs throughout 
the entire growth process rather than at the initial stage of growth. 

Stacking fault formation strongly depends on the crystal growth direction 
and grown polytype [61]. In particular, the d>H [1100] grown crystal contains 
a large number of stacking faults, with densities at least 10 times higher than 
those for the QH [1120] grown crystal and 10^ times higher than those for the 
QH [0001] grown crystal. By contrast, for 4iJ-SiC, the [1100] and [1120] grown 
crystals have similar densities of stacking faults, though both still contain a 
higher density of stacking faults than the AH [0001] grown crystal. 



3.3.2 Formation Model of Stacking Faults 

Based on the results described in Sect. 3.3.1, Takahashi et al. have ascribed 
a major cause of stacking fault formation to the SiC growth kinetics on the 
(1100) surface [61], where fiuctuation of the bonding configuration of Si-C 
tetrahedral on the (1100) growing crystal surface causes stacking faults. The 
QHSiC (1100) surface is assumed to comprise (1102) and (1102) microfacets 
of three Si-C double layers, which are alternately arranged in the (0001) di- 
rection. When the nucleation occurs on the microfacet, there are two possible 
bonding configurations, i.e. staggered and eclipsed bonding configurations of 
Si-C tetrahedra. The two configurations have a small energy difference [62], 
and thus while the staggered configuration is the most favorable in terms of 
bulk total energy, the eclipsed bonding configuration is also kinetically estab- 
lished during growth. Stacking faults are caused by this kinetically-induced 
misarrangement of surface adatoms. When a bilayer island with the eclipsed 
bonding configuration nucleates on the microfacet, it brings about regions 
of disregistry at the microfacet boundaries. Stacking fault formation may re- 
lax this disregistry and relieve the associated large localized strains at the 
boundaries. 

The difference between QH (1100) and AH (1100) is the width of micro- 
facets; narrower microfacets on AH (1100). This causes a large difference in 
the nucleation behavior of surface adatoms, i.e., they more frequently nu- 
cleate at the microfacet boundaries. When a bilayer island nucleates over 
the microfacet boundary, the bond configuration is uniquely determined, and 
regions of disregistry do not happen. 
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The surface kinetics model proposed by Takahashi et al. [61] well accounts 
for the observed dependence of stacking fault density on the crystal growth 
direction and the polytype of grown crystals; 4iJ-SiC crystals grown on the 
(1120) surface exhibit a lowest stacking fault density. Stacking fault density, 
however, is still high compared to the crystals grown on the (0001) surface. 

A similar mechanism to that on the (1100) surface is proposed for the 
stacking fault formation on the (1120) growing surface [63], where occur- 
rences result from the formation of the (1010) and (0110) facets on the (1120) 
growing surface. The (1010) and (0110) facets are likely to be kinetically in- 
duced on the (1120) growing surface since they are singular surfaces closest to 
(1120) (30° inclined from (1120)) and have a lower surface energy compared 
to (1120). On these (1010) and (0110) facets, stacking fault formation occurs 
in the same manner as on the (1100) surface. 



3.3.3 Reduction of Stacking Faults 

Recently it was found that an introduction of an off-angle at the (1120) 
crystal growth surface would be a successful strategy to prevent stacking fault 
formation [63]. The effect of off-angle growth on stacking fault formation is 




(0001] „ — ®[iroo] 




Fig. 11. Etched (1100) surface of wafers vertically sliced along the growth direction 
from 4J/-SiC crystals grown in the [1120] direction on a well-oriented seed crystal; 
(a) the near seed crystal and (b) the near top growth surface regions, (c) and (d) 
show the near top growth surface regions of 4R-SiC crystals grown on a 10° off- 
oriented seed crystal from the (1120) surface toward (c) [0001]Si and (d) [1100], 
respectively 
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illustrated in Fig. 11. Figures 11a, b show the etched (1100) surfaces of wafer 
vertically sliced along the growth direction from a 47?-SiC crystal grown on 
a well-oriented (1120) seed crystal. The figures correspond to (a) the near 
seed crystal and (b) the near top growth surface regions, respectively. The 
observed linear etch pits extending along the growth direction were caused 
by the stacking faults in the basal plane. As shown in Fig. 11b, a number of 
stacking faults were introduced during growth on a well-oriented (1120) seed 
crystal. The etch pits were barely observed in the near seed crystal region 
(Fig. 11a) and the etch pit density gradually increased along the growth 
direction. The stacking fault density at the near top growth surface region, 
which had the highest stacking fault density, was typically 100-150 cm“^. 

The results for the growth on off-oriented (1120) seed crystals toward 
[OOOlJSi and [ITOO] are shown in Figs. 11c, d; both figures correspond to the 
near top growth surface regions of the crystals. The degree of off-orientation 
was 10° from the (1120) surface for both crystals. The growth conditions 
were the same as in Fig. 11b with the exception of the off-orientation of the 
seed crystal. As seen in Fig. 11c, very few stacking faults were detected for 
the growth on a (1120) seed crystal 10° off-oriented toward [OOOlJSi. 

41?-SiC crystals were also grown on a (1120) seed crystal off-oriented 
toward [000T]C, and this growth similarly resulted in the reduction of stacking 
fault density. On the other hand, no such reduction was observed for the 
growth on a (1120) seed crystal off-oriented toward [1100]. The stacking fault 
density rather increased when the seed crystal was off-oriented toward [1100] 
(Fig. lid). 

The dependence of stacking fault density on the degree of off-orientation 
is summarized in Fig. 12, where the stacking fault density is plotted against 
the degree of off-orientation from the (1120) seed crystal surface. As seen in 
the figure, the stacking fault density rapidly decreases as the off-orientation 




Fig. 12. Dependence of stacking 
fault density on the degree of off- 
orientation from the (1120) seed 
crystal surface toward [0001]Si and 
[1100]. The stacking fault density was 
measured at the near top growth sur- 
face region 
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toward [0001]Si is increased. Although the average stacking fault density was 
10 cm“^ for the crystal grown on a 10° off-oriented seed crystal, which was 
estimated at the near top growth surface region, significant portions of the 
grown crystal were free of stacking faults. 

The introduction of the off-orientation of seed crystal toward (0001) is as- 
sumed to prevent the (1010) and (0110) facet formation through modification 
of the surface growth kinetics and suppress the stacking fault formation. The 
fact that off-orientation toward [1100] increases the stacking fault density 
lends support to this assumption. 



4 Conclusion 

The recent studies of defect formation during PVT growth of hexagonal 
SiC bulk crystals have been overviewed. The defects commonly observed in 
PVT grown SiC bulk crystals, such as micropipes, dislocations, mosaicity and 
stacking faults, have been discussed in terms of their origins and formation 
mechanisms. These crystallographic defects have been extensively investi- 
gated over the past several years and their densities have been significantly 
reduced. Nevertheless, there still remains increasing demand for SiC bulk 
crystals with better crystalline quality. Further deeper understanding of the 
crystal growth process and the defect formation mechanism is required to 
implement SiC crystals with increased diameter and higher crystallographic 
perfection. 
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High Nitrogen Doping During Bulk Growth 
of SiC 



H.-J. Rost, D. Schulz, and D. Siche 



1 Introduction 

Nitrogen is the most important shallow donor impurity in SiC and the ioniza- 
tion energy is lower in the 4i? polytype compared to 6i7-SiC. Dependent on 
the lattice site the activation energy is in the 60 meV range for the hexagonal 
site and is twice as high for the cubic site [2]-[5]. Highly conducting 4iJ-SiC 
substrates of high crystalline quality are one of the most important prereq- 
uisites for power electronic devices. The specific resistance should be as low 
as possible and n-type resistivities lower than 10 mflcm have been reported 
for both 6H- and 4i/-SiC [1]. 

Usually nitrogen is incorporated via implantation or during crystal growth, 
since reasonable diffusion rates can only be achieved at rather high temper- 
atures. On the other hand, annealing at temperatures between 1300°C and 
1750°C is required after implantation due to high subsurface damage [6]- 
[8]. Consequently, most often nitrogen or nitrogen containing gases are used 
for the doping process during growth. The nitrogen doping during chemical 
vapor deposition (CVD) and the dependence on input C/Si ratio, growth 
temperature and process pressure have been investigated in detail by differ- 
ent groups [2, 9, 10]. The site-competition principles are met at C/Si ratios 
higher than 0.3, whereas the nitrogen doping becomes less sensitive to the 
C/Si ratio on both the Si- and the C-terminated faces at C/Si ratios below 
0.3 [9]. The nitrogen incorporation during high temperature-CVD (HTCVD) 
in a chimney reactor is of great interest with regard to bulk growth due to 
comparable growth rates. Thermal activation energies of the nitrogen incor- 
poration of 200 kcal/mol for the Si-face and 108 kcal/mol for the C-face of 
4i7-SiC samples were obtained [11]. It was also found, that the total pressure 
has a strong effect on the nitrogen incorporation efficiency, allowing lower 
doping at the lower pressure [12]. Epitaxial layers can also be grown by a 
closed space sublimation method and data on the nitrogen doping have been 
compiled [13]. 

In sublimation grown crystals nitrogen is the most abundant background 
impurity. Most of the crucible parts are commonly made of graphite and 
therefore an almost infinite source of adsorbed nitrogen. Intentional doping 
is used for the preparation of highly conductive substrates. A special appli- 
cation of nitrogen during bulk crystal growth is the use as interface marker. 
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Either the nitrogen supply is interrupted or its partial pressure is increased 
for a certain time period resulting in a marking of the growth interface. By 
means of these doping marks the time dependence of the growth rate and 
the interface shape can be investigated. The slope of the nitrogen concentra- 
tion increase from background level to the maximum value remains almost 
unchanged during growth, because within one crystal the first doping mark 
has been found to be as sharp as the last one. Therefore, nitrogen diffusion 
should be negligible in the crystal. 

In this work different aspects of nitrogen doping during bulk crystal 
growth of AH- and QH-SiC by the modified Lely method as well as effects on 
the crystal properties will be discussed. Sublimation growth of 4iJ-SiC can 
only be performed on the C-terminated seed face and the range of suitable 
growth parameters is much smaller than for 6iL-SiC. Therefore, the limits of 
growth parameters are rather narrow. In general, only high quality crystals 
(micropipe density < 100 cm“^) have been taken into consideration for the 
present analysis. 



2 Nitrogen Incorporation 

Nitrogen can be easily introduced into the crystal during sublimation growth 
using a controlled N 2 gas flow. This allows to adjust the donor concentration 
above the background n-type doping level which is defined by outgassing 
of N 2 embedded in the graphite of the growth chamber. Using electrical 
characterization and X-ray investigations Lely concluded, that nitrogen is 
incorporated at carbon sites into the growing crystal [14]. This was confirmed 
by electron spin resonance studies a few years later and up to date there is 
no evidence of any other occupancy [15]. According to these investigations 
nitrogen substitutes uniformly into the inequivalent carbon sites. 

The incorporation kinetics have been studied in terms of several growth 
parameters. It was found that the growth rate hardly influences the doping 
concentration, indicating that nitrogen incorporation is not kinetically lim- 
ited at typical growth rates (0.41-1.1 mm/h). Furthermore, the incorporation 
is not limited by the gas flow into the chamber, it is solely determined by the 
partial pressure pn 2 - On the other hand, surface polarity and polytype were 
found to influence the nitrogen incorporation kinetics at the growth front. 
By optimizing the growth conditions, bulk resistivities as low as 5.3 mflcm 
were obtained for 4iL-SiC [18]. 

In Fig. 1 the increase of the nitrogen concentration [N] with increasing 
nitrogen to argon ratio is shown. Basically, the nitrogen concentration is 
higher in C-face grown SiC compared to Si-face grown crystals and the ratio 
[N] 6 if/[N] 4 H is greater than unity, which will be discussed later. In addition, 
[N] tends to saturate at a certain N 2 /Ar level. The difference in the abso- 
lute nitrogen concentration in 6iL-SiC is most probably due to the growth 
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Fig. 1. Nitrogen concentration versus nitrogen to argon ratio [squares: [16], trian- 
gles: [17]) 



conditions used by both authors. For 4i?-SiC commonly a lower growth tem- 
perature is applied. 

An attempt for the phenomenological description of the impurity incor- 
poration mechanism was made by using a adsorption-desorption model [19]. 
A Langmuir isotherm type equation 

m = [K-pY/[i+K-pr ( 1 ) 

[p: pressure, K: ratio between adsorption and desorption rate, x: exponent) 

can be fitted to the data. The exponent is set either to unity or to 1/2, the 
latter being valid for taking dissociation into account. The analysis for QH- 
SiC reveals, that [N] is not proportional to the square root of pn 2 [20]. Data 
are given in Table 1. 

A kinetic parameter K larger than unity implies, that the adsorption rate 
is higher than the desorption rate. This corresponds to the use of nitrogen 
for the marking of the growth interface. Nitrogen is easily incorporated into 
the growing crystal and the desorption is suppressed. Furthermore, the large 
relative error in case of the Langmuir isotherm with dissociation leads to the 
assumption, that the nitrogen incorporation is a non-dissociative process, as 
far as the Langmuir theory is concerned. This seems to be in contradiction to 



Table 1. Kinetic parameter K for non-dissociative [x = 1) and dissociative case [16] 



Orientation 




K 




X 


C-face 


36.2 


± 


9.6 


1 




2.5 


± 


0.9 


0.5 


Si-face 


46.7 


± 


17.2 


1 




2.9 


± 


1.3 


0.5 
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Table 2. Available data concerning nitrogen solubility 



Polytype 


Temperature 

K 


Solubility limit 
cm“® 


Resistivity 

mflcm 


Method/Remark 


Ref. 




1660 


2 


• 10^° 




SIMS 


[21] 




1873 


3 


• lO^® 




Hall-effect 


[22] 




2023 


> 1 


■ 10^° 




Hall-effect 


[23] 




2723 


2.6 


• 10^° 




mass spectr. 


[23] 


47/ 


2373-2523 


4 


■ lO^® 


4.5 


SIMS/eddy current 


[24] 


4// 




5 


• 1019 


7.0 


SIMS/4point probe 


[25] 


4// 


2348 


3 


• 1019 




SIMS 


[26] 


4// 








2.8 




[27] 


m 








1.6 




[27] 


4//-C 


2503 


1.1 


■ 10^9 


5.3 


SIMS/Hall-effect 


[18] 


6H-C 


2553 


2 


• 10^9 


7.6 




[18] 


4//-C 


2503-2553 


3.5 


■ 1019 




SIMS/Hall-effect 


[19] 


6//-C 


2503-2553 


8 


• 1019 






[19] 


4H+6H 




3 


■ 1019 






[28] 


AH 




2.5 


■ 1019 






[29] 


AH 




3 


• 1019 






[30] 


m 




> 1 


• 10^9 






[31] 


AH+6H 




6 


• 10^9 






[32] 



the fact, that molecular nitrogen has never been detected in silicon carbide 
so far. 

The solubility limit for nitrogen can be gathered from various analyses, 
but the data deviate strongly caused by different growth conditions. A compi- 
lation is shown in Table 2. Since mostly no information is given about growth 
parameters and crystal quality, the direct comparison is rather complicated. 

In contrast to the modified Lely method, where the nitrogen contain- 
ing gas has to diffuse through porous media, an increased incorporation was 
achieved by the use of a modified growth configuration. An additional nitro- 
gen gas flow through a graphite pipe, mounted in the source region, was ad- 
justed [31]. In comparison with the conventional sublimation the carrier con- 
centration was significantly higher, n > 1 • 10^° cm“^ instead of 1 • 10^® cm“^. 

2.1 Influence of the Growth Temperature 

There is only limited information available about the temperature depen- 
dence of the nitrogen incorporation for the modified Lely method. Commonly 
it is assumed, that with increasing growth temperature the nitrogen concen- 
tration decreases [27]. 
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Fig. 2. Axial distribution of nitrogen versus normalized length, C-V measurements 



The axial nitrogen distribution of two 6iJ-SiC crystals is shown in Fig. 2. 
Crystal A was grown at a constant control temperature, whereas for crystal B 
the temperature was varied. Following five temperature steps, crystal B was 
grown at —40, —20, ±0, +20 and +40 K with respect to the temperature of 
crystal A. Although in both crystals a slight [N] decrease is observed with 
increasing crystal length, the difference in nitrogen concentration is rather 
small and certainly within the measurement error. Only in the last grown 
crystal part a higher growth temperature results in a somewhat lower nitro- 
gen concentration. One has to keep in mind, that by changing the growth 
temperature the growth rate also changes. Therefore a separation of influ- 
encing parameters is often limited. 

2.2 Seed Orientation and Homogeneity 

As already shown, the nitrogen incorporation is also influenced by the seed 
orientation. In both polytypes, AH- and 6Ff-SiC, the highest concentration 
is observed in C-face grown crystals (Fig. 3). Because nitrogen competes for 
the carbon lattice site, the concentration is expected to be higher in (OOOl)C 
grown crystals and was found to be about twice as high compared to (0001) Si 
in 6i^-SiC. 

Nitrogen incorporation on the Si-face agrees well with the site-competition 
model, while it is more complex on the C-face [9]. The difference in surface 
morphology between the polar faces is assumed to be the determining factor, 
because the [N] is almost insensitive to the C/Si ratio during growth on the 
C-face. 

Usually bulk crystal growth is performed on slightly off-oriented seeds. 
This off-orientation is in the range of 2°-8° from the basal plane for QH- 
and 4i7-SiC respectively. Since the basal plane incorporates more nitrogen 
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than any other crystallographic plane it can be recognized as a region of 
higher absorption. In Fig. 4 the ratio between [N] of the facet area and the 
concentration in the non-facetted area for 4if-SiC grown on off-oriented seeds 
is shown. In unintentionally doped crystals this ratio does not exceed a factor 
of two and is rapidly decreasing with doping. Already at 15% nitrogen in the 
growth ambient ([N] > 10^® cm“^) the nitrogen concentration in the c-plane 
is only slightly above the average [N] of the wafer. 

The fact, that on the C-face of 6FT-SiC more nitrogen is incorporated 
than of 4iJ-SiC, can not be explained by the site-competition model. With 




Fig. 4. Ratio of [N] in the facetted region to that outside versus the N 2 concentra- 
tion in the gas 
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regard to the structural properties the polytypes only differ in the stacking 
sequence and therefore the surface atomic arrangement should be similar. 
However, the surface morphology is rather different even in unintentionally 
doped crystals. Investigating the morphology of 6i^-SiC Ohtani et al. found 
a different behavior of the (OOOl)Si face compared to the (OOOl)C face [33]. 
Whereas step height and distance remained unchanged when intentional ni- 
trogen doping was applied on the Si-face, there was a strong increase observed 
on the C-face up to ten times the unit cell height and a macrostep spacing 
in the micrometer range. Furthermore, the macrosteps meandered and were 
directed along the (1100) directions. 

A strong influence of nitrogen on the growth morphology is also observed 
on 4Fl-SiC crystals grown on 8° off-oriented substrates. Growth defects can 
be reduced during sublimation growth by the use of nitrogen [34]. In addi- 
tion, the macrostep height is reduced upon nitrogen doping not only on the 
(OOOl)C-plane but also in the off-orientation area of flat crystal interfaces. 
Consequently, in case of 4iJ-SiC the effect of polytype stabilization by nitro- 
gen is rather due to a change in surface morphology than to the influence of 
nitrogen on the C/Si ratio in front of the interface. Since nitrogen replaces for 
the carbon atom, the C/Si ratio should increase in the vapor phase, but ac- 
cording to the experiments no evidence has been found. The transformation 
of 4iJ-SiC to other polytypes has been mostly observed on the c-plane. 

Moreover, the higher nucleation rate on the C-face can be attributed to 
a lower surface diffusion length of adatoms. This is one reason for polytype 
instabilities in 4i7-SiC sublimation growth. Information about the stacking 
sequence could be lost due to 2D nucleation on large terraces between neigh- 
boring steps. The addition of nitrogen may increase the adatom mobility and 
hence migration to steps is preferred to nucleation. 



3 The Increase of Conductivity in 4i/-SiC 

For substrates of low resistivity it is of special interest to explore the electrical 
and structural crystal properties in the range of high N doping levels above 
10^® cm“^. Therefore, 4i7-SiC single crystals of 35 mm in diameter with an 
average length of about 12 mm were grown on off-oriented (0001) C 4iJ-SiC 
seeds in the temperature range from 2100 to 2250°C. The nitrogen was mixed 
to the argon growth atmosphere in the composition range from 0 to 100%. 
For a first series of crystals the doping gas was added to a constant carrier 
gas flow, whereas for a second one the total gas flow remained constant. 

SIMS was used to determine the chemically incorporated nitrogen con- 
centration. The electrical properties were investigated at room temperature 
(RT) by capacitance- volt age {CV), Hall effect and conductivity as well as 
contactless eddy current measurements. Furthermore, the crystals were char- 
acterized by i?T-photoluminescence (PL) recorded for wavelengths from 350 
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Fig. 5. Chemical nitrogen ([N]), net doping (Nu-Na) and charge carrier concen- 
tration (n) at RT in nitrogen doped crystals outside the growth facet 



to 800 nm and scanning electron microscopy (SEM) combined with cathodo- 
luminescence (CL) and the selected area channeling pattern technique. 

As a result the influence of the total gas amount on the doping behavior 
could be neglected. Furthermore, it was found that the unintentional nitrogen 
doping was in the range of 10^®-10^® cm“^ due to the memory effect. Already 
some percent of N 2 in Ar increases this level to about 10^® cm“^. At higher 
N 2 concentrations in the atmosphere, the crystals seem to be saturated with 
[N] « 4 • 10^® cm“^. 

In Fig. 5 these results are compared with the net donor concentration 
(CV) and the electron concentration (Hall effect) at RT [24]. The CV method 
was limited to concentrations below 1.5 • 10^® cm“^. The blocking current 
through the Schottky contacts became to high at higher doping level (tunnel 
effect) and resulted in contact problems. The deviations between the CV- 
and the Hall effect parameters are due to the incomplete donor ionization 
at RT. More interesting is the feature that the chemical nitrogen concen- 
tration generally exceeds the net donor concentration. The concentration of 
compensating acceptor impurities like [B] and [Al] was measured in the range 
of 10^® cm“® and therefore, it cannot be responsible for this deviation. Rea- 
sons may be the increased probability that nitrogen atoms occupy other than 
carbon sites as well as to form complexes. The expected decrease of the re- 
sistivity with increasing nitrogen concentration is shown in Fig. 6. Values 
as low as 4.5 mflcm are achieved for growth in pure nitrogen atmosphere. 
Some of the differences between the two doping series may be explained by 
an inhomogeneous distribution of grown-in crystal defects resulting in differ- 
ent average resistivities. Measurements of the Hall mobility which were only 
possible for low N 2 doping concentrations up to 10% (measurement of volt- 
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Fig. 6. Resistivities obtained for different N2 doping gas concentrations (contactless 
eddy current measurements) 



age drops at low resistive samples was crucial) show a strong decrease from 
nearly 600 cm^/Vs (“undoped”) to values between 50 and 100 cm^/Vs. 

Already some percent of N 2 in argon increase the nitrogen level to about 
10^® cm“^, the saturation seems to be at [N] « 4-10^® cm“^ (corresponding to 
4.5 mflcm). Generally, the net donor concentration is less than the chemical 
nitrogen concentration. The reason is not yet understood. 



4 Stacking Fault (SF) Formation 

Recently, the formation of stacking faults has been reported, which sometimes 
resulted in a polytype transformation from AH to 3C, induced by oxidation 
of n^-dit-SiC crystals [35]-[37] or by annealing in argon gas [38]. In highly 
doped ([N] = 1.7 • 10^® cm“^) 4i7-SiC-CVD layers single and multiple SF 
layers are formed during dry thermal oxidation at 1150°C. Stacking faults 
on neighboring (0001) planes form bands of the 3C polytype. It was sug- 
gested that this polytype transformation may be the result of nucleation and 
propagation of 1/3(1010) Shockley partial dislocations on basal planes. They 
may relieve the strain produced by the stresses due to heavy doping [36, 37]. 
The induced strain in 4iJ-SiC crystals, nitrogen doped up to a concentration 
of 2.5 • 10^® cm“^, was explained with the assumption, that nitrogen atoms 
affect the inter-planar spacing [29]. As [N] increases, the lattice parameter 
decreases. 

Nearly 35 SF /gm were formed during annealing of n“'"-type CVD grown 
layers at 1150°C for 90 min in argon gas. All stacking faults terminated at 
the substrate/layer interface. Point defect coalescence was excluded as a fault 
formation mechanism [38]. 
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The spontaneous formation of stacking faults in highly doped 4if-SiC 
during annealing was also studied by Kuhr et al. [30]. In wafers with [N] 
= 3 • 10^® cm“^ a density of 80 SF/pm was observed after annealing at 
1150°C for 90 min. Double layer Shockley faults were formed by shear on 
two neighboring basal planes. If the SF is defined by the dissociation of a 
perfect dislocation into two partials, separated by a SF, than one partial can 
be defined as leading and one as trailing with respect to the shear direction. 
At temperatures below 1100°C the trailing partial dislocation is immobile, 
above 1100°C it is mobile and can follow the leading partial dislocation. The 
width of stacking fault ribbons is expected to be narrow (< 70 nm). 

Obviously, such structural deterioration of the substrates must be avoided. 
Concerning the prevention of SF formation near growth temperature two 
ideas were discussed [30]: 

- the hexagonal stacking sequence is more stable than the cubic one at 
higher temperatures, 

- double layer faults could be formed, but there are no nucleation sites 
available. 

A comparison between Ar and N 2 for high temperature treatment of AH- 
SiC substrates resulted in a stable surface for nitrogen ambient at 1650°C 
and a strongly degraded surface at 1900° C compared to the use of argon at 
this higher temperature. On the other hand Ar causes at 1650°C a rough sur- 
face by step bunching. At low pressure the higher the temperature the more 
pronounced the step bunching is. A Gibbs free energy calculation resulted in 
C 2 N 2 and not Si 2 C as the most abundant carbon containing gas species [39]. 
A rough surface could provide nucleation sites for SF formation. 




Fig. 7. 7?T-photoluminescence spectra in dependence on the N 2 doping gas con- 
centration 
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Fig. 8. Scanning electron microscopy images (SE mode) of the off-oriented wafer 
surfaces of two differently N2 doped crystals 



In this work 4iJ-SiC single crystals of different [N] have been grown by 
sublimation. After wet oxidation wafers were investigated to find a compro- 
mise between structural perfection and high electrical conductivity [24]. 

In the i?T-photoluminescence spectra the bandgap emission (394 nm) de- 
creases whereas the intensity of a PL band at about 500 nm increases in 
crystals with [N] > 2 • 10^® cm“^ (Fig- 7, N 2 doping gas concentration of 
28%). This behavior correlates well with the observed increase of the wafer 
warp starting at the same concentration range. In order to investigate this 
effect in more detail two samples from crystals grown with different N 2 dop- 
ing gas concentrations (10% and 66.6%) having different PL peak intensities 
were analyzed by SEM. Using the secondary electron (SE) mode, the images 
of the wafer surfaces, presented in Fig. 8, show different densities of stripes 
between both samples. The direction of the stripes is found to be parallel 
to the growth steps. Due to the off-orientation we observe at the wafer sur- 
face the intersecting lines of planar defects being parallel to the basal plane. 
The stripes are not homogeneously distributed across the investigated sam- 
ple areas and their density is directly related to the nitrogen concentration. 
Within one sample, the highest stripe density is always observed in the region 
of the growth facet. i?T-cathodoluminescence measurements showed that the 
stripes are associated with the luminescence band at 500 nm whereas outside 
the stripes the 394 nm band, characteristic of the AH polytype, dominates. 
Although electron channeling patterns of areas of high planar defect density 
are blurred, they indicate only the AH polytype (Fig. 9). Obviously, there is 
no complete polytype transformation. 

Referring to the investigations on structural defects in 4iL-SiC crystals of 
low n-type resistivity of the authors, mentioned at the beginning of this chap- 
ter, we assume the formation of double stacking faults in our crystals. The 
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Fig. 9. Selected area channeling pattern (stripe density: (A) high; (B) low) 

faults could be generated by gliding of partial dislocations on basal planes. 
Liu et al. observed exclusively double stacking faults spontaneously gener- 
ated in heavily nitrogen doped 4iJ-SiC [40]. Therefore, each fault consists of 
only six bilayers stacked in a cubic sequence. Furthermore, it was proposed 
that the stacking faults act as quantum wells. Calculations have shown, that 
localized trenches in the conduction band are formed and electrons occupy- 
ing these trenches can lower their energy by nearly 600 meV [41]. This could 
explain the PL band at 500 nm instead of the 541 nm peak which is char- 
acteristic of pure 3C-SiC. The high i?T-PL intensities of the 500 nm bands 
observed in our crystals support this idea. Since the stacking fault forma- 
tion seems to be spontaneously driven for nitrogen concentrations in crystals 
exceeding about 2 • 10^® cm“^, the usefulness of higher doping for 4iJ-SiC 
substrates appears to be fundamentally questionable. 



5 Wafer Properties 

The influence of the nitrogen doping on the mechanical wafer properties was 
of special interest. Geometrical parameters of polished wafers have been es- 
timated using a surface profiler. The investigated wafers were cut at similar 
axial positions in the different crystals. After the mechanical treatment the 
wafer warp is in the range of 10-20 |4m up to a nitrogen concentration in 
the gas of about 30% and is strongly increasing at higher concentrations by 
a factor of 3-4 (Fig. 10). The stacking fault formation starts in the same 
doping region ([N] > 2 • 10^® cm“^ in the crystal or 28% in the gas) like the 
increase of the macroscopic wafer warp. There seems to be a maximum in 
wafer warp in the range of 60-80% N 2 in the gas. 

The roughness i?z versus N 2 doping gas concentration is shown in Fig. 11. 
There was no significant dependence, but a slight trend to higher values has 
been found. The differences between both series reflect an improved wafer 
technology. 

Searching for the mechanism of warp generation the ratio of the nitrogen 
concentration in the facetted region to the concentration outside this region 
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Fig. 10. Maximum wafer warp vs. N 2 doping gas concentration 
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Fig. 11. Ronghness versus N 2 doping gas concentration on the polished C-side 



is shown vs. the N 2 concentration in the gas (Fig. 4). The ratio decreases and 
therefore, it can hardly be responsible for the increased wafer warp. Beside 
the difference in these two regions the doping is homogeneously and it is not 
understood what the warp mechanism is. 
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6 Conclusion 

Nitrogen doping during bulk single crystal growth of SiC has been studied 
in order to evaluate the ratio between low electrical resistivities desired by 
device manufacturers and the influence of a high doping level on the crystal 
quality. Different interconnected growth parameters affecting the nitrogen 
incorporation complicate the statement of an actual solubility limit as far as 
high quality crystal growth is concerned. The microscopic mechanism has to 
be studied in more detail in order to completely understand the incorporation 
of nitrogen. 

In 6i^-SiC the highest nitrogen concentration (up to 1 • 10^° cm“^) is 
observed when growing on the (OOOl)C face. In 4if-SiC a maximum nitrogen 
concentration of « 4-10^® cm“^ has been achieved. In addition, the difference 
between values measured by SIMS (chemically incorporated) and electrical 
characterization suggests, that not only carbon sites are occupied by nitrogen 
atoms and/or complexes are formed. 

The formation of stacking faults in highly doped 4iJ-SiC is observed. 
These stacking faults lead to characteristic i?T-photoluminescence spectra at 
about 500 nm. An increase of the wafer warp with increasing [N] has been 
measured and starts to become significant at the same nitrogen doping level 
of « 2 • 10^® cm“^. Thermal treatment seems to be a key factor in controlling 
the stacking fault formation. 
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Homoepitaxial and Heteroepitaxial Growth 
on Step-Free SiC Mesas 

P.G. Neudeck and J.A. Powell 



1 Introduction 

Presently, SiC devices are implemented in homoepitaxial films grown on large 
AH- and 6iJ-SiC wafers cut from large SiC boules and with surfaces polished 
3°-8° off-axis from the (0001) basal plane. This conventional approach has 
been largely unable to prevent many substrate crystal defects from propagat- 
ing into SiC epilayers where they have been shown to harm the performance 
of the electronic devices. Furthermore, this approach has also not supported 
the implementation of potentially useful SiC heterojunction devices. 

This article describes recent advancements in SiC epitaxial growth that 
begin to overcome the above shortcomings for arrays of mesas patterned 
into commercial nearly on-axis SiC wafers. These advancements are largely 
based upon properly controlling the SiC growth surface step structure to a 
degree not possible with off-axis wafer polish. First, we show that atomic-scale 
surface steps can be completely eliminated from AH- and 6iJ-SiC mesas via 
on-axis homoepitaxial step- flow growth, forming (0001) basal plane surfaces 
(up to 0.4 mm x 0.4 mm) far larger than previously attained or thought 
possible. Step- free surface areas are then extended by growth of thin lateral 
cantilevers from the mesa tops. These lateral cantilevers enable substrate 
defects to be controllably reduced and relocated in homoepitaxial films in a 
manner not possible with conventional off-axis SiC growth. Finally, growth 
of vastly improved 3C-SiC was achieved on 4iJ-SiC and 6i/-SiC mesas using 
a newly developed step-free surface heteroepitaxy process. The new growth 
developments described in this article should enable a variety of improved 
homojunction and heteroj unction silicon carbide electronic devices. 



2 Background 

In order to appreciate the progress described in the remainder of this article, 
the relevant background and state of prior understanding of SiC epitaxial 
growth on conventional SiC wafers cut to within 10 degrees of the (0001) 
plane is briefly reviewed in this section. Herein, any wafer surface within 0.5° 
of the basal plane shall be called on-axis. The topic of SiC epitaxial growth 
and film defects on non-SiC substrates (such as silicon) and on non-standard 
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SiC surface orientations, such as (1100), (1120), and (0338) is beyond the 
scope of this article [1, 2]. 

There are many possible different crystal structures (i.e., polytypes) for 
SiC, each of which has its own set of semiconductor properties. As better 
described in [3], the crystal structure of each polytype is described by a 
repeated stacking sequence of tetrahedrally bonded Si-C bilayers. The atoms 
in any bilayer can take on one of three positions (labeled as “A”, “B”, or 
“C”) relative to other bilayers in the lattice. The cross-sectional structure 
and associated bilayer stacking sequences of the most commonly produced 
polytypes are shown in Fig. 1. 3C-SiC is the only SiC polytype with a cubic 
crystal structure, and thus is the only SiC polytype with four geometrically 
equivalent (111) stacking directions. There are two rotational variants of 3C- 
SiC, denoted as 3C(I) and 3C(II), that are related to each other by a 180° 
rotation about a stacking direction. The other SiC polytypes have only one 
stacking direction, the (0001) crystallographic c-axis. The close-packed planes 
normal to the stacking directions (i.e., {Ill} for 3C-SiC and (0001) for the 
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Fig. 1. Crystal structure of major SiC polytypes projected onto (1120) or (110) 
planes. The bilayer stacking sequence, c-axis stacking repeat height, in-plane lattice 
parameter (a = 0.3 nm), and corresponding lateral positions of silicon (dark) atoms 
are illustrated. The (0001) basal plane for 4JI-SiC and 6J/-SiC and two of the four 
equivalent (111) planes for 3C-SiC are illustrated by the dashed lines 
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other SiC polytypes) have the lowest defect propagation energies, and are 
thus most favorable for dislocation defect propagation [3, 4]. 

Most SiC electronic devices realized to date are fabricated in well- 
controlled homoepitaxial layers grown on top of commercial AH- and 6iJ-SiC 
wafers cut from large boules. To date, 3C-SiC crystals have suffered from 
excessive densities of extended crystallographic defects, which has largely 
rendered them unsuitable for the realization of beneficial semiconductor elec- 
tronics compared to silicon or AH- or 6i?-SiC. The chemical vapor deposition 
(CVD) technique is widely accepted as offering the most promise for well- 
controlled homoepilayer growth required for mass-production of most SiC 
electronic devices. There are many variations of SiC CVD epitaxial growth, 
and many rely on heating a AH- or 6i?-SiC substrate to growth temperatures 
of around 1300°C to 1600°C in the presence of flowing silicon (often SiH 4 ) 
and carbon (often CsHg) containing gas species in a carrier gas (often H 2 ) at 
various pressures near or below atmospheric pressure [5]-[10]. 

2.1 Role of Steps and Terraces in Epitaxial Growth of SiC 

Control of crystal polytype and minimization of extended crystal defects (i.e., 
dislocations) during SiC epitaxial growth is necessary for the manufacture of 
reproducible SiC electronic devices. The microscopic structure and growth 
evolution of the SiC epitaxial growth surface has a large impact on polytype 
and quality of the grown SiC crystal. 

Figure 2 shows a simplistic microscopic depiction of a SiC growth surface, 
which is prepared by polishing the surface of a SiC wafer cut from a large 
boule to within 10° of parallel to the (0001) crystallographic basal plane. Due 
to the off-cut angle (i.e., tilt angle) of the surface polish, the growth surfaces 
have atomic scale steps separated by basal plane terraces, as schematically 
depicted in Fig. 2. Single crystal growth usually takes place when gas source 
molecules are chemisorbed onto the crystal growth surface in a weakly bound 
highly mobile state. The adsorbed molecules diffuse across the wafer surface 




Fig. 2. Simplified schematic il- 
lustration of steps and adatoms 
on SiC epitaxial growth surface 
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until they reach a favorable bonding site, where they are then incorporated 
into the crystal. The favorable bonding site is often a step or defect on the 
crystal surface. Instead of growing in monolayers (e.g., a silicon monolayer 
growing followed by a carbon monolayer), the CVD epitaxial growth of SiC 
is observed to proceed via lateral extension of bilayers, or as multiple bilayers 
[9, 11, 12]. Step heights observed on all as-CVD-grown SiC surfaces are mul- 
tiples of 0.25 nm, the height of a single Si-C bilayer. The tetrahedral bonding 
configuration of SiC supports lateral stepflow growth of bilayers across the 
crystallographic basal plane during CVD growth. The tetrahedral bonding of 
SiC is such that the step edge has a higher bond density available to facilitate 
reactant incorporation into the crystal (i.e., growth) than the top surface of 
a basal plane terrace. 

2.1.1 Stepflow Growth of Homoepitaxial AH- and 6iT-SiC 

Presently, all SiC devices are implemented in homoepitaxial films of the AH- 
and 6il-SiC polytypes grown on commercial SiC wafers with surfaces polished 
3° to 8° off the (0001) basal plane. This off-axis polish provides a high density 
of steps so that step-controlled epitaxy can be used to grow QH-SiC and AH- 
SiC homoepilayers [5, 7, 13]. The high step density and small terrace width 
ensures migration of mobile surface-adsorbed growth adatoms to step edges 
where they incorporate into the crystal, as depicted on terrace (a) of Fig. 2. 
Thus, homoepitaxy of 4il-SiC or 6i7-SiC is kinetically controlled growth, in 
that it relies on lateral bilayer expansion (i.e., lateral stepflow) from substrate 
step edges for growth and structural stacking replication. 

2.1.2 Terrace Nucleation of Heteroepitaxial 3C-SiC 

It is well known that 3C-SiC layers, usually with many extended crystal de- 
fects, can be nucleated and grown on 6i7-SiC or 4iJ-SiC “on-axis” wafers, 
in which the wafer surface is polished to within a few tenths of a degree of 
being parallel to the crystallographic (0001) basal plane [7, 9, 13, 14]. Such a 
low polish angle greatly increases the length of terraces (i.e., distance between 
steps) on the growth surface (Fig. 2). The nucleation of 3C-SiC occurs in epi- 
taxial growth situations where growth reactants adsorbed onto the substrate 
surface two-dimensionally (2D) nucleate and incorporate into the crystal on 
top of basal plane terraces between the steps. Such nucleation, schematically 
depicted on terrace (b) of Fig. 2, occurs when adsorbed surface adatom dif- 
fusion length becomes small (i.e., surface adatom mobility is low) compared 
to average terrace length (i.e., distance between steps). The sides of terrace 
nucleated islands form additional steps (i.e., favorable adatom bonding sites) 
on the growth surface, so that islands can stepflow expand as depicted on 
terrace (c) of Fig. 2. 

The fact that 2D terrace nucleation consistently produces the 3C polytype 
in conventional SiC CVD epitaxy processes suggests that the cubic bilayer 
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stacking sequence is thermodynamically preferred for standard SiC epitaxial 
growth conditions. Some prior works, such as Fig. 3 of [7], suggest that either 
rotational variant of 3C-SiC (3(7(1) or 3(7(11)) could nucleate on the same 
(0001) 4i7- or 6i7-SiC basal plane terrace. 

2.2 Extended Defects in SiC Epilayers 

2.2.1 Defects in AH- and 6Jf-SiC Homoepilayers 

There are numerous extended crytallographic defects found in AH- and 6H- 
SiC homoepitaxial layers. Many of these defects originate in the initial sub- 
strate and propagate into the epilayers during growth [10],[15]-[18]. Axial 
screw dislocations (SB’s) have the most impact on the homoepitaxial growth 
described in this article. Axial screw dislocations, both hollow core micropipes 
(with large dislocation Burgers vectors) and closed-core screw dislocations 
(with small dislocation Burgers vectors), are examples of extended defects 
that originate in the substrate and propagate along the crystallographic c- 
axis through SiC epilayers to adversely affect many SiC electronic devices 
[10],[17],[19]-[22]. The self-replicating structural nature of screw dislocations 
assists the growth of many crystals, including AH- and 6i7-SiC c-axis boules, 
by providing a continual spiral pattern of new growth steps on the crystal 
surface [3, 23, 24]. Thus, screw dislocation growth spirals lead to the forma- 
tion of hexagonal growth hillocks in AH- and 6i7-SiC homoepilayers grown 
on substrates with surface angles of less than a degree [3, 9, 11]. However, 
it is important to note that growth of conventional off-axis AH- and 6i7-SiC 
homoepilayers is dominated by steps supplied by the relatively high wafer 
miscut angle, so that steps provided by screw dislocations have only a small 
localized impact on the morphology (formation of a small surface pit) of 
standard SiC epifilms used for present-day SiC electronic devices [25]. 

2.2.2 Defects in 3(7-SiC Heteroepilayers 

As discussed above in Sect. 2.1.2, terrace nucleation and growth of 3(7-SiC 
becomes much more probable when SiC epitaxy is carried out on low offcut 
angle (0001) AH- or 6i7-SiC substrates. The resulting 3(7-SiC heteroepitaxial 
films have a (111) surface orientation, and were (prior to work reviewed in the 
present article) known to contain high densities of extended crystallographic 
defects that rendered them unsuitable for most electronic device applications 
[3, 7]. The two major defects observed in previous 3(7-SiC films on (0001) 
AH- and 6i7-SiC substrates are double-positioning boundary (DPB) defects 
and stacking fault (SF) defects [7, 14, 26]. 

As illustrated in Fig. 3a, DPB defects are essentially a boundary where 
opposite rotational variants of 3(7-SiC meet. A DPB defect can be created 
when islands of the two different rotational variants of 3(7-SiC (i.e., 3(7(1) and 
3(7(11) of Fig. 1) nucleate at separate locations on a AH- or 6i7-SiC substrate 
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Fig. 3. Examples of discontinuous bilayer stacking associated with (a) double- 
positioning boundary (DPB) defect, and (b) stacking fault (SF) in 3C-SiC 



and then laterally coalesce [7, 13]. Stacking faults are planar defects that 
are essentially a disruption (or misalignment) of the same cubic stacking, as 
simplistically illustrated in Fig. 3b. Stacking fault defects propagate along the 
{111} planes. As noted previously, the {111} planes in 3C-SiC and the (0001) 
plane in hexagonal SiC polytypes are the lowest energy fault planes, so that 
most movement of dislocations takes place along these crystal planes [3, 4, 27]. 

2.2.3 Role of Steps in Heteroepitaxial Film Defects 

Several previous works have indicated that atomic-scale steps in the surface 
of a 6i7-SiC or 4i7-SiC substrate are one source of defects in heteroepitaxial 
films grown thereon. In the case of Group Ill-nitride (III-N) growth on hexag- 
onal SiC substrates, recent studies have shown that many dislocations prop- 
agating from the substrate/epilayer interface originate at atomic-scale steps 
that are left behind on the substrate surface prior to epitaxial growth [28]. 
The step-related epitaxial film defects have been shown to arise even when 
III-N growth is carried out on well-ordered 6i7-SiC terraces with c-axis unit 
repeat height (i.e., 1.5 nm for 6i7-SiC) step heights defined by in-situ pre- 
growth etching [29, 30]. Similar observations have also been reported for het- 
eroepitaxial 3C-SiC films grown on 6i7-SiC substrates [7, 12, 13]. Thus, these 
works allude to step-free SiC surfaces as being highly beneficial for realizing 
improved heteroepitaxial films. 

2.3 Impact of Pre-Growth Surface Treatments 
on SiC Epitaxial Growth 

Previous works have established surface defects and morphology as impor- 
tant factors in on-axis epitaxial SiC growth. In growth of 3C-SiC on as-grown 
6i7-SiC Lely substrates it was found that surface contamination played a role 
in the formation of DPB’s in the 3C-SiC films [31]. Subsequently, both QH- 
SiC and 3C-SiC epitaxial films were grown on nearly on-axis (about 0.2° tilt 
angle) commercial SiC wafers [14]. It was found that, if the 6i7-SiC substrate 
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was subjected to a HCl etch at 1375°C, homoepitaxial 6H films could be 
grown at 1450° C over large areas (several mm across) without 3C-SiC in- 
clusions. It was also found that by intentionally damaging the substrate at 
a specific location, 3C-SiC films with reduced DPB density could be grown. 
It was concluded that the HCl etch at intermediate temperatures was very 
effective in removing surface damage due to wafer polishing and surface con- 
tamination. A growth model was proposed wherein the 3(7 terrace nucleation 
was facilitated by dislocations and surface contamination, and not a result of 
insufficient surface mobility of precursor adatoms. 

In further growth studies, 1 mm square growth mesas were cut into the 
surfaces of nearly on-axis 677-SiC substrates [32, 33]. Following etching and 
growth, some of these mesas yielded 3C-SiC heterofilms and some mesas 
yielded 6iJ-SiC homofilms. In most cases the 3(7-SiC films nucleated at a 
corner of a mesa and then grew laterally across the mesa. It was suggested 
that in the early stages of growth a locally atomically flat 6i7-SiC region 
forms at the uppermost atomic layer of the mesa, and that this region be- 
comes a preferred site for terrace nucleation of 3(7-SiC. Most 3(7-SiC mesa 
films grown by this technique were free of DPB’s with a reduced incidence of 
stacking faults. Diodes fabricated from these films exhibited the best blocking 
characteristics ever reported for 3(7-SiC, but the remaining defects neverthe- 
less rendered them significantly inferior to the 6i7-SiC diodes in other 1 mm 
square regions of the same wafer [34] . 



3 Step-Free Basal Plane Mesa Formation 

3.1 Process 

As discussed in Sect. 2.3, on-axis homoepitaxy of (0001) AH- and 6il-SiC 
is possible when proper pre-growth surface treatment and epitaxial growth 
conditions are employed. In the absence of terrace nucleation of 3(7-SiC, 
kinetic dominated homoepitaxial growth occurs from screw dislocation step 
spirals. By etching a pattern of deep trenches into an on-axis SiC wafer surface 
to form mesas prior to epitaxial growth, some surface regions without screw 
dislocations can be isolated from the kinetic growth steps produced by screw 
dislocations. 

The process schematically depicted in Fig. 4 has enabled the realization 
of large (up to 0.4 mm x 0.4 mm) (0001) basal plane surfaces completely 
free of bilayer steps on top of AH- and 6i7-SiC mesas [35, 36]. Figure 4a 
depicts the mesa cross-section and initial (due to unavoidable polish error) 
surface steps prior to epitaxial growth. Figure 4b depicts the mesa after pure 
stepflow homoepitaxy grows all initial surface steps over to the edge of the 
mesa, leaving behind a perfectly flat (0001) basal plane top surface that is 
completely free of atomic steps (i.e., is a single large terrace). For simplicity, 
growth that occurs on the mesa sidewall and bottom of the trenches is not 
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Fig. 4. Simplified cross-sectional depiction of process for realizing step-free SiC 
mesas. Bilayers and surface step structure of mesa (a) before growth and (b) fol- 
lowing stepfiow homoepitaxy without terrace nucleation or screw dislocation [35] 



shown in Fig. 4b. The growth process, more fully described in [35], consisted 
of (1) an in-situ H 2 etch for 5 minutes at 1600-1650°C at a pressure of 
100-200 mbar followed by (2) growth using SiH 4 (2.7 cm^/min) and CaHg 
(0.3 cm^/min) in H 2 (total flow 4400 cm^/min) at 1600-1650°C at a pressure 
of 200 mbar. It should be noted that the uncoated graphite in the reactor 
supplies additional carbon to the growth environment, as we have observed 
some SiC growth in this reactor configuration even when CaHg gas flows are 
reduced to zero. As discussed in Sect. 2.3, the in-situ etch crucially removes 
surface damage and contamination that could otherwise lead to undesired 
terrace nucleation of 3C-SiC during the initial stages of epitaxial growth. 
For 4iJ-SiC epilayers grown on 8° off-axis wafers in these reactor conditions, 
2 |4m/hour growth rates were obtained. 

3.2 Results 

Following growth, numerous mesas on over a dozen wafer samples have been 
characterized by differential interference contrast (DIG) optical microscopy 
and atomic force microscopy (AFM). The typical findings can be summarized 
by comparing two adjacent mesas shown in the DIG optical micrographs of 
Fig. 5. The left mesa of the Fig. 5 micrograph has an optically featureless 
top surface. A 50 |J,m x 50 |J,m AFM scan, one of 16 taken to span the entire 
top surface area of the left mesa, is shown in Fig. 6a [35]. Despite some 
particulate contamination, no atomic steps were revealed in AFM scans of 
the entire left mesa. In contrast, a hexagonal growth hillock due to a screw 
dislocation is readily apparent in the optical micrograph of the right Fig. 5 
mesa. The AFM scan measured at the center of the hexagonal growth hillock, 
shown in Fig. 6b, reveals organized growth steps (0.5 nm and 1.0 nm high) 
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Fig. 5. DIG optical micrographs of two 200 |tm x 200 |tm mesas following ho- 
moepitaxial growth. Mesa (a) formed a step-free surface, while mesa (b) exhibits 
bunched steps and a hexagonal growth hillock from a screw dislocation in the lower 
right of the mesa [35] 





Fig. 6. AFM measurements recorded on mesas shown in Fig. 5. Mesa (a) exhibiting 
no steps, and peak of hexagonal hillock of mesa (b) [35] 



emanating from an elementary screw dislocation (i.e., screw dislocation with 
Burgers vector equal to the 1.0 nm stacking repeat height of 4i7-SiC). The 
interleaved step pattern of Fig. 6b evolves due to the anisotropic bonding of 
4if-SiC bilayers as a function of crystallographic direction [9, 11]. 

The primary factor limiting the size and yield of step-free surfaces pro- 
duced in these experiments was the presence of screw dislocations in the 
substrates. As with the example mesas illustrated in Figs. 5 and 6, mesas 
with screw dislocations were identifiable using DIG optical microscopy due 
to the presence of hexagonal growth hillocks. Over 90% of mesas that failed 
to become step-free following epitaxial growth contained at least one screw 
dislocation. Wafers with regions of relatively low substrate screw disloca- 
tion density enabled the realization of some 0.4 mm x 0.4 mm (the largest 
mesa size patterned) step-free surfaces. The mesa film polytypes were spa- 





188 



P.G. Neudeck and J.A. Powell 



tially mapped by both thermal oxidation color mapping and X-ray topogra- 
phy [26, 37]. Over 90% of mesa tops in wafer central regions maintained the 
4i7-SiC polytype, exhibiting no evidence of 3C-SiC nucleation. 

3.3 Impact on SiC Growth Understanding 

The above experiments show that (0001) basal plane surfaces several hundred 
micrometers in dimension can be homoepitaxially grown on AH- and 6i7-SiC 
mesas without screw dislocations. These results could not have been achieved 
without complete suppression of 3C-SiC terrace nucleation on mesas during 
growth. The suppression of 3C-SiC nucleation over tenth-millimeter scale 
terrace dimensions during SiC epitaxial growth had never previously been 
demonstrated, especially at growth temperatures below 1700°C. In fact, the 
above experimental results are quantitatively inconsistent with the previous 
experimental SiC growth nucleation studies at Kyoto University [7, 38] . How- 
ever, the Kyoto studies failed to employ important pre-growth etching pro- 
cesses discussed above in Sect. 2.3. As discussed in Sect. 2.3, proper surface 
preparation, pre-growth etching, and growth procedures are crucial toward 
preventing terrace nucleation to obtain high-quality stepflow homoepitaxial 
film growth on low offcut angle (0001) surfaces. Following publication of our 
recent studies described in this section, the Kyoto group has subsequently 
adopted and further investigated in-situ pre-growth etching to also obtain 
high quality homoepitaxial growth while suppressing terrace nucleation on 
low-offcut angle substrates [39]. 

The above experiments also show that once a step-free surface is estab- 
lished, homoepitaxial growth up the crystallographic c-axis direction com- 
pletely ceases. Therefore, the above experiments in forming step-free mesas 
are a confirmation that well-ordered homoepitaxial growth of hexagonal SiC 
polytypes in the crystallographic c-axis direction cannot be carried out with- 
out screw dislocations providing new growth steps. However, where screw 
dislocations are present, these experiments demonstrate that homoepitaxial 
growth of AH- and 6i7-SiC can be carried out at substrate surface miscut 
angles as low as zero degrees (i.e., perfectly on-axis) at 1600-1650°C growth 
temperatures. 

4 Homoepitaxial Growth of Thin SiC Cantilevers 

4.1 Growth Process and Results 

Continued epitaxial growth of a screw-dislocation-free mesa following achieve- 
ment of a step-free surface leads to the formation of thin lateral cantilevers 
that extend the step-free surface area from the top edge of the mesa side- 
walls [40, 41]. By selecting a proper pre-growth mesa shape and crystallo- 
graphic orientation, the rate of cantilever growth can be greatly enhanced in 
a “web growth” process that has been used to enlarge step-free surface areas 
and overgrow and laterally relocate micropipes and screw dislocations. 
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4.1.1 General Growth Properties 

The cantilevered web growth process is briefly illustrated in Figs. 7-10. The 
specific experimental processes employed were identical to those stated in 
Sect. 3.1, except for the fact that more complex mesa shapes and longer 
epitaxial growth times were sometimes employed [40]. Figure 7 shows a 
schematic cross-section of cantilever formation as a mesa (already rendered 
step-free as depicted in Fig. 4b) is subjected to additional growth time with 
terrace nucleation remaining completely suppressed. Growth adatoms, har- 
vested by the step-free surface, migrate to the mesa edges where the more 
favorable sidewall bonding leads to incorporation into the crystal near the 
top of the mesa sidewall. This leads to the growth of thin cantilevers, on 
the order of one to two micrometers in thickness, that seamlessly extend the 
step-free top surface area of a mesa. As depicted in Fig. 7, growth on the un- 
derside of the thin cantilevers is not uniform, partially due to mesa sidewall 
growth steps. It is important to note that almost no cantilevering is observed 
when the pre-growth mesas contain substrate screw dislocations, due to the 
previously discussed fact that screw dislocations provide steps for vertical 
(instead of lateral) growth of such mesas. 

Figures 8 and 9 illustrate that the lateral propagation of the step- free 
cantilevered surface is significantly affected by pre-growth mesa shape and 
crystallographic orientation. The highest lateral expansion rates of thin can- 
tilevers were observed to occur at the inside concave corners of mesas. When 
complete spanning of the interiors of V’s (Fig. 8) and other (Fig. 9) non- 
hollow mesa shapes by thin cantilevers was achieved, step-free surfaces with 
significantly enlarged surface area over the pre-growth mesa area were formed. 
As such growth loosely resembles the webbed feet of a duck, we refer to such 
interior-corner enhanced cantilevered growth as cantilevered web growth. The 
thin cantilevers exhibit {1100} growth facet formation typical of hexago- 
nal polytype SiC crystals. Some lateral enlargement of the mesa support 
structure takes place during the web growth process. Non-uniform underside 
growth is evident in the interference fringes seen in the cantilevered regions 
shown in the Figs. 8 and 9 optical micrographs. 




Fig. 7. Simplified cross-sectional illustration of cantilever growth at the top edges 
of a step-free mesa 
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Fig. 8. Optical micrographs illustrating 
thin webbed cantilever formation on a V- 
shaped pre-growth mesa [40] 




Fig. 9. Thin lateral cantilevers grown 
from (a) plus-shaped pre-growth mesa 
and (b) comb-shaped (inset) pre-growth 
mesas [40] 
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4.1.2 Cantilever Coalescence 

It is important to note that when thin cantilevers from separated pre-growth 
mesa shapes (such as side-by-side rectangles) converged during growth, im- 
perfect coalescence was almost always observed [40]. In order for a step- free 
surface to be realized following growth, mesas must have continuous top sur- 
face shapes that (like the V-shape of Fig. 8a) promote a progressive zippering 
of thin cantilevers from opposite arms. Using a much larger multi-armed pre- 
growth mesa shape that promoted zipper- like cantilever coalescence, webbed 
surfaces as large as 1 x 10“^ cm^ were achieved, representing a more than 
4-fold enlargement from pre-growth mesa surface area. As discussed below in 
Section 4.1.4 and in [42], dislocations were sometimes observed to form when 
cantilevers from the same mesa shape coalesced down to a point from more 
than two sides. 

4.1.3 Dislocation Reduction Properties 

Because the crystal structure of the thin cantilevers is established laterally 
from the mesa sidewalls, cantilevered films can successfully overgrow sub- 
strate regions with dislocations, including axial screw dislocations. Detailed 
analysis of cantilevered web films formed directly over axial screw dislocations 
show that these defects are completely absent from the cantilevered mate- 
rial [40, 41]. For example, the webbing of the rightside mesa of Fig. 8c resides 
directly over a micropipe (screw dislocation) , yet its surface was measured by 
AFM to be completely free of any atomic steps (in stark contrast to the screw 
dislocation steps shown in Fig. 6b). In addition, recent defect-preferential 
etching studies (using molten potassium hydroxide) of thin cantilevered webs 
failed to reveal any etch pits in properly coalesced web film regions, despite 
the fact that hexagonal etch pits due to non-screw dislocations were observed 
in adjoining pre-growth mesa regions [42] . 

4.1.4 Lateral Relocation of Screw Dislocations 

In contrast to open pre-growth mesa surface shapes (such as the V-shape of 
Fig. 8a), homoepitaxial web growth can also be applied to mesa surface shapes 
that form enclosed hollow geometries. An example of an enclosed hollow pre- 
growth mesa geometry is shown in the upper right inset of Fig. 10, wherein the 
raised pregrowth mesa surface forms six triangular hollow trench regions in 
the interior [42] . By carrying out web growth on such a structure until webbed 
cantilevers coalesce in the middle of each triangular hollow region forming a 
complete roof, substrate screw dislocations that reside within each hollow 
region can be laterally relocated and combined to the central point of final 
cantilevered film coalescence. Figure 10 shows an optical micrograph of a mesa 
following complete webbed cantilever coalescence. Most of the optical features 
in the webbed regions arise from non-uniform growth on the undersides of 
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Fig. 10. Optical micrograph of spoked hexagonal mesa following web growth that 
completely overgrew six enclosed triangular trench regions. The AFM insets show 
the three screw dislocation growth spirals that formed exactly where roof closures 
occurred [42] 



the cantilevers [40] . AFM measurements revealed that three elementary screw 
dislocation growth spirals, each shown in AFM insets of Fig. 10, formed in the 
film roof at three respective points of film coalescence. For reasons that are 
not yet understood, these growth spirals lack the interleaving step pattern 
observed Fig. 6b. No other growth spirals were observed elsewhere on the 
mesa surface, even over the pre-growth mesa and the other three cantilever 
coalescence points. 

The above results clearly demonstrate that coalesced web growth from 
hollow enclosed mesa shapes can produce screw dislocations in predictable 
lateral locations. The point of final coalescence can be designed into the pre- 
growth mesa pattern using a basic understanding of the cantilever growth and 
faceting behavior of SiC as a function of crystallographic direction. Following 
coalescence, the preplaced screw dislocation can then provide steps for c- 
axis growth of on-axis homoepilayers on top of the mesa structure. Devices 
fabricated on top of such mesas can then be patterned to avoid the pre-placed 
screw dislocations. 

4.2 Process Limitations and Further Optimization 

It is important to note that uncontrolled material growth in the trench re- 
gions, (visible in Figs. 8-10) can rise up to interfere with laterally expanding 
cantilevers whose growth is confined along the (0001) basal plane. The merg- 
ing of webs with trench growth actually limited the step-free yield of the 
largest webbed surfaces produced during initial experiments [40]. However, 
trench growth can be selectively prevented in a more optimized process using 
patterned growth masking techniques [43, 44]. 
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A more fundamental limitation of the homoepitaxial SiC web growth pro- 
cess is the fact that almost no cantilevering occurs when pre-growth mesas 
contain substrate screw dislocations, due to the previously discussed fact 
that screw dislocations provide steps for vertical growth of such mesas. Pre- 
growth mesa shapes with long narrow fingers joined on one end (such as the 
comb shape of Fig. 9b) can be employed to maximize the webbing area while 
minimizing the chances that a pre-growth mesa will undesirably contain a 
screw dislocation. Such pre-growth mesa designs may require longer lateral 
cantilever extensions (i.e., growth of more material) in order to achieve a 
completely webbed structure. Higher temperature CVD epitaxial techniques 
should enable increased growth rate and surface adatom mobility favorable 
to realizing larger step-free webbed cantilevers [8] . The degree to which these 
goals can be achieved, coupled with the substrate screw dislocation density, 
will determine practical limits as to the size of step-free surfaces that can be 
realized using further optimizations of the SiC web growth process. 



5 Step-Free Surface Heteroepitaxy of 3C-SiC 

For many years researchers have attempted to grow SC-SiC heteroepitaxial 
films of sufficient quality to better enable high-performance wide bandgap 
electronic devices. However, all previous efforts resulted in 3C-SiC with too 
many extended crystal defects to be useful for important electronic applica- 
tions. In this section, we describe a step-free surface heteroepitaxy technique 
that has reproducibly grown high-quality 3C-SiC on step-free 4iJ- and QH- 
SiC mesa surfaces [45, 46]. 

5.1 Experimental Process Description 

The step-free surface heteroepitaxy process starts by first etching mesas and 
growing step-free 4iJ- and 6il-SiC surfaces using the same procedures de- 
scribed above in Sect. 3 and 4. Once homoepitaxial growth has achieved 
step-free mesas, heteroepitaxial nucleation and growth of 3C-SiC is then ini- 
tiated in a controlled manner in-situ by lowering the growth temperature. 
As previously discussed in Sect. 2.1, the decreased growth temperature de- 
creases surface adatom mobility, thereby increasing the chances (rate) of 2D 



Table 1. Experimental SG-SiC Initial Nucleation Processes [46] 



Sample 


Temperature profile (from 1620°C) 


SF density 


A 


Ramp down 190° over 5 min. 


> lO^'/cm^ 


B 


Ramp down 120° over 5 min. 


0 


C 


Ramp down 190° over 60 min. 


0 
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terrace nucleation that initiates 3C-SiC growth on the (0001) basal plane 
surface. Temperature decreases to achieve nucleation were carried out with 
well-controlled ramps to avoid rapid thermal and chemical transient effects. 
The specifics of the 3(7 film nucleation and growth temperature ramps are 
given in Table 1. 

5.2 Experimental Results 

Following epitaxial growth, films were characterized initially by DIG opti- 
cal microscopy and AFM. Samples were dry thermally oxidized for 5 hours 
at 1150°C to color-map film polytype and reveal DPB and SF defects [26]. 
Detailed polytype mapping of some samples was carried out using X-ray to- 
pography. Substrate defects (e.g., screw dislocations) in the substrate were 
mapped using the backrefiection geometry, while forward-reflection geome- 
try was used to spatially map 3C(I) and 3(7(11) heteroepilayers [37]. High- 
resolution X-ray diffractometry (HRXRD) was employed to measure sub- 
strate and film lattice parameters [47, 48] . A few 3(7 mesas were also studied 
by high-resolution cross-sectional transmission electron microscopy (HRX- 
TEM) and molten potassium hydroxide (KOH) etching [45]. 



5.2.1 Defective 3C Films on Mesas with Screw Dislocations 

Figure 11 shows an optical micrograph typical of many 3(7-SiC heterofilms 
that were grown on the top of 4i7- or 6i7-SiC substrate mesas that contained 
a screw dislocation. The defect-enhanced oxidation reveals an abundance of 
both DPB and SF defects that arose due to the fact that the 3(7-SiC film 
was nucleated on a stepped 4i7-SiC surface (due to growth steps provided by 
the screw dislocation), instead of on a step- free surface. The region of lighter 
oxide color denotes a region of 4i7-SiC, and the peak of a hexagonal screw 




Fig. 11. Optical micrograph of 200 pm x 
200 pm oxidized mesa showing defective 3G- 
SiC him (darker oxide) nucleated on 477-SiC 
mesa with steps from a screw dislocation 
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dislocation resides roughly at the center of this region. 3C-SiC, denoted by 
the darker (thicker) oxide color, surrounds the screw dislocation. As more 
thoroughly described in [37], a mixed polytype structure of this kind is antic- 
ipated when nucleation and growth of 3C'-SiC competes with stepflow growth 
from screw dislocations. 

The typical defect structure observed in the 3C-SiC surrounding the screw 
dislocation is extremely noteworthy. In addition to numerous stacking faults, 
DPB defects surround the screw dislocation, roughly corresponding to the 
(1120) directions of the underlying 4iJ-SiC. This defect structure indicates 
that opposite rotations of 3C-SiC were nucleated roughly every 60° surround- 
ing the screw dislocation. As described in [9, 11], the stacking termination of 
step terraces interleaved around a 4i7-SiC screw dislocation (such as shown 
in Fig. 6b) alternates between AB and AC every 60° surrounding the screw. 
Thus, the Fig. 11 defect structure supports a terrace nucleation model in 
which the initial 3C-SiC bilayers that nucleate on a terrace acquire the stack- 
ing that continues the local cubic stacking established by the topmost two 
bilayers [12, 36, 49]. For example, if terraces along cutline A of Fig. 6b ended 
with AB stacking (B being the topmost bilayer), 2D nucleation would yield 
3C(I) with ABC stacking. Terrace nucleation along cutline B would then re- 
sult in 3C(II). Thus, in the absence of kinetic “step-flow” polytype control, 
experimental evidence indicates that there is a strong thermodynamic driving 
force for new bilayers to continue the local cubic stacking of the immediately 
underlying bilayers. 

5.2.2 3C-SiC Films on Step-Ftee Mesas 

Consistent with the thermodynamic cubic stacking nucleation model dis- 
cussed in the preceding section, DPB defects were experimentally eliminated 
from almost all 3C-SiC heterofllms nucleated on step-free AH- and 6i7-SiC 
mesas. Figure 12 shows data typical of the screw-dislocation-free mesas on 
sample B of Table 1. In contrast to the defects readily apparent in Fig. 11, 
the Fig. 12 optical micrograph of the oxidized mesa reveals that no DPB’s 
and no SF’s intersect the film surface. The HRXTEM from an SF-free mesa 




Fig. 12. Optical micrograph of oxidized 200 pm 
X 200 pm 3C-SiC heterofilm nucleated on a 
step-free 477-SiC mesa. No SF’s and no DPB’s 
are observed [46] 
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Fig. 13. HRXTEM of SF-free 3G-S1C heterofilm on 4H-SiC mesa (left) at low 
magnification and {right) high magnihcation. No defects and no stacking disorder 
were observed in the 3G heterofilm, and the HC/4H interface was atomically flat 
with no steps observed [45] 



(on sample C of Table 1) shown in Fig. 13 also indicates a structurally per- 
fect 3C-SiC film with no defects and no stacking disorder detected within the 
field of view. The lack of any stacking disorder throughout the thickness of 
the 3C-SiC film is consistent with the thermodynamic model for continua- 
tion of local cubic bilayer stacking in growing layers. The apparent 3C/4i/ 
interface was perfectly flat and atomically abrupt with no evidence of growth 
steps and/or dislocations. Spatial mapping of the sample by X-ray topogra- 
phy confirmed that only one phase of 3C-SiC (either variant I or variant II) 
was present on each screw-dislocation-free mesa, and that no other polytypes 
grew to a detectable extent [48]. Single Si-C bilayer height (0.25 nm) steps 
were observed on all 3C-SiC mesa films studied by AFM. 

While the step-free surface successfully eliminated DPB defects, the SF 
content of 3C-SiC films varied greatly as a function of the heterogrowth ini- 
tiation process [46] . The data of Table 1 indicates a correlation between the 
in-situ temperature rampdown parameters and the SF-content of the result- 
ing 3C-SiC mesa films. In particular, 3C-SiC films that were nucleated by 
more rapid temperature decreases (such as sample A of Table 1) exhibited 
3C-SiC mesas with a high incidence of stacking fault defects. In contrast, 3C- 
SiC films nucleated by more gradual temperature decreases (such as samples 
B and C of Table 1) exhibited high SF-free mesa yields, over 60% on screw 
dislocation free mesas. The 3C-SiC films subjected to low growth tempera- 
tures (i.e., high nucleation rates) after an initial thickness of OC-SiC had been 
slowly nucleated (such as sample C) did not exhibit SF’s on the majority of 
screw dislocation free mesas. 

Defect preferential etching of 3C-SiC heterofilm mesas (using molten 
KOH) indicate the possible presence of additional dislocation defects in 3C- 
SiC films besides DPB’s and SF’s previously revealed by thermal oxidation 
[45] . Most 200 |4m x 200 |4m mesas free of DBP and SF defects typically ex- 
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hibited 1 to 5 isolated triangular etch pits, which is comparable to (hexagonal- 
shaped) etch pit densities reported for commercial 4i/- and 6iJ-SiC homoepi- 
layers [15]. 3C-SiC mesas that contained SF and DPB defects typically ex- 
hibited at least an order of magnitude higher triangular etch pit density than 
SF-free mesas. These etch pits remain a subject for further investigation. 

The 3C-SiC mesa heterofilms have also been studied by HRXRD [47, 48]. 
The measurements distinctly resolve a 3(7-810 epilayer peak and a 477-SiC 
substrate peak, definitively indicating a difference in lattice constants (both 
a and c parameters) for the two materials in the mesa heterostructure. The 
higher quality 3(7-SiC films exhibited comparable FWHM as the 4H- or 6H- 
SiC substrate and no measurable rotational misorientation with the substrate 
lattice. In-plane substrate/epilayer lattice constant mismatch (Aa/a range of 
0.02% to 0.09%) was observed on all samples indicating that some in-plane 
lattice mismatch strain relief occurred in the 3C film. Meanwhile, the mea- 
sured out-of-plane lattice constant difference Ac/c was —0.13% to —0.15% 
for 3C on 4iJ and around —0.092% for 3C on 6H. The 3(7-SiC films are not 
fully relaxed, as the HRXRD measured 3(7 lattice constants slightly deviated 
from those of the ideal cubic structure. In particular, the measured 3(7 het- 
erofilm lattice is slightly compressed along the in-plane direction and slightly 
elongated along the out-of-plane direction. 

5.3 Heteroepitaxial Growth and Defect Formation Model 

As discussed in Sect. 2.2, the probability (and rate) of 2D terrace nucleation of 
3(7-SiC increases as growth temperature decreases due to decreased adatom 
surface mobility. Once a 3(7-SiC island nucleates, it then laterally expands 
via step-flow as depicted for terrace (c) of Fig. 2. Faster temperature drops 
increase the probability that multiple 3(7-SiC islands will be nucleated on 
a relatively large step-free 4H/6H surface, as the resulting fast increase in 
nucleation rate leaves less time for new islands to enlarge via stepflow before 
additional islands nucleate elsewhere on the surface. In contrast, more gradual 
temperature drops provide more time for stepflow expansion of an initial 
island before other islands are nucleated on the step- free 4H/6H surface. 

Based upon the above, we have hypothesized that the more gradual nu- 
cleation temperature ramps permit 3(7-SiC heteroepitaxial growth to ini- 
tiate from a single 3(7-SiC island, which subsequently expands laterally via 
stepflow to cover the entire 4H (or 6H) mesa before nucleation of a second 3(7- 
SiC island can occur elsewhere on the 4H (or 6H) mesa surface [46, 49]. This 
growth model conversely suggests that stacking faults arise when multiple 
3(7 islands terrace nucleate on a single mesa, laterally expand (via stepflow) 
across the step-free hexagonal-SiC growth surface, and coalesce in a defective 
manner. Coalescence-related stacking faults have been previously observed 
in other heteroepitaxial material systems [50, 51]. However, after an initial 
thickness of 3(7-SiC has been grown via low (i.e., single-island) terrace nu- 
cleation conditions, the film quality (i.e., SF-density) does not degrade when 
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the temperature is lowered to increase terrace nucleation probability (such 
as sample C of Table 1). Therefore, the experimental results indicate that a 
key mechanism promoting stacking fault formation is only present when the 
initial bilayers of the 3C-SiC heterofilm are grown. We have also proposed 
that a possible driving force for the defective 3(7 island coalescence is strain, 
which is largest at the substrate/film heterointerface, and/or strain relief ef- 
fects that arise from in-plane lattice mismatch between the 3(7-SiC film and 
the step-free 4iJ (or 6H) mesa [46, 49]. 



6 Conclusion and Future Directions 

6.1 Summary of New Results and Understanding 

The work reviewed in this article demonstrates that device-sized step-free 
surfaces can be homoepitaxially grown on the hexagonal polytypes of SiC. 
Growth of such surfaces was accomplished on trench-isolated screw-dislocation- 
free mesa regions of nearly on-axis wafers by carrying out stepflow homoepi- 
taxial growth with 2D nucleation completely suppressed. The complete sup- 
pression of terrace nucleation across terrace widths of hundreds of microm- 
eters had never been demonstrated in SiC prior to this work. The fact that 
c-axis growth became completely arrested (following step-free surface forma- 
tion) on screw-dislocation free mesas confirms that these defects are necessary 
step-sources for c-axis growth of hexagonal SiC polytypes. 

Continued homoepitaxial growth on AH- or 6il-SiC step-free mesas (with 
terrace nucleation still suppressed) resulted in evolution of thin lateral can- 
tilevers emanating from mesa tops that seamlessly extended the step- free sur- 
face area. The rate of cantilever expansion was observed to depend upon pre- 
growth mesa shape and crystallographic orientation. The highest cantilever 
extension rates were observed at the inside corners of concave pre-growth 
mesa shapes, leading to a process we have named cantilevered web-growth. 
Thin webbed cantilevers demonstrated the ability to successfully enlarge the 
step-free surface area directly over micropipes and closed-core screw disloca- 
tions. Defect-preferential molten KOH etching failed to reveal hexagonal etch 
pits on properly coalesced webbed cantilevers. Substrate screw dislocations 
enclosed by hollow pre-growth mesa shapes were laterally confined in the 
cantilever films to the point where cantilevers converged to form a complete 
roof over each hollow region. The screw dislocations with lateral position de- 
termined by the final convergence points can then be used to provide new 
growth steps necessary for growth of an AH- or 6i7-SiC epitaxial layer with 
lower screw dislocation density than the substrate. 

The step-free surface heteroepitaxy growth process has achieved 3(7-SiC 
mesa films completely free of double positioning boundary and stacking fault 
defects. This process is based upon the initial 2D terrace nucleation and lat- 
eral expansion of a single island of 3(7-SiC on the step-free (0001) 4i7-SiC (or 
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6-ff-SiC) mesa surface. Our experimental results indicate that extremely high 
3C-SiC film quality was achieved, despite the fact that substrate/film lattice 
mismatch stress was not fully relieved. The experiments also indicate that 
terrace-nucleated SiC bilayers will continue the local cubic stacking structure 
of the immediately underlying bilayer pair. 

6.2 Major Material Issues for Further Study 

The new fundamental SiC growth understanding gained in these initial stud- 
ies naturally raise a variety of important follow-up questions for future inves- 
tigation. For example, quantitative limits of terrace nucleation suppression 
have not yet been explored as a function of wider ranging growth conditions 
and larger mesa sizes. In addition, none of the growth processes described 
in this article have been carried out on carbon-face (0001) wafers. The im- 
pact of intentional film doping (both n-type and p-type) on both step-free 
surface formation and subsequent 3C-SiC film growth must also be explored. 
Also, the durability of 3C-SiC films subjected to various processes (such as 
ion implantation and high temperature annealing) is also a major materials 
question remaining to be investigated. 



6.3 EMture Device Applications 

The crystal growth processes described in this article lay a unique founda- 
tion for the experimental realization of a variety of novel prototype device 
structures. In addition to being an ideal surface upon which to construct 
atomic-scale nanostructures, the perfectly flat SiC surfaces should also en- 
able better fundamental understanding of SiC interfaces and surfaces. 



6.3.1 4ff/6iT-SiC Devices 

The perfectly on-axis step-free AH- and QHSiC surfaces are structurally and 
chemically different from the stepped surface structure of conventional off- 
axis SiC. The flat surfaces should enable the experimental formation and 
study of nearly ideal metal-semiconductor Schottky barriers with atomic 
smoothness and interfacial abruptness over the entire contact area. Such 
contacts are likely to exhibit less barrier inhomogeneity than those exhibited 
by off-axis SiC Schottky contacts. Similarly, it seems possible that higher 
quality inversion-channel MOSFET devices might be realized using such sur- 
faces [52, 53]. 

The lateral growth techniques described in Sect. 4 offer some interest- 
ing new structures and/or benefits to AH- and 6iJ-SiC devices. The ability 
demonstrated in Sect. 4 to reduce and/or relocate dislocations in webbed 
films could improve the reproducibility, performance, and leakage properties 
of junctions used for switching or photodetection. In particular, small-area 
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devices could be fabricated in etch-pit free regions of the crystal, and their 
electrical performance and reliability compared to devices in bulk crystal 
regions known to contain defects. The cantilevered geometry also makes it 
possible to implement lateral SiC device geometries with active areas free 
of substrate parasitics. In addition, the cantilevers may also be useful in 
the realization of new single-crystal 4iJ /6i^ microelectromechanical device 
structures, such as accelerometers and pressure sensors for harsh environment 
applications. 



6.3.2 3C-SiC Devices 

Almost all previous 3C-SiC electronic devices have been realized using in- 
ferior crystals with high densities of extended crystallographic defects. This 
has generally resulted in poor electrical characteristics of 3C-SiC diodes and 
transistors compared to similar devices implemented in silicon, 4iJ-SiC, and 
6if-SiC. For example, experimental 3C-SiC pn junctions are unable to sup- 
port high electric fields without excessive leakage through the crystallographic 
defects [34]. 

Now that device-sized regions of low-defect 3C-SiC can be realized (as 
described above in Sect. 5), the further exploration of potentially impor- 
tant electrical device benefits of 3C-SiC is warranted. For example, 3C-SiC 
MOSFET’s have recently demonstrated much higher inversion channel mo- 
bilities than those demonstrated in 4iJ-SiC MOSFET’s [54]. This mobility 
advantage is believed to arise from the fact that the lower 3C-SiC conduction 
band energy removes the high density of interface states known to exist close 
the conduction bands of 4iJ- and 6iJ-SiC [55]-[57]. The reduction of interface 
states should enable a reduction in surface-related generation and recombina- 
tion phenomenon known to affect bipolar junctions and MOS charge storage 
(i.e., non-volatile random access memories) and transfer (charge coupled) de- 
vices [58]-[62]. In addition, the oxide-semiconductor conduction band poten- 
tial barrier is close to 0.8 eV higher for 3C-SiC than for 4iJ-SiC, which should 
reduce field-assisted carrier tunneling harmful to oxide reliability [55, 63]. 

The wide 3.2 eV bandgap of 4i7-SiC enables high breakdown field ben- 
eficial for high voltage power device off-state blocking properties. However, 
4i7-SiC bipolar power devices must overcome the associated higher built-in 
potential of the pn junction before high on-state current density is achieved, 
which leads to undesired on-state power losses. Therefore, even though the 
breakdown field of 3(7-810 is somewhat less than 4i7-SiC, the lower (by nearly 
a volt) injunction turn-on voltage (due to 2.3 eV bandgap) offers interesting 
bipolar power device design tradeoffs versus 4iJ-SiC bipolar devices, and far 
superior current density performance compared to silicon. Recently, stacking 
faults have been observed to degrade the operational properties of 4iJ-SiC 
bipolar devices [18]. In addition, thermal processing has also been shown to 
induce stacking faults into heavily doped 4i7-SiC epilayers [64]. The faults 
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that form have been shown to be localized transformations of hexagonal- 
stacked bilayers towards cubic stacking structure [64, 65]. By starting with a 
SiC crystal structure that is entirely cubic, this degradation mechanism might 
be absent from 3C-SiC bipolar device structures. A high quality SC/dif-SiC 
heterojunction, such as the one shown in Fig. 13, should enable beneficial 
SiC/SiC heterojunction devices to be realized, including heterojunction bipo- 
lar transistors and high electron mobility field-effect transistors [66]. 

The 3C-SiC step-free surface heteroepitaxy process demonstrated in 
Sect. 5 should enable experimental exploration of all these potential benefits 
in small-area prototype device structures. If experimental studies validate 
sufficient electrical device benefits, further scale-up development of 3C-SiC 
crystal growth should be pursued. 



6.3.3 III-N Growth and Devices 

On-axis hexagonal SiC substrates are often used for the growth of heteroepi- 
taxial Group Ill-nitride (III-N) devices used in short-wavelenght light emit- 
ting diodes, lasers, and heterojunction radio frequency transistors [67]. These 
devices typically contain numerous extended crystal defects that originate at 
the substrate/epilayer interface and harm the performance and reliability of 
III-N devices [28]. In particular, previous works indicate that many of these 
defects correspond to the locations of steps on the SiC growth surface, even 
in cases where pre-growth etching produces well-ordered surface steps [30]. 
By carrying out III-N growth on step-free SiC surfaces, interface-step-related 
defects are eliminated, which should result in some improvement in III-N film 
quality. 

6.4 Conclusion 

This article has described significant new understanding and approaches to 
SiC homoepitaxial and heteroepitaxial growth using on-axis (0001) 4i7- and 
6i7-SiC mesa surfaces. These advancements demonstrate far better control 
of the SiC growth surface structure and epitaxial film defect structure than 
previous SiC growth approaches. The superior films should enable a vari- 
ety of improved small-area devices to be demonstrated in the near future. 
With further upscaling and process improvements, the demonstrated growth 
principles may potentially displace conventionally-grown SiC materials in a 
variety of applications. 
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Low-Defect 3C-SiC Grown 
on Undulant-Si (001) Substrates 



H. Nagasawa, K. Yagi, T. Kawahara, N. Hatta, G. Pensl, W.J. Choyke, 
T. Yamada, K.M. Itoh and A. Schoner 



1 Introduction 

Attempts to grow mono-crystalline cubic silicon carbide (3C-SiC) have been 
made using vapor phase hetero-epit axial growth with Si [1], TiC [2], and 
sapphire [3] as substrates, and with bulk growth [4] using the sublimation 
method. In 1983, Nishino et al. reported hetero-epitaxial growth of 3C-SiC 
on a carbonized Si(OOl) surface [5]. Since then, 3C-SiC heteroepitaxy on 
Si substrate using the CVD or MBE methods has been studied intensively, 
because it has been proved that using Si as a substrate facilitates the upsizing 
of SiC, while reducing manufacturing costs, and that carbonization of the Si 
surface significantly improves the reproducibility of the 3C-SiC grown on it. 

However, the development of semiconductor devices using 3C-SiC is still 
lagging behind those using 4iJ-SiC or 6iJ-SiC. One reason is that the growth 
rate of the CVD method commonly used for the hetero-epitaxial growth 
of 3C-SiC is too slow to obtain free-standing substrates, which need to be 
at least 100 |J,m thick to have sufficient mechanical strength to endure the 
device fabrication process. Another major reason is that device performance 
using 3C-SiC is degraded by high-density planar defects that are generated 
at the interface between 3C-SiC and the Si substrate due to the large lattice 
mismatch. 

In 2002, Nagasawa et al. reported a new technique to reduce planar de- 
fects in 3C'-SiC that involved growing 3C-SiC on “undulant-Si” with slopes 
oriented in the [110]- and [llOj-directions [6]. In this paper, we first review 
the mechanism for reducing planar defects on “undulant-Si” . This mechanism 
is verified by morphologic and microscopic observations. Then, the electrical 
and optical properties of low-defect 3C-SiC grown on “undulant-Si” observed 
by Hall effect measurements and low temperature photoluminescence (LTPL) 
are described. Finally, the feasibility of using 3C-SiC as a substrate for semi- 
conductor devices is examined by growing additional homo-epitaxial layers 
on it, and measuring their properties using deep level transient spectroscopy 
(DLTS) and conductive technique. 
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2 Mechanism of Generating Planar Defects 
at the 3C-SiC/Si Interface 

The planar defects that occur at the 3C-SiC/Si(001) interface can be classified 
into two groups: anti-phase boundary (APB) and stacking fault (SF). 

APBs are generated because the polar faces of SC-SiC (Si- and C-faces) 
must be aligned with the non-polar face of the Si substrate. For example, 
in the growth of 3C-SiC on Si (001) substrate, multinucleation of 3C-SiC is 
caused by spontaneous nucleation during the carbonization process before the 
growth process occurs [7]. Since 3C-SiC is grown on Si epitaxially, the {111}- 
planes of 3C-SiC must be absolutely parallel with (lllj-planes of Si. The 
{lllj-planes of Si are all equivalent, while those of 3C-SiC are inequivalent 
and classified as Si- or C-faces. Accordingly, in the multinucleation of OC-SiC, 
Si-face and C-face are simultaneously aligned in a specific [lll]-direction. 
With the growth of 3C-SiC, nuclei with different polar face orientations grow 
horizontally and combine each other forming APBs. 

Figure 1 shows an optical microscope image of 3C-SiC grown epitaxially 
on Si(OOl) (hereafter referred to as “just-Si”). The surface of the 3C-SiC 
shows a mosaic pattern, resulting from the horizontal and vertical domains 
crossing at right angles. The observed shape of these domains implies the 
direction of their polar faces; the C-face, which has a lower surface energy, 
grew faster than the Si-face [8], indicating that the long side of the domain 
corresponds to the Si-face, and the short side corresponds to the C-face. 
Therefore, the boundary between domains with different long-side directions 
corresponds to an APB. 

To eliminate APBs, it is necessary to orient a specific polar face in the 
desired direction. The simplest method for manipulating polar faces is to use 
a Si(OOl) surface with a 2~4° off-angle in the [110]-direction as the substrate 




Fig. 1. Optical microscope image of 3C-SiC surface grown on “just-Si” substrate. 
The surface of the 3C-SiC shows a mosaic pattern, resulting from the horizontal 
and vertical domains crossing at right angles. The boundary between domains with 
different long-side directions corresponds to an APB 
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Fig. 2. Optical microscope image of 3C-SiC surface grown on “off-Si” substrate. 
Steps of 127°, that deformed from the (111) Si-face, are observed on the 3C'-SiC 
surface. These step edges are all oriented in the [110]-direction, indicating that the 
Si-face of 3C-SiC is aligned with Si(lll)-plane, and the APBs have vanished 



(“off-Si” substrate) [9]. Figure 2 shows the surface of 3C-SiC grown on “off- 
Si”. In contrast to the mosaic structure observed in Fig. 1, steps of 127° are 
observed on the 3C-SiC surface grown on “off-Si” . The edges of these steps 
consist of (311) and (131) facets deformed from the (lll)Si-face [6]. These 
step edges are all oriented in the [110]-direction, indicating that the Si-face 
of 3C-SiC is aligned with the Si(lll)-plane, and the APBs have vanished. 

In the (110) cross-section of the 3C-SiC grown on “off-Si” observed by a 
transmission electron microscope (TEM), however, SFs parallel to the (111)- 
plane are observed as inclined lines (Fig. 3). The SFs are generated to relax 
the lattice mismatch of 19.7% at the 3C-SiC/Si interface. For example, defin- 




Fig. 3. TEM image of (110) cross-section of 3C-SiC grown on “off-Si” substrate. 
SFs parallel to the (lll)-plane are observed as inclined lines 
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ing the stacking sequence of Si-C pairs in 3C-SiC as ABCABCABC along the 
[lll]-direction (where A, B, and C denote the three inequivalent layers), if 
extra Si-C layers along the (lll)-plane are generated at each fifth layer in 
order to minimize the number of dangling bonds at the SiC/Si interface, the 
stacking sequence changes to ABCACBCABACABCBAB, and hexagonal 
sites (underlined characters) inevitably occur to sandwich the extra layers 
(boldface). As the stacking sequence in the (lll)-directions is always ex- 
posed on the (001) surface, the structure of hexagonal sites generated at the 
interfaces is perpetuated in the epitaxial 3C-SiC layer forming planar SFs 
along the {lll}-planes. Since SFs propagate along the four equivalent {111}- 
planes of Si, the SF density decreases as the 3C-SiC thickness increases by 
combining of counter-SFs when “just-Si” is used as a substrate. On “off-Si” 
substrate, the steps on the surface oriented in the [110]-direction predomi- 
nantly terminate SF propagation in the (lll)-plane, but there are no steps in 
the [110]-direction to terminate SF propagation in the (lll)-plane. Finally, 
the propagating direction of SFs is limited in the (lll)-plane [10]. As a result, 
as long as “off-Si” is used as the substrate, SF density cannot be reduced as 
the thickness of 3C-SiC increases. 



3 Principle of Planar Defect Rednction in 3C-SiC 

Based on the above discussion, an effective means of eliminating APBs and 
SFs was devised [6]. APBs can be obliterated effectively by orienting the 
specific polar face in the desired direction based on the inclination of the 
substrate surface. However, in order to maintain the reduction mechanism 
of SF by combining SFs, the SF collimation in the (lll)-plane that was 
observed on “off-Si” must be avoided. In other words, to effectively eliminate 
SFs, the SFs must be arranged so that their configurations are symmetric. An 
effective way to satisfy these requirements is to make many undulations with 
inclinations in the [110]- and [110]-directions on the Si(OOl) surface before 
growing the 3C-SiC. In this paper, this Si(OOl) substrate is referred to as an 
“undulant-Si” substrate. Figure 4 illustrates “undulant-Si” . On the surface 
of the “undulant-Si”, ridges extend in the [Tl0]-direction, and slopes inclined 
toward the [110]- and [TT0]-directions cover the entire surface. 

The “undulant-Si” reduces planar defects in the following manner. Ini- 
tially, the Si-face of 3C'-SiC is oriented in the [111]- and [lll]-directions 
uniformly, and APBs therefore vanish on the slope of the “undulant-Si” in 
a manner similar to that seen with “off-Si”. SFs still propagate along the 
jlllj-planes after the APBs vanish. Unlike “off-Si”, however, the SFs are 
arranged symmetrically, so that they annihilate as they connect with each 
other. Therefore, the SF density decreases as the SiC thickness increases. 

To maximize the effect of “undulant-Si” in reducing planar defects, it 
is preferable that (1) the undulations formed on the Si(OOl) substrate are 
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Fig. 4. Schematic structure of the surface of “undulant-Si” . Ridges extend in the 
[110]-direction, and slopes inclined toward the [110]- and [110]-directions cover the 
entire surface 



continuous, because APBs will occur in any flat regions on the “undulant- 
Si”, as in “just-Si”; and (2) the inclination of the undulations is 2 ~ 4°, 
similar to that in “off-Si” . If the inclinations are too small, the orientation of 
the SiC polar faces cannot be manipulated, since it is influenced by the initial 
misorientation of the Si substrate, and if the inclinations are too large, the 
probability of generating a stacking fault at a SiC/Si interface is increased 
considerably. 



4 Experimental 

This section describes the fabrication of “undulant-Si” and growth of thick 
3C-SiC layer on it using an example. 

4.1 Preparation of Si Substrate 

First, the entire surface of “just-Si” is pushed against a 15-|4m diamond slurry 
at a load of 0.1 kg-cm“^, and moved back and forth in the [TlO]-direction 
to form scratches on the surface of the Si(OOl) (scratching process). The 
scratching process forms countless continuous scratches roughly paralleling 
the [110]-direction. Then, dry oxidation at 1373 K for 5 h is used to remove 
crystal defects introduced on the surface of the Si substrate by the scratching 
process, which forms an oxidized layer about 200-nm thick on the defective 
surface. Finally, the substrate is etched in 5% HF solution for 10 min to 
completely remove the oxidized layer, and the “undulant-Si” surface is ex- 
posed. Figure 5 is an atomic force microscope (AFM) image of the surface of 
“undulant-Si” fabricated using this processes. The figure shows continuous 
undulations with ridges roughly paralleling the [110] -direction formed on the 
Si substrate. The interval between adjacent ridges is 400-700 nm, and the 
difference between ridges and valleys is 7-26 nm. 
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Fig. 5. AFM image of “undulant-Si” surface: Continuous undulations with ridges 
almost parallel to the [110]-direction are formed on the Si substrate. The interval 
between adjacent ridges is 400-700 nm, and the difference between ridges and valley 
is 7-26 nm 



4.2 SC-SiC Growth Process 

A cold-wall-type low-pressure reactor is used to produce SC-SiC epitaxial 
growth on “undulant-Si” . The substrate is heated in the reactor from room 
temperature to 1623 K while introducing 10 seem C 2 H 2 and 100 seem H 2 in 
order to prevent thermal roughening of the Si surface. Carbonization covers 
the surface of the substrate with a 3G-SiC layer about 10 nm thick dur- 
ing the heating process, and the undulating structure is conserved. Then, 
while keeping the substrate temperature at 1623 K, 3C'-SiC is grown on the 
“undulant-Si” using 50 seem SiH 2 Cl 2 , 10 seem C 2 H 2 , and 100 seem H 2 . The 
pressure in the reactor during this carbonization and growth process is kept at 
13.3 Pa. The growth rate of 3C-SiC under these conditions is approximately 
40 |4m-h“^, which is comparable to the growth rate using the sublimation 
method (30 |4m-h“^), as reported by Virgil et al. [4]. After growth for 5 h, a 
3C-SiC layer about 200 pm thick forms on the “undulant-Si” . 



5 Effect of “Undulant-Si” on the Reduction 
of Planar Defects 

5.1 Morphologic Study 

The surface of 3C-SiC grown on “undulant-Si” is mirror-like, unlike the sur- 
faces formed on “Just-Si” and “off-Si” . Figure 6 shows an optical microscope 
image of a OC-SiC surface grown on “undulant-Si”. The mosaic patterns 
observed on 3C-SiC grown on “Just-Si” are not seen in this figure. This in- 
dicates that APBs are eliminated by growing 3C'-SiC on “undulant-Si” . The 
AFM image of the surface (Fig. 7) shows that the 3C-SiC surface is much 
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>. Fig. 6. Optical microscope image of 3(7-810 sur- 

[ 110 ] face grown on “undulant-Si” substrate. The mosaic 

patterns observed on 3(7-SiC grown on “just-Si” 
are not seen. Suggesting the elimination of APBs. 
However, the intersection of SF at the (001) surface 
0.1m I forms a groove, indicated as “S”, along the [110]- 

S direction due to the higher surface energy of Si-face 




Fig. 7 . AFM image of 3(7-SiC surface 
grown on “undulant-Si” substrate. The 
surface of 3(7-SiC is much smoother than 
the surface of “undulant-Si” before the 
3(7-SiC growth 



smoother than the surface of the “undulant-Si”. These results corroborate 
that the growth rate in the [110]- and [110]-directions (lateral growth rate 
of the Si-face exposed on the side of undulations) is faster than that in the 
[001]-direction (vertical to the surface). It is thought that APBs are generated 
during the carbonization process even though “undulant-Si” is used as a sub- 
strate. However, the Si-face is oriented in the [111]- and [lll]-directions as a 
result of the slope of the undulations, and the APBs vanish with SiC growth. 
The steps consisting of the Si-face then inevitably grow horizontally on each 
slope of the undulations [6]. Unlike “off-Si”, on “undulant-Si” the densities of 
the steps growing in the [110]- and [110]-directions are equal. Therefore, on 
“undulant-Si”, the counter steps combine to produce the mirror-like 3(7-SiC 
surface as seen in Fig. 6 and Fig. 7. 

5.2 Microscopic Observation Using TEM 

Figure 8 is a TEM image of a cross-section of 3(7-SiC grown on “undulant-Si” . 
Figure 8a is a TEM image of the (110) cross-section. Unlike the case of “off-Si” 
(Fig. 3), SFs parallel to the (HI)- and (lll)-planes are observed in the same 
field of view. The SF density observed in Fig. 8 is lower than that in Fig. 3. 
By contrast, in the TEM image of the (110) cross-section shown in Fig. 8b, 
SFs are observed as trapezoidal horizontal stripes, but are not observed as 
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Fig. 8. Cross-sectional TEM images of SC-SiC grown on “nndulant-Si” substrate: 
(a) at the (110) cross-section; (b) at the (110) cross-section. SFs parallel to the 
(111)- and (lll)-planes are observed in the same field of view. However, at the 
(110) cross section, SFs are observed as trapezoidal horizontal stripes, but are not 
observed as inclined lines parallel to the (111)- or (lll)-plane 



inclined lines parallel to the (HI)- or (lll)-planes. Therefore, the planar 
defects remaining in the 3C-SiC grown on “undulant-Si” are plate-like SF 
regions, whose coherent interfaces are aligned in the (HI)- or (Hl)-planes. 

As the SF observed in Fig. 8 corresponds to the region rotated 60 degrees 
around the [HI] or [HI] axes with respect to the surrounding crystal lattice, 
it exposes the Si-face on the (001) surface, which should be a non-polar face as 
illustrated in Fig. 9 [6]. In fact, the intersection of SF with the (001) surface, 
which is indicated as “SI” or “S2” in Fig. 9, forms a groove (indicated by “S” 
in Fig. 6) along the [H0]-direction due to the higher surface energy of Si-face. 

Once a plate-like SF is generated parallel to the {Hl}-plane of the 3C- 
SiC, the edge of the SF inevitably forms incoherent interfaces. These inco- 
herent interfaces can be observed as edges in the (HO)-directions in Fig. 8b. 
Since these incoherent interfaces are equivalent to the section of the SFs 
on the (001) surface due to the three-divided symmetry of 3C-SiC around 
the (HI) axes, they correspond to the Si-face [11]. Figure 10a illustrates 
the three-dimensional structure of the SFs remaining in 3C-SiC grown on 
“undulant-Si”. The SFs orient their coherent interfaces along the (HI)- or 
(Hl)-planes exposing Si-face on the (001) surface, and align their incoherent 
interfaces (El, E2: Si-polar interfaces) to the [101], [011], or [101], [011]- 
directions. 
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Coherent interface // (111) Coherent interface // (111) 

Fig. 9. Schematic lattice image of (110) cross-section for 3(7-SiC grown on 
“undulant-Si” . The planar defects remaining in the 3(7-SiC grown on “undulant- 
Si” are plate-like SF regions indexed as T1 and T2, whose coherent interfaces are 
aligned in the (111) or (111) planes. The SF exposes the Si-face (SI, S2) on the 
(001) surface 



Surface 

[ 001 ] 




Fig. 10. Schematic structure of SFs in 3C'-SiC grown on “undulant-Si”: (a) SFs 
parallel to the (111)- or (lll)-planes. The SFs orient their coherent interfaces along 
the (111)- or (lll)-planes exposing Si-face on the surface, and align their incoherent 
interfaces (El, E2) to the [101], [011], or [101], [011]-directions; (b) SFs parallel to 
the (111)- or (lll)-planes 
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5.3 Mechanism for Reducing Planar Defects 
in 3C-SiC Grown on “Undulant-Si” 

From the above discussion, the mechanism leading to the reduction of planar 
defects in 3C-SiC when grown on “undulant-Si” is described in the following 
paragraph. 

During the initial 3C-SiC growth, APBs generated during the carboniza- 
tion process vanish due to the control of the orientation of polar faces on the 
slope of the “undulant-Si”. Then, the SFs along the (111)- or (lll)-planes are 
eliminated via a self- vanishing process. Since the propagation of incoherent 
boundaries (Si-polar interface) along the [TOl], [Oil] or [101], [011]-directions 
reduces the SFs along the (111)- or (lll)-planes, they vanish as the 3C-SiC 
thickness increases, as shown in Fig. 10b. 

By contrast, SFs parallel to the (111)- or (lll)-planes align their inco- 
herent interfaces in the [101], [Oil] or [101], [011]-directions, so that they 
expand as the SiC thickness increases. However, unlike the case of “off-Si” 
substrate, density of SF paralleling (111) plane is quite similar to that of SF 
paralleling (111) plane in order to maintain a SF termination process shown 
in Fig. 11 [6]. Figure 11 is an optical microscope image of a (110) cleaved 
cross-section of 3C-SiC grown on “undulant-Si”. In this figure, SFs are ob- 
served as rather bright inclined lines, and it is obvious that a SF parallel to 
the (lll)-plane (LI) is terminated by a counter SF (L2). 

Since the probability of SF termination is inversely proportional to the 
SiC thickness, SFs parallel to the (111)- or (lll)-planes decrease more slowly 
than SFs parallel to the (111)- or (lll)-planes. Therefore, SFs parallel to 
the (111)- and (lll)-planes are observed as residual defects even when the 
3C-SiC thickness exceeds 200 |J.m. 
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Fig. 11. Optical microscope image at (110) cleaved cross section of 3C-SiC grown 
on “undulant-Si”: SFs are observed as rather bright inclined lines, and it is obvious 
that one SF parallel to the (lll)-plane (LI) is terminated by the counter SF (L2) 
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6 Properties of 3C-SiC Grown on “Undnlant-Si” 

This section describes the electrical and optical properties of the low-defect 
3C-SiC layer grown on “undulant-Si” observed by Hall effect measurements 
and low temperature photoluminescence (LTPL). 

6.1 Hall Effect Investigations 

Hall effect measurements in a Hall-bar configuration as schematically shown 
in Fig. 12 allow the determination of the electron mobility and resistivity in 
a specific direction. Sample 1 and sample 2 have their longest edge in [110]- 
and [110]-direction, respectively. Prior to the sample fabrication, “undulant- 
Si” under the grown SC-SiC was selectively removed to exclude undesirable 
contribution of Si on the measurements of Hall effect. 

The applied magnetic field was oriented perpendicular to the large surface 
of the sample. The free electron concentration n as a function of the recipro- 
cal temperature is displayed in Fig. 13a. The course of n{l/T) is identical for 
both samples. The freeze-out of nitrogen donors dominates in the tempera- 
ture range from 200 K to 100 K. Below 100 K the slope of the n(l/T)-curve 
becomes flatter with decreasing temperature caused by an increasing influ- 
ence of conduction in an impurity band. The dashed curve represents a least- 
squares-fit of the neutrality equation to the experimental data in the freeze- 
out region. From the fit, the following defect parameters are determined: 

ionization energy of nitrogen donors AE(N) = 47 meV, 
concentration of nitrogen donors N(N) = 4 x 10^® cm“^, 
concentration of compensation N(comp) = 1 x 10^® cm“^. 

The Hall mobility of electrons is revealed in Fig. 13b. It shows an 
anisotropy parallel ([110]-direction) and perpendicular ([llOj-direction) to the 
undulation ridges over the complete investigated temperature range. In [110]- 
direction, the electron mobility is higher by a factor of approximately four 
and reaches a maximum value of 300 cm^-V“^s“^ at 55 K. As a consequence, 
also the resistivity shows an anisotropy (see Fig. 13c). In the temperature 
range from 500 K to 100 K, the resistivity decreases. At low temperatures 
(T < 100 K), the resistivity increases again; in this region, it is dominated 
by conduction in an impurity band [12]. 




Fig. 12. Scheme of the Hall bar configu- 
ration used for the determination of the 
anisotropy of the electrical properties 
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C Rec. temperature 1000/T (K ') 

Fig. 13. Hall effect results taken on samples 1 and 2 with their longest edges 
aligned in [110]- and [110]-direction, respectively: (a) free electron concentration n 
versus reciprocal temperature, (b) electron Hall mobility /in versus temperature, 
(c) resistivity p versus reciprocal temperature 



The anisotropy in the electrical properties of the 3C-SiC is probably 
caused by extended crystal defects [13, 14], e.g. residual SFs along (111)- 
or (lll)-planes as observed in Figs. 6 and 8. Such residual SFs force the 
lattice atoms from their equilibrium positions leading to deviations from the 
periodicity and as a consequence to an additional scattering process of the 
electrons. In addition in the strain field of the coherent and incoherent inter- 
faces of SFs, charged extrinsic atoms may be captured forming a potential 
barrier. Both effects hinder the motion of electrons in the [TlO]-direction and 
result in the observed increase of the resistivity. 

This anisotropy may degrade the performance of 3(7-SiC power devices 
such as MOSFET’s. We, therefore, have to eliminate the residual SFs along 
(111)- or (lll)-planes, which are responsible for the observed degradation 
effect. 

6.2 Low Temperature Photoluminescence (LTPL) Measurements 

In order to give further insight into defect centers and their depth distribution 
in the 3C-SiC layer, LTPL was carried out. The LTPL measurements were 
performed on a large, 219 pm thick 3(7-SiC layer cut into a number of pieces. 
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Fig. 14. 2 K spectrum of the “front” side of a 219 |lm thick SG-SiC film removed 
from “undulant-Si” . No is the no-phonon line of the exciton bound to the neutral 
nitrogen donor and TA, LA, TO, and LO are first order phonon replicas. Dn and 
Di are the two most common intrinsic defects seen in SiC by means of optical 
experiments 



The samples were irradiated with a 30 mW He-Cd laser (325 nm) at 2 K and 
we measured the 3C-SiC front surface whilst still on the (001) Si substrate. 
Subsequently the 3C-SiC layer was removed from the substrate and one then 
could measure both the front and back surfaces of the free standing 3C-SiC 
layer. In Fig. 14 only the spectrum from the front side of the 3C-SiC layer 
is shown. We then thinned down the 3C'-SiC layer from the back side, or 
substrate side, until samples of 205 |lm, 150 |lm and 110 |lm were obtained. 
All these samples were then spectrally examined from front and back. 

Returning to Fig. 14 we see a global picture of the 2 K, 3C-SiC LTPL 
spectrum measured from the front of the 219 pm thick film after removal 
from the “undulant-Si” . The most notable features are marked as follows: Ng 
is the nitrogen no-phonon line at 5210 A, Dn is an intrinsic defect whose no- 
phonon line is at 5373 A, TA, LA, TO, LO are the first order phonon replicas 
of No, the ranges of the second and third order phonon replicas of Nq are 
marked, and lastly we indicate Dp at 6279 A, the most common intrinsic 
defect in SiC observed by means of optical experiments. 

On Fig. 15 one sees a normalized and expanded view of the Nq lines 
measured from the “back” of the samples for all the thicknesses of our 3C- 
SiC layer. The authors did not interpret the nature of the small high energy 
satellite on the high energy side of Nq. The largest stress shift towards lower 
energies is seen for the 219 pm film. It is about 1 meV which is smaller than 
the 4 meV to 7 meV shifts towards lower energy observed from the front of 
thin (10 pm) CVD films of 3C-SiC grown on (001) Si by J.A. Powell [15]. 

Figure 16 shows the diminution of the Dn defect no phonon line mea- 
sured from the “back” with thinning of the 3C'-SiC layer. The Dn defect was 
reported 30 years ago [16], but its very nature is still the subject of active 
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Fig. 15. The No line as measured from the “back” of the sample. The sample was 
successively thinned to 205 |lm, 150 |lm, and 110 |lm 




Wavelength (A) 

Fig. 16. The Dii no-phonon line, where the LA phonon replica is normalized such 
as to show the relative strength of the Du line as material is removed from the 
“back” of the sample 



theoretical investigation. It is certainly a carbon related complex but the final 
verdict is not yet in. Normally, this defect is observed in heavily implanted 
samples subsequent to high temperature annealing. It has been reported once 
before in SC-SiC grown on “undulant-Si” [17]. 

Fiure 17 shows the normalized Dj defect spectrum measured on the “back” 
side as a function of SiC thickness. Dj is the most common intrinsic defect 
in SiC observed by means of optical experiments. It was first described in 
3C-SiC in 1971 [18]. It is seen that the line marked L of the 219 |J,m layer is 
shifted slightly (1 meV) towards lower energy and is much broader than the 
line at 110 pm. This shift is quite similar to the measured red shift of the Ng 
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Wavelength (A) 

Fig. 17 . The Di no-phonon line, measured from the “back” of the sample with 
intensities being normalized. As the sample is thinned to 150 |tm the Di line becomes 
sharp enough to reveal an excited state M of the L line 



no-phonon line. For the 110 pm film, the L line of the Dj center has a high 
energy satellite (an excited state) marked M using the notation of [18]. Since 
1971 there has been a spate of papers which have attempted to pinpoint the 
nature of this defect center in SiC. The model that is currently most accepted 
is the “pseudo donor” model [19]. Recent theoretical calculations attribute 
the Di defect center to the neutral anti-site pair [20]. The film stress relief 
is relatively minor and hence the sharpening of the L line in Fig. 17, as we 
remove material from the substrate side, is likely a sign of defect reduction. 

6.3 Temperature Dependence of PL Spectra 

To evaluate the crystalline quality of 3C-SiC by observing the temperature 
dependence of free-exciton (FE) luminescence, PL measurements were per- 
formed at various temperatures between 3 and 50 K for a 205-|J.m-thick, free- 
standing 3C-SiC layer. The front of the sample was excited by the 476 nm 
line from a 25 mW Ar ion laser in order to avoid the unwanted overlap of 
PL features with the second order Raman peaks of 3C-SiC. The penetration 
depth of 476 nm at room temperature is 83 pm [15]. 

Figure 18 shows the temperature dependence of the PL spectra. FE lu- 
minescence is clearly observed above 15 K, while the nitrogen-bound exciton 
feature disappears [21, 22]. Since 3C-SiC is an indirect semiconductor, the 
decay must be accompanied by the emission of the momentum-conserving 
phonon, i.e., TA, TO, LA, and LO at the conduction band minimum. 

The luminescence intensity depends on the temperature, intensity of exci- 
tation, and concentration and capture cross-sections of neutral nitrogen im- 
purities and defects. FE luminescence is usually observed at low temperatures 
in high purity material. Figure 18 shows the weak features of TA and TO 
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Wavelength (A) 

Fig. 18. Temperature dependence of FE luminescence for SC-SiC grown on “undu- 
lant Si” substrate. FE indicates a luminescence related to free exciton recombination 
and the subscripts associated with FE denote related phonons 



phonon replicas of FE. These observations indicate that the 3C-SiC grown 
on “undulant-Si” has a very low defect density and nitrogen concentration 
(we estimate the impurity concentration to be approximately 10^® cm“^). Al- 
though the “back” side has many defects, the front side is high quality due to 
the reduction of planar defects by the mechanism described in the preceding 
section. At higher temperatures, the nitrogen BE luminescence disappears, as 
shown in Fig. 18 because the excitons bound to nitrogen donors are released. 

Therefore, excitons move freely at higher temperatures, i.e., FE emission 
dominates the PL features. The temperature dependence of the FE lumines- 
cence agrees well with that reported for high-quality SC-SiC [21, 22]. One 
difference is the temperature at which the intensity of the FE luminescence 
is strongest. In our case, it was around 20 K, while it was higher in previous 
reports (50 K [21] and 70 K [22]). Thermal quenching of FE is associated 
with the exciton binding energy [21]. 
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Fig. 19. Temperature dependence of Di defect luminescence for 3(7-810 grown on 
“undulant Si” substrate. H, M and L indicate peaks associated with the no-phonon 
lines of Di defect. Around 20 K, Di luminescence takes the maximum intensity. 
Temperature dependence of Di defect is similar to the previous report [18] 



The lower maximum temperature of FE may be due to iuterfereuce with 
the Di defect, whose preseuce becomes clearer at high temperatures, as showu 
iu Fig. 19. The Dj defect baud iu Fig. 19 resembles the spectra reported for 
iou-implauted samples [18]. Stroug evideuce of H aud M bauds, aud weak L 
bauds, is observed at 3 K. The L spectrum disappears at arouud 8 K aud the 
relative iuteusity of H aud M chauges at above 8 K. However, the features of 
the Di defect remaiu evideut up to 50 K, i.e., Di defects are likely respousible 
for the thermal queuchiug of FE lumiuesceuce above 20 K seeu iu our samples 
via the efhcieut capturiug of free excitous. 

Although a Di baud is observed, FE lumiuesceuce, which is a good mea- 
sure of the crystalliue quality of samples, is observed at higher temperatures. 
These results are remarkable, cousideriug that the 3(7-SiC layer was growu 
heteroepitaxially directly ou Si. 



7 Properties of 3C-SiC Homoepitaxial Layer Grown 
on 3C-SiC Heteroepitaxial Layer on “Undnlant-Si” 

For the fabricatiou of electrouic devices usiug thick 3(7-SiC layers growu 
ou “uudulaut-Si” , additioual thiu, high quality n- or p-type 3(7-SiC homo- 
epilayers have to be growu ou them, which serve as a “substrate” . Iu this sec- 
tiou, at first, the homoepitaxial growth process of such additioual epilayers is 
described. Theu the electrical quality of the homo-epilayers is iuvestigated by 
DLTS measuremeuts. Fiually, differeutly processed 3(7-SiC MOS capacitors 
are fabricated usiug the homo-epilayer aud the deusity of iuterface states is 
determiued by the couductauce techuique. 
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7.1 Homoepitaxial Growth of 3C-SiC 

The homoepitaxial growth of 3C-SiC was performed on the SC-SiC layer 
grown on the “undulant-Si” substrates in a hot wall reactor for chemical 
vapor deposition (CVD), described more in detail elsewhere [23, 24]. The 
“undulant-Si” substrate under the 3C'-SiC was removed prior to the ho- 
moepitaxial growth in order to avoid melting of Si at growth temperature 
above the melting point of Si (1683 K). The reactor includes mechanical sub- 
strate rotation for increased uniformity of the epilayer doping concentration 
and thickness. The homoepitaxial 3C'-SiC growth was done with parame- 
ters similar to the conditions for growth on 6i7-SiC substrates. The growth 
temperatures were between 1773 K and 1873 K and the reactor pressure 
was set to 20 000 Pa. Silane (SiH 4 ) and propane (CsHg) was used as growth 
precursors and palladium cell purified hydrogen as the carrier gas. Nitro- 
gen gas and trimethylaluminum (TMA) were employed to achieve n- and 
p-type conductivity, respectively. The net doping concentrations in the n- 
layers, determined by capacitance-voltage (C-V) measurements, were in the 
mid 10^® cm“® range and the net doping concentrations in the p-layers were 
in the mid 10^^ cm“® range. 

7.2 Deep Level Transient Spectroscopy (DLTS) Investigations 

DLTS measurements taken on gold Schottky contacts were conducted to 
check whether energetically deep traps are incorporated in these epilayers. 
The dashed line in Fig. 20 is the result of a DLTS analysis of an n-type 
3C-SiC epilayer (concentration of nitrogen donors = 2 x 10^® cm“®). The 
deposited 3C-SiC epilayer reveals a high electrical quality; no traps are ob- 
servable within the detection limit of 1 x 10^^ cm“®. Subsequently this sample 




Temperature (K) 

Fig. 20. DLTS spectra taken on an as-grown and H"'"-implanted n-type SC-SiC 
homo-epilayer 
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has been implanted with a hydrogen-box-profile (mean H~'"-concentration = 
1 X 10^® cm“^, depth d = 1.6 pm) at 1173 K. The solid DLTS spectrum in 
Fig. 20 is taken subsequent to the H+-implantation. Five traps are generated; 
their parameters are: 



trap 1: AE{1) = 150 meV 
trap 2: AE{2) = 165 meV 
trap 3: AE{3) = 180 meV 
trap 4: AE{4) = 470 meV 
trap 5: AE{5) = 590 meV 



N(l) = 3 X lO^-^ cm-3, 
N(2) = 7 X 10^3 
N(3) = 5 X 1013 cm-3, 
N(4) = 8 X 1013 cm-3, 
N(5) = 3 X 1013 cm-3. 



Chemical composition and microstructure of these defects are not yet 
identified; the ionization energy of trap 3 is close to the ionization energy of 
the Zi/Z 2 -center observed in 4i7- and 6i7-SiC. 



7.3 Interface State Density Dit 

of n- and p-Type SC-SiC MOS Capacitors 

Differently processed 3(7-810 MOS capacitors (see Table 1) were fabricated 
and the density of interface states was determined by the conductance tech- 
nique. The gate oxide was grown in nominally dry O 2 at 1393 K for 1 h 
followed by a post-oxidation anneal at the same temperature [25]. In Fig. 21, 
the interface state density (Da) is compared for three 3(7-SiC MOS capaci- 
tors. Dit can be reduced, when the standard RCA clean of the sample surface 
is combined with an UV {hiy > 6 eV) ozone treatment (see samples ^1 and 
^2) and when an additional n-type 3(7-SiC epilayer is grown on the substrate 
(sample #3). In Fig. 22, Da of an n-type (sample #3)/p-type (sample #4) 
3(7-SiC MOS capacitor is depicted. Close below the conduction band edge. 



Table 1. Processing steps applied to the investigated n-/p-type 3C-SiC MOS ca- 
pacitors 



3C-SiC 

sample 

no. 


Condnctivity 

type 




Processing 




additional 

3C-SiC 

epilayer 


RCA- 

preclean 


additional 

ozone- 

preclean 


# 1 


n (snbstrate) 


no 


yes 


no 


# 2 


n (snbstrate) 


no 


yes 


yes 


# 3 


n (substrate) -I- n 


yes 


yes 


yes 




(epi) 








#4 


n (substrate) -I- p 


yes 


yes 


yes 




(epi) 
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Fig. 21. Interface state density Da as 
a function of energy for differently pro- 
cessed n-type 3C-SiC MOS structure 



Fig. 22. Interface state density Da as a 
function of energy for an identically pro- 
cessed n- and p-type SC-SiC MOS struc- 
ture 



the density of interface states Da reaches values of 10^^ cm“^eV“^; such val- 
ues are about two orders of magnitude lower than comparable values for the 
4if-SiC polytype. In the lower half of the band gap, of 3C- and 4if-SiC 
MOS capacitors result in largely the same values. 



8 Conclusion 

This paper describes a technique for fabricating low-defect “bulk SC-SiC” by 
the hetero-epitaxial growth of 3C-SiC on “undulant-Si” . During initial 3C- 
SiC growth, anti-phase boundaries are eliminated on each slope. As the 3C- 
SiC grows thicker, stacking faults in the (HI)- or (lll)-planes are annihilated 
as they combine with counter-stacking faults, while those parallel to (111) or 
(111) self-vanish. The advantages of this technique are that the orientation of 
the polar face is controlled on the non-polar Si substrate, and the annihilation 
and self- vanishing of SFs are brought about concurrently. 

The electrical properties of the low-defect 3C'-SiC layer grown on “undulant- 
Si” were investigated by Hall effect measurements. The least-squares-fitting 
of temperature dependence of free electron concentration revealed the de- 
fect parameters as follows: Ionization energy of nitrogen donors = 47 meV, 
concentration of nitrogen donors = 4 x 10^^ cm“^, and concentration of com- 
pensation = 1 X 10^^ cm“^. The Hall mobility of electrons shows in the 
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[110]-direction is higher than that in the [110]-direction by a factor of ap- 
proximately four and reaches a maximum value of 300 cm^V“^s“^ at 55 K. 
The residual stacking faults along the (HI)- or (lll)-planes are thought as 
an origin of the anisotropic electron mobility. 

We have measured LTPL spectra of 3C-SiC grown on “undulant-Si” as 
a function of the removal of 3C-SiC material from the backside, which orig- 
inally faced the substrate. There is a maximum stress shift of 1 meV to a 
lower energy for the Nq line, as well as the L line of the Dj center, and a 
somewhat smaller shift (0.4 meV) for the no-phonon line of the Dn center. 
The diminution of the defect centers, Dj and Dn, as we remove material from 
the backside is consistent with mechanism for the reduction of planar defects 
by “undulant-Si” . The FE luminescence at the front side depends on the mea- 
surement temperature. Although a Dj band is observed, FE luminescence is 
observed at higher temperatures of up to 50 K, suggesting good crystalline 
quality. 

The additional homo-epilayers were grown on the thick 3C-SiC hetero- 
epilayers grown on “undulant-Si” substrate. The deposited 3C-SiC homo- 
epilayer reveals a high electrical quality; no deep-level traps are observable 
within the detection limit of 1 x 10^^ cm“^. However, traps are generated by 
H+-implantations. Differently processed 3C-SiC MOS capacitors were fabri- 
cated using the homo-epilayer and Dit was determined by the conductance 
technique. Dit can be reduced, when the standard RCA clean of the sample 
surface is combined with an UV {hv > 6 eV) ozone treatment and when 
an additional n-type 3C'-SiC epilayer is grown on the substrate. Close below 
the conduction band edge, the Da reaches values of 10^^ cm“^eV“^; such 
values are about two orders of magnitude lower than comparable values for 
the 4iJ-SiC polytype. 
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New Development in Hot Wall Vapor Phase 
Epitaxial Growth of Silicon Carbide 



A. Schoner 



1 Introduction 

1.1 Brief History on Vapor Phase Epitaxy of SiC 

The progress in performance of devices made from Silicon Carbide (SiC) is 
to a large extent related to the quality and the size improvements in bulk 
material growth and homoepitaxial growth. Homoepitaxial growth of SiC by 
vapor phase epitaxy (VPE) was started in the mid 1980th due to unsatis- 
factory results in epilayer quality by growth techniques such as liquid phase 
epitaxy and close space sublimation. The first VPE-reactors for SiC were 
former gallium-arsenide reactors converted to meet the requirements for the 
growth of SiC. Figure 1 shows the schematic drawing of such a converted 
VPE-reactor. The heating of the substrate and the reactive gases was pro- 
vided by high purity graphite susceptors, which were heated up to the growth 
temperature of about 1500° C by round or pancake like i?F-coils. Because of 
the high temperatures SiC is grown, special care had to be taken to pro- 
tect the quartz tube from being overheated, especially on the bottom side, 
where the susceptor is closest to the quartz. The thermal insulation of the 
susceptor was provided by graphite felt or highly reflective graphite layers 
deposited on additional quartz tubes. The reactor quartz tube was cooled by 



RF coil 

OOOOOOOOOOOO Quartz tube 
Gas inlet Gas outlet 



OOOOOOOOOOOO 

Fig. 1. Schematic drawing of a horizontal cold wall VPE-reactor for the epitaxial 
growth of SiC. The SiC substrate is placed on a high purity graphite susceptor, 
which is thermally insulated from the quartz tube and is heated up to the growth 
temperature by the RF -coil 
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either water or air. Hence, the surrounding quartz tube walls were several 
hundred degrees colder than substrate and susceptor. This reactor type with 
cold sidewalls was called horizontal cold wall reactor. 

The first VPE-reactors for SiC were mainly designed for growth on small 
wafers (< 1 " diameter), but their use was extremely important to investigate 
specific aspects of SiC epitaxial growth including dopant incorporation in 
dependence on the carbon to silicon ratio in the gas phase, dependence of 
the growth rate on the silicon content, and growth precursor depletion over 
the wafer. 

The growth on larger diameter wafers has set high demands for the tem- 
perature homogeneity in VPE-reactors. To achieve uniform epilayers required 
an improved reactor design. Special care needed to be taken to provide uni- 
form temperature distributions on the substrate surface and in the gas phase. 
In the beginning of the 1990th, a reactor concept was designed at the Uni- 
versity of Linkoping, Sweden, which applied heating of the growth cell and 
the reactive gases on the four surrounding sides of the susceptor. This hor- 
izontal concept for SiC homoepitaxy was called hot wall reactor [1]. Today, 
the horizontal hot wall reactor is the most advanced and developed machine 
for homoepitaxial growth of SiC. It is commercially available in single- and 
multi-wafer configuration for R&D and production purposes, respectively. 

Besides the horizontal concept, vertical hot wall reactors have been de- 
veloped [2]. The vertical reactors are designed for higher temperatures up 
to 2000° C and have an increased growth rate compared with the horizontal 
hot wall machines. The high temperature VPE-reactors can be either used 
for homoepitaxial growth or bulk growth. Despite the extensive capabilities 
of these vertical machines, the focus of this chapter will be the horizontal 
hot wall reactors, because of their potential for increased yield of SiC device 
processing and production due to the introduction of substrate rotation. 

1.2 Horizontal Hot Wall Reactor in General 

Figure 2 shows the schematic drawing of a horizontal hot wall reactor for 
homoepitaxy of SiC. The susceptor is made of high purity graphite with an 
inner cell of rectangular cross section for placing the substrate wafer. The 
susceptor is surrounded by graphite felt for thermal insulation and placed 
inside an air-cooled quartz tube. The hot wall reactor concept minimizes 
the radiation losses and limits them to the entrance and exit parts of the 
reactor inner cell. It provides inside the susceptor a region with at least 2 inch 
diameter around the temperature maximum with a temperature uniformity 
of better than ±10°C. The substrate is placed in a recess of the wafer carrier 
plate. The carrier plate is loaded from the downstream side into the reactor. 
A stop in the end of the susceptor makes sure that 2 inch substrates are 
always placed at the same position in the inner cell. 

Different shapes of the inner cell were tried during the development of 
the hot wall reactor. Today’s design of the hot wall reactor inner cell has an 
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Pyrometer 




Gas inlet 



RF coil 

OOOOOOOOOOOO Quartz tube 




Gas outlet 



SiC substrate 



Graphite susceptor 



To pump 



iThermal insulation 



OOOOOOOOOOOO 



Fig. 2. Schematic drawing of a horizontal hot wall reactor for the homoepitaxy of 
SiC. The substrate is placed inside a rectangular inner cell with an inclined ceiling 
and heating is provided by the four surrounding 7?F-heated sidewalls 



inclined ceiling to increase the gas velocity over the wafer. The increased gas 
velocity avoids the depletion of the reactive gas species in order to grow uni- 
form layers. The growth temperature is measured by an optical pyrometer at 
the ceiling as illustrated in Fig. 2. The pyrometer is adjusted to the tempera- 
ture maximum above the substrate wafer and is calibrated by melting silicon 
on the wafer carrier plate. Additional calibration points using materials with 
melting point close to the temperature of the homoepitaxial growth can be 
of interest, if a more accurate pyrometer calibration is desired. 



2 Homoepitaxial VPE-Growth of SiC 

2.1 Growth Process 

The homoepitaxial VPE-growth process for SiC is basically similar for the 
different cold wall and hot wall reactor concepts. An illustration of the typical 
growth process for SiC homoepitaxy is shown in Fig. 3. The growth process 
employs high purity precursor gases, which are introduced into the reactor 
inner cell together with a carrier gas. The introduced gases are heated up 
to the growth temperature and the chemical reactions take place in the gas 
phase and at the surface of the substrate wafer. 

The VPE-growth of SiC consists basically of the following processes: 

(1) Transport of the reactive gases from the inlet to the reactor inner cell, 

(2) cracking of the precursor gas molecules, 

(3) diffusion of silicon and carbon containing species to the surface, 

(4) adsorption of silicon and carbon containing species at the surface, 

(5) desorption and evaporation of silicon and carbon from the surface, 

(6) surface diffusion of adsorbed species, 

(7) incorporation of adsorbed species into the growing crystal, preferably at 
steps or defect sites. 
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temperature 1500 - 1650 °C 




Fig. 3. Typical VPE growth process for homoepitaxy of SiC with silane (SiH 4 ) and 
propane (CsHg) as growth precursors in hydrogen carrier gas. The argon anneal is 
optional and sometimes used to activate acceptor dopants 



The adsorption (4), surface diffusion (6), and incorporation of silicon and 
carbon containing species (7) contribute mainly to the deposition of SiC. 
Desorption and evaporation (5) of silicon and carbon from the surface can 
be regarded as etching. If the deposition dominates over the etching, thin 
SiC films are grown on the substrate. The growth rate of the film depends 
on which of the above listed processes is the limiting one and on the ratio of 
deposition rate to etch rate. Both, the growth limiting process and the rate 
ratio of deposition to etching are strongly dependent on the temperature and 
the supplied gas flows. 

Standard VPE-processes in a horizontal hot wall reactor employ growth 
temperatures between 1500°C and 1650°C. The total pressure in the reactor 
varies from 100 hPa to 500 hPa, controlled by a throttle valve and a process 
dry pump. The most commonly used precursors for silicon and carbon are 
silane (SiH4) and propane (CsHg). Hydrocarbons such as methane (CH4) 
and ethane (C2Hg) were investigated as alternative carbon precursors [3]. In 
addition, precursors containing silicon as well as carbon atoms were studied 
intensively for the heteroepitaxial growth of cubic 3C-SiC on silicon. Hy- 
drogen purified through heated palladium cells is commonly used as carrier 
gas. The hydrogen flows ranges from 10 slm (standard liter per minute) up 
to 70 slm, depending on the size of the reactor inner cell. Nitrogen (N2) 
gas and trimethylaluminum (TMA, (CH3)3A1) are employed for donor and 
acceptor doping, respectively. Nitrogen donors occupy preferentially carbon 
lattice sites, whereas aluminum because of its size is incorporated on silicon 
lattice sites. The doping concentration ranges achieved in horizontal hot wall 
reactors are for nitrogen from below 1 • 10^^ cm“^ up to 1 • 10^*^ cm“^ and for 
aluminum from about 1 • 10^® cm“^ up to 1 • 10^^ cm“^. It should be avoided 
that epilayers with high and low doping concentrations have to be grown 
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in the same reactor cell, or at least not with the same susceptor. Especially 
aluminum causes severe memory effects and aluminum concentrations below 
5 • 10^® cm“® are difficult to achieve for at least one hour of growth time after 
high doped p-type layers have been grown. 

2.2 Substrate Preparation and Step- Controlled Epitaxy 

Very important for the quality of the growing epilayer is the initial substrate 
surface. Today, chemical-mechanical polishing is applied to achieve mirror- 
like surfaces and excellent surface roughness [4] . In-situ etching by the hydro- 
gen carrier gas at the growth temperatures removes the damage remaining 
from the polishing. Alternatively, adding a small amount of hydrogen chloride 
(HCl) to the hydrogen carrier gas during the etching step improves further 
the surface and reduces unwanted defect nucleation centers [5]. The etching 
step is very important to prepare the substrate for the SiC growth process. 
It can vary with the reactor design and the growth process, and has to be 
carefully investigated for new reactor designs and processes. 

One of the breakthroughs in SiC epitaxy was the discovery of the so 
called step-controlled epitaxy [6] . Growing epilayers on on-axis substrates re- 
sulted in poly crystalline SiC films due to spontaneous nucleation and island 
growth. The information on the stacking sequence of silicon-carbon bi-layers 
is not transferred to the growing layer. The growing islands are mostly of 3C- 
SiC polytype, the most stable SiC crystal configuration at the VPE growth 
temperatures. In step-controlled epitaxy, the replication of the polytype is 
achieved by orienting the wafer surface with a small off-angle towards the 
c-plane. This off-angle cut results in a large amount of atomic steps at the 
surface, which are then preferred adsorption and incorporation centers for 
the growth species. The steps contain the information on the stacking se- 
quence and this stacking sequence is thus transferred to the growing layer. 
The off-angle for the surface orientation has to be chosen in that way, that 
the remaining terraces between the steps are small enough to prevent spon- 
taneous nucleation. In addition, the mobility of the surface diffusion for the 
adsorbed species should be high enough, so that the adsorbed species are 
able to reach the step sites. The SiC growth should only occur at the steps. 
The standard angle for the Si-face off-axis cut was determined to 3.5° and 8° 
towards (11-20) for 6if-SiC and 4iJ-SiC, respectively. 

2.3 Site Competition Epitaxy 

In the mid 1990th, the discovery of the site competition epitaxy [7], which 
explains the dependence of the doping atom incorporation on the ratio of 
available silicon and carbon atoms (C/Si-ratio) in the gas phase, provided 
an explanation for the observation of unexpectedly high content of acceptor 
species in epilayers grown in horizontal hot wall reactors. The high content 
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of acceptor species was often observed in reactors used for growth of both 
n-type and p-type epilayers. But high acceptor background was even found in 
reactors used only for the growth of n-type epilayers. In this case the source 
was mainly residual boron in the susceptor graphite material. The acceptor 
background was especially disturbing during the growth of thick, low concen- 
tration n-type, high carrier lifetime epilayers for high voltage applications. 
The thick, low doped n-type epilayers were usually grown with no intentional 
doping supplied and residual nitrogen in the reactor was used as the doping 
source. Long growth runs resulted sometimes in a change of the conductiv- 
ity type due to with time faster decreasing supply of background nitrogen 
compared with e.g. the boron coming from the susceptor walls. 

The reason for the “easy” incorporation of acceptor dopants was found 
to be again the susceptor graphite acting as an additional carbon source. 
The graphite susceptor delivers through evaporation and the attack from 
the hydrogen carrier gas so much carbon to the gas phase that the growth 
was carried out always under carbon rich conditions [8]. In some cases it 
was even possible to grow without any carbon precursor, achieving good 
quality SiC layers. With site competition epitaxy it was observed, that the 
shallow acceptor dopants aluminum and boron, which are incorporated on 
silicon lattice sites, are preferred build into the crystal under carbon rich 
conditions. Therefore, to reduce the acceptor background, a solution had to 
be found to prevent the evaporation of carbon from the graphite susceptor. 
Thermally stable coating of the susceptor by polycrystalline SiC was one of 
the solutions and is still used in many reactor designs. Today, also tantalum 
carbide coating is investigated as an alternative to the SiC coating [9] . Using 
coated susceptors was and is the only way to achieve control over the C/Si- 
ratio in hot wall reactors. With coated susceptors, site-competition epitaxy 
could be applied to reduce the background doping and create thick, low doped 
layers of homogeneous conductivity type. 

Furthermore, the control of the C/Si-ratio is important to achieve sharp 
dopant transitions between layers with opposite conductivity type [10, 11]. 
Together with stopping the growth for some minutes at the growth temper- 
ature and etching the wafer during the stop time slightly by the hydrogen 
carrier gas, an interface sharpness of below 20 nm between p-type and n-type 
layers can be achieved. 

2.4 Recent Growth Process Improvements 

2.4.1 Carrier Gas Mixture of Hydrogen and Argon 

Hydrogen is normally the preferred carrier gas due to the relatively easy way 
of purifying it with heated palladium cells. Hydrogen exists mainly as H 2 
molecules, but at the growth temperatures of 1500°C to 1650°C the hydro- 
gen molecules are partly decomposed and highly reactive hydrogen atoms 
participate in the growth process. These reactive hydrogen atoms etch the 
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substrate surface during the growth and increase the surface mobility of the 
reactive species, which leads to a reduced formation of defects and 3C-SiC 
inclusions. Hence, atomic hydrogen has a positive effect on the growing sur- 
face and on the layer quality. But atomic hydrogen reacts not only with the 
substrate surface. Also the reactor graphite parts are attacked by atomic hy- 
drogen and mainly methane is formed. Even the coating, including SiC coat- 
ing, is attacked during the growth. In addition, hydrogen has a high cooling 
efficiency and is affecting the temperature distribution inside the susceptor 
cell, especially on the gas entrance side (see also Fig. 4). 

To reduce the negative effect of hydrogen on the reactor parts and the 
temperature distribution, and at the same time preserve the positive effect on 
the epilayer growth, carrier gas mixtures of purified hydrogen and argon have 
been investigated. The experiments were done in a standard horizontal hot 
wall reactor with silane and propane as the reactive gases, keeping the total 
carrier gas flow constant at 50 slm, the reactor pressure at 250 hPa, the C/Si- 




Fig. 4. Temperature distribution (a) and variation of the net doping concentration 
(b) obtained by C-V of a nitrogen-doped epilayer in gas stream direction of a 
standard horizontal hot wall reactor 






236 A. Schoner 



ratio at 1.5 and the silane flow at 7.5 seem. The Argon eontent of the earrier 
gas was varied from 0% to 30%. It was observed that thiekness and doping 
uniformity of the grown layers were signifleantly improved by using a earrier 
gas mixture of hydrogen and argon. The maximum variation over mean values 
were deereased from 21% to 12% and from 54% to 22% for epilayer thiekness 
and doping eoneentration, respeetively. The uniformity values are ealeulated 
for 2 ineh wafers with an edge exelusion of 5 mm. An uniformity improve- 
ment was aehieved up to the argon eontent of about 15% to 20%. For argon 
eontents above 20% no signifleant further improvement in layer uniformity 
was observed. The layer uniformity improvement is attributed to the lower 
eooling effleieney of the hydrogen-argon earrier gas mixture eompared with 
a pure hydrogen earrier gas, resulting in a more homogeneous temperature 
distribution, espeeially in the upstream part of the suseeptor. 

The drawbaek in using hydrogen-argon mixtures as earrier gas is the re- 
duetion in growth rate, whieh is eaused most probably by a redueed diffusiv- 
ity of reaetants through the earrier gas eombined with a redueed eooling of 
the growing surfaee. The redueed eooling results in an enhaneed evaporation 
of the adsorbed growth speeies. In the experiments mentioned above, the 
growth rate was almost linearly redueed from 2.4 pm/h at no argon eontent 
to 2.2 pm/h at an argon eontent of 30%. At this medium growth rate range 
eaeh added pereentage of argon to the hydrogen earrier gas was redueing the 
growth rate by about 10 nm/h. The redueed growth rate for the hydrogen- 
argon earrier gas mixture is an additional indieation for the deereased eooling 
effleieney and therefore the inereased temperature at the growing surfaee. 

As mentioned above, earrier gas mixtures of hydrogen and argon are use- 
ful to improve the layer uniformity, but the growth rate is redueed. The layer 
uniformity is espeeially important for high frequeney deviees sueh as bipolar 
transistors and MESFETs. These high frequeney deviees eonsist of thin, pre- 
eisely doped layers as the aetive region of the deviee. The layer thiekness is 
in the order of 100 nm to 1 pm. Henee the growth rate reduetion by using 
hydrogen-argon earrier gas mixtures does not play a signifleant role. The gain 
in deviee yield and performanee due to improved layer homogeneity is by far 
more important than the extra time needed for the growth. 

2.4.2 Silicon Droplets 

As mentioned in Seet. 2.2, the in-situ eteh before the aetual growth is eru- 
eial for the homoepitaxial SiC growth proeess and has been studied care- 
fully [5, 13]. The etching process consists mainly of the formation of hydro- 
carbons through reaction of the hydrogen carrier gas with the surface carbon 
and the evaporation of silicon. It was found that at pressures above 100 hPa 
a pure hydrogen etch removes carbon from the SiC surface by forming hy- 
drocarbons and the silicon evaporation becomes the limiting process for the 
etch. The remaining silicon on the surface can form silicon droplets, which 
act as nucleation centers for defects. A similar effect occurs under silicon 
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rich growth conditions (C/Si-ratio below 1). Under these growth conditions, 
substrate defects such as micropipes and dislocations can act as nucleation 
centers for the formation of silicon droplets. The result is a high number of 
crystal defects and the deterioration of the epilayer surface morphology. 

Several ways were found to avoid the silicon droplet formation. The heat- 
ing and etching process should be done at low pressure, preferably below 
100 hPa, where the hydrocarbon formation and not the silicon evaporation is 
the limiting process for the in-situ etch. If a pressure below 100 hPa cannot 
be achieved during the heating, then reducing the hydrocarbon formation 
rate or increasing the silicon evaporation rate are further possibilities. The 
addition of HCl to the carrier gas increases the silicon evaporation due to the 
reaction of Si and Cl atoms. A surplus of silicon at the surface is avoided. 
On the other hand, adding propane during the heat-up phase of the growth 
run reduces the hydrocarbon formation and the SiC surface is stabilized. It 
allows the controlled etching as a well defined step in the growth process by 
reducing the uncontrolled etching during the heat-up phase to a minimum. 
The epitaxial re-growth on processed or implanted structures, which imply 
that the surface etching before the growth has to be minimized, becomes 
possible. 

2.4.3 Micropipe Closing and Dissociation 
into Screw Dislocations 

One of the application areas for SiC is high power electronics. High-voltage 
devices processed on the (OOOl)-face (Si-face) of SiC were investigated with 
respect to the influence of extended crystal defects on the device perfor- 
mance [14]. It was found that the so called micropipes, hollow cores associ- 
ated with “super screw” dislocations, severely affect the blocking character- 
istic of high-voltage devices in a negative way. Devices containing micropipes 
in the active area sustained lower blocking voltages than devices without mi- 
cropipes. On the other hand, high-voltage blocking devices should also be 
able to carry high current in forward direction, which implies a larger device 
area. To increase the blocking and current handling capability of SiC power 
devices, the micropipe density in the material had to be reduced. In recent 
years, tremendous progress was made in sublimation bulk growth to reduce 
the micropipe density to values below 1 per cm^ and there are substrates 
available with micropipe free areas of 1 cm^ and more [15]-[17]. 

Recently, progress has been made in developing homoepitaxial VPE- 
growth processes with closing or dissociating effect on micropipes [18, 19]. 
It was found that under Si-rich conditions (C/Si-ratio below 1) micropipes 
transform into elementary screw dislocations and the hollow cores are no 
longer observed in micrographs taken after molten KOH etching. Depth anal- 
ysis showed that most micropipes were closed in the initial stage of the epitax- 
ial growth process. Epitaxial material with micropipes dissociated into closed 
core screw dislocations was tested under high-voltage operation [19]. Nickel 
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Schottky barrier diodes were processed using about 20 pm thick 4H-SiC epi- 
layers and investigated with respect to breakdown voltage. The Schottky 
barrier diodes, which included a dissociated micropipe in the contact area, 
withstood breakdown voltages up to 1000 V, where the Schottky diodes with 
micropipes propagated from the substrate resulted in poor blocking char- 
acteristics and breakdown voltages less than 400 V. The observation of mi- 
cropipe closing in VPE encourages the use of advanced buffer layer techniques 
for the fabrication of SiC power devices to improve the device yield and per- 
formance significantly. 



3 New Generation of Hot Wall CVD Reactors 

3.1 Up-Scaling of the Standard Hot Wall VPE Reactor 

In recent years, the substrate diameter for SiC wafers was steadily increased 
and 3 inch diameter substrates are now available in production. 4 inch sub- 
strates are demonstrated in R&D. As device concepts are being more and 
more commercialized, the minimum wafer size for cost efficient device pro- 
duction is 4 inch. With 4 inch diameter wafers, existing foundries for device 
production could be used to a large extend and the initial investment for mass 
production of SiC devices could be reduced. One device manufacturing pro- 
cess, which is normally not available in semiconductor processing foundries, 
is VPE for SiC. Eor the production of SiC epilayers, multi-wafer reactors have 
been developed and are commercially available. Multi wafer reactors will be 
discussed in Sect. 3.4. 

Scaling up the substrates to larger diameter implies also that the wafer 
handling capability of epitaxial machines are increased. But just scaling up 
the reactor chamber, to be able to place large diameter wafers in there, does 
not necessarily give the desired results. If for example the up-scaling of the 
standard hot wall reactor, described in Sect. 1.2, is not carefully designed, 
then unwanted variations of the epilayer thickness and doping concentration 
over the wafer are detected. Especially in carrier gas stream direction, U- 
shape nitrogen doping profiles are observed with the doping concentration at 
the wafer edges up to the factor 2 to 3 higher than in the wafer center. The 
main reason for the ununiformity in gas stream direction is the temperature 
inhomogeneity. From experiments, investigating the nitrogen incorporation 
in dependence of the growth temperature, it is known that the nitrogen con- 
centration is decreasing with increasing temperature. The observed U-shape 
nitrogen distribution can therefore be regarded as a measure of the temper- 
ature profile over the substrate. The temperature distribution in gas stream 
direction observed by scanning the measurement spot of an optical pyrom- 
eter over the inner cell ceiling and the observed variation in the net doping 
concentration of a nitrogen doped epilayer are shown in Fig. 4. 




Hot Wall Vapor Phase Epitaxial Growth of Silicon Carbide 239 



The lower temperatures at the upstream and downstream side of the sus- 
ceptor inner cell are mainly due to radiation losses. At the upstream side, the 
susceptor is even cooled by the hydrogen carrier gas. Both effects contribute 
to a bell-like temperature distribution as shown in Fig. 4 and the tempera- 
ture variation over the wafer can be significant. To avoid a large temperature 
variation over the substrate the gas heating zone at the upstream side of the 
susceptor should be sufficiently long to heat the gases to the growth temper- 
ature and the process conditions like carrier gas flow and reactor pressure 
should be optimized for each reactor design separately. 

Perpendicular to the carrier gas stream direction the ununiformity in dop- 
ing concentration is not as large as in gas stream direction due to the sym- 
metric heating of the reactor cell in this direction and the laminar carrier gas 
flow conditions. The temperature variation perpendicular to the gas stream 
direction is in the order of 5 to 10° C and the thickness and doping uniformi- 
ties are about 5% and 15%, respectively. 

3.2 Reactor Design Improvements 

In the horizontal hot wall reactor described in Sect. 1.2, the only not actively 
heated sides are the gas entrance and exit part of the susceptor. Due to 
radiation losses at these sides, the temperature can be 100°C to 300°C lower 
than in the susceptor center, depending on the reactor design and geometry 
(see also Fig. 4). Additional graphite insulation covering the entrance and 
exit sides of the susceptor limit the radiation losses. However, the hydrogen 
carrier gas attacks the graphite insulation. Dust particles are created and are 
transported to the wafer surface, where they are overgrown during the run. 
An unwanted deterioration of the surface morphology is observed. Combining 
the additional radiation shield with a gas liner made from coated graphite, to 
streamline the gases into the reaction cell, avoids that particles are reaching 
the wafer surface. 

The liner acts also as a pre-heating zone for the gases, which is impor- 
tant to avoid disturbances in the temperature profile over the substrate. In 
addition to the radiation losses the entrance part of the susceptor is cooled 
through the carrier gas. Depending on the size of the inner cell, carrier gas 
flow rates of 10 slm to 70 slm are typically used. If the carrier gas flow rate is 
too high for the size of the inner cell and/or if the heating zone is too short, 
cold carrier gas reaches the growth area and disturbs the temperature homo- 
geneity over the wafer. To avoid that cold carrier gas reaches the growth zone, 
heating of the supplied gases can be provided by either additional i?F-coils 
or a RF-coil with larger number of turns, where the spacing between the 
turns can be individually adjusted. In that way the i?F-heating is tailored 
to achieve very uniform temperature distribution over a wide area inside the 
susceptor. 

For some device structures, the requirements for doping and thickness 
uniformity are so extreme, that an improved reactor design and a uniform 
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temperature distribution is not sufficient. Instabilities in the gas composition 
and the flow dynamics can still introduce inhomogeneities in the growth. To 
overcome the effect of these instabilities, substrate rotation is introduced into 
the reactor design. There are two ways of introducing substrate rotation, 
mechanical rotation driven by a motor and gas foil rotation (GFR). Both 
techniques will be subject of the next sections. 



3.3 Hot Wall Reactor with Mechanical Rotation 
3.3.1 Reactor Design 

The design for a horizontal hot wall reactor with mechanical substrate rota- 
tion was demonstrated in [12]. Figure 5 shows the schematic drawing of the 
reactor design and the upstream side of the reactor in operation. As in other 
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Fig. 5. Horizontal hot wall reactor with mechanical substrate rotation, 
(a) Schematic drawing; (b) picture of the upstream part (gas entrance side) in 
operation 
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horizontal hot wall reactors, the susceptor is i?F-heated and consists of SiC 
coated graphite surrounded by graphite felt insulation. The susceptor con- 
tains a recess in the middle of the bottom part for the rotating wafer carrier 
disc. The rotation of the wafer carrier is carried out by a coated graphite 
tube, which rotates motor driven with the rotation speed of about 60 rpm. 
This coated graphite tube is fed through a third flans of the quartz tube, 
through the bottom part of the graphite insulation, and through the bottom 
of the susceptor into the reactor inner cell. The design of the rotation part 
was done in that way that the temperature distribution and the susceptor 
heating as well as the laminar gas flow conditions are not significantly dis- 
turbed. In addition, the rotation part is purged with argon to avoid hydrogen 
attacking the rotating graphite tube. 

The wafer carrier disc is loaded into the reactor from the downstream side 
with a transport fork. To pick up the wafer carrier from the fork, the rotat- 
ing graphite tube is movable also in vertical direction. The wafer carrier is 
designed for 2 inch substrates and consists of tantalum carbide (TaC) coated 
graphite to avoid deposition of SiC on the wafer backside. Such deposition 
takes place in conventional SiC VPE reactors employing SiC coated suscep- 
tors or wafer carriers through sublimation of the SiC coating to the wafer 
backside. 

The growth temperature in hot wall reactors is often controlled by optical 
pyrometers measuring the temperature in a hole in the susceptor. In the 
reactor with mechanical rotation the temperature is measured at the inclined 
ceiling of the susceptor above the carrier disc. The pyrometer is adjusted to 
measure at the maximum ceiling temperature. The carrier disc is probably not 
actively heated by the i?E-fleld, but mainly through the radiation from the 
susceptor and the contact with the hot gases. It is expected that the substrate 
temperature is slightly lower than the ceiling temperature measured by the 
pyrometer. The temperature difference is not very big as crystal quality and 
surface morphology of the grown layers are comparable with epilayers grown 
in horizontal hot wall reactors without substrate rotation. 



3.3.2 C-V Characterization of Epilayer Thickness 
and Doping Concentration Uniformity 

The most interesting properties to characterize for epilayers grown in the hori- 
zontal hot wall reactor with substrate rotation are the uniformities of the layer 
thickness and doping concentration. Different optical techniques like Fourier 
infrared spectroscopy and low temperature photoluminescence, and electri- 
cal techniques like capacitance-voltage (C-V) and Hall effect measurements 
can be used to determine either layer thickness or doping concentration, or 
both at the same time. In this section, the possibilities of C-V measurements 
to investigate epilayer thickness and doping concentration together will be 
discussed. 
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Fig. 6. Mask layout for the processing of metal Schottky barrier contacts by lithog- 
raphy. The mask is mainly used for C-V characterization of the electrical properties 
of epilayers 



For the C-V measurements titanium or nickel Schottky barrier contacts 
with diameters 100 |4m, 300 |4m, 500 |4m, and 700 |4m were evaporated and 
lithographically structured. The used mask has 1.5 mm spacing between two 
contacts of the same size, except for the 100 |4m Schottky contacts, where 
the spacing is 750 |4m (Fig. 6). Hence, about 800 to 1000 Schottky contacts 
of each size are possible to place on a 2 inch diameter wafer. The remaining 
surface area is also covered with metal, leaving 50 |4m spacing to the Schot- 
tky contacts. The large area contact forms the ground contact for the C-V 
measurements. 

To create the doping concentration and the layer thickness map, the 
Schottky devices are measured by C-V in a semi-automatic probe station 
and then analyzed with respect to the doping depth profile. The C-V tech- 
nique is useful up to doping concentrations of about 5- 10^® cm“®. For doping 
concentrations in the range from 1 • 10^^ cm“® to 5 • 10^® cm“® small device 
structures (0 100 |4m to 300 |4m) have to be used to avoid wrong results due 
to leaky devices. 

For a given doping concentration, the layer thickness must be adjusted 
carefully to be able to determine it from C-V . The layer thickness has to 
be decreased with increasing doping concentration as shown in Fig. 7. The 
equation to calculate the maximum thickness possible to detect with C-V is 
shown in the inset of Fig. 7. If the substrate doping concentration differs at 
least the factor 5 from the epilayer doping concentration, but is of the same 
conductivity type, then the transition epilayer to substrate can be observed 
in C-V measurements with applied reverse bias voltages up to 100 V. When 
a highly doped substrate is reached, the capacitance becomes constant and 
decreases no longer with increasing reverse bias voltage. The epilayer thick- 
ness can then be calculated by multiplying the dielectric constant for SiC 
with the device area and divide it by the constant value of the capacitance. 

The C-V results for layer thickness and doping concentration should be 
occasionally checked with other methods. Doping depth profiles can also be 
obtained from secondary ion mass spectrometry (SIMS). The epilayer thick- 
ness and concentration determined from C-V and SIMS should agree within 
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Fig. 7. Maximum thickness dmax of epilayers to be detected with C-V as a function 
of the epilayers net doping Ainet- er£o is the dielectric constant for SiC, Vbi the 
Schottky barriere height, Vh the bias voltage, /cb the Boltzmann constant, T the 
temperature, and q the electron charge 



the accuracy of these measurement methods. An agreement of the results 
from SIMS and C-V indicates that the concentration of compensating impu- 
rities and defects is small in the investigated layers. 



3.3.3 Uniformity of the Epilayer Thickness 

The thickness uniformity of epilayers grown in the reactor with wafer rotation 
is excellent with a typical standard deviation over mean value of around 0.5% 
and a maximum thickness variation over mean value of around 2.0%, when 
excluding 5 mm at the wafer edges (Fig. 8). Compared with a standard 
hot wall reactor these thickness uniformity values are about the factor 3 
to 5 better. It was found that the achieved thickness uniformity is almost 
independent on the employed growth conditions and on the carrier gas, and 
on the conductivity type of the grown epilayer. 

In addition to the excellent thickness uniformity, the reactor with sub- 
strate rotation showed an increased growth rate compared to the standard 
horizontal hot wall reactor. Using the same precursor flow rates and the same 
growth temperature in both reactor types, the growth rate was around the 
factor 1.5 to 2 higher in the reactor with substrate rotation. As the growth 
rate goes down with increasing temperature and constant silane flow rate, 
the higher growth rate in the reactor with rotation results most likely from 
a lower substrate temperature due to the difference in heating of the wafer 
carrier and the different coating of the wafer carrier. The heat transport be- 
tween the SiC substrate and the SiC coating used in the standard hot wall 
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Fig. 8. Thickness uniformity of a p-type 6H-SiC epilayer grown in a hot wall reactor 
with substrate rotation using silane, propane, and TMA as growth precursors and 
hydrogen as carrier gas. The standard deviation over mean value is 0.4% and the 
maximum variation over mean value is 2.2% with an edge exclusion of 5 mm (circle 
diameter 40 mm) 



reactor is most likely better than between the SiC substrate and the TaC 
coating used for the wafer carrier disc in the reactor with rotation. 

The thickness map from epilayers grown in the reactor with rotation has 
a minimum in the center of the wafer and the thickness increases slowly to- 
wards the wafer edge (Fig. 8). The increase in thickness is due to a decrease 
in temperature. The distribution is circular symmetric as expected from the 
growth with substrate rotation. A decrease of the thickness is observed at 
the wafer edges, which is probably caused by an artifact of the C-V measure- 
ments. An increased number of defects are usually observed at the wafer edge 
causing the Schottky devices to be leaky. The capacitance measured on leaky 
Schottky devices is typically higher than for good blocking devices, resulting 
in a lower calculated thickness. 

3.3.4 Uniformity of the Epilayer Doping Concentration 

For SiC devices such as high frequency devices, the requirements in doping 
uniformity are stronger than achievable with the standard horizontal hot wall 
reactor. Substrate rotation has to be introduced in the reactor design. Fig- 
ure 9 shows the doping uniformity map of an aluminum doped p-type 6i4-SiC 
epilayer grown in the horizontal hot wall reactor with mechanical substrate 
rotation. The growth temperature was 1600°C, the C/Si-ratio 1.5, the car- 
rier gas flow rate 35 slm, and the reactor pressure 200 hPa. The net doping 
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Fig. 9. Doping concentration uniformity of a p-type 6-ff-SiC epilayer grown in a 
hot wall reactor with substrate rotation using silane, propane, and TMA as the 
growth precursors and hydrogen as the carrier gas. The standard deviation over 
mean value is 9.5% and the maximum variation over mean value is 57.8% with an 
edge exclusion of 5 mm (circle diameter 40 mm) 



concentration as obtained by the C-V characterization was 1 • 10^^ cm“^ in 
the wafer center. As seen in Fig. 9, the net doping concentration has a mini- 
mum in the wafer center and increases towards the wafer edges. This circular 
symmetric concentration distribution is typically observed in epilayers grown 
in the reactor with mechanical substrate rotation and does not depend on 
the conductivity type or the doping concentration. Excluding 5 mm at the 
wafer edge, the standard deviation over mean value is around 10% and the 
maximum variation over mean value is around 60%. 

The increase of the doping concentration towards the wafer edges is to 
some extent coming from a decrease in the temperature, especially in the up- 
stream part of the susceptor inner cell. But the steep increase of the doping 
concentration at the wafer edges is most likely overestimated due to poor 
blocking Schottky devices. The capacitance of poor blocking Schottky de- 
vices is typically higher than for good blocking devices, which leads to an 
overestimation of the calculated doping concentration. 

The distribution of the epilayer doping concentration becomes more uni- 
form with increasing dopant concentration, indicating a decreasing influence 
of the temperature inhomogeneity on the growing layer. Figure 10 shows 
the results from C-V mapping of an n-type 4iJ-SiC epilayer, doped to 
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Fig. 10. Doping concentration uniformity of an n-type 4i/-SiC epilayer grown in 
the hot wall reactor with substrate rotation using silane, propane, and nitrogen gas 
as growth precursors and hydrogen as the carrier gas. The standard deviation over 
mean value is 6.1% and the maximum variation over mean value is 36.3% with an 
edge exclusion of 5 mm (circle with diameter 40 mm) 

3.5 • 10^^ cm“^ with nitrogen. In this case, the standard variation over mean 
value is about 6% and the maximum variation over mean value about 35% 
with 5 mm edge exclusion. Again, the doping concentration is circular sym- 
metric and lowest in the wafer center. It increases towards the wafer edges 
due to the decrease in temperature. 

Previously we reported unexpectedly high doping ununiformities for epi- 
layers grown in the reactor with rotation, when hydrogen was employed as 
carrier gas and the epilayers were doped in the order of 1 • 10^® cm“® and 
below [12]. Adjusting the temperature uniformity over the wafer by reduc- 
ing the hydrogen carrier gas flow rate from 40 slm to 35 slm and the total 
pressure in the reactor from 250 hPa to 200 hPa resulted in a significant im- 
provement with respect to doping uniformity also for the concentration range 
below 1 • 10^® cm“®. The results are similar to the reported growth employ- 
ing the carrier gas mixture of 85% hydrogen and 15% argon. It is expected 
that adding argon to the carrier gas could further improve the homogeneity 
of epilayers grown in the reactor with mechanical substrate rotation for the 
doping concentration range below 1 • 10^® cm“®. 
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3.4 Multi Wafer Hot Wall Reactor 

As the commercialization of SiC devices is proceeding, special attention has 
to be laid on the larger scale production of SiC epilayers. The development 
of multi-wafer VPE-reactors has already been on-going for several years. Re- 
cently, the multi wafer hot wall VPE-reactor with planetary rotation was 
introduced for the homoepitaxial growth of SiC [20] . The planetary hot wall 
reactor is one of the most promising machines for industrial production of 
homogeneous epitaxial SiC layers. 

The multi wafer hot wall reactor features planetary rotation including the 
main rotation of the susceptor plate and the individual gas foil rotation of 
each of the substrate wafers. An important improvement to earlier versions of 
the planetary reactor for SiC is the possibility to independently heat the sus- 
ceptor and the reactor ceiling by separately controlled i?F-coils. The reactor 
was designed with the help of extensive simulation and modeling analysis [21], 
to understand basic features of the SiC homoepitaxial growth process and to 
demonstrate the capability of the planetary hot wall concept. The capability 
of the planetary reactor is to grow simultaneously on 7 x 2 inch or 5 x 3 inch 
wafers with a growth rate up to at least 10 |4m/h. Figure 11 illustrates the 
basic principle of the planetary rotation for a 5 x 3 inch wafer configuration. 

Figure 12 shows the thickness uniformity of seven 2 inch 4iJ-SiC epilayers 
grown in the same run of the planetary hot wall reactor. The intra-wafer 
uniformity and the wafer-to-wafer uniformity of the epilayer thickness are 
better than 1%. 

The planetary reactor concept is employed for many different material 
systems, including III-V and III-N compound semiconductors. The concept 
has proven to be very flexible and today production machines for 15 x 2 inch 
up to 5 X 10 inch wafers are available for the MOVPE growth of compound 
semiconductors. It is expected, that the hot wall planetary reactor concept 




Fig. 11. Planetary rotation principle in the 5x3 inch wafer conhguration featur- 
ing a main rotation of the susceptor and individual rotation of the wafer carriers 

(satellites) using the patented Gas-Foil-Rotation® technique (courtesy of Epigress 
AB) 
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Fig. 12. Thickness uniformity of 4H-SiC epilayers grown in the planetary hot wall 
reactor with 7x2 inch wafer configuration. The intra-wafer thickness uniformity 
for a 9.5 |tm thick epilayer is cr/mean = 0.4-0. 6%. The wafer-to-wafer variation of 
the thickness uniformity is calculated to (max-min) /mean = ±0.6% (courtesy of 
Epigress AB) 



can also be scaled up for SiC substrate diameters of 6 inch, 8 inch or more. 
Multi wafer 6 inch or 8 inch machines will be very big and the RF-power 
handling will probably be the limitation for the amount of wafers, which can 
be grown at the same time at the high growth temperatures of up to 1600° C 
or 1700°C. 



4 Future Development 

The currently available SiC VPE hot wall reactors will probably be state of 
the art for several years, especially as the progress in increasing the diameter 
of SiC substrates is comparably slow. This progress in substrate diameter in- 
crease will determine the time, when new VPE machines for SiC have to be 
developed. Wafers with diameter 2 inch and 3 inch are the present state of the 
art substrates. But the near future will probably see 4 inch substrates as the 
standard size. In the far future, 6 inch wafers will become available, too. Sub- 
strate sizes up to 6 inch are still possible to be handled in the present hot wall 
epitaxy machines. Despite the sufficient wafer size handling capability of the 
available hot wall reactors, there is still room for further development and 
improvements in for example reducing the epitaxy process induced defects 
or developing advanced techniques to overcome limitations of the substrate 
quality and the surface preparation. The started investigations on simulating 
growth kinetics and chemical reactions in the gas phase and on the substrate 
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surface [22], in addition to calculations of the temperature distribution and 
the flow dynamics, will further increase the knowledge and understanding of 
the SiC VP E-process. Modifications of the growth reactor systems will be 
made in line with the progress in understanding further the SiC homoepitax- 
ial growth process. The steadily increasing simulation possibilities regarding 
computer power and software development will help to accomplish the com- 
plex simulation tasks. 



5 Conclusion 

During the last 5 to 10 years, considerable improvements in the understanding 
of the SiC VPE-process and in the development of the SiC VPE-growth 
machines have been made. Today the most used reactor concept for SiC VPE 
growth is the hot wall concept and state of the art of these hot wall machines 
are the reactors with rotation. The superiority of the hot wall concept for SiC 
VPE growth lies in the achievable high growth rates, the low defect density, 
and the thermal management of the whole reactor inner cell. Temperature 
profiles can be adjusted very uniform in a wide area of the susceptor, allowing 
multiple wafer growth. The epilayers grown in hot wall reactors, especially 
in the reactors with rotation, consist of very uniform layers in thickness and 
doping with low defect density and excellent surface morphology. The growth 
processes for the hot wall VPE machines are basically understood and are 
well characterized, but there are still possibilities for improvements, especially 
as growth on non-standard faces of SiC become more and more interesting 
for device processing. In addition, with the presently available multi wafer 
hot wall reactors, cost effective large scale production of epitaxial structures 
are possible. 
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1 Introduction 

Ion beam synthesis (IBS) is a promising technique for forming homogeneous, 
stoichiometric, large-area thin films of epitaxial SC-SiC within or on a silicon 
wafer. Although well-known in silicon device technology as a technique to 
form buried Si02 or metal silicide layers, the IBS technique has only recently 
attracted larger interest as a means of creating buried or near-surface SiC 
films. In this chapter the major recent achievements will be reviewed, our 
present understanding of the temperature and dose dependence of the mech- 
anisms involved in the IBS of SiC will be summarized, the characteristics of 
IBS formed layers will be described and first applications of such SiC layers 
will be compiled. As the IBS technique has not been described in the preced- 
ing Silicon Carbide volumes [1], the review will start with a brief description 
of the basics of the IBS technique and a short chronological summary of 
early observations. The presentation will be limited to the use of directed 
ion beams with energies of some keV to few MeV and will not include beam 
assisted deposition techniques. 



2 Fundamentals of Ion Beam Synthesis 

Ion beam synthesis has been successfully applied to create homogeneous films 
consisting of one to four atomic species forming an elemental layer, an alloy or 
a compound. The either amorphous, poly crystalline or single-crystalline thin 
films are usually formed in a two-step process: a high-dose implantation to 
roughly adjust the chemical composition of a near-surface region and a subse- 
quent annealing step to redistribute the implanted atoms from a more or less 
Gaussian depth distribution into a box-like depth profile corresponding to a 
homogeneous layer. The annealing step also serves to reduce the density of 
lattice defects in the synthesized layer and its vicinity. In most materials sys- 
tems investigated so far, the piling-up of the depth distribution of implanted 
atoms during annealing has been attributed to the Ostwald ripening of pre- 
cipitates, i.e. the growth of larger precipitates near the ion profile peak at 
the expense of dissolving smaller ones in the wings of the depth distribution, 
driven by the minimization of the systems total interfacial energy. Therefore 
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Fig. 1. Phenomena occurring during the ion beam synthesis of layers 



it is clear today that the depth and size distribution of all crystalline and 
amorphous phases in the as-implanted state has a large impact on the de- 
sired redistribution of implanted atoms during annealing: together with the 
defect distribution, it sets the starting conditions for the diffusive redistribu- 
tion of atoms during the anneal. The major processes playing a role in usual 
IBS are sketched in Fig. 1, even though this picture has to be slightly mod- 
ified (for the precipitate size distribution) in the case of SiC layer synthesis 
in silicon, as we will see later. 

High-dose implantation usually leads to a supersaturation of the im- 
planted atomic species followed by the nucleation, growth and coalescence 
of precipitates, in particular at the peak of the ion profile. Either during im- 
plantation or during the post-implantation anneal Ostwald ripening causes 
a coarsening of the impurity size distribution. Under ideal conditions, this 
results in the growth of just one precipitate, the buried layer. The transport 
of implanted impurity atoms from the profile wings towards the centre may 
be supported by snow plough effects, which may occur if the peak of the ion 
distribution is located within a buried amorphous layer and the annealing 
step causes crystallization of this zone. 

The depth position of the ion beam synthesized layer can be adjusted 
by means of the ion energy. For a reliable prediction of ion ranges, typical 
high-dose effects such as sputter erosion of the surface, changes of the ion 
ranges due to composition dependent stopping power changes and swelling 
effects have to be taken into account. In addition, diffusive redistribution of 
implanted atoms during implantation - in some cases mediated by the im- 
plantation induced lattice defects - may influence the ion profile and thus 
the resulting layer position. Owing to these effects, a reliable prediction of 
high-dose ion profiles is presently not available and properties such as the sto- 
ichiometry dose Dg, i.e. the dose D at which the desired stoichiometric com- 
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Fig. 2. TRIM92 [2] simulation of the ion range and stopping power profiles for a 
180 keV C*" implantation into silicon 



position is reached at the profile peak, must be determined experimentally. 
For a rough estimation neglecting high-dose effects, the peak concentration 
Cmax can be calculated as 






DCn 



D(n 



Pt 



( 1 ) 



where Cmax is the linear concentration at the profile peak easily obtainable 
from static Monte-Carlo ion range simulations, as shown in Fig. 2, and pt is 



Table 1. TRIM92 simulated carbon profile parameters and resulting IBS properties 



Energy Rmax 
[keV] [nm] 


Cmax 

[10^ cm“^] 


FWHM 

[nm] 


Da 

[10^'^ C/cm^] 


d{Da) 

[nm] 


Cmax 

(5el7 C/cvo?) 


Cmax 

(lel8 C/cm^ 


20 


69 


16.7 


56 


2.9 


60 


0.63 


0.78 


30 


100 


12.8 


74 


3.8 


78 


0.57 


0.73 


40 


133 


10.8 


87 


4.5 


93 


0.53 


0.69 


65 


206 


8.24 


109 


5.9 


121 


0.46 


0.63 


100 


313 


7.02 


128 


6.9 


142 


0.42 


0.59 


125 


376 


6.41 


140 


7.5 


156 


0.40 


0.57 


150 


437 


6.00 


148 


8.0 


167 


0.38 


0.55 


180 


500 


5.68 


150 


8.5 


176 


0.37 


0.54 


200 


547 


5.50 


158 


8.8 


182 


0.36 


0.53 


300 


745 


5.13 


172 


9.4 


195 


0.35 


0.52 



Rmax (depth of maximum carbon concentration), Cmax (linear concentration at 
the profile peak), FWHM (full width at half maximum) and estimated stoichio- 
metry doses Da, layer thicknesses d and peak concentrations Cmax for doses of 
5 X 10*^^ and 1 x 10^® C/cm^. It should be noted that - owing to differences in 
the stopping powers implemented - the moments of TRIM simulated ion range 
profiles may depend to a great extent on the program version used and resulting 
deviations in calculated stoichiometry doses Da may be as high as 10%. 
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the atomic density of the (Si) target. The SiC stoichiometry dose Dg (cmax = 
0.5) follows from (1), and the maximum layer thickness d{Ds) at this dose 
from 

d{Dg) = Dg/pc ( 2 ) 

with Pc being the atomic carbon density of SiC of 4.83 x 10^^ C/cm^. With 
(2), a dose of 1 x 10^^ C/cm^ corresponds to a SiC layer thickness of 20.7 nm. 
For the energy range most frequently considered in the literature on the IBS 
of SiC, stoichiometry doses and resulting layer thicknesses calculated on the 
basis of static TRIM92 Monte-Carlo simulations and (1,2) are compiled in 
Table 1. 



3 Basic Considerations on the IBS of SiC in Si 

One should expect SiC precipitate formation at doses considerably below 
the stoichiometry doses of some 10^^ C/cm^ tabulated here, as the room 
temperature solid solubility extrapolatable from the high-temperature 
(> 1050°C) data of Bean and Newman [3] is negligible: 

= 4 X exp(-2.3 eV/kBT)cm-^ , (3) 

with fteT the product of Boltzmann’s constant and the absolute temperature. 

The diffusivity Dq of the mostly substitutionally incorporated [4] carbon 
in the silicon lattice has been determined [5] to be 

Dq = 1.9exp(— 3.2eV/fcBT)cm^s“^ . (4) 

There is experimental evidence that carbon diffusion is enhanced in the pres- 
ence of a silicon self-interstitial supersaturation [6, 7], and as the carbon 
diffusion is significantly faster than Si self-diffusion, it is assumed that the 
carbon diffusion mechanism involves either the formation of a highly mobile 
carbon/Si self-interstitial complex (CSii) according to 



Cs + Sii^(CSii) (5) 

where Cg is a substitutional carbon atom and Sii is a silicon self-interstitial, 
or that a kick-out of substitutional carbon by a silicon self-interstitial takes 
place, according to 

Cg + Sii^(Ci) (6) 

where Ci denotes a highly mobile carbon interstitial atom. For high temper- 
atures, the former mechanism is believed to dominate the carbon diffusion, 
and a diffusivity of 



Di = 4.4 exp(— 0.88 eV/fcBT)cm^s ^ , 



(7) 
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is estimated for this (CSii) complex [8]. The carbon diffusion, the formation 
of (CSii) complexes, their agglomeration and finally the nucleation of SiC pre- 
cipitates are thus governed by the supersaturation of silicon self-interstitials, 
which in turn is determined by the presence of other lattice defects, such as 
point defect clusters, stacking faults, dislocations or amorphous Si inclusions 
or Si02 precipitates. For a recent overview of various effects caused by the 
interaction of carbon atoms with Si point defects, the reader is referred to 
the comprehensive review of Skorupa and Yankov [9] . 

In all recent studies on the IBS of SiC in silicon, the formation of 3C-SiC 
is observed. Therefore, the structural data of 3C-SiC and crystalline silicon 
(c-Si) are compared in Table 2. The lattice mismatch of 3C-SiC and c-Si 
amounts to 19.7%. Thus 5 lattice spacings of 3C-SiC almost exactly match 
4 lattice spacings of silicon, assuming a small residual strain of the silicon 
matrix by 0.36%. 

The Si atomic densities of crystalline Si and SiC (all polytypes) are nearly 
identical. Therefore, the transformation of silicon into unstrained and stoi- 
chiometric SiC is accompanied by only a small increase of the specific vol- 
ume of Si atoms by 3.5%. Thus, either Si interstitial Sii formation, or target 
swelling, or a mixture of both has to be expected as a result of a transfor- 
mation from c-Si to SiC. Both effects are, however, expected to be small 
(Table 2). Swelling should be much larger, if amorphous Sii_xCx layers are 
formed, since the amorphization of SiC leads to a density reduction from 
3.214 to 2.6-2. 9 g/cm^ [10, 11]. 



Table 2. Structural quantities of crystalline Si and 3C-SiC and expected volumetric 
changes resulting from a c-Si to c-SiC conversion 





c-Si 


3C-SiC 


Lattice constant at RT 


5.4301 A 


4.3596 A 


Mean thermal expansion 
coefficient (25-1000° C) 


3.8 X 10~®/K 


4.8 X 10~®/K 


Lattice mismatch at RT 




19.7% 


Mass density 


2.321 g/cm® 


3.214 g/cm® 


Si atomic density psi 


5 X 10^^ Si/cm® 


4.83 X 10^2 Si/cm® 


C atomic density pc 




4.83 X 10^^ C/cm® 


Si volume increase 




3.57% 


Swelling per 10^^ C/cve? 




0.70 nm 


Si interstitials per C/cve? 




3.5 X 10^® Sii/cm^ 
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4 Early Studies on the IBS of SiC 

First attempts to form buried SiC layers in silicon by high-dose carbon im- 
plantation and annealing have been reported since the early 1970s [12]-[22], 
and were triggered by the difficulties encountered in fabricating the material 
by other methods [12]. Borders, Picraux, and Beezhold observed after room- 
temperature 200 keV C’*' implantation {D = lx 10^^ C/cm^, = 1 pA/cm^) 
into p-type silicon strong broad-band absorption in infrared transmission 
spectra around 700-725 cm“^, later assigned to the formation of disordered 
Si-C bonds. A shift of the absorption band to 800 cm“^ and a considerable 
decrease in the peak width was observed upon annealing at 850 ± 25°C, in- 
dicating crystallization of SiC. RBS measurements showed a 10 at.% carbon 
concentration peak at a depth of 600 nm after implantation. After annealing 
at 800° C, the carbon distribution had spread and a carbon profile peak could 
no longer be detected. 

Rothemund and Fritzsche [15] performed overstoichiometric, multiple- 
energy (15-70 keV) implantations into n-type Si(lll) wafers at current den- 
sities ji of 10 pA/cm^ and at nominally RT, aiming to achieve a broad 
overstoichiometric layer (> 10^^ C/cm^) of homogeneous composition. IR 
absorption confirms Si-C bond formation in the as-implanted state and the 
onset of crystallization above 800° C. Further IR peak narrowing interpreted 
as bond restortion was observed up to the highest annealing temperature of 
1300°C. The carbide layers showed a low resistivity (10“^ to 10“^ flcm), rec- 
tifying characteristics and a photovoltaic effect. Electron diffraction studies 
failed to identify 3C-SiC, but patterns resembling those of diamond and a 
cubic form of graphite were revealed. 

Edelman et al. [16, 23] studied the influence of the target temperature 
on the structure of 40 keV C'*' ion implanted Si(lOO) and Si(lll) by IR 
spectroscopy and transmission electron microscopy (TEM) for a fixed dose 
of I? = 1 X 10^® C/cm^. For target temperatures T; between RT and 500°C 
they found amorphous material, at temperatures of 600° C and above increas- 
ingly single-crystalline 3C-SiC. After annealing of low-temperature samples, 
up to 1300°C poly-3C-SiC [23] was obtained; 1100°C annealing of samples 
implanted at 600°C leads to layers with single-crystalline portions [16]. 

Akimchenko et al. [17, 18, 24, 25] confirm for stoichiometrically at RT 
implanted silicon (40 and 70 keV C+ ions) the crystallization induced IR 
peak shift at 700 to 1100°C, the rectifying behaviour of SiC/Si samples and 
the photovoltaic effect. Interestingly, for temperatures of 700 and 900°C the 
authors observe a strong dependence of the degree of crystallization on the 
substrate orientation, the differences vanishing upon annealing at 1100°C. 
The conduction of layers is n-type, irrespective of that of the silicon substrate. 

Kimura et al. performed implantations into Si(lOO) wafers at nomi- 
nally RT [19] and 300 and 600°C [20], using energies of 50-200 keV, doses 
of 2 — 20 X 10^^ C/cm^ and current densities of 4 pA/cm^. A detailed eval- 
uation oi I R absorption spectra for 100 keV implants with doses of 6 and 
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8 X 10^^ C/cm^ reveals that after 0.5 h at 900°C, 40-50% of implanted car- 
bon atoms are incorporated into 3C-SiC lattice bonds. This portion 7 linearly 
increases with annealing temperature up to 70-80% at 1200°C, the portion 
being consistently higher for the smaller dose [19]-[21] (corresponding to a 
carbon peak concentration of about 43 at.%). For far overstoichiometric doses 
(> 1.2 X 10^® C/cm^) it is assumed that carbon clusters are formed, which 
do not contribute to SiC formation upon annealing at temperatures up to 
1200°C. The portion 7 is observed to increase with increasing target temper- 
ature [20] , and it is expected that elevated implantation temperatures there- 
fore will reduce the temperature required for the formation of homogeneous 
layers in the annealing step. AES depth profiling for the smaller dose shows 
an unexpectedly broad Gaussian carbon depth distribution which does not 
significantly change upon 0.5 h/1100°C annealing. Electron diffraction stud- 
ies for as-implanted samples (Ti = RT, dose unknown) indicate the presence 
of 2iJ-SiC with few portions of OC-SiC and mainly poly crystalline 3C-SiC 
after annealing for 0.5 h at 1100°C. 

Kroko et al. [22] find evidence from XRD measurements that either ori- 
ented 3C-SiC or nH-SiC or a mixture of both is formed in floate-zone (FZ) 
or Czochralski-grown silicon and silicon-on-sapphire wafers upon carbon im- 
plantation at energies of 125-180 keV (Ti = 450-650°C, j\ = 30-40 pA/cm^). 
The authors measured sputtering yields between 0 and 1 atom/ion depending 
on implantation temperature and attributed the differences to differences in 
the crystallinity of the sample surface regions. 

Stimulated by the success of IBS in forming buried homogeneous Si02 and 
SisN4 layers in silicon, a large number of investigations on the IBS of SiC 
layers was initiated since the second half of the 1980s. The formation of Si02, 
SisN4 and SiC layers in silicon after 200 keV implantations at about 500°C 
with doses of 2 — 18 x 10^^/cm^ and annealing for several hours at 1200°C 
was compared in [26] . Assuming that super-stoichiometric implantations will 
result in the formation of stoichiometric compound layers, samples with the 
highest doses were annealed, since this was successful in the case of O'*' and 
N’*' implantations. No evidence was found, however, for SiC layer formation 
{D = 1.4 X 10^® C/cm^). The different behaviour was attributed to the differ- 
ences in the enthalpy of formation AiJf of —200, —180, and —27 kcal mol”^ 
for Si02, SiaN4 and SiC, respectively. It was concluded that higher annealing 
temperatures or longer annealing times are required. 

Consequently, annealing conditions of 1.5 h/1405°C and 20 h/1300°C 
were used in the following studies [27]-[30], and for the first time, buried ho- 
mogeneous and stoichiometric SiC layers in Si(lOO) were obtained by the Sur- 
rey University group and partners [27, 28] {E = 200 keV, D = 9.5 x 10^^/cm^, 
Ti « 550°C obtained by beam heating, fa = 1-5 h, = 1405°C). XTEM in- 
vestigations reveal that layer formation starts from a complicated seven-layer 
system in the as-implanted state, involving a defective Si top layer, followed 
by a laminar layer, an amorphous layer, a layer of polycrystalline 3C'-SiC, 
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a further amorphous layer, a crystalline but damaged Si layer and the sub- 
strate. The origin of this layer system was not investigated, but the tem- 
perature dependence of the thickness of individual sublayers was estimated 
for temperatures of 500-800° C [29, 30] and the as-implanted structure was 
described in detail in [31]. The 3C-SiC layer obtained after 1405°C annealing 
was found to be subdivided into a polycrystalline upper part and an epitax- 
ial lower part, separated by a silicon-rich central region containing poly-Si 
and silicon twins. The Si top layer was observed to be single-crystalline with 
isolated, oriented SiC precipitates. A high density of large SiC precipitates 
next to the upper interface of the buried SiC layer is observed in samples 
annealed for 20 h at 1300°C [29, 30], causing moderate slopes in Rutherford 
backscattering spectroscopy (RBS) random and channeling profiles instead 
of the desired step-like shape. A major difficulty of synthesizing SiC layers, 
compared to the relatively easy IBS of Si02 layers, is attributed [31] to the 
comparatively high stability of such SiC precipitates in silicon and the rel- 
atively slow carbon diffusion. This difficulty was reflected by the extremely 
high temperatures (1405°C) required in the annealing step close to the melt- 
ing temperature of silicon (1423°C), which made the IBS of SiC layers in 
silicon rather unattractive for applications. 

In order to overcome the need for extreme annealing conditions neces- 
sary to achieve homogeneous stoichiometric layers, Martin et al. [32] used 
15 |J,A/cm^ triple-energy implantations (180-90 keV) with stoichiometric 
doses at a constant target temperature as high as 860° C, which unlike in 
most earlier studies, was achieved by external heating. RBS measurements 
revealed a buried SiC layer with a Si-to-C ratio of 1.0-1. 3 and composi- 
tionally graded transitions to the Si-rich surface layer and the substrate. IR 
absorption and XRD spectra showed the presence of crystalline cubic SiC 
and seemingly a minor portion of a hexagonal SiC phase. XTEM investi- 
gations revealed that the nearly-stoichiometric region consisted of 3C-SiC 
grains with sizes of less than 15 nm, each being heavily twinned (up to third 
order) about a unique [111] axis. As no amorphous or polycrystalline regions 
were identified, twinning was considered to be the main limiting factor in the 
IBS of SiC layers. 

Higher annealing temperatures are expected to be tolerable if sapphire 
substrates are used instead of silicon. High-temperature implantations at 
900-1000°C into silicon-on-sapphire wafers [33, 34], however, showed that 
usable annealing temperatures were limited to 1300°C. Resulting SiC layers 
were described as being composed of 3C'-SiC-nanocrystallites embedded in a 
heteroepitaxial SiC matrix. 

In 1994, Lindner et al. [35] demonstrated that homogeneous, stoichio- 
metric buried 3(7-SiC layers with sharp interfaces can be formed in silicon 
(100) and (111) using “reasonably low” annealing temperatures of 1250°C, 
if in the implantation step the stoichiometry dose is not exceeded. Abrupt 
interfaces were observed both in RBS spectra (Fig. 3) and in cross-sectional 
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Fig. 3. (a) 1.8 He^ RBS profiles of 180 keV C*" implanted Si(lOO), showing the 
evolution with increasing dose. Only slight changes of the profile shape are visible 
upon exceeding the stoichiometry dose, (b) RBS spectrum [35] of a buried SiC layer 
in Si(lOO), obtained by a 180 keV C*" implantation into Si {D = 9x 10^^ C/cm^, Ti = 
330-440° C by beam heating, j\ = 11 |lA/cm^) and subsequent annealing for 10 h at 
1250° C in Ar. A homogeneous, stoichiometric and epitaxial 3C-SiC layer of 174 nm 
thickness has developed from a previously Gaussian carbon depth distribution (a), 
causing the rectangular dip in the spectrum at channel no. 400-460. A little carbon 
is present (chn. no. 470-500) near the sharp upper SiC/Si interface. A 92 nm thick 
Si02 surface layer (chn. no. 560-580) has formed due to residual oxygen in the 
annealing atmosphere. The surface O signal is visible near channel no. 350. The 
spectrum of an unimplanted silicon reference sample and a simulated spectrum are 
overlayed for comparison 



TEM images. The layers (described below in more detail) give rise to electron 
diffraction patterns and XRD pole figures of almost perfect single-crystalline 
material. The presence of an upper dose limit in the IBS of homogeneous SiC 
layer was confirmed [36] and its origin seems to be clear from IR [20, 37] 
and Raman [37] measurements, indicating the formation of stable graphitic 
clusters at concentrations exceeding 53-55 at.% of carbon. In addition it was 
shown [38] that isotropic tensile strain (< 1.4%) in the SiC phase builds 
up during implantation and is significantly reduced at doses below the stoi- 
chiometry dose, presumably due to the beginning coalescence of SiC precipi- 
tates. Strain values are in reasonable agreement to data reported by Frangis 
et al. [39] , evaluating high-resolution TEM Moire fringes of SiC precipitates 
formed during substoichiometric implantations at 950° C. A further reduction 
of strain occurs upon annealing [38] . 

While the first homogeneous SiC layers were formed with keV carbon ions, 
it was subsequently shown that carbon profile pile-up can also be obtained in 
MeV carbon implanted silicon using this annealing temperature, resulting in a 
deeply buried stoichiometric layer with sharp interfaces [40, 41]. These results 
have stimulated a series of further systematic studies, mostly devoted to a 
better understanding of the layer formation mechanisms, the reproduction 
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of results at constant target temperatures obtained by resistive heating, and 
the application of such layers for various purposes. These investigations will 
be reviewed in the following. 



5 Influence of Dose and Implantation Temperature 

The formation of well-defined epitaxial SiC layers by annealing of high-dose 
carbon implanted Si in [35] was observed to start from an intriguing as- 
implanted state [35, 41, 42]. The as-implanted structure of such samples im- 
planted under beam heating conditions (330-440°C) can be described as a 
more or less box-like density distribution of quite equally sized (3-5 nm diam- 
eter) , oriented SiC precipitates, forming a dense precipitate layer sandwiched 
between the crystalline silicon (c-Si) bulk and a c-Si top layer with signif- 
icantly reduced precipitate density (Fig. 4). The precipitates are of the 3C 
polytype and are aligned such that all lattice planes of SiC are parallel to 
corresponding (hkl) lattice planes of the c-Si top layer and the substrate 
[35],[41]-[44]. Two thin amorphous interfacial layers free of precipitates are 
observed between the buried SiC precipitate layer and the surrounding c-Si 
matrix. This unexpected structure has evoked a number of questions: 

- Why are the precipitates preferably observed in a limited depth interval? 

- Why are they almost equally sized? 

- Why are they oriented, even though there are the amorphous interfacial 
layers? 

- Why does amorphization occur at these implantation conditions? 




Fig. 4. XTEM bright-field image (a), SiC(lll) dark-field image (b), and selected 
area diffraction pattern (c) of Si(lll) implanted with 9 x 10*^^ C/cve? [42]. The 
box-like depth distribution of epitaxially aligned SiC precipitates (b), sandwiched 
between two thin amorphous stripes (marked in (a) as “a”) is a good starting point 
for the formation of a continuous SiC layer with sharp interfaces during annealing 
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Fig. 5. Structural evolution of Si(lOO) implanted with 180 keV ions for doses 
of 2 — 9 X C/cm^ at 335-385°C [45], as observed by cross-section TEM. In 
order to account for the sputtering effect, the schematic structure plots are shifted 
in depth 



The answer to some of these questions has been found by extended cross- 
sectional TEM (XTEM) studies of the structural evolution of samples as a 
function of dose [45]. It was observed (Fig. 5) that formation of crystalline 
SiC precipitates occurs only at doses exceeding 2 — 4 x 10^^ C/cm^, i.e. 
far above the extrapolated solid solubility of carbon in silicon (Sect. 2). At 
doses beneath the nucleation dose, XTEM dark-field images of c-Si regions 
showed small (1.5 nm diameter) point shaped contrast regions, which were 
interpreted [45] as carbon containing interstitial atom clusters (see below). 
At doses between 4 and 9 x 10^^ C/cm^ nm-sized, epitaxially oriented 3C- 
SiC precipitates were found in crystalline silicon regions, with their size being 
almost identical, nearly independent of the depth and dose. With increasing 
dose, it was mainly the density of precipitates which increases, as long as the 
Si lattice preserves its crystallinity. Amorphization of the silicon host lattice, 
occurring at doses above 4 x 10^^ C/cm^ in the depth range between nuclear 
stopping power and ion profile maximum, leads to depth zones with a strongly 
decreased density of oriented crystalline SiC precipitates. This means that 
irradiation induced destruction of crystalline precipitates takes place, and it 
is correlated to the amorphization observed to occur during high-dose carbon 
implantation at elevated temperatures. Thus it was concluded that both the 
irradiation induced formation and destruction of SiC precipitates contribute 
to the generation of a nearly box-shaped precipitate density distribution at 
doses near the stoichiometry dose. Consequently, it was shown to be possible 
to tailor the density-vs-depth distribution of equally sized precipitates by 
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exploiting the ballistic destruction of SiC nano-crystallites [46]. However, 
prolonged ion irradiation of amorphized regions was observed also to lead 
to beam induced nucleation and growth of larger, randomly oriented SiC 
crystallites in the amorphous matrix. Thus, overly broad amorphous zones 
need to be avoided in the as-implanted state in order to obtain completely 
epitaxial 3C-SiC layers after annealing. 

Since the various mechanisms involved with high-dose carbon implanta- 
tions in silicon strongly depend on the implantation temperature, the struc- 
ture in the as-implanted state and thus the structure after annealing do as 
well. The mechanisms contributing to the complicated as-implanted struc- 
ture required for the IBS of SiC layers have been described in some detail in 
[47]. An overview is displayed in Fig. 6. The solid line represents the critical 
dose for amorphization as a function of implantation temperature, roughly 
estimated from the few data available for an implantation energy of 180 keV, 
a constant beam current density of 10 |J,A/cm^ and FZ-silicon. 

Due to the low mass of carbon ions, the collision cascades triggered by 
C’*' ions are not expected to be strong enough to cause amorphization of pure 
c-Si at temperatures above 130°C [47]. However, amorphization is observed 
up to temperatures of 500° C [46]. This amorphization occurs in a dose region 
where the carbon concentration profile peak reaches more than about 17 at.% 
carbon. In addition, at high temperatures, the amorphization is observed to 
set in at the depth of carbon profile maximum, rather than at the depth of 
the nuclear stopping power maximum [46] where it would be expected for 
the case of normal, “ballistic” amorphization. Thus, this high-temperature 
amorphization is mediated by high carbon concentrations and is therefore 
termed “carbon induced amorphization” (Fig. 6). 



(N 

E 

u 

U 

rv 

'o 

LU 

LO 

O 

Q 



100 200 300 400 500 600 

TARGET TEMPERATURE [“C] 

Fig. 6. Overview of the mechanisms contributing to the formation of crystalline 
and amorphous phases in Si(lOO) implanted with 180 keV C"*" ions at 10 pA/cm^, 
displayed as a function of dose and target temperature. For explanations see text 
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The low temperature region (150-350°C) of this “carbon induced amor- 
phization” has recently been studied in detail [48, 49]. It was observed 
that a self-organized arrangement of amorphous, spherical or lamella-shaped 
carbon-rich inclusions (Fig. 6) takes place at the upper interface of buried 
amorphous layers formed in this regime of implantation parameters (schemat- 
ically indicated also in Fig. 5). The formation of the typically 3 nm large pre- 
cipitates has been interpreted in terms of a supersaturation of silicon with 
carbon atoms and the large energy barrier involved with the formation of 
crystalline 3C-SiC precipitates, caused by the large 3C-SiC/c-Si interfacial 
energy [50] owing to the 20% lattice misfit. To circumvent this energy bar- 
rier, the system is believed to decompose by forming amorphous carbon-rich 
precipitates. 

At temperatures of 200°C and above (Fig. 6), crystallization of randomly 
oriented 3C-SiC precipitates is observed in the amorphous phase. As thermal 
crystallization temperatures are significantly higher (see Sect. 3), beam in- 
duced nucleation must be responsible for this effect. Beam induced nucleation 
of crystalline SiC has been clearly demonstrated also for pulsed high-current 
density carbon implantations using a MEVVA ion source [51]. Once nucle- 
ation of SiC crystals has taken place, further growth is obviously facilitated in 
the amorphous surrounding, as these crystallites are observed to be generally 
larger than those in a crystalline matrix ([45] and refs.). 

Nucleation of 3C-SiC in c-Si requires more elevated temperatures to be 
effective (Fig. 6). In FZ silicon implanted at 500°C with 8.5 x 10^^ C/cm^, 
oriented 3C-SiC precipitates with 5 nm diameter were visible by their Moire 
contrast fringes in high-resolution XTEM at the peak of the carbon concen- 
tration [52]. In those sample regions where SiC crystallites were absent, a 
cloud-like contrast was superimposed to the otherwise undisturbed lattice 
image of c-Si. The same observation was done in far substoichiometrically 
carbon implanted silicon (room temperature implantation) after annealing 
at temperatures below 850°C [53, 54]. The cloudy contrasts were interpreted 
as agglomerates of Si-C dimers sharing Si lattice sites. Thus, nucleation of 
SiC in c-Si is preceded by the formation of a precursor, and these precursors 
are sufficiently large to be detected by high-resolution TEM, because of the 
large critical nucleation radius for SiC resulting from the large 3C-SiC/c-Si 
interfacial energy. (It might be interesting to note that very similar “dark 
contrasts” were also observed at the first few nearest surface atomic layers of 
c-Si wafers after a short time exposure to a flux of carbon atoms, as it is used 
in the silicon surface carbonization step for the solid state molecular beam 
epitaxy of SiC surface layers on c-Si [55].) Another nucleation path (Fig. 6) 
for crystalline SiC via the formation of coherent carbon rich clusters, as it has 
been proposed in [56] , might occur at very high temperatures and small con- 
centrations, but is assumed to be less dominant under the conditions used for 
the IBS of SiC layers. It should also be noted that precipitates in CZ-Si [43] 
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tend to be larger than those in FZ-Si [52], probably due to the influence of 
oxygen [57]. 

Growth of SiC precipitates in c-Si is notoriously slow and even during 
stoichiometric implantations at temperatures of 600° C the precipitate diam- 
eters reach only 5 nm [46]. Therefore it was proposed that displacive precip- 
itate resolution caused by the collision cascades of impinging ions may play 
a significant role for the size evolution of the precipitate ensembles [58]. In 
order to estimate the strength of such an effect in the absence of any pre- 
cipitate regrowth mechanism, a simple model was suggested, giving rise to 
an exponential decay of the number of carbon atoms in a precipitate with 
increasing dose. Using atomic displacement probabilities derived from Monte- 
Carlo simulations, a dose of few 10^® ions/cm^ was estimated to be sufficient 
enough to destroy a precipitate with an initial diameter of a few nm [58]. 
The ballistic destruction of 4-5 nm sized SiC precipitates in c-Si was recently 
confirmed [59, 60] by a two-beam experiment, where a C"® ion beam is used to 
create precipitates at 450° C and a Si+ ion beam is employed to either simul- 
taneously or subsequently destroy the particles. The experiments indicate, 
too, that the regrowth of precipitates may depend on the local concentration 
of open volume defects (facilitating regrowth) and Si self-interstitials (pro- 
moting the demigration of carbon atoms). Summarizing the consequences 
of ballistic destruction, it seems to be obvious that the observable ensem- 
ble of precipitates results from a dynamic or quasi-equilibrium of precipitate 
formation, destruction and regrowth. It is a dynamic equilibrium, since the 
total number of carbon atoms involved in the competing processes of course 
increases with dose. 

When the density of simultaneously dissolvable precipitates becomes suf- 
ficiently high, the amount of carbon atoms which is released from the pre- 
cipitated phase into the host matrix may exceed a threshold concentration 
at which an amorphous phase becomes more favourable. This is believed 
to be the origin of the “carbon induced amorphization” [46] at intermedi- 
ate temperatures (Fig. 6). It explains why SC-SiC precipitates which were 
formed at a certain depth position at a lower dose disappear at higher doses 
[45], along with the amorphization of the c-Si surrounding of SiC precipitates. 
Thin amorphous seams around SiC precipitates have occasionally been found 
also in [43]. Recently, using a sophisticated high-resolution TEM technique, 
amorphous inclusions that coalesce to form the thin amorphous interfacial 
layers surrounding the dense precipitate layer (see Fig. 4) have been shown 
to be neighbored by crystalline SiC remainders [61], supporting the idea that 
carbon induced amorphization at high temperatures (400-500° C) is related 
to the ballistic destruction of precipitates. 

The as-implanted structure shown in Fig. 4, which is favorable for the IBS 
of buried single-crystalline SiC layers, can be achieved by adjusting the im- 
plantation temperature such that nucleation of 3C-SiC precipitates occurs in 
a c-Si surrounding and a limited carbon induced amorphization takes place. 




Formation of SiC Thin Films by Ion Beam Synthesis 265 



For beam current densities of ~10 |J,A/cm^ typical for medium current im- 
planters this is the case at 450-500°C [52]. Slightly improved results have 
been obtained using a (non-optimized) two-temperature implantation tech- 
nique [46], where a distribution of oriented SiC precipitates is created first 
by implanting a large fraction of carbon ions at 500° C and the amorphous 
seams are formed in a second step by implanting a minor fraction of carbon 
at a reduced target temperature. 



6 The Annealed State 

Annealing of stoichiometrically implanted samples for some hours at 1200°C 
in Ar atmosphere leads to some pile-up of the carbon depth distribution, 
but really box-like profiles have been obtained only for temperatures of 
1250°C [35]. Carbon profile pile-up has recently also been reported after 
15 min electron beam annealing at 1150°C [62] and 1250°C [63] in vacuum. 

While box-like distributions were achieved independently of the target 
temperature for 400°C <Ti< 600°C, the internal structure of layers and the 
abruptness of the interfaces after 5 h at 1250°C annealing in Ar significantly 
depends on T; [64, 46]. The stronger amorphization at lower temperatures 
followed by beam induced formation of large misoriented SiC crystallites 
leads to buried SiC layers, which have an upper polycrystalline and a lower 
single crystalline part. Their interfaces to the top Si layer and the substrate 
are sharp. Even lower implantation temperatures would lead to completely 
poly crystalline SiC layers [65]. In contrast, completely single-crystalline SiC 
layers are obtained at T; = 600°C [46], however, with comparatively rough 
interfaces resulting from the presence of large tails in the precipitate density 
profile in the as-implanted state. Implantation temperatures of 850-950° C 
lead to dentritic growth of larger precipitates and thus to even more rugged 
interfaces already in the as-implanted state [66, 39]. A good compromise was 
the use of an intermediate temperature of 500° C [64], but single-crystalline 
layers with even sharper interfaces were achieved at 450° C [46]. Figure 7 
shows the X-ray diffraction pole figure of such a layer, as well as the RBS 
profile and corresponding XTEM images of a 155 nm thick 3C-SiC layer 
covered with 290 nm c-Si (with a low density of residual SiC precipitates) 
and a 75 nm Si02 passivation layer grown during annealing to protect the 
surface. The electron diffraction pattern (inset) in Fig. 7 shows pairs of spots 
resulting from the lattice planes of 3C-SiC in perfect alignment with those of 
the c-Si in the top layer and substrate. The contrasts within the SiC layer are 
mostly due a high density of planar defects on {111} planes, as determined 
from high-resolution images. 
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Fig. 7. IBS formed 3C-SiC layers in Si(lOO). (a) XRD pole figure showing the 
four {111} poles of single-crystalline 3C-SiC [61]. (b) RBS profile demonstrating 
a rectangular carbon profile, obtained using the two-temperature technique [46]. 
(c) XTEM bright-held and (d) SiC (111) dark-held images of the layer in (b), and 
corresponding electron diffraction pattern (e) 




7 SiC Thin Films at the Surface 
and Deep in the Si Substrate 

The presentation above has focused on the formation of well-defined, ho- 
mogeneous, stoichiometric, single-crystalline SiC films buried few hundred 
nanometers beneath the surface. It is obvious that compositionally graded 
(containing either Si or graphitic inclusions) and polycrystalline (e.g. [65]) 
SiC films can be formed, too. For the sake of completeness it should be men- 
tioned that attempts have also been made to achieve deeply buried SiC layers 
using MeV ion beams [35, 40, 41, 67, 68], deeply buried SiC microstructures 
[69, 70] using an MeV ion beam projector, or SiC films at the surface. For the 
latter purpose a variety of techniques has been employed, including conven- 
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tional implantation with energies of a few 10 keV [36, 62, 63], fast implanta- 
tion also at a few 10 keV with a MEVVA ion source [51],[71]-[79] or with a 
MEVVA ion source coupled with a plasma lens [80] , or with a supersonic Ceo 
beam [81]. As a general note, SiC film formation then is obviously affected 
by the free surface, allowing for e.g. needle-like precipitate growth [76], and 
by the presence of impurities during the annealing [62, 63]. 



8 Multilayer Systems Including IBS Formed Buried SiC 
Layers 

8.1 SiC Layers Combined with Si02 

A limited number of studies [82]-[84] has so far addressed the ion beam syn- 
thesis of buried SiC layers in the top layer of a Si/Si02/Si SIM OX layer 
system. These studies cover a range of target temperatures of 400-1030°C 
and, taken altogether, give a conclusive picture of the main effects occur- 
ring upon high-dose carbon implantation into such silicon-on-insulator layer 
systems. 

The use of SIMOX layer systems as a target material for the IBS of 
buried SiC layers is interesting for a number of reasons, including the study 
of interactions of carbon with oxygen, silicon oxide and Si/Si 02 interfaces and 
including the electrical insulation of a possible electronic high-temperature 
device in the SiC layer from carriers thermally generated in the silicon bulk 
[82]-[84]. As an alternative approach to the IBS of SiC layers in SIMOX 
wafers, the IBS of SiC layers followed by oxidation of the Si top layer and 
subsequent bonding to an oxidised Si wafer followed by an etch-back step was 
recently demonstrated to be a successful technique of forming SiC/Si02/Si 
layer systems [85]. 

Experiments in [83] with ion energies from 90-120 keV and target temper- 
atures of 400-600° C demonstrate that a careful tuning of overlayer thickness, 
ion energy and dose results in the formation of a Si/SiC/Si02/Si layer sys- 
tem. Depending on the implantation conditions, in particular the dose and 
energy, Si/SiC/Si/Si02/Si layer systems can also be formed, where the ther- 
mally stable Si intermediate layer between the SiC and Si02 layers can be 
as thin as 7 nm. The structural properties of the SiC layers are comparable 
to those obtained in pure Si wafers under equivalent conditions. Carbon con- 
centrations of up to at least 38 at.% can be incorporated into Si02, leading 
to amorphous SiOxCy layers which are stable against thermal carbon loss at 
temperatures up to 1250°C. 

In principle, SiC layer formation using implantation temperatures of 400- 
600°C is little affected by the presence of a deeper buried Si02 layer. The 
interaction of carbon with Si/Si 02 interfaces however is prominent at the 
higher implantation temperatures used in [84, 86]. Si/Si02 interfaces are then 
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observed to be preferred formation sites for SiC, enabling the formation of a 
few nm thin interfacial 3C-SiC layers. Ion beam mediated carbon diffusion 
to the surface of silicon crystals and outdiffusion out of buried Si 02 layers 
are also observed at temperatures of 750°C and above. 

8.2 Metallization of IBS Formed SiC Layers 

Two sorts of experiments have so far been performed to create a metallic layer 
directly contacting an IBS formed SiC layer: (a) Conversion of the silicon top 
layer into a metal silicide, and (b) direct metal ion implantations into an IBS 
formed SiC layer at the surface (see overview in [87]). 

180 keV Ti+ implantation at 500°C was used to convert the Si top layer 
into a well-conductive textured C54-TiSi2 film [88]-[90j. To achieve a com- 
plete conversion of the top layer without an intermediate Si rich region, the 
metal ion dose must be sufficiently high. However, at overly high doses, where 
in the as-implanted state metal rich silicides are formed in the Si top layer, 
degradation of the 150 nm thin buried SiC layer occurs. This layer degra- 
dation consists in the formation of crack-like macrodefects [90] - probably 
caused by the large differences in thermal expansion coefficients - followed 
by the outdiffusion of Si atoms towards the Si top layer and the indiffusion 
of metal atoms towards the lower SiC/Si interface. The former effect is visi- 
ble [88] by the formation of large cavities at the lower SiC/Si interface and 
is assumed to be due to differences in the formation enthalpy of titanium 
silicides, favouring the TiSi 2 phase and thus causing strong Si updiffusion. 
Similar solid state reactions have also be observed upon Mo+ implantations 
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Fig. 8. Metal disilicide film contacting a buried 3C-S1C layer on Si(lOO). The silicide 
film was formed by implantation of Ti ions into the Si top layer of a Si/SiC/Si layer 
system [89] 
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into IBS formed SiC films with the Si-top layer wet-chemically stripped-off be- 
fore Mo'*' implantation [89], or after W+ implantations into as-implanted SiC 
surface layers [91]. Layer degradation can be completely avoided by adjust- 
ing the Ti dose in a way that taking into account the temperature dependent 
sputtering rates [90] , at the end of implantation the ratio of metal to silicon 
atoms is 1:2. In this case TiSi 2 layers in direct contact to the buried SiC 
layer have been achieved (Fig. 8), which are thermally stable up to 900°C 
or higher and which show electrical conductivities close to values reported 
for thick silicide films. Presently investigations are underway exploring the 
metallization of IBS formed SiC films using Ni implantation [87]. 



9 Applications of Buried SiC Layers 

The application of ion beam synthesized SiC layers in silicon and SIMOX 
structures is only just beginning. Layers have been used to study both fun- 
damental and technological questions (sometimes replacing bulk wafers sim- 
ply for economic reasons), and they have been applied to create some new 
devices in microelectronics and micromechanics. A promising application is 
the use as a large-area pseudosubstrate for epilayer growth. Thus, the range 
of possible applications is very broad, as will be seen in the following brief 
summary of most important examples. 

9.1 IBIEC: Ion Beam Induced Epitaxial Crystallization of SiC 

In order to investigate the ion beam induced epitaxial crystallization (IBIEC) 
effect [92], homogeneous buried SiC layers were selectively amorphized with 
a two-step procedure, (a) irradiation with MeV Si"*" ions to achieve amor- 
phization of the SiC layer and surrounding Si and (b) subsequent thermal 
recrystallization of the surrounding a-Si at temperatures far below the re- 
crystallization temperature of a-SiC. It was shown that upon an additional 
MeV ion irradiation of such an a-SiC film sandwiched between two c-Si layers, 
IBIEC occurs from both interfaces and leads to an epitaxial recrystallization 
of 3C-SiC at temperatures (600° C) significantly reduced compared to purely 
thermal recrystallization [92]. 

9.2 Doping 

Comparatively little is known so far about the electrical properties of IBS 
formed SiC films. In [93], two approaches have been studied to form n-type 
doped SiC layers, (a) N+ implantation into IBS formed layers, and (b) pre- 
doping of the Si wafer by N"*" or P+ implantation prior to IBS. The latter 
technique succeeds to create n-type conduction, even though the electrical ac- 
tivation is limited (carrier concentration 6x 10^^ cm“^). However, remarkable 
carrier mobilities of 600-800 cm^/Vs were achieved. 
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9.3 Optoelectronics 

A first optoelectronic device application of IBS formed near surface SiC films 
was published recently by Li et al. [94]. They implanted 50 keV C'*' ions with 
a dose of 2 x 10^^ C/cvc? into p-type boron doped Si(lOO) and performed 1 h 
annealing in N 2 atmosphere to achieve precipitation of SiC. According to Li 
et ah, the dose of 2 x 10^^ C/cm^ is sufficient enough to form a continuous SiC 
layer at this energy and the annealing conditions used. The samples were sub- 
sequently anodized in a HF:C 2 H 50 H= 2:1 solution in order to create a porous 
structure consisting of 150 nm porous SiC on top of 1 pm porous Si. Devices 
were made by adding a semitransparent Au front side and an Al back side 
contact. These structures were observed to have rectifying properties. Under 
forward bias conditions (positive voltage applied to the Al contact), stable, 
repeatable and uniform emission of light is obtained at voltages of 10 to 30 V, 
and this electroluminescence is reported to be clearly visible by eye at room 
temperature in the dark. The emitted light contains two spectral compo- 
nents, a blue peak from the porous SiC (480 nm) and a larger green peak 
from porous Si (560 nm), generated by the radiative recombination of carriers 
injected from the p-type Si substrate into the porous layers. It is anticipated 
that the blue emission component and the threshold voltage for electrolu- 
minescence can be optimized by means of the implantation, annealing and 
anodization parameters. 

9.4 Field Emission 

The fabrication of electron field emitters from near surface SiC films on sili- 
con formed by overstoichiometric (lx 10^® C/cm^) MEVVA implantation of 
35 keV C’*' ions and subsequent annealing has been reported in [76]. The im- 
plantation leads to sputter saturated, near stoichiometric SiCx surface films. 
Annealing for 2 h in nitrogen atmosphere at 1200° C results in the growth of 
SiC protrusions extending approximately 40 nm out of the surface, as demon- 
strated by atomic force microscopy (AFM). The occurrence of these protru- 
sions is correlated with the observation of electron field emission at turn-on 
fields as low as IV / pm when a voltage is applied in UHV between the layer 
and a copper anode (turn-on current density defined as 1 pA/cm^). Fowler- 
Nordheim tunnelling was clearly demonstrated and the field enhancement 
and turn-on voltages were observed to be correlated to the dose dependent 
aspect ratio of SiC protrusions found at the surface. A second emission mech- 
anism originates from local fluctuations in the composition of these surface 
layers, as was demonstrated by conductive AFM measurements [95]. Emis- 
sion properties can be further improved by turning the IBS-SiC layer into a 
SiC/WC nano-composit by an additional W+ implantation [96]. Thus SiCx 
surface layers have application potential for Si-based flat emitter displays. 
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9.5 Large- Area Pseudosubstrates for Epilayer Growth 

The IBS technique can be quite easily scaled up to large wafer sizes. Homo- 
geneous 3C-SiC films of 75 and 100 mm diameter have already been formed 
in the authors lab. Large-area, single-crystalline SiC layers on top of a sili- 
con wafer constitute an attractive substrate for the homo- or heteroepitaxial 
growth of thicker layers of SiC, GaN, AIN or diamond on top. In fact it has 
already been demonstrated that the nucleation density of CVD diamond films 
can be enhanced using IBS-SiC substrates [97] and that homoepitaxial CVD 
growth of SiC on IBS formed 3C-SiC is possible without the need of any fur- 
ther carbonization step [98]. In principle, SiC surface layers could be achieved 
by using carbon ion energies around 35 keV as in the field emission studies 
mentioned above. The surface protrusions which are beneficial for the local 
field enhancement, however, need to be avoided if an IBS formed SiC layer 
is to be used as a pseudosubstrate for epigrowth. Therefore, and since the Si 
top layers form a protective coating during the necessary high-temperature 
annealing step, we focused our efforts on the development of a technique to 
remove the Si top layer rather than trying to optimize the IBS of SiC surface 
layers. Our earlier attempts to remove the Si top layer by selectively etching 
or polishing off the Si surface layer never led to convincing results. In par- 
ticular, attempts using Si etching with HF/HNO 3 or KOH solutions always 
produced rough and disordered surfaces, probably due to redeposition effects 
in the chemical bath. Also in [98] difficulties with the Si top layer removal 
were conceded, and it appears that similar effects also occurred in the other 
work [99, 100], describing unexpectedly high carbon concentrations at the 
surface of etched samples. Potassium contaminations were reported in early 
attempts to reveal buried SiC rich zones by etching in KOH [101]. We now 
have found a simple technique to solve this problem and create large-area, 
clean SiC surfaces with 2 nm RMS roughness [102]. 

9.6 Etch Stop Layers for Micromechanics 

The excellent chemical resistivity of SiC against all kinds of etchants can 
be exploited to fabricate buried etch stop layers for the micro-machining of 
silicon [100, 101]. Etch stop layers of 120 nm thickness and with a surface 
roughness of 6-7 nm RMS were produced [100] by implanting 300 keV C+ ions 
with a substoichiometric dose of 5 x 10^^ C/cm^ into silicon at a temperature 
of 500°C, followed by annealing for 10 h at 1150°C. The layers show complete 
resistance against etching from the front and the back when exposed for 
1 h to tetramethylammonium hydroxide (TMAH) at 80°C, an unisotropic 
etchant which is CMOS process compatible. The small strain in particular 
of annealed films enabled the fabrication of micromechanical structures with 
high planarity. The layers produced are described as being superior compared 
to those obtained by implantation of B, Ge, Ne, Ar, and Si as regards their 
thermal stability, dose efficiency and layer roughness. 
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9.7 Cantilever Beams 

The mechanical properties of buried SiC layers were studied rising a cantilever 
technique [103]. To this end, 300 nm thick cantilever beams were formed by 
a combination of lithographic patterning, reactive ion etching through the 
buried SiC layer and anisotropic etching of the surrounding silicon with the 
SiC layer acting as an etch stop. Using such structures and a self-developed 
AFM technique, the Young’s modulus of IBS formed SiC was determined to 
be 470 ± 10 GPa, which is well within the spread of data (350-650 GPa) 
found in the literature for SiC synthesized by different methods [103]. 

9.8 Buried SiC Microstructures by MeV Ion Projection 

In order to exploit the mechanical hardness and chemical inertness of SiC 
in micromechanics and biomedicine, attempts have been made [69, 70] to 
create small structures of SiC (instead of entire layers) by directly writing 
with a MeV C'*' ion beam through a stencil mask using an ion projection 
system. This system [104] allows for a demagnified projection of a mask 
pattern onto the target, while the mask is not in contact with the target. 
Thus implantations can be performed at high implantation temperatures. 
The main advantage is the short time in the order of a few minutes which is 
required to fabricate a microstructure. An example of an overstoichiometri- 
cally implanted microstructure is shown in Fig. 9. It can be clearly observed 
using Nomarski interference contrast microscopy, which is sensitive to sur- 
face curvatures of a sample. The surface curvature could be shown to result 
from swelling of the buried SiC microstructure due to the formation of a 
carbon-rich (up to 70 at.% carbon) internal layer [69]. Swelling was avoided 
at substoichiometric doses [70]. 
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Fig. 9. Nomarski interference contrast micrograph of a buried SiC microstruc- 
ture [69] 
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10 Conclusion 

Ion beam synthesis (IBS) has become an attractive technique for forming 
thin, homogeneous layers of 3C-SiC within or on Si(lOO) and Si(lll) wafers. 
A significantly improved understanding of the basic physical mechanisms in- 
volved in the IBS of SiC layers has been achieved in the last few years. 
Thus, by means of the precisely and reproducibly adjustable implantation 
parameters, the properties of SiC films can be precisely adjusted. Both single 
crystalline and polycrystalline layers can be made; buried amorphous stoi- 
chiometric SiC layers within c-Si have been achieved by an additional implan- 
tation. The ease with which ion beam techniques can be scaled up to large 
wafer sizes has helped to form homogeneous layers with up to 100 mm diam- 
eter, and further upscaling should be just as simple. Buried SiC layers have 
already been combined with insulating Si 02 and conductive transition metal 
silicide/carbide layers. Even though there is still room for structural improve- 
ments of the layers, and our present knowledge of the electrical characteristics 
is still limited, some first applications in micro- and vacuum-electronics, in 
micromechanics and as pseudosubstrates have been successfully tested and 
further applications are clearly foreseeable. 
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1 Introduction 

With its specific physical properties silicon carbide promises to allow the de- 
velopment of electronic devices that can not be made from silicon or III-V 
compound semiconductors. This is in several aspects due to the superior elec- 
tronic parameters of SiC compared to those materials and promises to facil- 
itate high power, high frequency and high temperature device applications. 
Considerable effort has been seen in recent years to improve the material 
properties of SiC wafers for an industrial device production. However, the 
quality of substrate material available is still by far below that of common 
silicon wafers and crystals. A high defect density, grain boundaries, large 
voids in the material which develop around screw dislocations - so-called 
micropipes - are defects that are still difficult to control in the industrial 
production of crystalline SiC material suitable for a commercial utilization 
of its promising properties. 

One of the most puzzling physical properties of SiC is its crystal struc- 
ture itself. It exists in many crystal modifications, called polytypes. These 
polytypes are distinguished by just the vertical stacking of SiC bilayers with 
an otherwise identical bond coordination [1]. Yet, the electronic band gap 
of different polytypes varies from 2.4 eV to 3.3 eV [2, 3]. In principle, this 
would offer the unique possibility to fabricate layered structures of periodi- 
cally changing band gap, i.e. electronic heterostructures without any strain 
caused by a varying lattice parameter in the different components. However, 
the development of a specific polytype cannot be controlled well enough dur- 
ing practical growth processes. In fact, the quality of single crystalline homo- 
polytype material as substrate for device production is often limited due to 
grains of a different poly type. Bulk growth requires a seed crystal that in 
most cases determines the structure of the material obtained. Nevertheless, 
temperature and material supply during growth have a considerable impact 
on the result achieved [4]. Most growth experiments and processes are car- 
ried out on the basal plane of the material. However, growth of homoepitaxial 
films by chemical vapor deposition (CVD) or molecular beam epitaxy (MBE) 
requires in particular so-called off-axis substrates. These are samples with the 
surface cut slightly tilted, away from the intended growth direction (c-axis) 
in order to reproduce the substrate poly type at the steps on the surface. 
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Nevertheless, the growth parameters and the resulting stoichiometry of the 
reactor environment again strongly influence the quality of such homoepi- 
taxial Aims. As mentioned above, with the different band gaps of different 
polytypes [2] and their lattice parameters parallel to the hexagonal bilayers 
being practically equal, the development of strain free heterostructures com- 
posed from different polytypes appears feasible. For this kind of application 
one needs to switch between different polytypes during growth and obtain 
sharp, well defined polytype interfaces, which of course requires flat surfaces 
during growth. 

A different, yet similarly important aspect for the successful use of SiC in 
device production is the generation of oxide Aims. In particular, for MOSFET 
devices and passivation layers a low defect density is essential both in the 
oxide layer itself and at the SiC/Si02 interface. However, state of the art 
SiC/oxide interfaces suffer from high electronic interface trap densities (Mt) 
in the energy gap which at least in part is caused by stoichiometric defects in 
an interface region of several atomic layer thickness. This is in spite of the fact 
that the SiC and Si02 lattice parameters match within only 5% supposedly 
allowing for an epitaxial SiC/Si02 interface. For Si where the misfit is about 
25% the electronic quality of the substrate-oxide interface is by far superior 
to that for SiC [5]. 

Metal Aims on SiC are important in two aspects, on the one hand simply 
for electrical connection, on the other hand and more sophisticated, for the 
development of Schottky devices. The latter Schottky aspect is covered by a 
separate contribution in this review issue by Monch [6] . The electric intercon- 
nect aspect has been dealt with in numerous papers and reviews. However, 
detailed investigation on an atomic level of the deposition of ultrathin metal 
layers and their initial interaction with the SiC surface are scarce. 

These technological issues listed above, namely material growth, oxide 
generation and epitaxial metal layers are ultimately related to the properties 
of the substrate surface. As mentioned, most growth processes have been car- 
ried out on the basal plane surfaces of SiC. On these surfaces a large variety 
of surface phases with different lateral periodicities have been observed de- 
pending on the actual stoichiometry of the preparation conditions [7, 8] . On 
the nominally Si terminated (0001) surface the stable phases have been de- 
scribed first by Kaplan [9] . The atomic structure of these phases has been an- 
alyzed by low-energy electron diffraction (FEED) in combination with other 
techniques [7, 10, 11]. In addition, several other phases have been reported 
on SiC(OOOl) which, however, are apparently all metastable [11]. On the 
nominally C terminated face, the SiC(OOOl) surface, the phase development 
has also been established recently [8] and a structure analysis been carried 
out [12]. In addition, well ordered epitaxial oxide layers were discovered on 
both faces [13, 14] and their atomic structure was determined. 

The present article illuminates recent advances in the understanding of 
the structure of such phases and their relation to certain growth modes [15]- 
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[17] following up a previous review [18] within a SiC review volume [19]. 
After the introduction the paper reviews the crystal structure and its impli- 
cation to basal plane surfaces as well as other orientations. The theoretical 
and experimental methods used in the course of the investigations are dis- 
cussed including the preparation procedures. In the main sections the paper 
describes the phase development on both basal plane surfaces, i.e. the Si and 
the C face, as well as the first investigations dealing with the so-called a- 
planes perpendicular to the basal plane. The atomic structure of the phases 
as revealed by surface crystallography is covered both with respect to the 
atomic geometry of the reconstruction pattern as well as to the bilayer stack- 
ing in the topmost region of the surface. Both ex situ phases with ordered 
and disordered oxygen coverage and phases prepared in ultra-high vacuum 
(UHV) by annealing and exposure to silicon will be touched. Hydrogen and 
oxygen covered surfaces, adsorption of metals and Ill-group elements as well 
as other orientations are discussed. A summary concludes the paper. 



2 Crystal Structure and Surface Termination 

The complicated crystal structure of SiC in combination with the different 
polytypes has serious implications on the structure and properties of its sur- 
faces. On basal plane surfaces this influences the layer stacking and causes 
polytype dependent step structures. On surfaces perpendicular or diagonal 
to the basal planes the stacking sequence is directly exposed on an atomic 
level. 

2.1 Bulk Structure 

Silicon carbide is composed of carbon and silicon in a stoichiometric ratio 
of 1:1. Each atom is bonded to four atoms of the respective other element 
in tetrahedral configuration. The basic building block of SiC is a hexagonal 
bilayer with alternating site occupation in which each element is exclusively 
positioned in one of the two (upper or lower) sublayers, cf. Fig. la. In per- 
pendicular direction these bilayers are stacked on top of each other. The 
tetrahedral Si-C bonds may be continued in two orientations different by 
60° as depicted in Fig. lb,c by an atomic model and pyramids represent- 
ing individual SiC 4 tetrahedra. Accordingly, consecutive bilayers can also be 
stacked in two different mutual orientations, i.e. either identical or rotated by 
60° with respect to each other. In SiC the orientation of adjacent bilayers is 
practically degenerate energetically [20] which leads to many different crys- 
tal structures of different stacking sequence, the so-called polytypes. The zinc 
blende structure contains bilayers all stacked in the same orientation and is 
displayed in Fig. 2a. This structure has cubic symmetry and resembles the 
diamond lattice except for the alternating chemical site occupation. The con- 
trasting extreme with adjacent bilayers rotated by 60° with respect to each 
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Fig. 1. Atomic structure of SiC: (a) Hexagonal bilayer with Si and C in alternating 
tetrahedrally coordinated sites, (b) Si-C tetrahedra bonded in identical orientation 
and (c) rotated with respect to each other 
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Fig. 2. Crystal structure of different SiC polytypes displayed parallel to the (1120) 
plane: (a) Zinc blende strncture (cnbic 3C-SiC), (b) hexagonal 4_H-SiC and (c) 
hexagonal 6H-SiC. The layer orientation and stacking seqnence are indicated by 
the enhanced {thick black line) Si-C bond train parallel to the (ll20) projection 
plane 



other corresponds to the hexagonal wurtzite structure. These two polytypes 
occur in ZnS and several III-V compound semiconductors. In SiC, however, 
the Wurtzite structure is not stable. Yet, as mentioned, many other combi- 
nations of layer orientations are found to represent stable crystal structures. 
In those cases the unit cell consists of consecutive stacks of identically ori- 
ented bilayers which in turn are rotated with respect to each other. As the 
two simplest arrangements of this kind we can envisage lattices containing 
stacks of two or three bilayers which in fact both represent very common 
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SiC polytypes. Figure 2b, c show the corresponding crystal structures. For all 
three polytypes the varying bilayer orientation is depicted by the bond train 
parallel to the (1120) plane drawn as a thick dark line. More than 100 other 
polytypes have been identified with unit cells extending more than 1000 A 
along the c-axis. 

SiC in cubic crystal structure is often called (3-SiC whilst all other config- 
urations, hexagonal and rhombohedral structures, are referred to as a-SiC. 
For a more differentiated description of the latter configurations a short form 
of indexing SiC polytypes is commonly used which is based on the choice of 
a hexagonal unit cell regardless of the actual lattice symmetry: The struc- 
tures are identified by the number of bilayers within this hexagonal unit cell 
and a letter indicating the true lattice symmetry. Correspondingly, the Cubic 
structure with 3 bilayers per unit cell is called 3C-SiC, the two Hexagonal 
structures shown in Fig. 2b, c with 4 and 6 bilayers per unit cell are named 
4if-SiC and 6iJ-SiC, respectively. In the further course of the paper we will 
use an even more exact notation of the bilayer stacking sequence which was 
first introduced by Ramsdell [21]. The notation is particularly useful to de- 
scribe the stacking sequence at the surface when indicating the layers from 
top to bottom. Each bilayer is indicated by a letter according to the lateral 
position of its upper atoms with respect to a reference layer. The reference 
layer which we choose to be the topmost bilayer of the surface is represented 
by the letter A. In the next bilayer which gets the letter B the upper atoms 
are directly below the lower atoms of the reference layer. Any further bilayer 
is indicated A or B if its upper atoms are below the upper or the lower atoms 
of the reference layer, respectively. If the upper atoms of a bilayer are below 
the hexagonal hollow of the reference layer it is indicated C. Although the 
letter itself does not indicate the rotational orientation of the individual bi- 
layer we can draw the actual stacking sequence from the letter combination. 
A sequence of three different letters indicates identically oriented bilayers, i.e. 
a cubic type of stacking. A repetition within three letters indicates a mutual 
rotation, i.e. a hexagonal type of stacking. This Ramsdell type notation can 
be seen in Fig. 2 where the corresponding letter combination is included for 
the different poly types. 

2.2 Hexagonal Surfaces 

Parallel to the hexagonal bilayers a silicon carbide sample develops polar sur- 
faces, the so-called hexagonal or basal plane surfaces. If we assume a trun- 
cation by a complete bilayer which would have only one dangling bond per 
unit cell, these surfaces are nominally terminated by either silicon or car- 
bon. Accordingly, they are usually denoted Si face or C face, respectively. 
Crystallographically, the Si face is indicated as SiC(OOOl) while the C face 
corresponds to the SiC(OOOl) surface. At these hexagonal surfaces different 
polytypes naturally will display their different stacking sequences in deeper 
layers. However, even for a single polytype different configurations may be 
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present for the actual terminating layer sequence. Intuitively, one might as- 
sume a full unit cell as drawn in Fig. 2 as surface termination for the differ- 
ent polytypes. Yet, of course, any other layer in the sequence of the unit cell 
might be the topmost layer at the surface. For simplicity the discussion in this 
paragraph is restricted to bulk truncated surfaces thus neglecting a possible 
reduction of dangling bonds by reconstruction or even a layer reorientation. 
Then, for a 6i/-SiC surface six different surface terminating layer sequences 
are feasible. We have three configurations with a different number of identi- 
cally oriented bilayers at the very top of the surface which are drawn in Fig. 3. 
In the Ramsdell type notation these configurations correspond to the letter 
combinations (ABCACB)A..., (BCACBA)B... and (CACBAB)C... which for 
shortness we denote S3, S2 and SI, respectively, indicating the number of 
identically oriented bilayers at the surface before the occurrence of a bilayer 
rotation (see the enhanced bond train parallel to the (1120) plane depicting 
the stacking sequence in Fig. 3). Due to a glide plane symmetry in hexagonal 
polytypes the three remaining configurations (ACBABC)A..., (CBABCA)C... 
and (BABCAC)B... have the same structure as those discussed before except 
for a 60° rotation of the whole semi-infinite crystal. Consequently, we denote 
those S3*, S2* and SI*. Similarly, for bulk truncated surfaces of 4iJ-SiC, we 
should expect S2, SI, S2* and SI* terminations. 

Of course, a bulk truncated crystal would be energetically unfavorable as 
it contains one dangling bond per atom in the topmost atomic layer (upper 
half of a bilayer). Therefore we have to expect a different structure in real- 

A 
B 
C 
A 
C 
B 
A 




S3 S2 SI 

Fig. 3. Surface termination layer sequences on 6/f-SiC(0001): Configurations S3, 
S2 and SI, differing by and denoted according to the number of identically oriented 
bilayers directly at the surface. The layer orientation and stacking sequence are 
indicated by the enhanced Si-C bond train parallel to the (1120) projection plane 
and by the Ramsdell type notation. In the plot, large light spheres correspond to 
Si atoms, small dark spheres to C atoms. Long bonds drawn within the projection 
plane represent single bonds, shorter double lines indicate two bonds directed by 
60° into and out of the plane 
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ity, e.g. adatoms saturating the dangling bonds or more or less complicated 
reconstruction patterns. The most feasible adatom positions in saturation 
or reconstruction structures on the hexagonal bilayer surface are three high 
symmetry sites, which one usually denotes according to position and coordi- 
nation number. The two different possible threefold hollow adatom positions 
are commonly denoted T4 for on Top of an underlying second layer atom, 
thus effectively 4-fold coordinated, and Hi for true Hollow site and 3-fold co- 
ordinated. A single 1-fold coordinated bond representing a Top site is called 
Tl. Certainly, adlayers and adatom clusters are also possible and will indeed 
be encountered in the course of this article. 

2.3 Non-Basal Plane Surfaces 

A high symmetry surface of /3-SiC which has been investigated intensively is 
the (100) orientation (see [22, 23] in the previous SiC review book [19], recent 
reviews [24, 25] or [26]). This surface displays two- fold symmetry similar to 
the Si(lOO) surface, except that subsequent layers are either Si or C. Thus, 
the surface is of polar nature. 

Recently, on hexagonal polytypes several non-basal plane surface orienta- 
tions have attracted interest due to the possibility of faster growth rates for 
bulk material and homoepitaxial films. The orientation mainly investigated 
so far is along the so-called a-plane or crystallographically SiC(1120) [27, 28]. 
Its surface termination is non-polar and to some extent similar to the (110) 
surface of cubic material (/3-SiC). Very recently, Kimoto et al. also investi- 
gated growth on SiC(0338) substrates whose surface represents a diagonal 
plane through the hexagonal unit cell that to some extent is comparable to 
the (100) face in cubic crystals [28, 29]. 



3 Experimental Methods 

3.1 Preparation Procedures 

Scratches from cutting and polishing on the surface of SiC samples cannot 
be removed as usual in surface experiments by sputter/anneal cycles in UHV 
owing to the different vapor pressure of Si and C. Si loss during recrystalliza- 
tion at elevated temperatures of the sputter-damaged layers inevitably leads 
to a carbonization of the surface. Instead many researchers perform an ex 
situ preparation consisting of thermal oxidation and etching in hydrofluoric 
acid to remove the damaged layers of the sample. One method often applied 
is known as RCA procedure [30]. This typically leads to a (1x1) LEED pat- 
tern with some diffuse background, indicating an inhomogeneous, ill-defined 
surface. The surface structure of several such samples was determined as 
unreconstructed SiC bilayers covered by disordered submonolayers of oxy- 
gen or hydrogen [7],[18],[31]-[35]. A detailed compilation of ex situ chemical 
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treatment recipes, in vacuo annealing and Si deposition methods has been 
given in the previous review [18]. A much more successful method to obtain 
well defined surfaces is the preparation by ex situ hydrogen treatment which 
etches and removes SiC material: This method has first been reported to yield 
fiat surfaces with a (1x1) pattern [36] from which then the various surface 
reconstructions can be generated. However, it was soon found that samples 
annealed to 1500° C under continuous H 2 gas fiow at atmospheric pressure 
display a (\/3x \/3)R30° LEED pattern in UHV with bright and sharp spots 
and practically no background on surfaces of both polarities [13, 14]. About 
one monolayer of oxygen is present in these phases as determined by elec- 
tron spectroscopy which also indicates a Si02 type bonding in this layer. The 
atomic structure of these surfaces is described in Sect. 4.3. Absolutely clean, 
bulk truncated and hydrogen terminated surfaces can be obtained by elimi- 
nating the residual oxygen and water from the preparation process. This was 
shown by Sieber et al. using extra hydrogen purification and UHV conditions 
for the hydrogen treatment [37, 38]. 

For the experiments discussed in this article, SiC samples obtained from 
different sources including pieces of bulk grown wafers and epitaxial layers 
grown by chemical vapor deposition were prepared ex situ by hydrogen treat- 
ment. For the (3x3) phase a 3C-SiC(lll) film grown on Si(lll) was used 
which was just cleaned by organic solvents. In UHV the samples could be 
heated by electron bombardment and cooled to liquid nitrogen temperature. 
From an electron beam evaporator the surface could be exposed to Si flux 
during the heating procedure [7]. 

3.2 Surface Analysis Techniques 

The experiments carried out in the author’s group were performed in a stain- 
less steel UHV chamber equipped with a sample introduction stage, a scan- 
ning tunneling microscope (STM) , a 4-grid backview LEED optics and a 150° 
spherical sector analyzer for Auger electron spectroscopy (AES) [39]. Addi- 
tional X-ray photoelectron spectroscopy (XPS) experiments were performed 
in a different UHV chamber [40]. STM and AES provide direct experimental 
information about the atomic arrangement in the topmost surface layer and 
the surface stoichiometry. XPS and AES reveal additional information about 
the chemical coordination of surface and subsurface atoms of the different el- 
ements. For LEED analyses spot intensity /(E)-spectra were measured using 
a computer controlled, video based data acquisition system [41]. The atomic 
geometries of the different surface phases were determined using full dynami- 
cal LEED intensity calculations together with the tensor LEED perturbation 
method [41]-[43]. An automated search algorithm [44] guided by the Pendry 
i?-factor Rp [45] identified the best-fit structure including the relative weights 
of domains exhibiting different surface layer stacking. A holographic inter- 
pretation of the LEED spot intensities directly provided partial structural 
models in some cases [12, 46]. Further surface science techniques discussed in 
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this article include Synchrotron based photoelectron spectroscopy (PES) of 
core levels (sometimes called CLPS) and of valence states as well as its angu- 
lar resolved detection (ARPES) for analysis of the electronic band structure. 
Valence band spectroscopy can also be performed using an ultra-violett light 
source (UPS and ARUPS). The unoccupied electronic bands are analyzed by 
momentum resolved inverse photoelectron spectroscopy (KRIPES) which is 
also described as Bremsstrahlung isochromate spectroscopy (BIS). For crys- 
tallographic analysis X-ray diffraction (XRD) was used in one case. Further- 
more electron energy loss spectroscopy (EELS) was used to investigate elec- 
tronic and high-resolution EELS (HREELS) to investigate vibrational proper- 
ties. For the vibrational analysis also (Fourier transform) infrared absorption 
spectroscopy (FTIR or IRAS) has been employed. As further structurally 
sensitive technique ion scattering spectroscopy (ISS) is used. Depending on 
their detailed experimental setup authors speak of medium ion scattering 
spectroscopy (MEIS) or coaxial impact-collision ion scattering spectroscopy 
(CAICISS). A variety of the STM technique is the ballistic electron emission 
microscope (BEEM) which is used for spatially resolved measurements of 
metal-semiconductor barrier heights. Detailed information about these tech- 
niques can be found e.g. in the books by Liith [47] or Woodruff [48] and 
references given there (see also the previous review [18]). In addition the- 
oretical investigations of SiC surfaces will be discussed that use ab initio 
calculations using density functional theory (DFT) (see e.g. [22]) as well as 
quantum chemical methods [49] . 



4 Surface Reconstruction on SiC(OOOl) 

The SiC(OOOl) face is the most extensively investigated surface of SiC. Ac- 
cordingly, the composition dependent phase diagram is well established. The 
atomic and electronic structure of the reconstructed phases have been ana- 
lyzed and are reviewed in the following. 

4.1 Phase Diagram on SiC(OOOl) 

Starting from an ex situ prepared sample of atomically well defined struc- 
ture a variety of surface phases can be prepared in UHV. Different series 
of phases exist on the two hexagonal orientations, i.e. (0001) and (0001), of 
which we first discuss the Si face. Figure 4 depicts the development of the 
individual structures dependent on annealing temperature and additional 
Si deposition [7, 50]. Higher temperatures yield carbon rich phases even- 
tually leading to graphitic over layers [51]. Higher Si supply leads to Si rich 
phases, in the extreme even a Si(lll) like film develops with the (7x7) recon- 
struction visible and a high step density due to the epitaxial mismatch [52] . 
The phase transformations are reversible. Three well ordered phases are ob- 
served with periodicities of (3x3), (\/3x \/3)R30° and (6\/3x6\/3)R30° in 





Fig. 4. LEED patterns of in situ prepared phases on the hexagonal SiC(OOOl) 
surface with preparation conditions, stoichiometry, surface periodicity and primary 
LEED energy indicated. Arrows indicate phases emerging from Si deposition ( open) 
or annealing of ex situ samples (filled). See text for more details 
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Fig. 5. Electron spectroscopy data for SiC(OOOl) surface phases: (a) Differentiated 
Auger electron spectra and peak-to-peak intensities of a chemically prepared (1x1) 
sample and the ordered (3x3), (v^x \/3)R30° and (6v^x6v^)R30° phases, (b) 
XPS Si2p intensity for the (3x3) phase (upper panel) and for the (v^x v^)R30° 
phase (lower panel). Bulk and surface shifted components are fitted into the surface 
sensitive 80° emission angle XPS data 
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order of decreasing Si content. Composition and chemical nature of the dif- 
ferent phases were investigated by electron spectroscopy. Figure 5a shows 
AES differentiated intensities (dN{E) ■ E/dE) for the three ordered phases 
together with a chemically prepared (1x1) sample. Figure 5b shows XPS 
data for the (3x3) and the (\/3x \/3)R.30° phase. The photoelectrons were 
detected with 80° emission angle for enhanced surface sensitivity. Figure 4 
notes the Si:C composition as determined from AES (peak-to-peak ratios 
taken from Fig. 5a) and the surface periodicity for each phase [7, 50]. Large 
arrows in the figure in addition indicate the phases emerging from annealing 
with Si flux or of ex situ prepared samples (hydrogen etched or HF cleaned) . 
STM images of the three ordered phases were compiled in a previous re- 
view [7]. The phase diagram of SiC(OOOl) has been investigated repeatedly 
by numerous groups corroborating the observation of the three stable phases 
noted above [53]-[58]. A region of coexisting metastable phases is encoun- 
tered upon annealing the most Si rich structure, (3x3), before the next 
stable structure, (\/3x \/3)R30° is reached [11, 59]. Only a (6x6) phase on 
SiC(OOOl) seems to be homogeneously developing in this range under cer- 
tain conditions [55, 57, 60] contradicting earlier reports of (2\/3x2\/3)R30°, 
(2\/3x6\/3)R30°, (2x3), (9x9) [52, 61], a (2\/3x2VT3)R30° [62] and others. 
Such phases appear only in small patches always mixed with other phases [11] . 
A more detailed discussion of the metastable phase regime will be published 
shortly [63]. 

4.2 Clean Surface Reconstructions 

4.2.1 (3x3)-SiC(0001): Dangling Bond Saturation and Growth 

On the Si rich side of the phase diagram on SiC(OOOl) the (3x3) phase repre- 
sents the first ordered phase. It is prepared by annealing at 800-850° C under 
simultaneous Si deposition [9]. On the 3C-SiC(lll)/Si(lll) sample which 
was used in the initial experiments to analyze this structure [10], it devel- 
ops by heating alone, presumably by silicon diffusion through defects in the 
heteroepitaxial film. The reconstruction geometry, however, is the same for 
3C-, 4i7- and 6i7-SiC [64]. The surface is covered by a Si adlayer as indicated 
by AES [7, 9] and XPS [40]. AES (cf. Fig. 5a) shows a strong Si enrichment 
and also an energy shift of the Si peak indicating a layer containing Si-Si 
bonds on top of the SiC substrate. Kaplan in addition detected the Si surface 
plasmon using EELS [9]. In Fig. 5b showing XPS spectra for the (3x3) phase 
in comparison to those of the (\/3x\/3)R30° phase this is even more clearly 
visible. In the surface sensitive experimental geometry of 80° emission angle 
two shifted surface components are evident that may be correlated to the 
topmost SiC layer (SI) and the additional Si layer (S2) [40]. 

The initial believe was that the Si adlayer of the (3x3) phase would repre- 
sent a variant of the dimer-adatom-stacking-fault (DAS) type reconstruction 
known from (7x7)-Si(lll) [9]. As such the surface unit cell would contain 
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Fig. 6. Experimental information for the (3x3) phase: (a) Topographic STM image 
(112 A X 112 A) with the unit cell indicated in the zoomed inset (27 A x 27 A), (b) 
3D image of the holographic reconstruction showing the local adcluster environment 
[dark spheres) of the topmost single adatom {light sphere) down to the fourth layer, 
(c) Partial model from STM and LEED holography 



two adatoms and one cornerhole. However, STM images reveal the presence 
of only one prominent (adatom like) structure per unit cell [7, 65] as depicted 
in Fig. 6a, which led to the proposal of another variant of the DAS model 
with only one adatom and two cornerholes in the Si layer [65] as well as a 
simple Si tetramer model [66]. However, a holographic interpretation of the 
experimental LEED data [67, 68] cannot be correlated to these models. The 
holographic reconstruction shows the surrounding of the adatom and reveals 
its position to be on top of a trimer of atoms which in turn sits above two 
deeper atoms as shown in Fig. 6b. Thus, the adatom effectively occupies a 
T4 site. The three atoms forming the hollow site are positioned in a plane 
1.3 A below the adatom, the additional atom another 1.3 A below this plane 
and the fifth atom resolved another 2 A below, which would fit to the spacing 
between the Si adlayer and the SiC substrate [46, 69]. This partial model 
covers a considerable part of the (3x3) unit cell as shown in Fig. 6c and 
invalidates the models discussed above. In particular, a detailed analysis of 
the holography process rules out the presence of cornerholes (i.e. requires the 
“questioned” atom in Fig. 6c) as well as the single tetramer geometry [69]. 
The unresolved rest of the unit cell and the detailed positions of the atoms 
on the surface were determined by both quantitative LEED structure anal- 
ysis and DFT calculations [10, 64, 70]. The optimized model contains and 
corroborates all features drawn from the experimental evidence, i.e. the T4 
adatom position, and the presence of a Si adlayer that in turn is covering the 
topmost SiC substrate bilayer. A strong rotation (“twist”) of 9° ± 2° within 
the adlayer (cf. Fig. 7a) is observed which results in displacements of up to 
0.74 A. As a consequence the epitaxial mismatch of the Si adlayer to the 
SiC substrate is relieved and the interatomic distances within the adlayer are 
between 2.31 A and 2.35 A, i.e. close to the value of 2.35 A for an ideal Si-Si 
bond length. In addition as shown in Fig. 7b all atoms are situated in a single 
layer being three-fold coordinated to their Si neighbors with 120° bond an- 
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Fig. 7. (a) The SiC(0001)-(3 x 3) structure in top view: Lateral relaxations within 
the silicon adlayer [light and dark shaded atoms) and of the trimer [light shaded, 
thick contour) supporting the adatom [open circle, thick contour) are indicated with 
respect to the ideal positions in the topmost SiC bilayer, (b) Side view along the 
(1120) projection. The open circle indicates the adatom, dark shading indicates the 
atoms revealed by LEED holography. Lateral and vertical displacements within the 
Si adlayer and the SiC substrate bilayer are drawn on scale 



gles and one-fold coordinated to the Si atoms of the substrate bilayer. Thus, 
these Si atoms are effectively sp^-hybridized and their four bonds fully satu- 
rated. The only and single remaining dangling bond per unit cell is located 
at the Si adatom. A quantum chemical calculation subsequently carried out 
has confirmed the twist model as the only energetically feasible among those 
proposed for the (3x3) [71]. 

The high degree of bond saturation caused by the (3x3) reconstruction 
(actually better than in the case of the (7x7)-Si(lll)) provides a very effec- 
tive passivation of the surface which explains the good homoepitaxial growth 
possible under Si rich growth conditions in CVD and MBE [72]-[74]: A suc- 
cessful growth process in this manner requires the substrate to be cut slightly 
tilted with respect to the basal plane, i.e. in a so-called off-axis orientation. 
On such a substrate with the (3x3) phase present, the surface passivation 
leads to a high mobility of incoming particles such that they can diffuse along 
the terraces and attach themselves to a step. The new material continues the 
periodic structure of the bilayer and thus reproduces the stacking sequence 
of the substrate which is exposed and interrupted at the steps. So, a step flow 
growth mode is established that leads to a homo-polytype epitaxy. 

4.2.2 (v/3Xv/3)R30°-SiC(0001): Si Adatoms 
and SiC Layer Stacking Rearrangement 

Annealing the (3x3)-SiC(0001) structure at 1000°C for 30 min leads to a 
(\/3x\/3)R30° phase [7, 9]. This phase has been found already in earlier SiC 
surface investigations [75]-[77] since it can also be obtained by heating the ex 
situ prepared samples at 950-1000°C [39, 78] (cf. Fig. 4). It should be noted 
that this (in situ prepared) (\/3x\/3)R30° phase is clearly distinguishable by 
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AES and LEED /(E)-spectra from the (ex situ prepared) silicate structure 
of the same periodicity which is discussed in Sect. 4.3. The remainder of the 
present paragraph concerns the (in situ prepared) (\/3x -\/3)R30° phase. Be- 
sides the above two methods, the phase can, in addition, be prepared starting 
from any surface phase by annealing at 1000-1100°C under simultaneous Si 
deposition. However, the difficult balance between Si desorption and deposi- 
tion makes this third preparation method rather delicate and the phase often 
fails to develop in perfect order. 

The phase has been subject to a long and controversial debate with re- 
spect to its crystallographic as well as electronic properties. For its atomic 
structure a number of models have been proposed based on different experi- 
mental observations. First of all, the composition of the phase was debated: 
Carbon rich [79]-[83] as well as Si rich [7, 9, 84, 85] surfaces were reported. 
Secondly, different STM studies revealed contradicting atomic corrugation 
patterns. Yet, the bias dependent images reported by Li et al. [52] could not 
be confirmed by other groups [7, 78, 86], who found a single protrusion per 
(\/3x\/3)R.30° unit cell independent of the tunneling bias. The latter situa- 
tion favors a simple adatom structure. However, from STM it is not possible 
a priori to distinguish between the two three-fold hollow positions T4 and 
H3 (cf. Sect. 2.2) as well as the chemical nature of the adatom. Figure 8a 
shows four different models (each in one of the grey shaded unit cells). The 
T4 site is shown in the top left cell, the H3 site in the top right cell. 

Several theoretical groups using ab initio DFT calculations indeed pre- 
dicted a Si adatom on top of the SiC substrate in a T4 position [22],[87]~ 
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Fig. 8. (a) Top view of different models for the (vCxvC)R30° phase discussed 
in the literature. Each model is drawn within one of the grey shaded unit cells. 
Models from left to right, top: Adatom in T4, and in H2> position, respectively 
(representing Si or C atoms); bottom: Adatom trimer in T4 position, and vacancy 
or substitutional alloy model, (b) The T 4 Si adatom structure for the (vCx vC)R30° 
phase on SiC(OOOl) displayed in a side view projection along the [1120] direction. 
Geometry parameters as given in Table 1 are indicated, (c) Top view with the 
(planar component of the) Si-C bond ri within the first bilayer indicated. The 
lateral displacement Ari of the substrate Si atoms is given in the table 
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[89] although a quantum chemical approach favored a C3 cluster [49] or Cg 
rings [90] as shown at the bottom left in the figure. Li et al. from their STM 
experiments even proposed a vacancy or alloy model [52] as shown in the 
bottom right. Further confusion came with the observation of two surface 
shifted components for both Si and C in PES [80, 81] which could not be 
correlated to a simple adatom model. Note, that one of the C components 
observed could later be attributed to carbon species from residual gas ad- 
sorption [40] thus resolving this contradiction. The most severe doubts about 
this model, however, came from investigations of the electronic structure 
where the absence of electronic states in the vicinity of the Fermi level was 
observed. Instead, in ARPES a filled surface state was found about 1.2 ± 
0.1 eV below E-p [91]. KRIPES detected an unoccupied state about 1.1 ± 
0.05 eV above Ep [53]. These surprising results were later confirmed by other 
groups [56, 92]. From the above DFT calculations, instead, a surface state 
that originates from the half filled dangling bonds was predicted to cross the 
Fermi level as one would also naively assume from simple electron counting. 
So, a crystallographic analysis was indeed called for. 

One might assume that the different experimental findings and as such 
the model confusion could be caused by the different possible preparation 
procedures for the (\/3x\/3)R30° phase. However, the FEED intensities for 
the three methods, i.e. /(E)-spectra, are very similar indicating structural 
similarity of the underlying surface [18]. The fractional order spots in partic- 
ular are practically identical which means that the reconstruction geometry 
is the same. (There are residual differences in the integer order spots which 
will be discussed in the next paragraph.) Eor a 4iL-SiC(0001) sample the 
quantitative FEED analysis found a reconstruction geometry characterized 
by a single Si adatom in T 4 position on top of a SiC substrate bilayer [11] as 
shown in Fig. 8b. The same result was retrieved for a 6iF-SiC sample [60]. 
The main reconstruction parameters, i.e. adatom layer spacing doi, substrate 
bilayer thickness c?i2, buckling 62 and lateral displacement Ari below the 
adatom as well as the resulting Si-Si bond length Lqi of the adatom (cf. 
Fig. 8b,c) compare very well for the differently prepared surfaces and also 
for the different polytypes. Variations are below our approximate error mar- 
gin determined by the i?-factor variance of ±0.05 A. The values are listed in 
Table 1 and compared to the earlier DFT calculations [22, 87, 88] showing a 
remarkable agreement. Results from recent XRD work which confirmed the 
T4-site Si-adatom model [93] are also included. This latter method, unfortu- 
nately, cannot resolve the vertical reconstruction geometry within the bilayer 
{di 2 and buckling 62) and also shows slight deviations from FEED and DFT. 
A recent investigation of the (\/3x \/3)R30° phase by CAICISS retrieved the 
same model. However, the adatom height (the only parameter given) ap- 
pears to be underestimated by this method with 1.5 A ± 0.2 A, although with 
a large error margin [94]. The unambiguous crystallographic analysis with 
the result of a simple Si adatom structure corroborates the theoretical model 
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Table 1. Structural parameters as defined in Fig. 8b, c determined for the 
(v^x V^)R30° superstructure by FEED (error limits about ±0.05 A), DFT 
and XRD 



Parameters 


From FEED 


From DFT 


From XRD 




[11] 


[87] 


[22] 


[93] 


doi (A) 


1.77 


1.75 


1.71 


1.61 


di2 (A) 


0.58 


0.57 


0.54 


- 


&2 (A) 


0.34 


0.22 


0.25 


- 


An (A) 


-0.06 


-0.06 


-0.08 


-0.12 


Loi (A) 


2.46 


2.42 


2.41 


2.31 



from DFT and as such the explanation based on this model of the electronic 
surface gap observed experimentally to be caused by electron correlation (see 
below) . 

While in neither DFT nor XRD investigations the surface terminating 
stacking sequence was investigated, the FEED analysis finds significant dif- 
ferences in this respect for the three preparation methods. These stacking 
differences reflect the subtle deviations mentioned above in the /(E)-spectra 
for the three recipes [11]. An inclusion of S3 stacking domains (cf. Fig. 3), 
i.e. a deviation from the bulk termination of the 4iJ-SiC substrate, is needed 
to achieve good fit agreement. The ratio of S3 domains in the best-fit model 
depends on the amount of Si present in the preparation procedure, as listed 
in Table 2. The most Si rich situation, i.e. annealing the (3x3)-phase, yields 
65% S3 domains in contrast to annealing the ex situ sample which yields 
75% S2 and practically no S3. The result from annealing in Si flux lies some- 
where in between [11, 59]. The chemical environment obviously is a trigger 
parameter for the stacking sequence, as derived from recent oxygen adsorp- 
tion/desorption experiments [60]. A Si rich situation enhances cubic type 
stacking, while more oxygen has the reverse influence. A more detailed pub- 
lication on this issue is in preparation [95]. The mechanism of this stacking 
rearrangement in the Si rich preparation process can be understood from 
comparison to the ex situ silicate phase on 4iJ-SiC(0001), where S2 is the 



Table 2. Weights of domains with different snrface terminating stacking sequences 
and Pendry 7?-factors derived for the optimized geometries of the three differently 
prepared (v^x v^)R30° structures on 47/-SiC(0001) 



Preparation method Pendry Surface stacking 





R-factor 


SI 


S2 


S3 


Annealing ex situ sample 


0.13 


15% 


75% 


10% 


Direct prep, in Si-fiux 


0.13 


15% 


50% 


35% 


Annealing (3 x 3) phase 


0.11 


15% 


20% 


65% 




Atomic Structure of SiC Surfaces 297 



dominant surface stacking sequence [13, 59]. Thus, the predominant S3 stack- 
ing in the (\/3x \/3)R30° phase cannot be caused by a re-orientation of the 
topmost layer but only by the attachment of an additional bilayer in “cubic” 
orientation. The source of the additional bilayer is the material transport 
during the transition stage between the (3x3) and the (\/3x \/3)R30° phase 
where a severe roughening of the surface is observed in STM accompanied 
by an inhomogeneous mixture of metastable structures with varying period- 
icities as also seen in LEED [11, 59]. Very recently, a stacking rearrangement 
has also been found upon annealing of hydrogen terminated 6i?-SiC(0001) 
samples [96] (see Sect. 4.3). 

Two theoretical investigations using DFT looked into the phenomenon 
of the surface layer stacking on SiC(OOOl) following up the pioneering work 
by Heine et al. [20, 97]. The energetic balance of different surface stackings 
(within and outside the polytype bulk sequence) was calculated, and a pref- 
erence for a “cubic” stacking determined [98, 99]. Thus, it appears that from 
an energy equilibrium point of view, the stacking transformation observed 
experimentally can be understood. However, the apparent influence of the 
chemical environment still represents a puzzle. Nevertheless, recently growth 
experiments were reported where indeed 3C layers could be produced onto 
hexagonal polytypes [100]-[102]. 

With the Si adatom model established for the (\/3x \/3)R30° and the 
twist model for the (3x3) phase, the surface shifted components observed in 
XPS could be compared and assigned (cf. Fig. 5b). According to the intensi- 
ties from the (\/3x\/3)R30° phase, the SI component was assigned to the Si 
atoms of the topmost SiC bilayer, the S2 component to the Si adatom. Since 
their energetic position is the same for the two phases, the SI component 
should represent the SiC bilayer also in the (3x3) phase. Accordingly, the S2 
component, which is considerably broadened in the (3x3) phase is attributed 
to the Si adlayer and adcluster. The intensities of this component compared 
for the two phases agree well to the Si amount in the two models [40]. The 
above assignment was carried out using non-monochromatized MgKa radia- 
tion. A parallel synchrotron radiation core level PES study provided a better 
energy resolution [103]. In that study a much higher relative intensity and 
a slightly larger energy shift was found for SI (SS2 in their nomenclature). 
As a consequence, this component was assigned to the Si adlayer and trimer 
and the very small S2 (their SSI) was attributed to the Si adatom [103]. 
However, a topmost bilayer component was found also in synchrotron exper- 
iments on the (\/3x\/3)R30° phase [81] with an energy shift comparable to 
the SI (SS2) component. The (3x3) phase data of ref. [103] are unfortunately 
not compared to a (\/3x \/3)R30° phase and a bilayer component was not 
considered. It appears, therefore, that the core level assignment for the (3x3) 
phase is still under debate. Note also recent theoretical work where even the 
experimental assignment for the (\/3x\/3)R30° phase is questioned [104]. 
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4.2.3 Adatom Rings in the (6-\/3x 6-\/3)R30° Reconstruction 
of SiC(OOOl) 

The (\/3x\/3)R30° structure can be gradually transformed to the strongly 
silicon depleted (6\/3x6\/3)R30° phase by prolonged heating to 1100°. The 
transformation can be monitored by the appearance of additional spots in the 
vicinity of the ( 55 ) spot as well as around the integer order spots as shown 
in Fig. 4 (right FEED pattern). Upon completion of the transformation the 
(||) superstructure spots disappear. Although their distance corresponds to 
g of the reciprocal unit vector, the remaining spots in the vicinity of the 
(||) spot position are clearly not on a ( 6 x 6 ) grid as demonstrated by the 
lines drawn onto those spots in Fig. 9a. The lines do not coincide with those 
spots emerging around the integer order position. The complete set of FEED 
spots can only be arranged on a (6\/3x6\/3)R30° grid. Yet, using STM only 
an apparent “( 6 x 6 )” corrugation is found for most tunneling conditions (cf. 
Fig. 9b with a ( 6 x 6 ) unit cell included) [7]. As mentioned above this led to 




Fig. 9. FEED and STM data obtained from the (6v^x6v^)R30° phase: (a) FEED 
pattern at 90 eV. Fines are drawn through the spots around the (||) position for 
comparison with the spot positions around the (10) position, (b) STM image at 
Utip = 1.95 V showing a (6x6) corrugation ((6x6) unit cell included), (c) Atomi- 
cally resolved STM image at [/tip = 0.2 V, showing rings of adatoms of two different 
sizes ((6 v^x6v^)R 30° unit cell included), (d) Model drawn with the ring atoms 
showing one larger {dark shading) and two smaller {lighter shading) rings in approx- 
imate (6x6) distance, together forming the true (6v^x6v^)R30° unit cell (both 
unit cells included) 
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the proposal of a stable (6x6) phase on hexagonal SiC surfaces. Based on 
a Fourier-transform analysis the apparent inconsistency between FEED and 
STM results was interpreted by the coexistence of a (6 x 6) and an incommen- 
surate (V2.1x\/2.1)R30° phase by Owman and Martensson [105]. However, 
using very small tunneling voltages one can observe the true (6\/3x 6\/3)R30° 
structure. In Eig. 9c an atomically resolved image acquired under such con- 
ditions is shown with the unit cell compatible to the FEED pattern indicated 
by the black line [50]. Individual atoms can be identified forming ring- like 
structures that indeed are arranged in a quasi (6x6) periodicity. Yet, the size 
of adjacent rings differs slightly, and three atomic bumps within the rings are 
only present in every third, namely the larger ring. In panel (d) of the figure 
the rings with their different size and the three additional atoms are sketched 
together with unit cells according to a (6x6) and a (6\/3x6\/3)R30° peri- 
odicity. The atoms individually imaged by STM on the ring boundary are 
arranged in rows and diamonds of \/3 • gq = 5.33 A distances. So possibly the 
(6\/3x6\/3)R30° structure also contains atoms in three-fold bonding sites, 
similar to the (\/3x \/3)R30°, although the stoichiometry is very different. 
However, at the joint of three rings the atoms appear to have oq = 3.08 A 
distance. The ring arrangement in a quasi (6x6) periodicity presumably leads 
to a kinematic suppression of two out of three spots and the mutual dis- 
tance of the remaining spots as seen in the FEED pattern. Thus, this phase 
has true (6\/3x6\/3)R30° periodicity and its very complex structure is only 
partially resolved up to now. 

4.2.4 Electronic Structure 

For both Si terminated reconstruction phases on SiC(OOOl), namely the (3x3) 
and the (\/3x\/3)R30° the above mentioned phenomenon of an electronic sur- 
face gap was observed by spectroscopic measurements of the occupied and 
unoccupied states [53, 56, 91, 92, 106], which as noted can not be explained 
in a one-electron picture. For the (\/3x\/3)R30° phase a theoretical inter- 
pretation of this effect as a metal-insulator transition was given by Northrup 
and Neugebauer [107] who considered large electron correlation effects us- 
ing a Mott-Hubbard type interaction. Their corresponding DFT calculations 
were based on the T 4 -site Si-adatom model. In that sense this explanation is 
corroborated by the crystallographic results. The intra-atomic coulomb in- 
teraction energy (the so-called Hubbard U parameter) found upon slightly 
different calculational details varies from 1.6 eV to 2.1 eV [92],[107]~[109]. 
These values compare well to those extracted from experiments [53, 56, 91, 92] 
of 2. 0-2. 2 eV. Spectroscopic STM investigations could confirm these results 
on an atomic level [86]. For the (3x3) phase the effect was also seen in the 
experiment [56, 106, 110]. In this case the Hubbard U is smaller, i.e. about 
1.0 eV, corresponding to the larger screening by the Si adlayer. Theoretical 
treatment confirms the value with about 1.1 eV [92, 111]. Interestingly, such 
a surface gap appears to be present on many other SiC surface phases as well. 
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For instance on the silicate surface on SiC(OOOl), which is discussed in more 
detail in the next paragraph, a band splitting was found. The experimental 
value of 17 > 1.4 eV [112] correlates well to calculations with U = 1.2 eV [113], 
while on SiC(OOOl) only a theoretical value U = 1.8 eV is available [113]. On 
hydrogen terminated unreconstructed SiC surfaces of both orientations (see 
also below), Sieber et al. [37] discovered dangling bond states below the Fermi 
energy upon photon induced dehydrogenation. These findings were also in- 
terpreted in the Mott-Hubbard picture. Recently, the surface band splitting 
for the two clean phases, (3x3) and Si adatom (\/3x \/3)R30°, was investi- 
gated by EELS [58]. Energy loss features observed are interpreted as direct 
electronic transitions between the occupied and empty surface states. The 
values are in good agreement to the above findings [58]. 

4.3 Epitaxial Systems and Adsorbates 

In Sect. 3.1 the ex situ treatment with hydrogen was noted to result in well 
defined, ordered SiC surfaces. Two types of surface structures have been 
observed depending on the experimental details of the preparation, one is 
terminated by an ordered oxide layer, the other by dangling bond saturation 
with hydrogen. 

4.3.1 Silicate Layers 

The oxide terminated phases which exist on both faces, i.e. SiC(OOOl) and 
SiC(OOOl), have been analyzed crystallographically. Both the (\/3x \/3)R30° 
FEED pattern with its / (E) spectra and the oxygen related features in AES 
are stable against annealing up to 1000° C. Thus, the reconstruction patterns 
(on both surfaces) necessarily include oxygen. The atomic arrangement was 
determined by FEED structure analyses as a Si 203 compound layer above 
an otherwise bulk-truncated crystal with Pendry i?-factors of 0.20 for the 
4i7-SiC(0001) and 0.14 for the 6i7-SiC(0001) surface indicating the good fit 
agreement. As shown in Fig. 10a the layer consists of a honeycomb-like ar- 
ranged sublayer of two Si atoms per (\/3x\/3)R30° unit cell connected by 
an overlayer of two- fold coordinated oxygen atoms. This silicate like layer is 
directly connected to the topmost SiC bilayer by a Si-C bond (panel b) on 
SiC(OOOl) while on SiC(OOOl) a linear Si-O-Si bridge mediates the contact 
(panel c) [13, 14, 114]. On both surface orientations the oxygen atoms sat- 
urate all bonds of the silicate adlayer, only one of the three Si or C atoms 
per unit cell in the topmost substrate bilayer is not fully saturated and has 
only threefold coordination. Hydrogen has been found on these remaining 
substrate atoms at lower temperatures which desorbs at around 600°C [115]. 
The almost perfect bond saturation explains the stability of the structures 
against exposure to air ambient. 

An idea about the origin of the silicate adlayer reconstruction can be 
drawn from recent experiments by Sieber et al. [38] who performed an in 
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Fig. 10. (a) Top view of the oxide structure on SiC(OOOl). The Si20s silicate 
adlayer consists of a honeycomb structure with Si-O-Si bonds. In the center of the 
hexagons one carbon atom of the topmost substrate bilayer is visible {dark shaded 
area indicates the (1x1)-, light shaded the (\/3x v^)R30°-unit cell), (b) Side view 
projection of (a) along the (OlIO) direction, (c) Equivalent side view of the oxide 
structure on SiC(OOOl). Linear Si-O-Si bonds connect the silicate layer and the 
SiC substrate 



situ ultra pure hydrogen preparation procedure and found no oxygen on the 
surface (see below). This indicates that residual oxygen present in the ex situ 
procedure may be responsible for the silicate development. The oxidation 
obviously proceeds on a faster time scale than the etching process as it has 
also been found on diamond surfaces [116]. The hydrogen treatment, however, 
is necessary for the (\/3x \/3)R30° periodicity to develop, otherwise the latter 
should have been also observed in earlier investigations of ex situ prepared 
surfaces. In case the initial order would be absent, the oxygen adsorption and 
reaction would proceed statistically on all available sites, and a (1x1) lattice 
gas disorder would develop. The lack of such an ordered seed may even be 
one of the reasons for the poor electronic quality of thermally oxidized layers 
on SiC. The high interface state density has been attributed to disordered 
species between the SiC substrate and the oxide layer [117]-[120j. However, 
the structure of the ordered adlayer being remarkably similar to that of bulk 
Si 02 certainly is intuitive, leading to the speculation that it might serve 
as seed to deposit thicker oxide films. Indeed, the lateral unit vector of the 
(\/3x\/3)R.30° periodic lattice matches that of bulk Si02 within 95%. The 
only difference between the silicate monolayers on SiC and the bulk structure 
of a high temperature Si 02 phase known as /3-tridymite is the position of the 
Si atoms. In the bulk structure a silicate layer consists of three sublayers with 
the Si atoms alternatingly positioned below and above the oxygen atoms. 
Hypothetically, the silicate adlayer found on SiC can be transformed into 
this structure simply by shifting one of the two Si atoms in the unit cell 
upwards into this upper Si sublayer position [13]. 
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4.3.2 Etching and Oxidation 

In the ex situ preparation of SiC samples hydrogen at atmospheric pressures 
is used in order to remove SiC material by etching. On a different pressure 
scale, namely under UHV conditions, hydrogen can also be used to etch 
the in situ phases on SiC(OOOl). All studies discussed here used thermally 
(at a hot Tungsten filament) dissociated hydrogen. Exposures are noted in 
units of Langmuir (L). Van Elsbergen et al. observed the conversion of the 
(3x3) and the (\/3x \/3)R30° phase to a (1x1) periodic structure upon long 
exposures to hydrogen (3000 L and 300 L, respectively) [121]. The initial 
reaction at lower exposure has been monitored using vibrational spectroscopy 
(HREELS) [40, 122]: Tautz et al. [40] observed a Si-H vibration on both 
phases after exposure at room temperature (RT). A slight difference in the 
stretching mode energy by 1.7 meV indicates a stiffer bond in the case of 
the (3x3) phase reflecting its Si enriched adlayer. For the (3x3) also a larger 
intensity is observed as compared to the (\/3x \/3)R30° phase after similar 
exposures of 100 L for both phases. That shows that the hydrogen not only 
bonds to the adatom but also to Si in the adlayer in the case of the (3x3). At 
these exposures (at RT) the LEED pattern becomes more diffuse, however, 
the reconstruction periodicity is maintained for both phases [40]. Using STM, 
this complex reaction behaviour on the (3x3) phase could be demonstrated on 
an atomic level. Different changes in the adatom appearance were interpreted 
as Si displacement by C, formation of vacancy defects and adatom removal. 
At higher dosage a disintegration of the underlying layers was observed [123]. 
At a temperature of 320 K the (3x3) LEED pattern weakens starting from 
5 L exposure [122]. Note, that deuterium was used in that study for a better 
distinction from residual hydrogen. At 50 L the LEED pattern disappears and 
the Si/C ratio in AES decreases with the Si adlayer related features fading 
in the Si peak. At 320 K the etching process proceeds through the Si adlayer 
with D attacking the substrate (C-D vibrations). However, at 180 K this is 
not the case as also indicated by higher deuteride species (SiD 2 , SiDa) [122]. 
From these studies, it appears that the hydrogen interaction switches from a 
mere surface reaction to bulk etching just above room temperature. For the 
(\/3x\/3)R30° phase a CAICISS study determined a saturation coverage for 
hydrogen exposure at RT with about 1.7 monolayers (ML) [124]. 

As noted in the introduction, the oxidation of SiC surfaces is important in 
connection with the generation of well defined Si02 layer on SiC. For a better 
understanding of the processes involved in the device related technological 
processes of oxidation or oxide deposition, a variety of studies have been 
devoted to the initial interaction of oxygen with the well defined in situ 
prepared SiC surface phases [79, 125, 126]. In recent experiments the surfaces 
were exposed to molecular oxygen under UHV conditions at RT and elevated 
temperatures. In the regime of low doses of only a few L of O 2 the two 
phases show marked differences: On the (3x3) phase the oxide incorporation 
takes place by interaction of individual molecules at randomly distributed 
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sites [127]. In STM one apparently observes only the electronic effect of a 
subsurface incorporation of oxygen atoms. It influences the appearance of 
adatoms always in three neighboring (3x3) unit cells. The Si oxidation states 
in XPS and Si-O-Si vibrations found in IRAS indicate an immediate oxidation 
within the Si adlayer in the middle between three adatoms rather than an 
attack of the Si adatoms themselves. [127, 128]. A polytype dependence was 
found, with larger amounts of oxide products having higher oxidation states 
for the 6i7-SiC(0001) surface, while mixed oxides including carbon species 
(Si-O-C) are the dominant oxide products for the AH polytype surface. The 
oxidation rate is improved at increased surface temperatures. In all cases, 
the oxygen uptake remains significantly larger for the 6H polytype when 
compared to 4i7-SiC [129]. 

The oxidation reaction on the (\/3x \/3)R30° phase was investigated at 
elevated temperatures and small O 2 doses (0.05-0.26 L) using STM [130]. 
At 500°C the initial interaction (0.05 L O 2 ) is isotropic with isolated, ran- 
domly chosen sites attacked. At higher doses (0.15 L) the reaction becomes 
anisotropic with etch lines developing. At higher temperatures (700°C) the 
anisotropy of the reaction is observed immediately. The etch pattern changes 
from one-dimensional (lines) at 0.05 L to line triangles and two-dimensionally 
etched patches at 0.26 L. Intact (\/3x\/3)R30° patches enclosed by etch lines 
are observed to be likely to assume adatom positions which are out-of-phase 
to the neighboring area (anti-phase domains). In the two-dimensional etch 
patches the underlying substrate bilayer can be imaged with the atoms in 
their (1x1) arrangement [130]. The picture is completed by PES and MEIS 
investigations for oxidation between RT and 800°C [131, 132]. At RT early 
saturation is observed [131, 132] with the saturation coverage specified by 
MEIS at 1.07 ML of oxygen upon exposure to 10 L [131]. The oxide regime 
in the PES Si2p line is dominated by the Si^'*' component, and the Si adatom 
related surface state disappears [131, 132]. This is interpreted such that at 
RT mainly the adatoms are oxidized and only 10-15% of the oxygen atoms 
are inserted into Si-C bonds [131]. At 500°C, the reaction proceeds into the 
subsurface region with SiC^jOy species observed in PES. Here, a saturation 
coverage of 1.8 ML (upon 100 L O 2 ) is determined [131]. At even higher tem- 
peratures (800°C) saturation is not observed, the oxidation proceeds even af- 
ter 10® L exposure [133]. The Si^“*' component of the Si2p peak which is about 
equal in intensity to the Si^^ component below 1000 L rises at higher expo- 
sures and/or higher oxygen pressure (here approx. 10“® torr). Above 10® L 
the Si^+ component dominates. However, the Si^'*' state persists indicating 
a coexistence of bulk oxide and a near surface suboxide in this regime [132]. 
Note, that on the SiC(OOOl) surface a different suboxide is detected with 
a Si^+ oxidation state [132]. The electronic properties resulting from high 
pressure oxidation yet starting from a well defined (\/3x\/3)R30° structure 
were investigated by UPS and XPS [134, 135]. Atomic level experimental and 
theoretical investigations are now also focussing on the structural interface 
properties upon high pressure oxidation [136]-[142]. 
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4.3.3 Hydrogen Termination 

A well defined hydrogen termination of both basal plane surfaces, SiC(OOOl) 
and SiC(OOOl) has been achieved by a thermal treatment in ultra pure hy- 
drogen [37, 38],[143]-[145]. The 6i7-SiC samples used were heated for 20 min 
at 1000°C in 10® Pa of ultrapure hydrogen. After this preparation they were 
transferred under UHV conditions into the analysis chamber. On both faces 
a sharp, low background (1x1) LEED pattern was observed, indicative of an 
unreconstructed surface. This could be confirmed by XPS and synchrotron 
based core level spectroscopy of the Si2p and Cls photoemission peaks: In 
addition to the SiC bulk components only one chemically shifted component 
was found for each orientation, i.e. corresponding to CaSiH on SiC(OOOl) and 
SiaCH on SiC(OOOl), respectively. In vibrational spectroscopy using FTIR 
sharp Si-H stretching modes were observed with the polarization dependence 
clearly indicating monohydride Si-H bonds in surface normal direction. Prac- 
tically no multihydride and oxygen related species were present, so that the 
surface could be identified as full hydrogen saturated, unreconstructed (1x1) 
phase [38] . Additionally, a splitting of the Si-H stretching mode observed on 
the Si face could be identified as originating from different surface stack- 
ing terminations by comparison of a 6i7-SiC(0001) and a 3C'-SiC(lll) sam- 
ple [96]. The hydrogenated surfaces are passivated chemically and electron- 
ically. The oxygen uptake is less than 1% of a monolayer after 2 days air 
exposure without any sign of Si-0 or C-0 bond formation. No pinning of 
the Fermi level is observed [38] . Photon induced desorption of hydrogen from 
these surfaces due to high doses of synchrotron radiation leads to hydrogen- 
free and (Ixl)-surfaces with dangling bonds states within the fundamental 
band gap below Ep [37]. It should be noted that the Si-H stretching vibra- 
tions had been previously observed in FTIR after ex situ hydrogen treatment, 
yet, those surfaces were not oxygen free [146]. 

4.3.4 Epitaxial Metal Films 

The technological importance of metal deposition on SiC is clearly immense, 
and the electrical properties of such films have been investigated extensively 
(see the review by Monch [6] within this review book) . Surprisingly, the struc- 
ture of thin metal film surfaces and interfaces on SiC has been investigated 
only scarcely. A few STM studies partly combined with electron spectro- 
scopies were published investigating morphology, growth mechanism of evap- 
orated metals starting on well defined SiC(OOOl) phases, (\/3x\/3)R30° or 
(3x3). Ti was actually investigated on the Si- and C-face and ordered su- 
perstructures observed [147]. For Co, Ag and Ni more or less inhomogeneous 
films were reported with clustering of the thin metal layers [148, 149, 150]. 
The detailed atomic structure of the films could not be determined. For Pd 
the reaction with the SiC substrate was investigated using LEED, UPS and 
XPS. For thin metal films a silicide reaction was observed. Thicker material 
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deposition resulted in epitaxial Pd films [151]. The electric contact prop- 
erties of the metal-semiconductor interface can be spatially analyzed using 
the BEEM technique. This was carried out for Pd and Pt [152]. For Au 
on SiC, the Schottky barrier height was studied using PES [153]. The atomic 
structure of several Ill-group elements was investigated using DFT. Stability, 
reconstruction, and surface electronic states were analyzed [154]. For these 
elements, however, experimental surface analyses have not been reported. 



5 Other Surface Orientations 

The majority of surface related investigations on SiC have been carried out 
on SiC(OOOl) and /3-SiC(001). The former surface orientation was reviewed 
in the previous sections. Since a discussion of the latter would go beyond 
the scope of this review and in addition exceed the space available here, the 
reader is referred to recent reviews [22]-[25] and e.g. [26]. Less intensively 
looked at is the carbon terminated basal plane surface, i.e. SiC(OOOl) and 
the recently more popular (1120) and (0338) surfaces, which are treated in 
the following section. 

5.1 Phase Diagram of the SiC(0001)-Surface 

The SiC(OOOl) surface as alternative to SiC(OOOl) for device fabrication 
possesses distinctly different growth behavior and oxidation rates. Also the 
electric properties of metal/SiC(0001) interfaces are different from those on 
SiC(OOOl). The stable surface phases are again dependent on the Si:C com- 
position. An overview over the different phases found in a variety of inves- 
tigations [9, 66, 75, 76, 79, 155] was compiled in [18]. A complete phase 
diagram, however, was drawn only recently. Structure and composition of 
the stable phases were investigated by STM, LEED and AES [8]. Figure 11 
displays those phases in order of their appearance upon annealing with the 
Si:C composition indicated by the AES peak-to-peak ratios as obtained from 
the experimental data (cf. [8]). It should be noted that the phase diagram 
contains two (2x2) phases. For clarity, they are denoted (2x2)si and (2x2)c 
according to their more or less Si rich composition. Large arrows in the fig- 
ure again indicate the phases emerging from annealing with Si flux (open 
arrow) or of ex situ prepared samples (filled arrow). Annealing the silicate 
or a HE treated phase leads to the (3x3) phase, the (2x2)si phase can only 
be prepared with additional Si deposition. A region of metastable phases is 
found in LEED between the (2x2)si and the (3x3) phase. During the trans- 
formation from the (3x3) to the (2x2)c phase, the surface traverses a phase 
coexistence regime. The stoichiometry values determined for those two phases 
should be considered with caution due to slightly different peak shapes but 
also in view of the coexistence, since the (2x2)c phase can only be prepared 
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(2»2)si (3«3) (2x2)c (Ixl)graphit 

Si/C-2.9 Si/C=1.2 Si/C=1.4 Si/CSO.7 



silicon rich carbon rich 

Fig. 11. Stable, clean, well ordered, in situ prepared surface phases on SiC(OOOl) 
identified by sharp LEED patterns. Preparation conditions, stoichiometry, surface 
periodicity and primary LEED energy are indicated. Arrows indicate phases emerg- 
ing from Si deposition (open) or annealing of ex situ samples (filled). See text for 
more details 



alone when it is already starting to degrade [156]. Yet, from the prepara- 
tion cycle it seems clear that the (3x3) phase contains more Si than the 
(2x2)c. In analogy to SiC(OOOl) annealing to higher temperature leads to a 
graphitic phase with a (1x1) LEED pattern with extra diffraction rings con- 
sistent with the graphite lattice parameter and typical graphite like features 
in the carbon Auger peak. The phase diagram can be traversed repeatedly 
by preparation of the (2x2)si phase by Si deposition [8]. The major part of 
this phase diagram was also found by a parallel investigation except for the 
Si rich (2x2)si [157]. Using KRIPES that work also confirms the graphitic 
nature of the carbon rich “(1x1)” phase. The (3x3) phase has been reported 
by several groups [66, 75, 76, 79],[158]-[161]. A (2x2) phase was also men- 
tioned by van Bommel et al. [75]. The (2x2)si found on the very Si rich side 
of the phase diagram has not been clearly identified in other investigations, 
however, Hoster et al. [159] found chains of atoms in local (2x2) arrange- 
ment in STM upon Si deposition. From the preparation conditions one might 
suspect that the (2x2) phase reported by Li et al. [160] is in fact identical to 
the present (2x2)si. Except for its Si enrichment further information about 
the (2x2)si has not been reported. Structural information about the (3x3) 
and the (2x2)c are reviewed in the following. Other phases are apparently 
not stable since they could not be prepared repeatedly [160]. Observations 
of a reported (\/3x\/3)R30° phase [9, 66] should probably be attributed to 
the silicate phase. Superstructures previously investigated by theory [89, 163] 
are not found in the experimental phase diagram, so that no comparison is 
possible. 
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5.2 A Complex (3x3) Reconstruction Phase on SiC (0001) 

As noted above, a (3x3) phase has been reported by various authors upon 
different preparation procedures. The phase has been prepared by annealing 
ex situ prepared samples, by annealing the (2x2)si on the Si rich side in the 
phase diagram (Fig. 11) or by annealing after Si deposition. The composition 
determined in the respective experiments are not always coincident. How- 
ever, at least the former two preparation methods (indicated in Fig. 11) yield 
identical structures as deduced from AES intensities, FEED /(E)-spectra 
and STM. The AES intensities indicate a Si:C composition at the surface, 
that is relatively close to the bulk stoichiometry. STM images show that its 
atomic structure is rather complex. The STM appearance changes dramat- 
ically upon bias reversal as demonstrated in Fig. 12. While in the empty 
state image (right) only one bright spot per unit cell is observed, the filled 
states (left) show a diamond like arrangement of four protrusions within the 
(3x3) unit cell. In addition, a domain boundary between two out-of phase 
(3x3) patches as indicated by the arrow in the right panel displays a non- 
trivial atomic structure. These STM images were first observed by Hoster 
et al. [159] together with FEED patterns with spot intensities identical to 
the present data [8]. Their preparation was according to the third method. 
Interestingly, in contrast to the structural identity to the phase originating 
from annealing an ex situ sample, the stoichiometry as derived from AES 
(Si:C«6) is drastically different. Hollering, upon annealing after Si deposi- 
tion also obtained a Si rich (3x3) surface with Si surface components found 
in core level PES [162]. On the other hand, Johansson et al. after annealing 
an ex situ prepared sample also found a (3x3) phase of approximate bulk 
stoichiometry, yet with core level shifts in the Cls peak [158]. Based on the 




Vtip=+2.00V Vtip=-2.75V 



Fig. 12. STM images of the (3x3) phase acquired for filled (left) and empty [right) 
states. Besides the different appearance of the surface for opposite tunneling bias the 
atomic arrangement in the vicinity of the antiphase domain boundary as indicated 
by the black arrow in the right panel (8-ao instead of 9-ao between bright (3x3) 
periodic spots in the image) is heavily distorted. The (3x3) unit cell is indicated 
by the white diamond 
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STM images Hoster et al. [159] proposed a model for the (3x3) phase which, 
however, has not been tested and confirmed by crystallographic methods. It 
should be noted, that the same type of STM images (Fig. 12) were observed 
by Li et al. [160]. Their superperiodicity assignment as (2\/3x2\/3), however, 
must be questioned in view of the other experiments. 

So, in view of these contradicting results, it is not clear whether one of two 
(3x3) phases exist on SiC(OOOl). While electron spectroscopy indicates differ- 
ent surface compositions and bonding situations resulting from the different 
preparations, the STM results clearly point towards one phase emerging from 
all three preparation methods. 

5.3 Atomic Structure of the (2x2)c-Phase on SiC(OOOl) 

A (2x2) LEED pattern on a hexagonal surface is not an unambiguous indica- 
tion for a (2x2) periodicity of the superstructure. Three domains of a (2x1) 
structure rotated by 60° with respect to each other would yield the same 
LEED pattern. By the STM image shown in Fig. 13a, however, the (2x2) 
periodicity is settled. The individual protrusions visible there have the corre- 
sponding 6.2 A lateral distance. In addition, the STM data show the typical 
signature of a simple adatom structure [8, 12]: Independent of the tunneling 
direction and voltage the vicinity of the adatom vacancy which is indicated by 
the arrow as well as the anti-phase boundaries (vertical bar) are completely 
undistorted. The AES data indicate a nearly bulk- like stoichiometry [8]. A 
holographic interpretation of the LEED intensities reveals the adatom site 
configuration [164]. In contrast to the (\/3x\/3)R30°-periodic adatom phase 
on SiC(OOOl), here an Hi site is occupied, i.e. the adatom is positioned above 
the hexagonal space in the topmost bilayer (Fig. 13b, c). It should be noted 
that the holographic reconstruction shows a superposition of two 3-fold sites 
mutually rotated by 60° resulting from the presence of and S'* domains 
on the hexagonal sample (see Sect. 2.2). The detailed reconstruction geom- 
etry and the surface stacking is determined by LEED crystallography [12]: 




Fig. 13. (a) STM image of the (2x2)c phase on SiC(OOOl). An adatom vacancy 
is indicated by the arrow, an anti-phase domain bonndary by the vertical line. 
(b) Holographic reconstruction of the adatom site from LEED raw intensities, (c) 
Best-fit structural model in side view 
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Noteworthy, the SI stacking dominates the surface by 60% (6i/-SiC) which 
also contrasts the (\/3x \/3)R30°-SiC(0001) structure. Yet, also here this SI 
dominance is not found in the silicate phase and only driven by the recon- 
struction [114, 156]. The reconstruction is a simple Si adatom structure in 
HS sites with an adatom layer spacing doi = 1.07 A resulting in a Si-C bond 
length of Lqi = l.OSA which is very close to the bulk value (l.SOA). The 
adatoms induce buckling displacements in the first substrate bilayer of 0.22 A 
(C sublayer) and 0.20 A (Si sublayer) and further reconstructions in deeper 
layers [60]. A respective side view of an SI domain is shown in Fig. 13c. 

Comparison of the results on the (\/3x\/3)R30°-SiC(0001) and (2x2)c- 
SiC(OOOl) structures indicates another possibility to influence the stacking 
at SiC surfaces in addition to controlling the chemical environment during 
preparation. The S3 surface termination found on 4iJ-SiC(0001) could serve 
as seed for the development of a different polytype such as 3C- or 6i7-SiC, 
or the SI stacking on SiC(OOOl) could induce growth of hexagonally stacked 
slabs. 

5.4 a-Planes and Diagonal Cuts 
Through the Hexagonal Unit Cell 

As noted in Sect. 2.3 non-basal plane surface orientations of hexagonal poly- 
types have been used for growth experiments of bulk material and homoepi- 
taxial films. SiC(1120) and SiC(0338) have evolved as promising substrate 
orientations [27]-[29]. Another, also interesting orientation is the (1010) sur- 
face even though it seems not as well suited for growth purposes. Interest- 
ingly, the actual atomic structure of these surfaces is practically unknown. 
For the (1120) and (1010) FEED patterns were published after UHV based 
SiH 4 cleaning to remove the surface oxide. The surfaces appear well ordered 
and unreconstructed [165]. Further structural information can be gained from 
theoretical investigations [166]-[168], also for SiC(1120) and SiC(lOlO): There 
are several possibilities of bulk truncated surface arrangements on these sur- 
faces partly due to the elongated unit cell of the higher hexagonal polytypes 
(4i7, 6H). However, from energy minimization calculations it seems that the 
surface would prefer an extra Si termination with a superperiodicity, i.e. a 
reconstruction, that was not observed in the experiment. For SiC (0338) no 
surface investigation has been reported neither experimentally nor theoreti- 
cally. 



6 Conclusion 

In this article the atomic structure of SiC surfaces was reviewed. For both 
hexagonal SiC surfaces the phase diagram was discussed including well or- 
dered and metastable structures. The detailed geometry of several phases has 
been resolved. Often, there exists a direct relevancy to the technological appli- 
cation of SiC in electronic devices. The (3x3) phase on SiC(OOOl) prepared in 
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UHV by annealing under simultaneous deposition of Si is well saturated and 
facilitates step flow growth for homoepitaxial and homo-polytype CVD and 
MBE layers. The structure analysis of the in situ prepared (\/3x \/3)R30°- 
SiC(OOOl) phase determined the T 4 -site Si-adatom reconstruction and re- 
vealed a dependence of the surface terminating stacking sequence on the 
chemical environment. By carefully controlling the preparation procedure, 
a cubic surface stacking sequence can be induced that breaks the periodic 
stacking of the substrate polytype. Thus, a change of polytypes might be 
induced during growth possibly allowing the development of polytype het- 
erojunctions and periodic heterostructures. The unit cell assignment of the 
carbon rich phase on SiC(OOOl) was confirmed as (6\/3x6\/3)R30° by LEED 
and STM. The (6\/3x6\^)R30° cell contains three atomic rings of slightly 
different size which are arranged in a quasi “(6x6)” pattern. On SiC(OOOl) 
the (2x2)c phase represents a Si adatom reconstruction. However, in com- 
plete contrast to the (\/3x \/3)R30°-SiC(0001) phase, here the adatom sits in 
the true H 3 hollow site and the reconstruction induces a preference for hexag- 
onal surface stacking termination. A well ordered Si 203 film can be generated 
by an ex situ hydrogen etching treatment of the SiC samples prior to their 
introduction into the UHV chamber. This silicate monolayer might represent 
a perfect seeding layer for the deposition of well ordered thick Si 02 films, 
thus overcoming the difficulties imposed by the poor quality of the SiC-oxide 
interface conventionally obtained by thermal oxidation. Surfaces treated by 
ultrapure hydrogen were found to be solely hydrogen terminated on an oth- 
erwise bulk truncated surface. Monitoring hydrogen and oxygen etching in 
UHV on an atomic level reveals complicated reaction pathways that seem 
to be dependent on the reconstruction phase and on surface orientation and 
polytype. Future SiC surface investigations may focus on the complicated 
structure of the non-basal plane surfaces (1120) and (0338), as well as on 
questions related to adsorption and epitaxial films of metals, dopants and 
surfactants. Further effort will be necessary to understand the etching and 
oxidation processes on an atomic level. In summary, a strong relevancy of 
detailed structural properties of surface phases for growth and other techno- 
logical applications has been demonstrated that can only be understood when 
the structure is analyzed in detail as carried out in the presented examples 
by a combination of experimental surface science techniques and theoretical 
investigations. 
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The Continuum of Interface-Induced Gap 
States — The Unifying Concept 
of the Band Lineup at Semiconductor 
Interfaces — Application to Silicon Carbide 



W. Monch 



1 Introduction 

In one of his pioneering articles, Schottky [1] described the many thorny 
roundabout routes which finally ended in his Semiconductor Theory of the 
Blocking Layer [2] at metal-semiconductor or, as they are called to honor 
his many basic contributions to this field, Schottky contacts. The ensuing 
endeavors for a physical understanding of the mechanisms which determine 
the barrier heights in Schottky contacts were again fraught with difficulties. 
Heine [3] further developed Bardeen’s basic concept [4] of interface states at 
metal-semiconductor interfaces. He noted that for energies in the semicon- 
ductor band gap the volume states of the metal have tails in the semiconduc- 
tor. Tejedor and Flores [5] applied this idea to semiconductor heterostructures 
where for energies in the band-edge discontinuities the volume states of the 
one semiconductor tunnel in the other one. 

The continua of interface-induced gap states (IFIGS), as they were called 
later, are an intrinsic property of the semiconductors and they are the fun- 
damental mechanism that determines both the barrier heights of Schottky 
contacts and the band offsets of heterostructures. The IFIGS derive from the 
valence- and conduction-band states of the semiconductor. They will carry a 
net charge the sign of which depends on the Fermi-level position relative to 
their branch point where their character changes from predominantly valence- 
band- or donor-like to mostly conduction-band- or acceptor-like. Hence, the 
IFIGS give rise to intrinsic interface dipoles. Both Schottky barrier heights 
and band offsets in heterostructures thus divide up into a zero-charge-transfer 
term and a dipole contribution. 

From a more chemical point of view, these interface dipoles are attributed 
to the partial ionic character of the covalent bonds between atoms right 
at the interface. In generalizing Pauling’s electronegativity concept [6], the 
charge transfer at semiconductor interfaces is described by the difference 
of the electronegativities of the atoms involved. In combining the physical 
IFIGS and the chemical electronegativity concept the dipole contributions 
of the Schottky barrier-heights as well as of the heterostructure band-offsets 
vary proportional to the difference of the electronegativities of the metal and 
the semiconductor and of the two semiconductors, respectively, which are 
forming the contact. 
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While the theoreticians appreciated Heine’s IFIGS concept at once the 
experimentalists adopted it very slowly. One of the reasons was that the the- 
oretical IFIGS lines marked upper limits of the barrier heights of real Schottky 
contacts only [7, 8]. Schmitsdorf et al. [9] resolved this dilemma in their ex- 
perimental studies of Ag/n-Si(lll) contacts. They observed a linear decrease 
of the effective barrier heights with increasing ideality factors which they 
determined from the current- voltage or / jV characteristics of their diodes. 
Such a behavior is observed with all Schottky contacts investigated so far. 
Schmitsdorf et al. attributed this correlation to the existence of patches with 
decreased barrier heights and lateral dimensions smaller than the depletion 
layer width. Most importantly, they concluded that the barrier heights of the 
laterally homogeneous contacts are obtained from plots of effective barrier 
heights versus the ideality factors by extrapolation to the ideality factor that 
is determined by the image-force- or Schottky effect [10] only. 

Ballistic-electron-emission microscopy (BEEM), which was invented by 
Kaiser and Bell [11], makes it possible to measure nm-scale distributions 
of the local barrier heights of Schottky contacts. Such histograms are well 
approximated by Gaussian functions. Their maxima represent the barrier 
height of the laterally homogeneous area surrounding the nm-scale patches 
with reduced or increased barrier height. 

The barrier heights of laterally homogeneous Schottky contacts evalu- 
ated from the linear correlation between effective barrier heights and ideality 
factors and from BEEM barrier-height distributions are identical within the 
margins of experimental error. Monch [12, 13] plotted the barrier heights 
of laterally homogeneous Si, GaN, GaP, GaAs, ZnSe and 3C-, 6i7-, and 
4iJ-SiG contacts versus the difference of the metal and the semiconductor 
electronegativities and found excellent agreement with the predictions of the 
IFIGS-and-electronegativity theory . 

The IFIGS dipole term or, in other words, the difference of the metal 
and semiconductor electronegativities determines the dependence of the bar- 
rier heights of Schottky contacts with different metals on one and the same 
semiconductor. The electronegativities of the semiconductors are equal to 
within 10% since the elements which constitute the semiconductors are all 
placed in the middle of the Periodic Table of the Elements. Hence, the IFIGS 
dipole term of semiconductor heterostructures will be small and may be ne- 
glected [14]. The valence-band offsets of lattice-matched and non-polar and of 
metamorphic heterostructures should thus equal the difference of the branch- 
point energies of the semiconductors in contact. 
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2 Experimental SiC Data Base 

2.1 Barrier Heights of Laterally Homogeneous SiC Schottky 
Contacts 

2.1.1 //V Characteristics 

The current transport in real Schottky contacts occurs via thermionic emis- 
sion and the current-voltage characteristics may be written as 

I = exp /cbT) exp {eoVjnk^T) [1 - exp (-eoK/fcBT)] , (1) 

where A is the diode area, is the effective Richardson constant of the 
semiconductor, and T, ^b, and cq are the temperature, Boltzmann’s constant, 
and the electronic charge, respectively. The externally applied bias 14 divides 
up into a voltage drop 14 across the depletion layer of the Schottky contact 
and an IR drop at the series resistance Rs of the diode, i.e., 14 = 14 — 
IRs- For ideal, i.e., intimate, abrupt, defect-free, and, above all, laterally 
homogeneous Schottky contacts the effective zero-bias barrier height 
equals the difference ~ <^^if between the homogeneous barrier height 

and the zero-bias image-force lowering. The ideality factor n describes the 
voltage dependence of the barrier height. For real diodes one finds n > nif 
or, in other words, the ideality factors are generally larger than the ideality 
factor Tiif which is determined by the image-force effect only. 

The effective barrier heights and the ideality factors of real Schottky 
diodes fabricated under experimentally identical conditions vary from one 
specimen to the next. However, the effective barrier heights become smaller 
as the ideality factors increase. As an example. Fig. 1 displays — n data 




Fig. 1. Effective barrier heights versus ideality factors determined from I /V curves 
of Pd/n-4J/-SiC(0001) and Pd/n-6H-SiC(0001) contacts at room temperature. The 
dashed lines are linear least-squares fits to the data. Data from Im et al. [15] 
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of Pd contacts on n-4i7-SiC(0001) and n-6i/-SiC(0001) substrates [15]. The 
dashed lines are linear least-squares fits to the data points. 

Schmitsdorf et al. [9] observed such a linear — n correlation with 
Ag/n-Si(lll) contacts and formulated the dependence of the effective barrier 
heights on the ideality factors as 

= ^Bn -Vp{n- ’^if) > (2) 

where is the barrier height at the ideality factor nif. Several conclusions 
may be drawn from this relation. First, the — n correlation evidences 
that more than just one physical mechanism determines the barrier heights 
of real Schottky contacts. Second, the extrapolation of versus n curves 
to nif leaves all mechanisms out of consideration which cause a larger bias- 
dependence of the barrier height than the image-force effect itself. Third, the 
extrapolated barrier heights equal the zero-bias barrier height <5^if 



Table 1. Barrier heights of laterally homogeneous SiC Schottky contacts obtained 
by linear extrapolation of versus n curves to nif, from histograms of BEEM 
barrier heights, and by internal and external photoemission spectroscopy 



Substrate 


Orientation 


Metal 


Method 


^hom 

^Bn 

[eV] 


Reference 


SC-SiC 


(001) 


An 


I/V 


0.84* 


Constantinidis et al. [25] 


AH-SiC 


(0001) 


Cs 


PES 


1.00 


van Elsbergen [26] 




(0001) 


Ti 


I/V 


1.26 


Defives et al. [27] 




(0001) 


Ti 


1/V 


1.14 


Skromme et al. [24] 




(0001) 


Ni 


1/V 


1.57* 


Khemka et al. [28], 












Schoen et al. [29] 




(0001) 


Ni 


I/V 


1.60 


Skromme et al. [23] 




^1-210) 


Mo 


IPEYS 


1.66 


Bai et al. [30] 




(0001) 


Pd 


I/V 


1.63* 


Im et al. [15] 




(0001) 


Pt 


I/V 


1.68* 


Im et al. [15] 




(0001) 


Pt 


I/V 


1.63 


Skromme et al. [23] 




(1-100) 


Pt 


IPEYS 


1.62 


Shigiltchoff et al. [31] 


6i/-SiC 


(0001) 


Cs 


PES 


0.74 


van Elsbergen et al. [32] 




(0001) 


Cu 


I/V 


1.26 


Suezaki et al. [33] 




(000-1) 


Ti 


I/V 


1.11* 


Shigiltchoff et al. [34] 




(000-1) 


Ti 


I/V 


1.095 


Bai et al. [30] 




(0001) 


Pd 


I/V 


1.35* 


Im et al. [15] 




(0001) 


Pd 


BEEM 


1.30 






(0001) 


Pd 


I/V 


1.24 


Im et al. [21] 




(0001) 


Pd 


BEEM 


1.25 






(0001) 


Pt 


I/V 


1.31* 


Im et al. [15] 




(0001) 


Pt 


BEEM 


1.30 






(0001) 


Pt 


IPEYS 


1.38 


Shigiltchoff et al. [31] 



* Data obtained by extrapolation to n = 1. 
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of the laterally homogeneous contact. Table 1 summarizes barrier heights 
of laterally homogeneous SiC Schottky contacts which were determined by 
extrapolation of — n curves to riif. 

The two extrapolated barrier heights of the data plotted in Fig. 1 
differ by 0.28 ± 0.14 eV. Within the margins of experimental error this value 
equals the difference of the band gaps of the two polytypes 4iJ and 6H. 
Hence, Pd/p-SiC contacts would have identical barrier heights irrespective of 
the specific poly type. 

Patches of reduced barrier height with lateral dimensions smaller than the 
depletion layer width which are embedded in large areas of laterally homo- 
geneous barrier height are the only model known that explains a lowering of 
effective barrier heights with increasing ideality factors. In their phenomeno- 
logical studies of such patchy Schottky contacts, Freeouf et al. [16, 17] found 
the potential distribution to show a saddle point in front of such nm-size 
patches of reduced barrier height. Figure 2 explains this behavior. In front 
of, for example, circular patches, the barrier height right at the saddle point 
is lowered with respect to the laterally homogeneous barrier height of 
the embedding area by [18] 

= 7. [«“ - - eoFc) k^T/Ll] , (3) 

where = Web — Wp and Lp are the energy distance from the Fermi 
level to the conduction-band edge in the bulk and the Debye length of the 
semiconductor, respectively. The saddle-point barrier height is determined by 
the patch parameter 

7. = 3(Z\,i?2/4)'/" , (4) 

where is the radius and the barrier- height reduction of the patch. 




Fig. 2. Calculated potential distribution underneath a patch embedded in a region 
of larger interface band-bending or, what is the same, larger barrier height 
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Equation (3) shows that the saddle-point barrier height strongly depends 
on the voltage drop Vc across the depletion layer. Already Freeouf et al. 
[16, 17] simulated the current transport in such patchy Schottky contacts 
and found a reduction of the effective barrier height and a correlated increase 
of the ideality factor as they reduced the lateral dimensions of the patches. 
However, they missed to note that the barrier heights of the laterally homo- 
geneous contacts may be obtained from versus n plots by extrapolation 
to TT-if. It remained to Schmitsdorf et al. [9] to draw this conclusion. 

2.1.2 BEEM 

Ballistic-electron-emission microscopy (BEEM) [11], is the experimental tool 
for measuring spatial variations of the barrier height on the nm-scale [19]. 
A tip injects almost monoenergetic electrons into the metal film which will 
reach the semiconductor as ballistic electrons provided they lose no energy on 
their way through the metal. Hence, the collector current Icon is expected to 
set in when the ballistic electrons surpass the metal-semiconductor barrier, 
i.e., if the voltage Etip applied between tip and metal film exceeds the local 
potential barrier Bell and Kaiser [20] derived the square-law 

Icon(z) = [eoEtip - " (5) 

of the BEEM /coii/ktip characteristics where /tip is the injected tunnel cur- 
rent. BEEM measures local barrier heights, i.e., the saddle-point barrier 
heights in front of nm-size patches rather than their lower barrier heights 
right at the interface. 

Im et al. [21] investigated Pd/n-6i/-SiC(0001) contacts. With some of 
their diodes they simultaneously measured their conventional I /V curves and 
BEEM Ico\\{z) /Vfi-p characteristics at 800 different locations over the surfaces, 
each separated by at least 30 nm. From fits of the thermionic-emission rela- 
tion (1) to the I/V curves of the macroscopic diodes and of the Bell-Kaiser 
square-law (5) to the nanoscopic /coii(2:) /Etip characteristics, they determined 
the effective barrier heights and ideality factors and the local BEEM barrier 
heights, respectively. Figure 3 displays BEEM barrier- heights distributions 
of two of their diodes, a “good” and a “bad” one. They are distinguished by 
their ideality factors, 1.06 and 1.49, which are close to and much larger than 
riif = 1.01. Most remarkably, the two BEEM barrier height distributions are 
essentially identical. As usual, they are well described by Gaussian distribu- 
tions. Their center values and standard deviations are 1.271 eV and 29 meV 
and 1.268 eV and 33 meV, respectively. The standard deviations are slightly 
larger than the margins of experimental error of the individual BEEM values, 
approximately 20 meV. 

Their findings led Im et al. [21] to conclude that there exist two types of 
patches, intrinsic and extrinsic ones. Im et al. assumed the intrinsic patches 
to occupy a fractional area of the diode and the distribution function 
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Fig. 3. Histograms of BEEM barrier heights of a “good” {gray solid bars) and a 
“bad” Pd/n-6-ff-SiC(0001) diode {empty bars) as determined by fitting 800 BEEM 
spectra each using the Bell-Kaiser square-law (5). Data from Im et al. [21] 



of their patch parameters 7i,r to be Gaussian with the standard variation 
The distribution of the saddle-point or, what is the same, of the local 
BEEM barrier-heights will be a Gaussian function too. It is centered at the 
barrier height of the embedding area (1 — C-n^)A and has the standard 

deviation [21] 

= [{^bT - Wn) iVd/eb£o] , (6) 

where and £b are the bulk donor density and the static dielectric constant 
of the semiconductor, respectively, and £q is the permittivity of vacuum. The 
model barrier-height distribution of the entire diode may then be written as 



PI 



/^BEEM\ 
mod \^Bn ) 






exp - 



(^Bn 



BEEM 






+ (1 - Ci^) 5u 



2al 



(7) 



BEEM /Rhom\ 

~ ^Bn ) ^ 



where the Dirac i5-function ~ ^Bn™) describes the laterally homo- 

geneous area of the diode. Figure 4 explains this model. The overall standard 
deviation of the model barrier height-distribution is then given by 



<od = [«r - Wn) iVd/£b£o] ■ (8) 



Unfortunately, no experimental data of SiG Schottky diodes are available 
to test (8). However, Morgan et al. [22] measured BEEM barrier-height dis- 
tributions of gold Schottky diodes prepared on differently doped n-Si(OOl) 
wafers. Figure 5 displays their results. The experimental data are again ex- 
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Fig. 4. Gaussian and Dirac 5-function distributions of barrier heights of intrinsic 
patches and of the embedding area, respectively, of a model diode and histogram 
of experimental BEEM barrier heights of a real Pd/n-6i/-SiC(0001) diode (same 
data as in Fig. 3). The model parameters are 4^3°™ = 1.271 eV, Ci-^ = 0.107, 
= 1.03 X 10“^ eV^'^^cm^/®, and = 6 x 10® cm“® 



cellently fitted by Gaussian functions and their standard deviations increase 
as the doping level becomes larger. Figure 6 shows the standard deviations of 
the barrier-height distributions given in Fig. 5 as a function of the donor den- 
sity of the Si wafers. The dashed line is a linear least-squares fit to the data 
points. Its slope parameter of 0.34 ± 0.09 excellently confirms the exponent 
predicted by (8). 

Im et al. [21] derived an area density « 5 x 10® cm“^, a fractional cov- 
erage « 0.05, and a standard variation = ( 71 ,^) « 1 x 10“^ eV^/®cm^/® 
for the intrinsic patches at the interfaces of their Pd/n-6iJ-SiC diodes. A pos- 
sible physical explanation of the nature if these intrinsic patches is discussed 
in Sect. 4.2. 

Not only Im et al. [21] but also Skromme et al. [23] concluded the existence 
of a few gross defects of extrinsic nature which determine the properties of 
“bad” diodes with ideality factors much larger than Uif. The possible nature 
of such extrinsic patches may vary widely and their occurrence will strongly 
depend on fabrication details of each individual diode even if they are pre- 
pared under experimentally identical conditions. Such few extrinsic patches 
will easily escape detection by BEEM. The only well-documented example 
are interfacial dislocations at CoSi2/n-Si(001) contacts investigated by Sir- 
ringhaus et al. [24]. 

Table 1 shows barrier heights of laterally homogeneous SiC Schottky con- 
tacts determined from BEEM barrier- height distributions. 
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BEEM barrier height [eV] 

Fig. 5. Histograms of BEEM barrier heights on Au/n-Si(001) contacts with differ- 
ent donor densities of the silicon substrates. The dashed lines are Gaussian least- 
squares hts to the data. The centers and the standard deviations of the three 
Gaussians are 0.820 ± 0.0003 eV and 0.014 ± 0.0002 eV, 0.814 ± 0.0002 eV and 
0.008 ±0.0001 eV, and 0.820 ±0.0001 eV and 0.005 ±0.0001 eV, respectively. Data 
from Morgan et al. [22] 




Fig. 6. Standard deviations of the Gaussian fits to the BEEM barrier-height his- 
tograms of Fig. 5 as a function of the donor density. The dashed line is a linear 
least-squares Ht 
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2.1.3 Internal Photoemission Yield Spectroscopy 

Metal-semiconductor contacts show a photoelectric response to optical radi- 
ation with photon energies smaller than the width of the bulk band gap. This 
effect is caused by internal photoemission of electrons from the metal over the 
interfacial barrier into the conduction band of the semiconductor and is an- 
other technique for determining barrier heights in Schottky contacts. Internal 
photoemission yield spectroscopy or, for short, IPEYS and ballistic-electron- 
emission spectroscopy are similar in that hot electrons are injected from the 
metal across the interface. Hence, the same arguments as in the derivation 
of the BEEM collector current apply for IPEYS and above a threshold value 
the flux of the photoinjected electrons will vary quadratically as a function 
of the photon energy Hlo. The yield of the photoinjected electrons depends 
on the photon energy as 

Y{huj) (x{huj- /huj . (9) 

Patches only cover a small portion of metal-semiconductor interfaces so that 
the threshold energy will equal the barrier height '?b°™ of the laterally 

homogeneous part of the contact minus the image- force lowering 

The experimental \Y{?ujj) ■ data deviate towards larger values 

slightly below and above the threshold. This behavior is caused by the shape 
of the Fermi-Dirac distribution function at finite temperatures and by the 
existence of patches with barrier heights smaller and larger than 

Table 1 displays barrier heights of laterally homogeneous SiC Schottky 
contacts as determined by extrapolation of \Y{?ujj) ■ curves to zero 

yield. 



2.1.4 Photoemission Spectroscopy 

Photoemission spectroscopy may be used to study the band bending at sur- 
faces and interfaces. The depth resolution of photoemission spectroscopy de- 
pends on the escape depth of the photoemitted electrons. The escape depth 
varies between approximately 0.4 and 30 nm at 60 and 1000 eV, respectively. 
Hence, photoemission spectroscopy as a probe of metal-semiconductor inter- 
faces is limited to metal films the thickness of which does not exceed 1 to 
4 nm. Most metals show island rather than layer-by-layer growth on semicon- 
ductor surfaces. However, cesium wets SiC as other semiconductor surfaces 
and already during the formation of the second cesium layer a metallic Fermi 
edge develops at the high-energy termination of the energy distribution curve 
(EDC) of the photoemitted electrons and the work function assumes the value 
characteristic of cesium metal [26, 32]. The difference of the ionization energy 
-f(<9cs) = kkvac — lYvi and of the work function (p{0cs) = HVac — Wp, both 
measured as a function of the cesium coverage 0cs, gives the energy position 
Wp — Wvi of the Fermi level above the valence-band top right at the surface or 
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the interface or, in other words, the surface and the interface band-bending, 
respectively. The ionization energy equals the difference tiuj — Wedc of the en- 
ergy of the exciting photons and the width of the EDC of the photoelectrons 
while the work function may be determined using a Kelvin probe. 

Table 1 displays the barrier heights of laterally homogeneous Cs contacts 
on the two SiC polytypes QH and 4iJ which were obtained by simultaneous 
PES and Kelvin-probe measurements. 

2.2 Valence-Band Offsets at SiC Heterostructures 
2.2.1 X-Ray Photoemission Spectroscopy 

Semiconductors generally grow layer-by-layer, at least initially. Hence, core- 
level photoemission spectroscopy is one of the most reliable tools for de- 
termining the band-structure lineup at semiconductor heterostructures. The 
valence-band offset may be obtained from the energy positions of core-level 
lines in X-ray photoelectron spectra (XPS) recorded with bulk samples of 
the semiconductors in contact and with the interface itself [35]. Since the 
escape depths of the photoelectrons are in the order of 2 nm only, one of 
the two semiconductors has to be sufficiently thin. This condition is easily 
met when heterostructures are grown by molecular beam epitaxy (MBE) 
and XPS spectra are recorded during growth interrupts. The valence-band 
discontinuity results as 

AITv = fPvir - VPvii = fPir(n/) - Wa{nl) 

+ [Wvbr - fPbr(n/)] - [vEvbi - VPbi(hO] , (10) 



Table 2. Valence-band offsets of SiC heterostructures with group-III nitrides 



SiC Poly- 
type 


Orientation 


Semicon- 

ductor 


Method 


AIK [eV] 


Reference 


6H 


(0001) 


AIN 


XPS 


1.4 ± 0.3 


King et al. [36] 




(0001) 


AIN 


XPS 


1.6 ± 0.1 


Rizzi et al. [37] 




(0001) 


AIN 


XPS 


1.45 ± 0.1 


King et al. [38] 




(0001)* 


AIN 


XPS 


1.15 ± 0.1 






(0001) 


AIN 


XPS 


0.95 ± 0.1 






(000-1)** 


AIN 


XPS 


0.85 ± 0.1 






(1-100) 


AIN 


XPS 


0.65 ± 0.1 






(0001) 


GaN 


XPS 


0.9 ± 0.1 


Rizzi et al. [37] 


3C 


(lll)-l X 1 


GaN 


XPS 


0.5 ± 0.1 


King et al. [39] 




(lll)-3 X 3 


GaN 


XPS 


0.8 ± 0.1 





* (v^ X \/3)R30° on- and off-axis, ** 



off-axis 
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where (n^) and (nl) denote the core levels of the semiconductors on the right, 
r, and the left side, 1, of the interface, respectively. Subscripts i and b char- 
acterize interface and bulk properties, respectively. The energy difference 
Wir(n^) — Wii(h?) between the core levels of the two semiconductors is de- 
termined from EDCs of photoelectrons recorded during MBE growth of the 
heterostructure. The energy positions Wvbr — Wbr(nl) and 
of the core levels relative to the valence-band maxima in each of the two 
semiconductors are evaluated separately. 

Table 2 shows valence-band offsets of SiC heterostructures with group- 
ill nitrides which were determined by core-level X-ray photoemission spec- 
troscopy. 



2.2.2 Internal Photoemission Yield Spectroscopy 

Another widely used technique for determining band offsets in heterostruc- 
tures is internal photoemission yield spectroscopy. The evaluation of the 
IPEYS signals is the same as described in Sect. 2.1.3. Generally, more than 
one interface-related threshold energy is observed with semiconductor het- 
erostructures. If, for example, one of the semiconductors is doped n-type 
then electrons may be excited not only from its valence but also from its con- 
duction band across the interface into the conduction band of the other semi- 
conductor. The corresponding two threshold energies will differ by the width 
of the band gap of the n-type emitter and the second threshold equals the 
conduction-band discontinuity of the heterostructure. Valence-band offsets 



Table 3. Valence-band offsets at semiconductor-Si02 interfaces 



Semiconductor 


Orientation 


AWv [eV] 


Reference 


3G-SiC 


(001) 


2.95 ± 


0.1 


Afanas’ev et al. [40] 


AH-SiC 


(0001) 


2.95 ± 


0.1 


Afanas’ev & Stresmans [41] 


6J/-SiC 


(0001) 


2.95 ± 


0.1 




15i?-SiC 




2.95 ± 


0.1 




Si 


- 


4.45 




Williams [42] 




(Ill) 


4.5 ± 


0.1 


Grunthaner & Grunthaner [43] 




(001) 


4.3 ± 


0.1 


Himpsel et al. [44] 




(001) 


4.53 ± 


0.1 


Afanas’ev et al. [40] 




(001) 


4.49 




Alay & Hirose ]45] 




(111) 


4.36 








(001) 


4.54 ± 


0.06 


Keister et al. [46] 




(111) 


4.35 ± 


0.06 






(111) 


4.42 ± 


0.01 


Hirose et al. [47] 




(111) 


4.62 ± 


0.01 




ZnS 


(111) 


2.8 ± 


0.2 


Ban et al. ]48] 


CdTe 


(111) 


4.7 ± 


0.2 
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of heterostructures between Si02 and the 3C, (SH, AH, and 15i?-SiC poly- 
types which were determined by internal photoemission yield spectroscopy 
are displayed in Table 3. 



3 IFIGS-and-Electronegativity Theory 

Because of the quantum-mechanical tunnel effect, the wave functions of bulk 
electrons decay exponentially into vacuum at surfaces or, more generally 
speaking, at solid-vacuum interfaces. In energy regions of Schottky contacts 
and of semiconductor heterostructures where occupied band states overlap a 
band gap the wave functions of these electrons will behave the same in that 
they tail across the interface into the corresponding semiconductor. The vir- 
tual gap states (ViGS) of the complex band structure of the semiconductor 
determine this tailing behavior. Figure 7 schematically explains both effects. 
These interface-induced gap states or, for short, IFIGS are an intrinsic prop- 
erty of the semiconductor. For the band-structure lineup at semiconductor 
interfaces only the IFIGS within the gap between the top valence and the 
conduction band are of importance since the energy position of the Fermi 
level determines their charging state. 

The IFIGS are made up of valence- and conduction-band states of the 
semiconductor. Their net charge depends on the energy position of the Fermi 
level relative to their branch point where their character changes from pre- 
dominantly donor- or valence-band- to mostly acceptor- or conduction-band- 
like. The band-structure lineup at semiconductor interfaces is thus described 
by a zero-charge-transfer term and an electric-dipole contribution. 

The charge transfer at semiconductor interfaces may be easily estimated 
by applying Pauling’s description of the partial ionic character of covalent 
bonds by the difference of the electronegativities of the atoms involved. The 
combination of the physical IFIGS and the chemical electronegativity concept 




Fig. 7. Wave-function tails at surfaces 
(a) and at semiconductor interfaces in 
energy regions where occupied states 
overlap a band gap (b) 
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yields the barrier heights of ideal p-type Schottky contacts to vary as 

- Sx - Xs) ( 11 ) 

and the valence-band offsets of ideal semiconductor heterostructures to vary 
as 

- <pl + Dx (X^r - Xsl) , (12) 

where = W\yp — W^{r) is the energy distance from the valence-band max- 
imum to the branch point of the IFIGS or the p-type branch-point energy and 
X^ and Xs are the electronegativities of metals and semiconductors, respec- 
tively. The subscripts r and 1 stand for the right and the left side, respectively, 
of heterostructures. The slope parameters Sx and Dx are explained at the 
end of this section. 

The IFIGS derive from the virtual gap states of the complex band struc- 
ture of the semiconductor. Their branch point is an average property of the 
semiconductor. Baldereschi’s concept [49] of mean-value fc-points in the Bril- 
louin zone avoids the extensive computations required for calculations of 
branch points. At the mean- value fc-point, the separation between the va- 
lence and the conduction band indeed equals the average or dielectric band 

gap [50] ^ 

Wdg = hujp / \/^oo - 1 , (13) 

where hwp is the plasmon energy of the bulk valence electrons and £oo is the 
optical dielectric constant [51]. Monch [50] plotted the theoretical branch- 
point energies Wbp - IFv(fcmv) = ^bp + [^v(T) - IFv(fci„v)] etb at the mean- 
value fc-point versus the width of the dielectric band gaps of 15 different 
elemental and compound semiconductors. He took the branch-point energies 
^bp = ^bp — TAv(T) which had been computed by Tersoff [52] and calculated 
the energy dispersions \W^{r) — IFv(fcj„v)]ETB of the top valence band in the 
empirical tight-binding approximation. A linear least-squares fit to the data 
yielded [50] 



= 0.449 • ITdg - [ITv(r) - IFv(fc_)]ETB ■ (14) 

The IFIGS branch points are thus slightly below the middle of the band gap 
at the mean- value /c-point. The same result is well-known for the ViGS of 
one-dimensional linear chains. For silicon carbide (14) gives the branch-point 
energy <?[]p = 1.44 eV. 

A simple phenomenological model of Schottky contacts with a continuum 
of interface states of constant density of states Z?is across the semiconductor 
band gap yields the slope parameter [53, 54] 

Sx=^x/[l+{el/e,So)D,A.] , (15) 

where £i is an interface dielectric-constant. The parameter Ax depends on 
the electronegativity scale chosen and amounts to 0.86 eV/Miedema-unit 
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and 1.79 eV/Pauling-unit. The extension Sis of the interface states is approx- 
imated by their charge decay-length l/2qis- For one-dimensional linear chains, 
both the density of states and the charge decay-lengths of their ViGS vary 
inversely proportional to the width of their band gaps. In view of the rela- 
tions (13) and (15), Monch [54] plotted theoretical values (cg/eo) 
of metal-induced gap states (MIGS), as the IFIGS in Schottky contacts are 
traditionally called, versus the optical susceptibility £oo — 1. A least-squares 
fit to the data points yielded a quadratic dependence, and relation (15) was 
rewritten as 

Ax/Sx - 1 = 0.29 • (£oo - 1)" , (16) 

where the reasonable assumption £, « 3 was made. For silicon carbide (16) 
gives the slope parameter Sx = 0.24 eV/Miedema-unit. 

To a first approximation, the slope parameter Dx of heterostructures may 
be equated with the slope parameter Sx of Schottky contacts since the IFIGS 
determine the intrinsic dipole contributions to both the valence-band offsets 
and the barrier heights. Furthermore, the elements forming semiconductors 
are all found in the center columns of the Periodic Table of the Elements. 
Therefore, their electronegativities are almost equal so that the dipole term 
Dx • (Asr — Xsi) in (12) will be small and may be neglected. Gonsequently, 
(12) reduces to 

AlFv = (17) 

for practical purposes. 



4 Comparison of Experiment and Theory 

4.1 IFIGS-and-Electronegativity Theory 

4.1.1 SiC Schottky Contacts 

The experimental barrier heights of intimate, abrupt, clean, and laterally 
homogeneous Schottky contacts on the three SiG polytypes 3C, 6H, and 
4H are plotted versus the difference of the Miedema electronegativities of 
the metals and SiG in Fig. 8. Miedema’s electronegativities are preferred 
since they were derived from properties of metal alloys and intermetallic 
compounds while Pauling considered covalent bonds in small molecules. For 
n-type Schottky contacts (11) has to be replaced by 

<^Br = + Sx {X^ - Xsic) , (18) 

where the energy position of the branch point relative to the conduction band 
minimum is given by 



= W,~ IFbp = IFg - 



(19) 
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Electronegativity (Miedema) 

2 3 4 5 




Electronegativity difference 

Fig. 8. Experimental barrier heights of laterally homogeneous n-type 3C-, and 
4_ff-SiC Schottky contacts versus the difference of the Miedema electronegativities 
of the metal and silicon carbide. The A, □, and 0 symbols differentiate the data of 
3C-, AH-, and 6H-SiC Schottky contacts, respectively, as compiled in Table 1. The 
solid IFIGS lines are drawn with = 1.44 eV of cubic 3C’-SiC [50], the respective 
band gaps of the polytypes, and Sx ~ 0.24 eV/Miedema-unit (see text) 



and Wg is the width of the fundamental band gap. The ETB matrix elements 
used in calculating the valence-band dispersion in (14) were evaluated for cu- 
bic zincblende-structure semiconductors so that the theoretical value of 
1.44 eV first of all applies to SC-SiC. The three IFIGS lines in Fig. 8 were 
drawn with the assumption that the energy position = Whp — Wv{r) 
of the branch point relative to the valence-band maximum is the same ir- 
respective of the specific polytype considered. Obviously, the IFIGS lines 
quantitatively explain the experimental barrier heights of laterally homoge- 
neous metal contacts on n-type 3C-, 6H-, and 4iJ-SiG although the barrier 
heights of the Pd- and Pt/6iJ-SiG contacts are by approximately 100 meV 
smaller than theoretically predicted.^ 

The assumption of identical branch-point energies <P^^ for the three SiG 
polytypes is further illustrated by Fig. 9 which displays p-type barrier heights 
^Bp™ = ^ function of the electronegativity difference — -^SiC- 

They were obtained by converting the experimental n-type barrier heights 
by using the band gaps of the respective polytypes. The data points excel- 
lently agree with the line which the IFIGS-and-electronegativity theory first 
of all predicts for SC-SiG Schottky contacts. A similar conclusion was reached 
for 2H-G&N Schottky contacts. Again, the branch-point energy calculated 
for the cubic zincblende-structure compound explains the experimental bar- 

^ Monch [55] reached this conclusion already from barrier heights of single but 
laterally inhomogeneous Schottky contacts on 3G- and 64f-SiC. 
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Electronegativity (Miedema) 



2 3 4 5 




Electronegativity difference 



Fig. 9. Barrier heights of laterally homogeneous p-type 3C-, 6H-, and dH-SiC 
Schottky contacts versus the difference of the Miedema electronegativities of the 
metal and silicon carbide. The experimental n-type data shown in Fig. 8 were 
converted using the respective band gaps of the polytypes. The A, □, and 0 symbols 
differentiate 3(7-, 6H-, and 47/-SiC Schottky contacts, respectively. The IFIGS line 
is drawn with = 1.44 eV of cubic 3(7-SiG and Sx ~ 0.24 eV/Miedema-unit 



rier heights of Schottky contacts on hexagonal wurtzite-structure GaN [56]. 
In view of (17) this means that the valence-band offsets of iC/2H homo- 
structures of SiC and GaN but also of 3C/6H, iC/AH, and AH/6H SiG 
interfaces should be zero or at least very small. Density-functional calcu- 
lations within the local-density approximation using ab-initio pseudopoten- 
tials indeed produced valence-band offsets of approximately 50 meV not only 
for iC/2H homo-structures of SiG, AIN, GaN, and Gd chalcogenides [57]- 
[63] but also of 3C/6H, 3C/AH, and AH/6H SiG homo-junctions [58]. The 
conduction-band offsets then account for the band gap differences. The envi- 
ronment of the atoms in the cubic and the hexagonal lattice structure differs 
only beyond the nearest neighbors. Binggeli et al. [62] now argue that the 
bonding orbitals are highly localized on the anions and, consequently, the 
valence-band states are almost the same irrespective of the lattice structure. 
The conduction states, on the other hand, are more delocalized and, hence, 
are quite sensitive to the bonding geometry beyond of the nearest-neighbor 
shell. The dielectric band gap, on the other hand, has the same width irrespec- 
tive of the polytype and, to a first approximation, the p-type branch-point 
energies should be almost identical for all polytypes. 



4.1.2 SiC Heterostructures 

Nonpolar and lattice-matched epitaxial semiconductor heterostructures are 
the most simple examples for an analysis of valence-band offsets. They are 
well described by the IFIGS relation (17), see, for example, Monch [13]. How- 
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ever, the band-structure lineup at semiconductor heterostructures is also af- 
fected by mechanisms other than the intrinsic IFIGS. There are two extrinsic 
effects which are of main importance. 

First, intermixing will occur at polar interfaces of heterovalent het- 
erostructures such as, for example, or This 

is to avoid macroscopic electric fields across the heterostructure. The result- 
ing extrinsic electric-dipoles right at the interface will reduce or increase the 
band offset observed with the respective non-polar heterostructure by up to 
some tenths of an eV. 

Second, the lattice parameters of the semiconductors generally differ. 
Lattice-mismatch will cause tetragonal distortions right at the interface of 
such pseudomorphic heterostructures even if they are isovalent. The valence- 
band offsets of lattice-matched heterostructures are insensitive to hydrostatic 
pressure. However, the uniaxial lattice strain in pseudomorphic heterostruc- 
tures causes their valence-band offsets to decrease almost linearly as a func- 
tion of the lattice strain (ay — oo)/ao where ay is the lattice parameter 
parallel to the interface. If the strain energy becomes too large in lattice- 
mismatched heterostructures then the strain is relieved by misfit dislocations. 
The band-structure lineups at such fully relaxed or metamorphic interfaces 
are again well described by the IFIGS relation (17). Figure 10 displays data 
of ZnTe/GdTe, Si/Ge, GaN/GaAs, ZnS/Ge, and GaN/AlN heterostructures, 
some typical examples of metamorphic structures. While the other semicon- 
ductors show cubic zincblende or diamond structure, the group-III nitrides 
GaN and AIN exhibit the hexagonal wurtzite lattice. As for the 3C-, QH- 
and 4i7-SiG polytypes, the barrier heights of 2H-G&N Schottky contacts 
are also well described by the branch-point energy calculated for the cubic 




Difference of branch-point energies [eV] 

Fig. 10. Valence-band offsets of metamorphic heterostructures versus difference of 
IFIGS branch-point energies. Data from Table 3 and from Martin et al. [64], King 
et al. [65], and Rizzi et al. [37] for 2H'-GaN/277-AlN 
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zincblende-structure modification. Hence, it is no surprise that within the 
margins of experimental error the valence-band offsets of the isovalent 2H- 
GaN/2if-AlN heterostructures [37, 64, 65] agree with the difference of the 
p-type branch-point energies of 2.97 and 2.37 eV calculated for the respective 
cubic 3C modifications of AIN and GaN, respectively. 

Figure 10 also displays the experimental valence-band offsets of AIN- and 
GaN/SiG heterostructures given in Table 2 as a function of the difference 
of the respective p-type branch-point energies. For SiG again the value cal- 
culated for the 3C polytype, 1.44 eV, is taken. The AlN/6i7-SiG an the 
GaN/3C-SiG data clearly demonstrate a strong influence of both the ori- 
entation and the clean-surface structure of the SiG substrates used on the 
valence-band offsets. Most probably extrinsic interface dipoles are responsi- 
ble for the differences. However, no quantitative estimates are possible since 
neither the geometrical nor the chemical structures right at the interfaces 
are known. But nevertheless, the valence-band offsets of GaN/3C-SiG(lll) 
and GaN/6i7-SiG(0001) as well as of AlN/6i7-SiG(0001) interfaces are well 
explained by the difference of the respective IFIGS branch-point energies. 



4.1.3 Insulator-SiC Interfaces 

Insulators may be considered as semiconductors with large band gaps. Hence, 
the band-structure lineup at metal- and semiconductor-insulator interfaces is 
described by the IFIGS theory as well. Afanas’ev et al. [40] and Afanas’ev 
and Stesmans [41] determined the valence-band offsets at interfaces between 
Si02 overlayers and 3C-, 6H-, 477-, as well as 15i?-SiG by using internal pho- 
toemission yield spectroscopy. Their data are listed in Table 3. In agreement 
with what was observed with SiG heterostructures they observed the same 
value, 2.95 eV, of the valence-band offsets with the four different polytypes. 
This finding again supports the conclusion that the p-type branch-point en- 
ergy of the IFIGS is the same for all SiG polytypes. 

Unfortunately, the branch-point energy in the ViGS continuum of the 
complex Si02 band structure has not been calculated. However, it may be 
estimated from experimental data. Experimental valence-band offsets are not 
only available for the four different Si 02 /SiG interfaces mentioned but also 
for Si-, ZnS-, and GdTe/Si02. The respective data are also given in Table 3. 
In Fig. 11 these experimental data are plotted versus the p-type branch- 
point energy of the respective semiconductor. Only the Si02/GdTe data point 
deviates from the general trend that the valence-band-offset becomes smaller 
with increasing branch-point energy of the respective semiconductor. The 
dashed line is the linear least-squares fit 



AVFv = (4.84 ± 0.08) - (1.2 ± 0.08) • 7>Pp^ eV (20) 

to the data points where the GdTe/Si02 result is not considered. The sign 
of the slope parameter, which is slightly larger than one, indicates that the 
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Fig. 11. Valence-band offsets at semiconductor-Si02 interfaces versus branch-point 
energies of the semiconductors. Data from Table 3. The dashed line is a linear least- 
squares fit 



valence-band maximum of Si 02 is lower in energy than the valence-band 
maxima of the semiconductors. If the dipole term I?jc(Xsi 02 ~ in (12) 
is neglected then the p-type branch-point energy of Si 02 is estimated as 
approximately 4.8 eV. 

4.2 Intrinsic Non-Uniformities in Schottky Contacts 

The conventional model of space-charge layers assumes a uniform distribution 
of charge. However, already Schottky [66] and Bethe [67] pointed out that the 
random distribution of the ionized donors and acceptors will most likely cause 
spatial fluctuations of the barrier height. Boudville and McGill [68] and then 
Bondarenko et al. [69] considered non-uniformly distributed impurities in de- 
pletion layers. Their calculations indeed showed potential fluctuations super- 
imposed on the quadratic potential distribution that is characteristic of the 
usual jellium model of the space charge. For a donor density of 3 x 10^^ cm“^, 
the donor density of the SiC wafers used by Im et al. [21] in their BEEM 
studies of Pd/n-6i7-SiC(0001) contacts, these intrinsic potential fluctuations 
(Vi) are estimated as approximately 50 meV. From their simultaneous con- 
ventional I /V and BEEM /coii/Vtip studies of their contacts Im et al. [21] 
estimated that intrinsic patches of reduced barrier height should cover ap- 
proximately 5% of the total diode area with an area density of 5 x 10® cm“®. 
These values correspond to an average patch radius {R-„r) of approximately 
18 nm. Using these values, relation (4) then yields an average patch parame- 
ter (7i,r) = 3(eo(U)(i?iir)^/4)^/^ of « 1.03 x 10“^ eV^/^cm®/^. This estimate 
surprisingly agrees with the value of 1 x 10“^ eV^/^cm®/^ evaluated by Im et 
al. [21] for their Pd/n-6i7-SiC(0001) diodes. Hence, the potential fluctuations 
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caused by the random distribution of the ionized donors might explain the 
intrinsic lateral inhomogeneities of the barrier heights of Pd/n-6iJ-SiC(0001) 
Schottky contacts. 

4.3 Ab-Initio Theories 

4.3.1 SiC Schottky Barrier Heights 

The local-density approximation to the density-functional theory or, for 
short, LDA-DFT is a most powerful and widely used tool for studies of 
ground-state properties of solids. However, such calculations notoriously un- 
derestimate the widths of the fundamental band gaps. This dilemma was 
overcome by the so called GW approximation for the electron self-energy. For 
SiC the respective GW shift of the valence-band maximum was estimated as 
approximately 0.78 eV to lower energies. 

Hoekstra and Kohayama [70] and Kohayama and Hoekstra [71] applied 
LDA-DF theory using ab initio pseudopotentials to Al- and Ti/SC-SiC in- 
terfaces. Depending on whether the SiC substrates were assumed to be C- or 
Si-terminated, they obtained barrier heights of 0.08 and 0.85 eV for Al- and 
of 0.22 and 0.5 eV for Ti/p-3C-SiC. Even if the GW correction of 0.78 eV is 
applied a posteriori the GW-LDA-DFT barrier heights of the Ti contacts are 
by far smaller then what is observed experimentally. The GW correction only 
brings the barrier height at Si-terminated Al/p-SC-SiC interfaces close to the 
experimental data of the other SiC Schottky contacts which are excellently 
explained by the IFIGS-and-electronegativity theory, see Fig. 9. Similar dis- 
crepancies are found for Schottky contacts on other semiconductors. Even if 
the respective GW correction is applied a posteriori the LDA-DFT barrier 
heights of A1-, Ag-, and Au/p-3C-GaN [72, 73] are smaller by approximately 
0.6 eV than the experimental values which are also well explained by the 
IFIGS-and-electronegativity theory . 

4.3.2 SiC Heterostructures 

In complete contrast to Schottky barrier heights, ab initio LDA-DFT calcu- 
lations yield valence-band offsets of heterostructures which are much closer 
to both the experimental data and the results of the IFIGS theory. Binggeli 
et al. [62], Stadele et al. [74], Majewski et al. [75], Agrawal et al. [76], and 
Laridjani et al. [77] calculated valence-band offsets of AIN- and GaN/SiG 
heterostructures. Figure 12 displays their data. G^^^A^/G^^A^'^ heterostruc- 
tures are heterovalent and, therefore, 3C-(110) interfaces are non-polar while 
3C-(111), 3C-(001), and 2i7-(0001) heterostructures will be polar. Most re- 
markably, the LDA-DFT valence-band offsets at non-polar and pseudomor- 
phic AIN- and GaN/3C-SiG(110) heterostructures deviate by only « 0.1 and 
« —0.4 eV, respectively, from the values predicted by the IFIGS theory. For 
GaN/3C-SiG(110) interfaces, approximately 0.14 eV of this difference might 
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Fig. 12. Valence-band offsets of GaN- and AlN/SiC heterostructures calculated 
using ab initio LDA-DF theory [62],[74]-[77] and predicted by the IFIGS theory 



be attributed to the 3% lattice mismatch. and intermix- 

ing will avoid charging of polar interfaces. The correlated electric dipoles, 
however, will increase and reduce, respectively, the valence-band offsets with 
regard to the value observed with the non-polar interface. The LDA-DFT cal- 
culations considered a 50% intermixing in the atomic layers right at the inter- 
face. For one and the same polar interface, the different LDA-DFT valence- 
band discontinuities are generally quite close. However, the scatter of the 
GaN/SiC data is somewhat larger. The difference between the and 

A^-A^^ intermixed interfaces amounts to approximately 1 eV irrespective of 
whether AIN or GaN is considered. A simple point-charge model easily ex- 
plains this observation by the only slight difference between the electronega- 
tivities of A1 and Ga. Most importantly, the ab-initio valence-band offsets of 
the 2iL-(0001) and the 3C-(111) interfaces turned out to be equal. However, 
for a direct comparison of the experimental and the LDA-DFT valence-band 
offsets a more detailed characterization of the geometrical structure and the 
chemical composition at the heteropolar HI-N/SiG interfaces is highly desir- 
able. 



5 Conclusions 

In energy regions where occupied band states on one side overlap a band gap 
on the other side of a semiconductor interface the quantum-mechanical tunnel 
effect causes the wave functions of the conduction- or valence-band electrons 
to tail across the interface. These intrinsic interface-induced gap states or 
IFIGS determine the band lineup at ideal semiconductor interfaces and, as 
to be expected, SiG behaves like all other semiconductors in that the IFIGS- 
and-electronegativity theory quantitatively describes both the barrier heights 
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of SiC Schottky contacts and the valence-band offsets of SiC heterostruc- 
tures. An essential for the comparison of experimental data and theoretical 
predictions is that experimental data are available for ideal interfaces. In the 
past, many of such tests failed since real interfaces, and this is especially 
true for Schottky contacts, contain defects of various origin. However, this 
article demonstrates that well-prepared and well-characterized interfaces and 
carefully chosen experimental methods combined with a elaborate analysis of 
the measured data make it possible to find agreement between experimental 
data obtained with real samples and results of calculations assuming ideal 
interfaces, even for such a delicate material as SiC. 

Note added in proof: Quite recently, Aboelfotoh et al. [78] studied Ti, Ni, 
Cu, and Au contacts on 6i7-SiC doped both n- and p-type. They measured 
C /V , I /V , and IPEYS chracteristics of their diodes and determined the 
corresponding flat-band, effective, and IPEYS barrier heights, respectively. 
Most importantly, the IPEYS barrier heights of their Schottky contacts on 
p-6i7-SiC substrates confirm the trend of the hypothetical p-type barrier 
heights which are displayed in Fig. 9 and which were obtained by conversion 
of the n-type barrier heights shown in Fig. 8. 
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Contributions to the Density 

of Interface States in SiC MOS Structures 

V.V. Afanas’ev, F. Ciobanu, G. Pensl, and A. Stesmans 



1 Introduction 

Development of metal-oxide-semiconductor (MOS) technology for silicon car- 
bide has attracted great attention because of the unique physical, chemical 
and, in particular, electronic properties of various crystallographic modifi- 
cations (polytypes) of SiC, promising substantial advantages as compared 
to the conventional Si-based MOS devices [1]~[6]. The most important fea- 
tures of SiC are the wide band gap (from 2.38 eV for SC-SiC to 3.26 eV for 
4if-SiC, [7]), the high critical electric field, the high saturation electron ve- 
locity, and the high thermal conductivity [1, 2]. These properties potentially 
allow operation of SiC devices under conditions at which silicon electronics 
fails, thus extending the application area of semiconductor devices to higher 
voltages, higher power levels, higher temperatures, and higher frequencies. 
As compared to other wide-band gap semiconductors, SiC additionally has 
a significant advantage related to the possibility to grow insulating Si 02 
overlayers by simple thermal oxidation, naturally leading to the MOS de- 
vice configuration. Albeit fabricated in recent years by many groups, SiC 
MOS field-effect transistors have yet not met the expectations. Their fail- 
ure is largely related to the greatly enhanced density of imperfections at the 
Si02/SiC interface [8, 9], which not only degrade the device performance 
but also cause reliability problems related to the anticipated extreme operat- 
ing conditions [10]. Thus, reduction of the Si02/SiC interface defect density 
becomes a key issue in the development of SiC MOS technology. Experi- 
ence gained over the last years indicates that the standard ways to reduce 
the density of electrically harmful defects such as passivation with hydrogen 
known from the Si MOS processing, fail for the Si02/SiC structures. This has 
evoked research efforts aimed at better understanding of the defect nature in 
the oxidized SiC, which is needed to find technologically feasible methods to 
eliminate and/or passivate the defect sites. 

In the present work, we will analyze possible reasons for the enhanced 
defect density in the as-prepared Si 02 /SiC structures as compared to the 
oxidized Si. This will be done by comparing the SiC/Si02 interface state 
spectrum to the much better studied case of Si/Si 02 in order to reveal sim- 
ilar and dissimilar contributions to the observed imperfection density. Next, 
the interface defects specific for the oxidized SiC will be associated with the 
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Fig. 1. Interface state density Dit as a fnnction of energy for 3C- {squares), 6H- 
{circles), and 4H- (triangles) SiC/Si02 MOS structures determined by admittance 
spectroscopy (filled symbols) and by constant capacitance deep level transient spec- 
troscopy (open symbols). The zero point of the energy scale corresponds to the 
top of the SiC valence band. The dashed lines indicate the energy position of the 
conduction band edge of the investigated SiC polytypes 



particular chemical, structural, and electronic features of SiC. We will also 
consider the highly efficient SiC/Si02 interface defect generation observed 
upon injection of electrons and holes into the oxide [11, 12] pertinent to the 
understanding of the hot-carrier reliability problems in SiC MOS electronics. 
The latter may pose limits to the operational range of device parameters, 
reducing the benefits provided by the intrinsic SiC properties and forcing 
one to search for an alternative insulating material for SiC [13]-[17]. High- 
permittivity insulators are currently under development for advanced Si MOS 
devices [18], and some perspectives of their application in the SiC MOS tech- 
nology will also be addressed. 



2 SiC/Si02 Interface State Spectrum 

2.1 Energy Distribution 

The enhanced density of electrically active imperfections at the interface be- 
tween SiC and Si02 as compared to Si/Si02 is a combined result of the wider 
semiconductor bandgap and more numerous electrically active states. The key 
information is provided by the analysis of the energy (E) distribution of the 
SiC/oxide interface states (At) across the SiC band gap. The typical result 
obtained using the combination of admittance spectroscopy (AS) at variable 
temperature and the constant capacitance deep level transient spectroscopy 
(CC-DLTS) is shown in Fig. 1. The figure presents the D,i(E) distributions 
of SiC MOS structures obtained by oxidation of Si faces of the three most 
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common SiC polytype crystals (3C-, 6H-, and AH-, both of n- and p-type 
conductivity) in dry O 2 [8]. It is seen that for all the polytypes At remains 
above 10^^ cm“^ eV“^ over the entire SiC band gap energy range. Moreover, 
one can notice two regions with particularly high Du: 

- in the lower half of the SiC band gap D^, is in the range of 10^^ cm“^ eV“^; 

- in the vicinity of conduction band edge, particularly in 477-SiC, Da ap- 
proaches 10^^ cm“^ eV“^. 

These observations are well supported by results obtained by other tech- 
niques. For instance, the capacitance-voltage (C-V) measurements indicate 
that p-type SiC MOS structures show much higher in the vicinity of the 
Fermi level than the n-type ones [8],[19]-[22], with a considerable density 
of positive charge, suggesting the predominantly donor character of these 
defects. The positive charging initially led to the hypothesis that this por- 
tion of the SiC/Si02 interface state spectrum is associated with A1 dopants 
typically used as acceptor impurities in SiC [19]. However, these states were 
also observed in n-type samples using the internal electron photoemission 
(IPE) technique [8] and in samples with A1 replaced by B acceptors which 
are known to be unharmful, at least in the Si/Si02 entity [23]. Moreover, 
overcompensation of Al-doped p-SiC into n-type SiC by nitrogen ion implan- 
tation results in a similar interface quality as encountered in Al-free n-type 
SiC MOS structures [24]. These observations led to the conclusion that A1 
can be rehabilitated and safely used in the SiC MOS technology. 

Concerning the high density of interface states observed near the conduc- 
tion band of 4iJ-SiC, and, with a lower density, in 6i/-SiC/Si02, there is also 
a good agreement between different analyzing methods: the low-temperature 
C-V analysis [25, 26], the thermally-stimulated capacitance [25, 27] and cur- 
rent [28] techniques indicate a high At near the SiC conduction band edge. 
Worth mentioning here is that this portion of the spectrum is not ob- 
served in 3C-SiC MOS structures [29]. The latter suggests the relationship 
of these interface traps either to a particular energy range or, else, to the 
particular SiC polytype. It is interesting to add here the results of recent 
Hall effect measurements indicating that the spectral density of these imper- 
fections in the vicinity of the 4iJ-SiC conduction band edge even approaches 
cm-2 eV-i [30, 31]. 

2.2 Sensitivity of £>it to SiC Polytype 

The impact of the SiC polytype on the quality of its interface with native 
oxide was analyzed in several studies before [8],[22],[32]-[34]. Direct compar- 
ison between Da close to the SiC valence band for the Si-faces of two hexag- 
onal polytypes {6H and 4H) shows that, here, the difference is marginal 
[8, 22, 32, 33] suggesting that the size of the SiC elemental unit has little 
effect on the interface trap density. By contrast, when looking at Da in the 
upper part of the SiC band gap, a considerably higher defect density is sys- 
tematically observed in 4iJ-SiC than in 6i7-SiC MOS samples (cf. Fig. 1) 
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[22, 25, 30, 31]. One also may notice from Fig. 1 that Hit in the central 
portion of the band gap is higher in the oxidized 4iJ-SiC than in 6iJ-SiC. 
Thus, as one more result, there is no direct relationship between the defects 
responsible for the enhanced interface state density in the upper and lower 
parts of the SiC band gap. 

With respect to the cubic 3C'-SiC, there is a considerable spread in the lit- 
erature data concerning interface state and fixed charge densities [8], [19], [35]- 
[42] . This might indicate that the quality of the interface depends strongly on 
the quality of the starting SiC epi-layer. Recent results suggest that Da near 
the valence band of 3(7-810 can be reduced to the low 10^^ cm“^ eV“^ range 
by improved epi-layer growth and proper pre-oxidation surface preparation, 
i.e. it becomes comparable to that of 4i7-SiC [29]. At the same time, the 
interface state density near the conduction band of 3(7-SiC appears to be in 
the range of 10^^ cm“^ eV“^, which is at least one order of magnitude lower 
than in 4i7-SiC [29]. The latter can be associated with an approximately 
« 1 eV decrease in the SiC conduction band energy in the 3(7 polytypes as 
compared to 4i7-SiC which shifts the semiconductor Fermi level towards the 
energy range of the low values (cf. Fig. 1). A similar trend is also observed 
when comparing the oxidized 4i7-SiC to another polytype with a narrower 
band gap, like 15i?-SiC: It appears that, for the same kind of technological 
processing, the 15i?-SiC/Si02 MOS structures exhibit higher surface electron 
mobility than 4i7-SiC MOS transistors [43, 44]. 

2.3 Sensitivity of Hit to the Crystallographic Orientation 
of the SiC Surface 

The general trend of the occurrence of a higher density of traps and charges 
at the C-face of hexagonal SiC (6i7-, 4i7-polytypes) than at the Si-face is 
long known [8, 45, 46]. Hit also increases with increasing crystal surface mis- 
alignment angle from the (0001) plane (Si face), which is explained by a 
higher defect density at the SiC surfaces with an orientation different from 
(0001) [47]. Indeed, MOS structures fabricated on other faces of 6H-SiC, like 
(1120) and (1100), exhibit much enhanced interface state densities in the 
lower portion of the SiC band gap [8, 48, 49] which was associated with the 
higher availability of carbon atoms at these SiC surface planes [8] . 

For SiC/Si02 interface states with energy levels close to the SiC conduc- 
tion band edge, the interface state density is reported to be lower at the (0001) 
plane (Si-face) of 6H-SiC than for the (1120) one [50]. However, in another 
hexagonal polytype, 4H-SiC, Hit on (1120) appears to be reproducibly lower 
than on the Si-face [50]-[52] resulting in much improved surface electron mo- 
bility [51, 52]. The same trend was also demonstrated recently for a (0338) 
surface of 4H-SiC [53]. This different behavior of SiC/Si02 interface states in 
the lower and upper parts of the 4H-SiC band gap suggests again, a different 
nature of defects responsible for these two portions of the Hit distribution. 
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2.4 Effects of Annealing on Dit 

In an attempt to reduce the interface state density, numerous annealing stud- 
ies were performed during the last decade. They can be divided in three 
groups on the basis of the chemical mechanism behind particular thermal 
treatment. 

First, the conventional for Si technology post-oxidation anneal (POA) in 
non-oxidizing ambient [54, 55] was applied to SiC/Si02 to reduce the fixed 
charge density. In n-type 6i4-SiC samples the high-temperature POA in Ar 
is reported to significantly improve the interface quality [56]. However, only 
a weak, if any improvement at all, is seen in other non-oxidizing gases like 
He or N 2 , leading to the suspicion that the success of Ar might have been 
due to residual H 2 O content [57]. 

Second, the attempts to passivate defects in 6i7-, 4i7-SiC/Si02 by at- 
taching hydrogen to them have shown that only a weak improvement can 
be achieved by POA in H 2 at temperatures typical for Si (350-450°C) 
[8, 33, 34, 58]. With increasing temperature of the hydrogen anneal up to 
1000°C, a limited On reduction is observed in the n-type QH- and 4i7- 
SiC/Si02 [8, 34, 59], but not in the p-type samples [8, 33, 34]. This affirms 
the different chemical behavior of the interface states located close to the 
conduction and valence band edges of SiC. A negative impact of POA in H 2 
consists in the generation of a considerable density of positive charge, partic- 
ularly pronounced in the p- type samples [8, 58, 60]. This charge, also observed 
in Si/Si02, is associated with bonding of protons in the near-interface layer 
of Si 02 [60]. 

A more significant impact of hydrogen on is observed when it is in- 
troduced from an oxygen-containing source (H 2 /O 2 mixture, H 2 O) which 
strongly decreases in the lower part of the SiC band gap [61]. However, 
analysis of the Z?it distribution across the entire SiC band gap reveals that 
this kind of POA greatly enhances the density of interface states near the 
conduction band of SiC, particularly in 47f-SiC [22, 25, 62]. These effects are 
illustrated by the C-V and conductance curves shown in Fig. 2 for two types 
of oxides grown on 4i7-SiC at the same temperature [62]. One can notice, for 
instance, that the difference between flat band voltages in the n- and p-type 
SiC MOS capacitors in Fig. 2a, which gives an integral of interface state dis- 
tribution across the entire SiC band gap, is even increased by wet oxidation. 
This is primarily due to the considerable increase in the Da near the SiC 
conduction band edge observed in the n-type samples that overcompensates 
the reduction of Z?it in the lower part of the SiC band gap observed in the 
p-MOS capacitors. This is revealed by the corresponding increase/reduction 
of peaks in the conductance-voltage curves shown in Fig. 2b. 

The reason for the opposite action of wet oxidation on p- and n-type AH- 
SiC/Si02 samples is revealed by the IPE spectra shown in Fig. 3. The major 
impact of wet oxidation is seen to be an approximately ~ 10-fold increase 
of the IPE yield in the low-energy emission band starting at ^ 1 , which cor- 
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Fig. 2. Normalized 1 kHz capacitance (a) and ac conductance (b) as a function 
of voltage for n- and p-type 4H-SiC MOS structures with 50 nm thick Si02 layers 
grown at 1120°C in dry O 2 {solid lines) or in Ar+H20 {dashed lines) 



responds to the excitation of electrons from the SiC conduction band [63]. 
As the total electron density at the SiC surface remains the same (it is de- 
termined by the strength of the applied electric field), the yield rise suggests 
an increase in the probability of electron escape, which means that electrons 
are excited not only from the SiC conduction band but also from some other 
states. The IPE yield drop at hiy = Eg observed in dry 4iJ-SiC/Si02 is due 
to the onset of electron-electron scattering in SiC [63, 64]. Its absence in the 
wet oxidized 4i/-SiC/Si02 case suggests that in these samples electrons are 
emitted from oxide traps close to the SiC/oxide interface rather than from 
the SiC crystal. Apparently, the wet oxidation results in the generation of 




PHOTON ENERGY (eV) 

Fig. 3. Spectral dependences of the IPE yield for n-type 4H-SiC MOS structures 
with 50 nm thick oxide grown at 1120°C in dry O 2 (o) or in Ar-|-H20 (□). The 
curves were measured with an electric field strength in Si02 of 2 MV/cm. The 
SiC band gap value and the spectral thresholds of electron transitions from various 
states are indicated in the figure 
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oxide acceptor- type defects near the conduction band of SiC. They compen- 
sate the positive charge of donor states with energy levels in the lower part of 
the SiC band gap. The latter remain nearly unaffected by the wet oxidation 
process: The IPE yield in the defect-related emission band <?2 is unchanged 
within the measurement accuracy. The apparent Du reduction suggested by 
the conductance data in Fig. 2b may be caused by Coulomb attraction be- 
tween the donor and acceptor states which would shift the energy levels of 
donors deeper into SiC band gap. The observed strong enhancement in the 
density of SiC/Si02 acceptor states upon hydrogen/re-oxidation processing 
may prevent from using this method in the MOS transistor fabrication be- 
cause it impairs the electron mobility at the SiC/Si02 interface [22]. 

A third group of treatments concerns direct growth or POA nitridation of 
oxide in nitric gases (NO, N2O, NH3). As first exposed by measurements of 
lower density of slow traps on n-type NO-treated NO-treated 6i/-SiC/Si02 

[65] , it was found afterwards that the nitridation in NO appears to improve 
significantly the electrical properties of the 4iJ-SiC/Si02 interface as well 

[66] -[69], which is affirmed by independent experiments [70]. In contrast to 
other POA treatments, nitridation allows to reduce Da both in the upper 
and lower parts of the 4i7-SiC band gap, albeit to a different extent [71]. 
Nitridation in N2O and NH3 provides only a limited improvement [65, 69, 
72, 73]. The mechanism of nitrogen impact is likely to be complex [69], and 
its analysis is beyond the scope of this review. 

2.5 Thermally-Induced Interface Trap Generation 

In the course of device processing, thermal oxidation represents one of the 
first steps. Hereupon the Si02/SiC structure may be subjected to various 
supplemental thermal steps such as treatments aimed at activation of dop- 
ing impurities, formation of Ohmic contacts, etc. This additional process- 
ing, however, ensue also a negative effect on the electrical properties of the 
SiC/Si02 interface and result in the generation of additional defects. As a 
first indication of this problem, annealing of the poly-Si gate electrode de- 
posited on p-type 6i7-SiC/Si02 at T > 800°C was found to increase the 
interface state density [4], which was ascribed to the influence of thermally- 
induced strain [74]. A very similar effect, though, was reported for the bare 
oxide samples annealed at f000°C in order to obtain Ohmic contacts [75], 
suggesting involvement a chemical factor, e.g., hydrogen-related species, in 
the defect generation. 

As discussed in the previous section, annealing in hydrogen appears to be 
only marginally efficient in improving the electrical behavior of SiC/Si02 in- 
terfaces. So far, the only observed benign effect of such a treatment is partial 
passivation of interface states produced by radiation in a sputtering metal- 
lization process [33]. At T > 500° C, annealing in hydrogen leads to positive 
charge buildup at the interfaces of both n- and p-type SiC with Si02 [58, 60]. 
Taking into account that formation of a H-induced positively charged state 
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may be involved into a bond rupture process both at the interface [76] and in 
the Si02 layer itself [77, 78], it is well possible that the presence of H accounts 
for the Si 02 /SiC interface state generation upon annealing. 

The malignant damaging effect of protons is further revealed by degra- 
dation of the SiC/Si02 interface (in terms of the fixed charge and inter- 
face state density) under negative bias-temperature stress. It appears that 
at T > 250°C a large density of interface states is generated under negative 
electric field in the oxide as compared to the thermal treatment without field 
application [79]. As the charge density of electrons or holes injected into the 
oxide is still very low (< 10“^ C/cm^), the degradation is likely to involve 
formation (injection) of another charged particle - a proton. A similar con- 
clusion can be drawn from the instability of C-V curves in p-type 6i7-SiC 
MOS capacitors [80] . The scenario involving a proton was considered earlier 
for the bias-temperature instability of Si/Si02 structures [81, 82]. Both for 
oxidized Si and SiC the degradation is enhanced on p-type crystals and in 
water-containing oxides, which points towards a common mechanism. 

2.6 Injection-Induced SiC/Si02 Interface State Generation 

Injection of mobile charge carriers (electrons and holes) in oxides grown on 
SiC may be more efficient than the hot-electron injection in Si/Si02 struc- 
tures for two reasons. First, the electric fields in SiC based devices are much 
higher than in silicon based ones [1, 83]. Second, electrons with an energy of 
about 3 eV, which is sufficient for injection into the oxide, will have a large 
mean free path with respect to electron-electron scattering because the SiC 
band gap width is larger than the SiC/Si02 interface barrier height. The 
presence of high-energy electrons in SiC is affirmed by efficient field emission 
of electrons from SiC p-n junctions into vacuum [84]. Moreover, as the de- 
vice operation temperature increases, the effective interfacial barrier becomes 
lower [83, 85] leading to a further increase of the electron emission rate. 

It has been reported previously that injection of electrons into the ox- 
ides grown on SiC results in the generation of interface states [11, 12, 56, 86]. 
Noteworthy here is that the charge trapping in the oxide itself remains similar 
to that in the Si02 layers grown on Si indicating a predominantly interface- 
controlled degradation mechanism. The electron injection results in the gen- 
eration of both donors and acceptors, which leads to a net positive charge 
in p-type and to a negative charge in n-type samples. The kinetics of the 
interface state trapped charge are compared in Fig. 4 for three SiC polytypes 
(477, 677, 3C). They reveal two important features: 

- the density of interfacial acceptors may be considerably higher than that 
of donors; 

- there is a strong influence of the SiC polytype on the degradation pro- 
cess: 477-SiC samples show much more defects than 677- or 3C-SiC MOS 
structures. 
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Fig. 4. Density of charge trapped at the interface derived from the hysteresis of 
C-V curves as a function of the injected electron flux in p- {open symbols) and n- 
type {filled symbols) SiC MOS structures with approx. 100 nm thick oxides grown 
on AH- {circles), 6H- {squares) and 3C-SiC {triangles) 



In addition, the generation of SiC/Si02 interface acceptors appears to be cor- 
related with the presence of C at the interface [11], suggesting (trans) formation 
of C-related defects during charge injection into the oxide. 

Injection of holes into the oxide results in a further acceleration of 
SiC/Si02 interface state generation [12, 86]. In addition, the injected holes 
generate a positive charge related to their trapping in the oxide itself [87], 
which, however, shows no immediate correlation with the generation of in- 
terface traps [12]. Moreover, pre-injection of holes into the oxide is found to 
accelerate the interface state generation during subsequent electron injection. 
A possible explanation of these effects includes the interaction of holes with 
hydrogen-terminated bonds at the SiC/Si02 interface or generation of de- 
fects by atomic hydrogen released during the charge injection into the oxide. 
Involvement of hydrogen is suggested by the close values of the SiC/Si02 
interface state generation cross section and that of electron capture by H- 
containing defects in Si02 [78]. 

The SiC MOS degradation caused by injection of electrons and holes is not 
only significantly enhanced as compared to Si MOS samples but also results 
in defects more stable than Si/Si02 interface states [11, 86]. This is shown 
in Fig. 5 which demonstrates the effect of an anneal in vacuum on injection- 
degraded 6H- and 4i7-SiC/Si02 interfaces. Also shown is the effect of a 30 
min annealing at 400° C in pure H 2 , exhibiting some impact. These results 
indicate that an efficient inactivation/elimination of the defects at 400° C 
cannot be reached neither in vacuum nor in hydrogen. This suggests that 
the generated states may be related to some stable bonding configurations 
of interfacial atoms and thus explain the enhanced Si 02 /SiC interface state 
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Fig. 5. Fraction of interface states in p- (o) and n-type (•) 4iT-SiC and n-type 
6-ff-SiC (□) MOS structures remaining at the interfaces (degraded by injection of 
10^^ e/cm^) after 30 min annealing in vacuum at the indicated temperature. The 
arrows indicate the effect of 30 min anneal in pure H 2 at 400° C 



density observed when using electron-beam evaporation or sputtering of a 
metal [33] . Clearly, generation of such stable defects poses a serious threat to 
the device reliability. 



3 Origin and Models of SiC/Si02 Interface States 

3.1 Interface States in the Model System: (lll)Si/Si02 

In order to understand to what extent the above described SiC/Si02 inter- 
face state spectrum can be associated with contributions of already known 
defects, it is useful to compare it with the Da distributions observed at the 
well studied (lll)Si/Si02 interface which is structurally isomorphic to the 
oxidized (0001) surface (Si-face) of hexagonal SiC. Three atomically different 
types of interface states have been isolated so far in thermal (lll)Si/Si02: 
First, electron spin resonance (ESR) spectroscopy revealed the presence 
at the (lll)Si/Si02 interface of unpaired electrons in the unsaturated sp^- 
hybridized orbitals of the surface Si atoms (so-called Pb centers) [88, 89]. 
These defects, commonly referred as “dangling bonds” at the interface, pro- 
vide a dominant contribution to the Pit in the form of two characteristic 
peaks corresponding to (+/0) and (0/~) transitions of the amphoteric Pb 
centers [90]. The two Da peaks, about 0.2-0. 3 eV width at half height, are po- 
sitioned approximately symmetrically with respect to the Si band gap edges 
and are split by 0.4-0. 5 eV. The density of Pb centers per unit interface 
area is in the range of 10^^ cm“^, with the “natural” density observed upon 
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standard thermal oxidation as « 5 x 10^^ cm“^ [91]. It can be enhanced 
by post-oxidation annealing in an 0-free ambient at T > 640°C [92]. An- 
nealing in hydrogen further enhances the Ph density up to values as high as 
~ 3x 10^^ cm“^ for T > 800°C [93]. The low-temperature oxidation of (lll)Si 
leads to higher Pb densities as compared to their “natural” number [94] un- 
derlining that PbS represent imperfections related to the structural mismatch 
between Si and Si02 [91]. 

The important property of Pb centers consists in their interaction with 
hydrogen, often referred to as the passivation phenomenon [95]-[97]. It con- 
sists in saturation of the “dangling bond” with a H atom leading to elim- 
ination of the Pb-related Pit peaks from the silicon band gap and results 
in a structureless background interface state spectrum of Pit in the range 
of 10^° cm“^ eV“^. In this way the post-oxidation hydrogen passivation al- 
lows to reach the device-grade oxide/semiconductor interface. The reverse 
process, depassivation, may occur if the interface is treated thermally in a Id- 
free ambient at T > 500°C [96], or is exposed to electrical stressing [98, 99], 
ionizing radiation [100] or even to atomic H [101]. In this case, the resulting 
Pit distribution shows the same characteristic two-peak structure as outlined 
above. 

Second, there are acceptor-type interface states energetically located 
slightly above the Si conduction band edge as revealed by photon-stimulated 
electron tunneling (PST) [102, 103]. These states are observed universally 
in oxidized Si and SiC, suggesting their relationship to an intrinsic oxide 
defect [103]. Their energy levels determined from both PST and photoioniza- 
tion experiments appears to be at 2.8 eV below the Si02 conduction band 
bottom [103, 104], i.e., at « 0.35 eV above the Si conduction band edge 
for zero electric field at the interface. As no ESR signal, which might allow 
atomic identification of these states, is yet detected from the 2.8 eV defect, its 
structure remains unknown. The enhanced density of the 2.8 eV deep centers 
observed in Si-rich buried [105] and deposited Si02 layers [104] suggests their 
possible relationship to some form of excess silicon. As a close energy level is 
observed for an electron (3.1 eV below the Si02 conduction band edge) in the 
H-terminated O- vacancy in Si02 [106], some configuration of Si-H bonding 
seems to be a feasible candidate for the 2.8 eV states. As an alternative one 
might consider other diamagnetic forms of excess Si in Si02 like the two-fold 
coordinated Si atom [107] or the Si-Si link in the oxide near its interface with 
Si [108]. 

In contrast to the Pb centers and the 2.8-eV defects, which are present al- 
ready in the as-oxidized Si/Si02, the third type of the defects is reproducibly 
observed only after degrading action, like hot-carrier stressing or irradia- 
tion [109, 110]. It represents a broad peak centered at 0.25 eV above the sili- 
con mid gap point, which corresponds to the 0/-I- transition of these interface 
donors with the areal defect densities reaching 10^^ cm“^ eV“^ [111, 112]. 
No corresponding acceptor-type peak is observed in the lower part of the 
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Si band gap. The origin of these degradation induced donor states can by 
traced down to incorporation of some hydrogen-related species near the in- 
terface [112, 113]. As the exposure of Si/Si02 to atomic hydrogen appears to 
be sufficient to produce these defects [111], some bonded state of H is sus- 
pected to be at its atomic core. Experimental arguments favoring bonding 
of H to the lone-pair electrons of a bridging O atom in Si02 , possibly under 
strain, have been presented [113, 114] but solid proof for this model is not 
available yet. These H-induced donors anneal slowly already at room temper- 
ature [112], which may explain the complex picture of Da re-distribution after 
electrical stressing or irradiation [115], while their generation is completely 
suppressed for T > 150°C. 

Hydrogen is also capable of generating thermally stable positively charged 
states. For instance, it can be trapped in Si02 when incorporated in form of a 
proton directly implanted into Si 02 [116] or, else, split from an 03 =Si-H frag- 
ment, leaving a neutral ESR-active 03 =Si* defect (E'-center) behind [117]. 
In both cases, the positive charge is related to proton trapping and appears 
to be stable up to at least 180°C with an activation energy for annealing 
out of ~ 1.7 eV [77]. Even more stable positive centers were reported after 
annealing of (lll)Si/Si02 in H 2 at T > 500°C [60, 118]. The binding energy 
of the proton in this configuration exceeds 2 eV [60] which is close to that of 
the bond of H with a surface Si atom [96, 97]. All together, the observations 
of different H-induced positive charges at the (lll)Si/Si02 interface indicate 
that H’^ can be trapped by a variety of network sites of Si 02 yielding donor 
states with different binding energies and with different 0/-I- transition ener- 
gies. Depending on the energy position of the re-charging level with respect 




Fig. 6. Scheme of identified contributions to the (lll)Si/Si02 Du: amphoteric 
Ph centers, acceptor-type 2.8-eV states related to the oxygen-deficiency centers in 
oxide and hydrogen-related interface donor states. The band gap edges position 
is shown for both Si and 4i7-SiC with the zero of energy scale placed at the SiC 
valence band top 
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to the conduction band edge of the semiconductor substrate, one can observe 
the trapped H either as a donor-type interface state or, if the level lies well 
above the Si conduction band edge, as a fixed positive charge. 

Obviously, one can find other components of the Si/Si02 interface state 
spectrum [119] but their identification remains, at best, tentative. Only the 
three above discussed kinds of interface states have been solidly attributed to 
certain atomic configurations. Their contributions to the energy distribution 
of (lll)Si/Si02 interface states are illustrated in Fig. 6. To give an impression 
regarding the possible effect of these imperfections on of the SiC/Si02 
interface, the Si band gap is positioned within the 4iJ-SiC one according to 
the measured barrier heights [63]. 

3.2 Dangling Bonds as SiC/Si02 Interface States? 

On the basis of the structural similarities between the (lll)Si/Si02 and 
(0001)SiC/Si02 interface one could speculate that in both cases Fb-like dan- 
gling bond centers will provide the dominant contribution to Du. Though it 
has been many times repeated in the literature, it should be realized that 
validation of such hypothesis will require an experimental backing equally 
solid as in the case of (lll)Si02. As indicated in the previous section, P\, 
centers (dangling Si bonds) in standard (lll)Si/Si02 can be distinguished 
from other contributions to £>it on the basis of three features: 

- Observation of an ESR signal typical for dangling bonds of Si or C surface 
atoms, with an areal density of unpaired electrons corresponding to that 
of interface states; 

- An amphoteric electrical behavior with a peak-type distribution. The 
latter is suggestive for a defect geometry well defined by the crystalline 
substrate; 

- A passivation-depassivation behavior with respect to hydrogen. 

When looking at the available ESR data on SiC/Si02 interfaces, two 
types of dangling bond centers can be distinguished: First, there is a nearly 
isotropic (with respect to magnet angle) signal g = 2.0027-2.0030 ob- 
served both in cubic and hexagonal SiC [87, 120] of properties similar to the 
ESR spectrum stemming from unpaired electrons in a-C:H [121]-[123] or in 
irradiated diamond [124]. Accordingly, it is ascribed to the dangling bond of 
a carbon atom, possibly in an amorphous surrounding [87]. At least in 3C- 
SiC, the density of these centers is in the range of the low 10^^ cm“^, which 
agrees with the integral of the distribution (cf. Fig. 1). Second, there are 
two recent reports on anisotropic ESR lines in the p-type 4iJ-SiC/Si02 [125] 
and in the nano-porous oxidized n-type 677-SiC [126]. Both centers show the 
same symmetry as the Pb center, but their spectroscopic parameters are 
reported to be significantly different. Also, it remains unclear where these 
centers are located: For instance, the use of double side polished 4iJ-SiC 
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substrates with (0001) surface orientation (Si-face) [125] automatically im- 
plies that the backside represents an inequivalent C-face. In absence of clear 
etch-off experiment data, one cannot conclude from what face the signal in 
the oxidized SiC does originate. Nevertheless, this summary of the ESR data 
clearly shows that dangling bond centers, probably of several types, can be 
present in the SiC/Si02- The point now is to evaluate their contribution 
to At- 

When looking at the Hit distributions shown in Fig. 1, one may notice 
that they are generally asymmetric, with a higher density of donor states in 
the lower part of the SiC band gap than that of acceptor states in the upper 
part. Moreover as already mentioned, the technologically induced variations 
in the density of the SiC/Si02 donors and acceptors are generally not cor- 
related, which must be the case, though, should they stem from the same 
amphoteric defect. It may be added that featureless At spectra reported in 
the literature indicate that there is no peak-type Du distribution typical for 
dangling bond defects in registry with a rigid semiconductor crystal. There- 
fore, it was concluded that the A-type dangling bond centers cannot account 
for the observed At at SiC/Si02 interfaces [8, 62, 127]. 

The impact of hydrogen annealing on H;t in as-oxidized SiC/Si02 struc- 
tures has been discussed in Sect. 2.4. It also suggests a qualitatively different 
passivation behavior of traps at Si/Si02 and SiC/Si02 interfaces, which is 
inconsistent with the dominance of defects of the same type. The remarkable 
thermal stability of SiC/Si02 interface states indicates a high energy barrier 
for their annealing or passivation. The latter suggests that either the domi- 
nant contributions to at the SiC/Si 02 interface are provided by defects 
related to saturated atomic configurations or, else, there may be a strong 
atomic relaxation in the fragments containing an unpaired electron. In any 
case, these states cannot be described with the concept of a “dangling bond” 
as the latter would require from the defect atom to preserve largely the same 
orbital hybridization as the “normally-bonded” atoms at the interface. 

However, there is a component of the SiC/Si02 interface state spectrum, 
which has properties closely resembling those of the Pb-type centers. Namely, 
the traps generated upon electron/hole injection or irradiation in MOS struc- 
tures fabricated on hexagonal SiC polytypes exhibit a portion of deep inter- 
face states with nearly the same density of interface donors in p-type and 
acceptors in n-type SiC (cf. Fig. 4 in [12]). Moreover, there is a clear impact 
of hydrogen on the annealing of injection-induced traps (as shown in Fig. 5) 
observed in the same temperature range as for dangling bonds in Si/Si 02 
(« 400°C). Finally, the energy distribution of these defects in the lower part 
of the SiC band gap has a peak-type form as can be evaluated from the differ- 
ences observed in Du between irradiated and subsequently annealed p-type 
6H- and 4iJ-SiC MOS structures (cf. Figs. 8, 10 and 12 in [33]). It is likely 
then that the dangling bond defects are present at SiC/Si02 interfaces but 
they are well passivated during capacitor processing and give no immediate 
contribution to the measured At- 




Contributions to the Density of Interface States 357 



3.3 Oxide-Related Traps 

The wider band gap of SiC than that of Si may entail some oxide defects, 
which do not act as interface traps in Si/Si02, to behave as SiC/Si02 inter- 
face states. This might happen if their energy levels enter the energy range 
corresponding to the semiconductor band gap. Using the barriers determined 
at the interfaces between Si and SiC with Si02 [63, 128] one can point at two 
energy ranges of interest. 

First, the traps with levels close to (or slightly above) the conduction 
band edge of Si may contribute to Du at the 6i?-SiC/Si02 and, particularly, 
4if-SiC/Si02 interfaces. As already discussed in Sect. 3.1, there are acceptor 
type electron states at 2.8 eV below the Si02 conduction band edge, which 
are observed by photon-stimulated electron tunneling in the oxides both on Si 
and SiC [103]. This led to the hypothesis [8], supported by later experimental 
results [25] that high values near the SiC conduction band edge in 4if-SiC 
MOS structures may be caused by intrinsic oxide defects. The major features 
observed of the shallow SiC/Si02 interface states are consistent with this 
model. Among others it qualitatively explains the observed reduction with 
increasing conduction band offset at the interface, i.e., in the SiC polytype 
row AH — > QH — > 15i? ^ 3C. The considerable density of slow traps and 
the energy spread of defect states in this spectral range also indicate that 
they may be located at some distance from the SiC crystal, i.e., in the oxide 
layer. Finally, the high thermal stability of these defects is consistent with 
the observed one of acceptor-type traps in SiC/Si 02 . 

Second, addressing the donor-type traps in the lower part of the SiC 
bandgap (cf. Fig. 1), one might recall several theoretical works which place 
in this energy range the levels corresponding to the 0/-I- transition for O- 
vacancy related centers [129, 130]. ESR performed in 3C-SiC/Si02 clearly 
shows that the A'-centers ( 03 =Si* entity in Si 02 , where the dot symbol- 
izes an unpaired electron) originating from 0-deficiency centers in Si 02 , are 
present in the oxide. Therefore, one could expect a contribution of oxygen va- 
cancies to Hit at the SiC/Si02 interface in the lower part of the SiC bandgap. 
However, annealing in 0-free ambient which is known to introduce oxygen 
deficiency centers, including the A'-center precursors, appears not to sig- 
nificantly degrade SiC/oxide Hit. Rather, an improvement of the interface 
properties is often reported [56]. These results suggest that through intrinsic 
Si02 defects could partly contribute to Da in the lower part of the SiC band 
gap, but they are unlikely to be dominant. 



3.4 Hydrogen-Related States 

Analysis of hydrogen-related interface states and charges near the Si/Si02 
interface (cf. Sect. 3.1) strongly suggests that their electrical appearance is 
determined by trapping of atomic H or protons in the oxide and their subse- 
quent electronic exchange with the semiconductor substrate. Assuming that 
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the structure is similar for the oxides grown on Si and SiC in the same tem- 
perature range, one might expect that trapping of hydrogen, well established 
in Si/Si02 structures, will also occur in the SiC/Si02 structures. Indeed, all 
the H-related charge states discussed in Sect. 3.1 for Si/Si02 are also observed 
in SiC MOS structures. This concerns: 

- H-related donor states observed after charge injection into the oxide [87]; 

- positive charges caused by injected holes [87] or protons in Si02 [77]; 

- positive charge related to bias-temperature stressing of MOS capaci- 
tors [79]; 

- fixed positive charges observed in Si/Si02 and SiC/Si02 entities after 
high temperature annealing in hydrogen [60]. 

There are, however, differences in the electrical and annealing behavior of 
the H-induced interface donor states related to the different energy position 
of the band gap edges in Si and SiC relative the interface trap level(s) [87]: 
These states are generated in significantly different densities in SiC MOS 
capacitors of different semiconductor conductivity type. Their annealing be- 
havior (determined by trapping of an electron from the substrate [113]) is 
strongly sensitive to the SiC polytype. Similar poly type-related peculiarities 
associated with the difference in energy of the SiC conduction band edge 
are also observed in the density of fixed positive charge observed after high- 
temperature annealing in hydrogen [60]. Nevertheless, we may conclude that 
the general picture of H-induced SiC/Si02 interface states shows strong re- 
semblance to Si/Si02 defects of the same origin. 

3.5 Carbon Cluster Model of SiC/Si02 Interface States 

The enhanced SiC/Si02 may not only be related to the contribution of 
states known from Si/Si 02 studies but may also result from the involvement 
of new, SiC-specific factors. For instance, as already indicated, even within 
the energy range corresponding to the Si band gap, the SiC/Si02 interface 
exhibits a much enhanced Du (cf. Fig. 1). On the basis of the observed trend 
of an enhanced interface state density on faces of SiC with a larger density of 
C atoms [8, 63], and significant reduction of Djt by anti-carbon pre-oxidation 
processing [131], a relationship between the elemental carbon content and 
At of the SiC/Si02 interface was suggested [8, 63, 132]. Additionally, it 
appears that the energy levels of donor-type SiC/Si02 interface states in the 
lower part of the SiC bandgap are the same as those of the upper valence 
states in wide-bandgap hydrogenated amorphous carbon (a-C:H) [8, 63, 123] 
suggesting that both originate from the same electron states. In a-C:H, the 
filled upper states are related to 7r-orbitals in sp^-bonded clusters imbedded 
in a matrix of predominantly sp^-bonded carbon of wide band gap [133]- 
[136]. Therefore, the sp^-bonded C clusters at the interface between SiC and 
Si 02 were suggested to represent an important source of interface traps [8, 
9, 57, 132, 137]. 
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Since then numerous experimental results appeared in the literature 
demonstrating clustering of elemental carbon at thermally grown SiC/Si 02 
interfaces and its relationship to the interface state density. Among them, we 
may mention 

- Observation of excess carbon at the 6i/-SiC/Si02 interfaces using an- 
gle resolved X-ray photoelectron spectroscopy and its correlation with 
At [138]; 

- Atomic-force microscopy observations of C-related particles after removal 
of the thermal oxide from SiC [58, 139]; 

- Observation by transmission electron microscopy /energy loss spectroscopy 
of carbon particles at the SiC/Si02 interfaces [140]; 

- ESR observations of paramagnetic centers related to dangling bonds of C 
atoms in a surrounding similar to that in amorphous carbon [87, 120]. 

The potential contribution of sp^-bonded carbon clusters to Hjt of the 
SiC/Si02 interface can be evaluated using IPE results at the energy position 
of the filled and empty states relative to the Si 02 conduction band edge at 
SiC/Si02 and a-C:H/Si02 interfaces [8]. The small clusters, which have a 
large band gap width of about 3 eV, will have the top filled rr-states located 
at 4.6 eV below the Si02 conduction band, i.e. at 1.4 eV above the valence 
band of SiC as shown in Fig. 7. When emitting electrons into p-type SiC, 
these states will become positively charged. In communication with n-type 
SiC, they will retain neutrality because the conduction band of C cluster lies 
well above the conduction band of any of the SiC polytypes. This donor- type 
behavior and the inferred of -I-/0 transition energy are in agreement with the 
properties of donor states observed at SiC/Si02 interfaces (cf. Fig. 1). 

Large clusters, in which a graphite-like electron state spectrum is devel- 
oped, will provide a continuous spectrum. The graphite Fermi level lies 




Fig. 7. Scheme of SiC-specific contributions to the SiC/Si02 interface state density: 
TT-bonded carbon clusters, small and large (graphite-like), and inclusions of the 
narrow-band gap 3C-SiC polytype. The energy scale origin is taken at the upper 
SiC valence band edge 
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energetically at 3.6 eV below the Si 02 conduction band edge [123], i.e. 2.4 eV 
above the upper SiC valence band edge. The latter means that in the n-type 
samples of all SiC polytypes, except of 3(7-810, these clusters will trap an 
electron yielding a negative charge (cf. Fig. 7). Particularly for 4i7-SiC, the 
small TT-TT* splitting (« 1 eV) observed in the narrow band gap a-C:H layers 
[123] may give rise to a high Hit near the conduction band. Thus, the contri- 
bution of large C clusters is capable of explaining the acceptor-type SiC/Si 02 
Hit in the upper part of the SiC band gap. 

It is easy to see from Fig. 7 that combination of contributions to Hit 
originating from the small and large carbon clusters allows one to repro- 
duce the experimentally observed Hit shown in Fig. 1. At the same time, 
the known stability of 7r-bonded carbon compounds against oxidation, inter- 
action with hydrogen, and thermal decomposition may explain the experi- 
mentally observed remarkable resistance of SiC/Si02 interface traps against 
post-oxidation processing. 

The formation of elemental C clusters during oxidation of SiC may be 
explained by the oxidation-induced disordering of the semiconductor surface 
(the “boiling layer” model [141]). Recently, ion scattering studies revealed 
signs of such disordering in the oxidized 4i7-SiC [142] suggesting the possi- 
bility of replacing Si atoms in the SiC bi-layer by carbons [143]. This auto- 
matically yields an elemental C-cluster, which, taking into account the pos- 
sibility of asymmetric relaxation in the formed C 4 tetrahedrons, can create 
sp^-bonded fragments of carbon atom chains. Further growth of the cluster is 
possible due to a continuous supply of carbon from the SiC substrate during 
the oxide growth. Therefore, one might expect that increasing the initial C 
concentration (which determines the density of the carbon nucleation sites) 
and the duration of oxidation will result in a higher Hit • Indeed, well in line 
with this, there are indications of reduced elemental C content [144] and im- 
proved electrical properties [145] in SiC/Si 02 structures with thin thermal 
oxides. 

3.6 Other SiC-Specific Contributions to Hit 

In addition to the formation of elemental carbon, the supply of C from SiC 
crystals may potentially lead to an enhanced density of oxide defects. For 
instance, carbon has been shown to promote Si 02 reduction resulting in the 
generation of oxygen deficiency related oxide traps [146, 147]. However, there 
is, to our knowledge, no solid proof so far that the oxides thermally grown 
on SiC are more defective than those grown on Si. The ESR analysis of de- 
fects in the oxide grown on SiC shows that the density of H'-centers ( 03 =Si* 
entity in Si 02 ) is comparable to that found in Si/Si 02 structures [87]. Also 
other impurities from SiC crystals could potentially be incorporated into the 
oxide and/or to the interface and result in a degradation of their electrical 
properties. Though one cannot exclude this possibility a priori, the impurity 
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mechanism cannot explain the differences observed between Da values mea- 
sured for different SiC polytypes (cf. Fig. 1). Therefore, the effect of oxide 
contamination is unlikely to dominate the interface trap generation. 

What could appear to be a more feasible model for the interface state gen- 
eration, is an oxidation-induced polytype transformation in SiC. It has been 
observed recently that 4iJ-SiC is partially transformed into 3C-SiC upon 
thermal oxidation [148]. Taking into account that SC-SiC has a band gap 
width of approx. « 1 eV smaller than the “host” 4i/-SiC and approximately 
the same energy position of the valence band edge [63] , such transformation 
would lead to an interface state spectrum with continuous Hit down to 1 eV 
below the 4i7-SiC conduction band edge as indicated in Fig. 7. Indeed a high 
density of 477-SiC/Si02 interface traps is seen to be distributed in the energy 
range between the conduction band edges of 4i7- and 3C'-SiC as shown in 
Fig. 1. No such effect is seen in 6i7-SiC MOS structures, which are not prone 
to the polytype transition. Worth to notice here is that the interface states 
related to 3C-SiC inclusions lead to hopping-type electron transport near AH- 
SiC/Si02 interfaces [149], which would agree with experimentally observed 
thermally activated electron transport in the surface channel of AH-SiC MOS 
transistors [51]. However, there are several problems in assigning the high 
near the conduction band edge of AH-SiC to inclusions of 3C-SiC. First, the 
IPE suggests that no measurable decrease in the 477-SiC volume fraction is 
observed upon oxidation at temperature as high as 1300°C [64], while the 
effect observed in [148] may be due to the extremely high concentration of 
nitrogen dopants in the studied epilayers. Second, 3C'-SiC related states are 
physically located inside the semiconductor and thus must represent fast in- 
terface states. These would be unable to retain electrons after trapping them 
at 77 K, as observed experimentally. Therefore, it seems unlikely that the 
4iJ— >3C transition can significantly contribute to the interface trap genera- 
tion. 

The continuum of shallow interface states and, related to this, the ob- 
served thermal activation of electron transport, were also ascribed to a struc- 
tural disorder at the SiC/Si02 interfaces [150]. Though the structural analysis 
of SiC/Si02 suggests the possibility of such a disorder [142], this hypothesis 
is hardly capable of explaining the differences observed between the Da of 
different polytypes of SiC (Fig. 1) because the degree of disorder must be 
nearly polytype-insensitive. Would one consider disorder as a perturbation 
to the SiC periodic crystal potential, a comparable tail-like Da should tail 
off from the conduction and valence band edges down the gap in all the poly- 
types, which is not the case. Rather, the disorder may be treated in terms 
of structural defects both in SiC and Si02 or “normally absent” chemical 
bonds like C-C ones in a carbon cluster. In this case the impact of disorder 
on the Hit spectrum will be an increased contribution of one of the discussed 
imperfections. 
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4 Alternative Insulators on SiC 

The problems associated with Si02-based gate insulation for SiC, including 
a high interface state density and insufficient stability of the oxide’s electrical 
properties at elevated temperatures and in high electric fields, has inspired 
researchers to evaluate the possibility of the application of other insulators. 
Several attempts were made to use Al-based insulating materials, like AIN 
and AI2O3, as a replacement for Si02 [13]-[16],[151]. It appears, however, 
that they provide no substantial improvements as compared to silicon diox- 
ide, and suffer both from the high interface state density and substantial 
leakage current. The latter suggests that the deposited Al nitride and Al ox- 
ide films cannot provide an interface energy barrier sufficiently high to block 
electron/hole injection because both of them have a band gap width only 
slightly exceeding 6 eV [152]-[154]. 

Substantial technological developments related to the perspectives of 
metal oxide applications in Si MOS electronics [18] has made possible the 
well controlled growth of other metal oxides on semiconductor substrates. 
Using the experimentally determined band gap values and barrier heights for 
electrons/holes at the interfaces of different insulators with silicon [154]-[159], 
the expected band offsets between these insulating oxides and SiC polytypes 
can be calculated, if assuming the absence of substantial interface dipoles [17] . 
The results are listed in Table 1 both for the “classical” Si02 and three metal 
oxides: AI2O3, Zr02 and Hf02. It is immediately clear that all the alternative 
insulating materials have greatly reduced valence band offsets at the inter- 
faces with SiC as compared to Si02. This means that the barrier height for 
hole emission from SiC is low and, under negative bias conditions, large leak- 



Table 1. Conduction and valence band offsets AEc and AEy, at the interfaces of 
Si and SiC with different insulators 



Insulator 
Ag (eV) 
Semi- 
conductor 


Si02 

8.9 

A£^c / A£/v 
[eV] 


AI 2 O 3 

6.2 

AEc / AEy 
[eV] 


Zr02 

5.4 

AEc / AEy 
[eV] 


Hf02 
5. 6/5. 9 

AEc / AEy 
[eV] 


Si 


3. 1/4.7 


2.1/3.0 


2. 0/2. 3 


2. 0/2. 5 


SC-SiC 


3. 6/2. 9 


2. 6/1. 2 


2.5/0.5 


2.5/0.7 


15A-SiC 


3. 0/2. 9 


2. 0/1. 2 


1.9/0.5 


1.9/0.7 


677-SiC 


2.95/2.9 


1.95/1.2 


1.85/0.5 


1.85/0.7 


477-SiC 


2. 7/2. 9 


1. 7/1.2 


1.6/0.5 


1.6/0.7 



^ Bold numbers indicate experimental band gap and band offset va- 
lues determined by internal electron photoemission spectroscopy 
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Fig. 8. Energy band diagram of the 4_ff-SiC/Hf02 (a) and 4/f-SiC/Si02/Hf02 (b) 
interfaces inferred from IPE experiments on the SiC/Si02, Si/Si02, and Si/Hf02 
interfaces. The zero of the energy scale is taken at the upper silicon carbide valence 
band edge 



age currents will be observed in the MOS capacitors explaining the above 
mentioned literature results. 

A possible solution of the problems related to the low valence band offset 
consists of the insertion of a thin layer of the classical wide-band gap insulator 
Si02 between SiC and the metal oxide [17] as depicted in Fig. 8. This would 
result in a significant suppression of the hole tunneling rate, both because 
of the enhanced SiC/Si02 barrier height [128] and the high effective mass of 
holes in Si02 [160]. One may also expect an improvement of the SiC/insulator 
interface properties because, as already mentioned, ultrathin native oxides on 
SiC do exhibit superior electrical properties as compared to thicker ones [17]. 
At the same time, it is experimentally observed that the interface barrier 
height corresponding to Si02 is maintained in oxides as thin as « 1 nm [155], 
which would make it sufficient to (pre)grow only a few nm of Si02 on SiC. 

This approach to insulator formation on SiC has been tested recently using 
Hf02 deposition at 400°C from the nitrato precursor Hf(N 03)4 [161]. The 
latter was chosen because it contains no carbon which might degrade the 
interface quality. Moreover, there is no hydrogen-containing species which 
could damage the thin Si02 interlayer [162] grown on SiC prior to the Hf02 
deposition. The successful suppression of hole injection into the insulator is 
revealed by current- voltage curves as shown in Fig. 9 for (0001)4i7-SiC/3 nm 
SiO2/20 nm Hf02/Au MOS capacitors without and with high-temperature 
post-deposition anneal. It is seen that despite of the large difference in barrier 
heights for electrons and holes at the SiC/Hf02 interface (cf. Fig. 8a) no 
enhanced hole injection is observed in SiC-based MOS capacitors with Si02 
interlayer. By contrast, large leakage currents are observed in the structures 
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VOLTAGE (V) 

Fig. 9. Current-voltage curves of n- and p-type 4T/-S1C MOS capacitors with an 
insulating stack of 3 nm Si02 and 20 nm Hf02 without (o) and with (•) a 10 min 
post-deposition anneal at 800°C in 5% O 2 + N 2 



with Hf02 insulator deposited immediately on the clean SiC surface (curves 
not shown). 

The benign effect of incorporating a thin Si02 interlayer is further sup- 
ported by the C-V analysis of SiC/insulator interface properties. In Fig. 10 
the C-V curves for both n- and p-type samples obtained by depositing 20 nm 
Hf02 onto differently prepared (0001)4iJ-SiC surfaces are compared. In the 
first case (solid lines), the oxide was deposited onto a clean SiC surface, 
where the by-products of Hf precursor decomposition (NO, NO 2 ) are allowed 
to oxidize it at the temperature of deposition (400°C). In the case of a Si sub- 
strate, such a procedure yields a 1.5-2 nm thick silicon oxynitride layer [163]. 
It is seen that in the case of SiC the interface appears to be highly defective 
with a large density of charges present both in n- and p-type samples and 
a high density of leakage current. In the second case {C-V curves shown by 
dashed lines), prior to the Hf02 deposition, the SiC surface was oxidized at 
room temperature by exposure to UV radiation and ozone [131]. This oxi- 
dation at low temperature is also seen to result in poor interface properties. 
Only in the case of high temperature (1000°C) oxidation, a high quality in- 
terface is attained as indicated by the dotted C-V curves. Remarkable is 
the 3 V difference in the fiat band voltages measured between the n- and 
p-type MOS capacitor; it corresponds to an interface state density in the 
range of 10^^ cm“^ eV“^, suggesting improved electrical properties of the 
4iJ-SiC/Si02 interface as compared to the thicker (50-100 nm) oxides (cf. 
Fig. 1). Comparison between low-temperature UV/ozone grown and ther- 
mally grown oxides on SiC indicates that only the last ones are capable of 
providing an interface with a semiconductor of acceptable electrical quality. 
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VOLTAGE (V) 

Fig. 10. 10 kHz C-V curves of 3 kinds of n- and p-type 4_ff-SiC MOS capacitors 
combining 20 nm thick Hf02 with three different types of Si dioxide interlayers: Si 
dioxide grown at 400°C in NO and N 2 O by-products during Hf02 deposition on 
a clean SiC surface {solid lines), oxide grown at room temperature by exposure to 
UV radiation and ozone {dashed lines), and 3 nm thick thermally grown at 1000°C 
Si02 {dotted lines). C-V traces are shown for both directions of the voltage sweep 



Therefore, the already discussed contributions to the SiC/Si02 interface state 
density are likely to remain important issues, even when attempting to apply 
an alternative insulating material to SiC. 



5 Conclusions 

The reviewed results on the properties of SiC/Si02 interface states allow 
identification of the most important contributions to the spectrum. In 
as-oxidized SiC/Si02, the interface state density is dominated by carbon- 
cluster related centers responsible both for the donor states in the lower part 
of the SiC band gap and for a continuum of states in the central part of the 
band gap. The acceptor-type defects in the upper part of the band gap in the 
case of hexagonal SiC polytypes are likely related to intrinsic oxide defects 
correlated with an 0-deficiency, but atomic identification is still lacking. The 
dominant contributions to the interface states observed after degradation of 
the SiC/Si02 interface can be associated with amphoteric dangling bond 
centers, H-related interface donor states and with the modification of C- 
cluster states. The latter may also be related to the impact of hydrogenic 
species on the SiC/Si02 interface. 

Any possible improvement of the properties of the SiC/Si02 interface 
must address all the indicated components of Da. Taking into account the 
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different origin of the observed imperfections, it is unlikely that one “magic” 
technological step will be sufficient to entirely resolve the problem, if such a 
recipe would exist at all. Rather, one may look for the combination of methods 
which permit simultaneous reduction of different groups of interface defects. 
Most promising approaches, partially discussed in the present work, include 
the combination of ultrathin thermal oxide on SiC with a deposited insulating 
layer of another type, nitridation of the interfacial oxide and optimal choice 
of the SiC polytype. In this way, one may hope to reach the desired SiC/Si02 
interface quality. 
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Properties of Nitrided Oxides on SiC 



S. Dimitrijev, H.B. Harrison, P. Tanner, K.Y. Cheong, and J. Han 



1 Introduction 

If there is a singular property of silicon that has contributed to its success 
as a semiconductor material, it is the native oxide, Si02- This oxide can be 
thermally grown to form an effective insulating layer as part of the gate in a 
metal-oxide-semiconductor field-effect transistor (MOSFET) structure. Sili- 
con Carbide also has the ability to grow a similar oxide, and when combined 
with the bulk properties of wide bandgap, high thermal conductivity and 
extremely low intrinsic free carrier concentration, will lead to an enormous 
number of applications. This means that as far as the gate oxide is concerned 
SiC can be processed in much the same way as Si, the exception being that 
the processing temperatures are generally higher. 

A major obstacle to the formation of a high quality oxide on SiC is the role 
that carbon plays during the oxide growth. Thermal oxidation in a wet or dry 
atmosphere results in residual carbon in the oxide layer and carbon clusters 
at the oxide-SiC interface. It has been found that oxidation or post oxidation 
annealing in a nitrogen-containing atmosphere has two beneficial effects ~ 
enhanced removal of carbon, and pasivation of silicon dangling bonds [1]. 
The most effective gases in achieving this effect have been nitric oxide (NO) 
and nitrous oxide (N 2 O). 

This chapter reviews the recent results on nitrided oxides on SiC. Ini- 
tially, the various growth techniques are reviewed and compared to show the 
steps that gave the best result. Then the properties deduced from physical 
characterization of nitrided oxides are discussed to reveal the way nitrogen 
is bonded in the oxide and at the interface. The role that nitrogen plays in 
the removal of carbon during oxidation is also examined. This is followed 
by a discussion of interface and near-interface traps measured by a range of 
electrical techniques. Finally, benefits of nitridation of gate oxides used to 
form MOSFET’s and charge storage devices are discussed. 

2 Growth of Nitrided Oxides 

The quality of oxides on SiC, and the beneficial effects on the near surface 
bulk properties, has been steadily improving as more is discovered about the 
growth kinetics and interface reactions. Early attempts to nitride the oxide 
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Table 1. Historical comparison of various nitridation techniques and their effects 
on electrical properties 



Process 


Effect on oxide quality 


References 


Annealing in N 2 O 


Deterioration of electrical 
properties 


[2, 3] 


Annealing in NO 
(thin oxides, no epi layer) 


Improvements in electrical 
properties 


[4, 5] 


Direct growth in N 2 O 


Improvement in electrical 
properties 


[6, 7] 


Direct growth in NO 


Shown as the best process 
in terms of interfacial 
properties and oxide reliability 


6H-SiC: [9] 
4H-SiC: [10] 


Diluted N 2 O 


Good oxide reliability; 
comparable to NO-grown 


[1] 


High-temperature growth 
in N 2 O (> 1200°C) 


Reduce interface states 
and increase MOSFET 
electron mobility 


[8] 


Jet vapour deposition 
(JVD) 


Reduced Dit in upper half 
of energy gap. Reduced sub- 
oxides and dangling bonds 
at interface 


[11] 


NO/O 2 /NO sandwich 
process 


MOSFETs with low field 
mobility = 48 cm^/Vs; 

Dit = 3 X 10^^ cm“^ eV“^; 
oxide breakdown = 9 MV/cm 


[13, 14] 


Nitrogen radical treat- 
ment 


Improved Held effect mobility 
in 4H- and 6H-SiC 


[12] 



by annealing in N 2 O were not very successful, resulting in a deterioration of 
electrical properties [2, 3]. However more recently, the use of NO and different 
N 2 O processes has produced a significant improvement in both the bulk oxide 
and oxide-SiC interface quality. Table 1 summarizes the historical evolution 
of the nitridation process. 

It was found by a number of research groups that annealing of dry oxides 
in NO reduces interface traps and improves oxide reliability, while similar 
annealing in N 2 O has a deleterious effect. These early results were performed 
on thin oxides on bulk SiC without epi-layers [4, 5]. On the other hand, direct 
growth of the oxide in N 2 O has proven beneficial as N 2 O breaks down into O 2 , 
N 2 and NO at the oxidation temperature [6, 7], particularly above 1200°C [8]. 
It has been proposed that in an N 2 O ambient, there exists two competing 
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Temperature (°C) 




Fig. 1. Arrhenius plots for linear oxide growth in NO and N 2 O and the extracted 
activation energies [1] 



processes: oxidation via O 2 producing carbon buildup and nitridation via NO 
assisting in carbon removal [1]. The optimum oxidation process appears to 
occur when the kinetics for carbon removal are just sufficient to keep pace 
with carbon generation which is linked to the oxidation rate. The best results 
on interface quality and oxide reliablility to date have been from direct oxide 
growth in NO, both for 6i?-SiC [9] and 4i7-SiC [10]. Due to the very slow 
growth rate of the oxide in NO (5 hours at 1175°C to grow 16 nm), there 
is sufficient time for the nitrogen to remove excess carbon. This slow growth 
rate and the toxic nature of 100% NO means the process may not be desirable 
for industrial use. If NO presence during the oxide growth is desirable, then 
the question is what minimum level is required for efficient nitridation of 
the interface and carbon removal. Fortunately, dilution of N 2 O in nitrogen to 
achieve the desired amount of NO has been found to produce good results [1]. 
Figure 1 compares the linear growth rate constants for oxide growth in 100% 
NO and N 2 O, with the calculated activation energies of 3.0 eV and 2.8 eV 
respectively. 

As well as conventional thermal oxide growth, a number of other meth- 
ods have provided workable gate oxides on SiC. Jet vapor deposition (JVD) 
of oxide-nitride-oxide stacks on an ultra-thin nitride produced improved in- 
terface properties and evidence of nitrogen at the interface and possible N-C 
bonding [11]. Interface state densities near the conduction band were reduced 
to below 10^^ cm“^ eV“^. In another case, dry oxides were exposed to nitro- 
gen radicals generated by remote plasma and the resulting MOSFETs showed 
improved channel mobility [12]. To overcome the low growth rate of oxide in 
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NO, the so-called “sandwich process” was used, consisting of an initial growth 
period in NO followed by the main growth in dry oxygen, and then completed 
with an NO anneal. This process produced a MOSFET low field electron mo- 
bility of 48 cm^/Vs, low interface state densities, and a dielectric breakdown 
field strength of 9 MV/cm [13, 14]. 



3 Physical Characterization 

With the vastly different growth kinetics of thermal oxides on SiC compared 
to Si, it is important to determine the amount of nitrogen and its distribution 
relative to the interface. In the Si case, Si=N bonds passivate the dangling Si 
bonds. Figure 2 compares the SIMS profiles of nitrogen and oxygen through 
the oxide-semiconductor interface of both Si and SiC samples nitrided in NO. 
The nitrogen distribution relative to the interface is exactly the same in both 
cases, but the percentage of N in SiC is greatly reduced [15]. 

The question then is how the nitrogen is bonded at the oxide-SiC interface. 
Figure 3 compares XPS spectra for Si 2p at the interface of argon and NO 
annealed dry oxides on 4i7-SiC samples [16]. The argon annealed sample has 
a broader and more complex peak than the NO annealed sample. A similar 
difference was also seen in the oxygen and carbon peaks. This indicates that 
NO annealing of the oxide creates a cleaner interface with less sub-oxides 




Fig. 2. Normalized SIMS profiles of oxygen {top) and nitrogen (bottom) in nitrided 
oxides on Si (symbols) and SiC (lines). The nitrogen peak shape and position are 
the same relative to the oxygen profiles [15] 
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Fig. 3. (a) Si 2p XPS spectrum at the NO annealed Si02/SiC interface, (b) Si 2p 
XPS spectrum at the Ar annealed Si02/SiC interface [16] 




Binding Energy (eV) 

Fig. 4. N Is XPS spectrum at the interface of NO annealed sample, N-1 is the 
spectrum for Si=N [16] 



compared to annealing in an inert gas such as argon. There is also evidence 
that Si=N bonding occurs at the interface in NO annealed oxides on SiC, as 
demonstrated in Fig. 4 which shows the N Is peak at 397.8 eV. This is very 
close to the energy of the Si=N bonding in silicon nitride. 

Another physical effect of nitridation is smoothing of the interface, as 
shown in the atomic force microscope images of Fig. 5. Removal of the dry 
oxide and nitrided oxide layers revealed a significantly smoother SiC surface 
in the nitrided case, with a mean square roughness of 0.1322 nm compared 
to 0.5778 nm for the dry oxide [14]. This is thought to be due to the more 
efficient carbon removal during oxide growth in the nitrided case and hence 
reduced formation of carbon clusters at the interface. 
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Fig. 5. AFM topography for (a) dry oxide and (b) nitrided oxide. The root-mean- 
square roughness are 0.5778 nm and 0.1322 nm, respectively 



4 Interface and Near-Interface Defects 

Having discussed the physical effects of nitridation on the oxide-SiC interface, 
we now look at the benefits to the electrical properties of the oxide and its 
interface with SiC. A major hurdle to be overcome in the development of a 
viable SiC MOSFET is the reduced channel mobility caused by high densities 
of interface and near-interface traps. As the different polytypes have differing 
energy gaps, the energy level of traps with respect to the energy gap means 
they are electrically active in some polytypes but not in others [17]. For 
instance, traps with energies just below the conduction band of 4iJ-SiC are 
not active in the case of 3C-SiC as they are placed above the conduction 
band edge, as shown in Fig. 6 [18]. 

Various studies have linked certain physical defects to the energy location 
of traps in the energy gap. Traps in the lower half of the energy gap are 
thought to be related to carbon compounds [19]. Near to the conduction band 
of 4iJ-SiC, high densities of predominantly near-interface traps are thought 
to be responsible for the poor inversion layer mobility in lateral MOSFETs 
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E^(4H) E^(3C) 



Fig. 6. Interface-trap density, Hit 
as a function of energy for identi- 
cally processed 3C (001)-/47/ (11- 
20)-SiC MOS capacitors [18] 



Fig. 7. Energy distribution of 
4_ff-SiC/Si02 interface states ob- 
tained from ac conductance mea- 
surements on samples with oxides 
grown at 1300° C in dry O 2 (•) or 
10% N 2 O (▼), and at 1175°C in 
NO (A) [20] 



Fig. 8. Shift of the flatband volt- 
age observed when lowering the 
temperature from 300 to 77 K in 
the n-type 4_ff-SiC MOS capaci- 
tors with « 20-nm thick oxides 
grown at 1300° C in dry O 2 (o) 
or in O 2 + 10% N 2 O (□), and at 
1175°C in NO (A) as a function 
of maximum accumulation elec- 
tric field strength. The Vfb val- 
ues were taken when sweeping the 
voltage from accumulation to de- 
pletion [20] 
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when standard wet and dry oxidation processes are used. Afanas’ev et al. 
studied NO and N 2 O nitrided oxides on 4i?-SiC and the effects on fast and 
slow interface traps [20]. They found that fast interface traps were reduced 
over the entire energy gap in both cases, due to removal of carbon clusters, 
as seen in Fig. 7. 

The major effect of NO-nitridation was seen to be the reduction in very 
slow traps in the oxide near the interface. Figure 8 shows this result as a 
shift in the ffatband voltage of a MOS capacitor after being held in strong 
accumulation [20]. 

This is in agreement with the results of a separate study using the slow 
trap profiling technique to measure traps with slow response times [21]. Fig- 
ure 9 compares wet and NO-nitrided oxides, with the wet oxide having a 
band of slow traps at around 0.2 eV below the 47J-SiC conduction band as 
evidenced by a broad, slow response peak at 0 V, while in the nitrided case 
these are not evident. 




gate voltage (V) 




DRY / NO 
total traps = 



gate voltage (v) 



Fig. 9. Slow Trap Profiles of (a) wet oxide and (b) NO-annealed dry oxide on 
477-SiC. The slow response peak around 0 V in (a) is due to near interface traps 
located at 0.2 eV below the conduction band edge [21] 
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5 Characteristics of MOS Devices 

Many studies have shown that nitrided gate oxides produce superior MOS- 
FET characteristics, such as lower on resistance as a consequence of improved 
channel mobility, higher gate breakdown voltages, and more practical thresh- 
old voltages. In the case of inversion-type MOSFETs on 4iJ-SiC, Das et al. 
showed that NO-nitridation resulted in a four fold decrease in both fixed 
oxide charge and interface traps in the nitrided oxide compared to a dry oxi- 
dation followed by a low temperature wet anneal, as seen in Fig. 10 [22]. The 
nitridation process produced a low field electron mobility of 28 cm^/Vs, was 
uniform across the wafer, independent of channel orientation in the c-plane, 
and only slightly reduced due to the presence of an ion implanted p-well. 

The output characteristic of a 4iJ-SiC enhancement mode n-channel 
MOSFET fabricated by Schorner et al. with a NO-nitrided gate oxide are 



in 




Fig. 10. Capacitance- Voltage measurements on (a) “Dry- Wet” MOSFET and (b) 
“NO” MOSFET showing the reduced interface charges and trapping due to the 
post-oxidation NO annealing [22] 
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Fig. 11. Output characteristic of a 4_ff-SiC enhancement mode n-channel MOSFET 
with a designed length of 5 |lm (substrate doping Na — No = 6 x 10^^ cm“®) [13] 




Fig. 12. (a) Transfer characteristics of the 4H-SiC enhancement-mode n-channel 
MOSFET and (b) the corresponding transconductance [13] 



shown in Fig. 11 [13]. The transfer characteristics appear in Fig. 12, and 
from this were extracted values for low field mobility of 48 cm^/Vs, and 
threshold voltage of 0.6 V [13]. 

Similar result was obtained by Chung at al. in a study of NO-annealing of 
various gate oxidation processes on 4iJ-SiC [23, 24]. The nitridation process 
resulted in an eight fold decrease in interface traps near the conduction band 
edge and a ten fold increase in field effect channel mobility to a value of 
35 cm^/Vs. Nitridation was also seen to produce a lower temperature depen- 
dence of the field effect mobility and a significantly reduced threshold voltage 
shift at higher temperatures. Another problem affecting the long term stabil- 
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ity of MOSFETs has been the barrier height lowering seen at the oxide-SiC 
interface. Yet it has been shown that NO annealed oxides produce electron 
injection barrier heights close to the theoretical value [25]. 

As well as MOSFETs for power and high frequency applications, the 
idea of using SiC MOS capacitors as charge-storage elements in nonvolatile 
memory devices has been investigated. In standard silicon memory, the deep- 
depletion capacitance level can be defined as the logic 1 level, whereas the 
inversion capacitance level can be defined as the logic 0 level. Given that the 
inversion capacitance is the value in thermal equilibrium, the charge-retention 
time of a MOS capacitor used as a memory element is determined by how 
long it takes for the capacitance to change from the deep depletion to the 
inversion state. Because of the wide bandgap the thermal generation process 
in SiC is extremely slow. Consequently, it should be possible to achieve very 
long charge-retention times at room temperature. In order to accelerate the 
thermal generation process, measurements were conducted at high temper- 
ature, and charge-retention times at room temperature extracted from an 
Arrhenius-type temperature dependence plot [26]-[28j. 

It was demonstrated that MOS capacitors with thermally grown dry ox- 
ides prevent their use as memory elements due to charge leakage through the 
gate oxide and poor quality of the passivating oxide-SiC interface that fa- 
cilitates fast surface generation [27]. Due to these issues, the first SiC-based 
nonvolatile memory element was fabricated in an n-p-n structure [29, 30]. 
By using a nitrided Si02-SiC interface, both the charge leakage and carrier- 
generation rate can be reduced to an acceptable level. Figure 13 shows charge- 
retention times using MOS capacitors on 4H- and 6i7-SiC produced by two 
different nitridation techniques, i.e. sandwich process (100% NO/dry O 2 /IOO 
%NO) and high-temperature diluted-N20 process. In the case of 4i7-SiC, 
room temperature retention times were 1.49 x lO^'^ years for the sandwich 
process and 1.5 x 10® years for the dilute N 2 O process. The sandwich pro- 
cess on 6i7-SiC produced a lower value of 8 x 10^ years. As these results 
illustrate, the charge-retention time is strongly affected by the interface-trap 
density (Dit), where the mid-gap interface traps are the most active. 

Another major benefit of an improved interface and oxide quality through 
nitridation is the improved reliability and long term stability of devices. Li 
demonstrated a dramatic improvement in the immunity of NO-nitrided oxides 
to highfield stress and high temperature negative-bias stress compared to 
inert gas annealed oxides [32]. N 2 O nitridation was shown to produce similar 
benefits, even when diluted 10% in nitrogen [1]. Figure 14 compares the 
flatband voltage shift of a dry oxide to that of oxides grown or annealed in 
N 2 O of various dilutions. An oxide grown in 10% N 2 O at 1175°C was shown 
to have the best immunity to high- field stress. 
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Fig. 13. Arrhenius plots for charge-retention time for MOS capacitors on AH- and 
GH-SiC as a function of temperature for gate oxides grown in different processes. 
AH-SiC, sandwich process, (▼); 47/-SiC, high temperature 10% NO, (o); GH-SiC, 
sandwich process, (•) 
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Fig. 14. Flatband shifts during high-held stressing of oxide samples related to the 
N 2 O process optimization: dry oxides (DRY-llOO) annealed in either 10% (10% 
N 2 O-A-IIOO), 20% (20% N 2 O-A-IIOO) or 100% N 2 O (N 2 O-A-IIOO), dry oxides 
annealed at higher temperatures, 1150°C (N 2 O-A--II 5 O) and 1175°C (N 2 O-A- 
1175), and oxide grown directly in 10% N 2 O at 1175°C for 6 hours (10%-N2O- 
1175) [1] 
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6 Conclusions 

There is a growing body of evidence that many of the problems associated 
with producing high quality oxides on SiC can be overcome through various 
nitridation techniques. Oxide growth or annealing in the presence of nitric 
oxide appears to be the most effective method to enhance carbon removal and 
incorporate nitrogen at the interface, thereby lowering interface trap densities 
and improving dielectric strength and reliability. This in turn translates to 
improved low-field mobility and lower threshold voltages in MOSFET devices. 
While NO may not be the best option for industry, the more benign N2O or 
diluted N2O can also be used to produce device quality gate oxides. 

In addition to the extensive work being done on SiC MOSFET develop- 
ment, investigations have begun on using the very desirable properties of SiC 
in charge storage devices for future non-volatile memory. To date, nitrided 
oxides on SiC show charge retention times far exceeding currently available 
silicon technology. 
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Hall Effect Studies of Electron Mobility 
and Trapping at the SiC/Si02 Interface 



N.S. Saks 



1 Introduction 

SiC is an attractive semiconductor for fabricating high power metal-oxide- 
semiconductor (MOS) devices because of its high breakdown field and high 
thermal conductivity. In addition, like silicon, SiC has a natural advantage 
for fabricating MOS devices because high quality Si02 for gate insulators 
can be thermally grown directly on the SiC in an oxidizing ambient. Despite 
these potential advantages, experimental SiC MOS devices today have poor 
performance and abnormally low conductance. This is particularly a problem 
in 4iJ- compared to 6iJ-SiC, although AH is the preferred polytype for power 
devices because of its higher electron mobility. It was proposed initially that 
the low conductance arises from extreme SiC surface roughness [1] or segre- 
gation of aluminum dopant atoms at the SiC /Si02 interface from the p-type 
SiC substrate [2, 3]. It is generally recognized now that the low conductance 
is actually due to a high density of electron traps At at the SiC/Si 02 in- 
terface [1, 4, 5]. These traps reduce the conductance by two approximately 
equal effects: (1) many electrons are trapped by the defects and are not free 
to contribute to the drain current, and (2) the mobility of the remaining free 
electrons is reduced by Coulomb scattering from all the trapped electrons. 
The traps are believed to arise from two physical mechanisms: near-interfacial 
traps in the oxide caused by oxygen deficiencies, and clusters of graphite-like 
excess carbon at the interface released by the oxidation process [4]. 

In silicon MOS devices, the electron mobility and scattering processes are 
typically studied by analyzing the drain-to-source current Ids in MOSFETs 
as a function of gate voltage and temperature [6]. The mobility determined 
in this way is an effective mobility which does not take the effects of electron 
trapping in the MOS inversion layer into account. In typical silicon MOS 
devices. Da is relatively low (« 10^° — 10^^ traps/cm^-eV), trapping is small, 
and the effective mobility is approximately equal to the actual mobility of 
the electrons. However, in SiC MOS devices, trap densities are typically sev- 
eral orders of magnitude higher, and the measured effective mobility is quite 
different from the actual mobility due to trapping effects. 

Due to these problems, it is desirable to directly measure the electron 
mobility in SiC MOS inversion layers. This can be accomplished using the 
Hall effect. Data will be presented here showing effective and Hall mobilities 
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in AH- and 6i?-SiC inversion layers. These results demonstrate that the actual 
inversion (Hall) mobility can be as much as a factor of ten higher than the 
effective mobility in some SiC devices. The Hall measurements and samples 
are described in some detail here because Hall effect measurements on MOS 
inversion layers, although not new, are somewhat unusual. 

Improved accuracy in determining the inversion mobility is not the only 
advantage to using Hall data. In the Hall measurement, two independent 
parameters are obtained: the Hall mobility, as discussed, and riinv, the density 
of electrons in the inversion layer of an n-channel MOSFET. Given ninv 
as a function of gate voltage Vg and the samples’ physical parameters, we 
demonstrate how to calculate the density of interface traps as a function of 
energy Dit{E). This is a major advantage because D[t{E) can therefore be 
measured in the actual device structure. It is also possible to calculate the 
total number of electrons trapped at each gate voltage rit{Vg). Using nt{Vg), 
it is possible to study the effects of Coulomb scattering by trapped electrons 
on the inversion layer mobility, which is the dominant mechanism reducing 
the mobility in SiC MOS devices [7]. Thus a variety of important inversion 
layer phenomena can be calculated from Hall effect data. 



2 Sample Design and Hall Measnrements 

2.1 Fabrication of Test Devices 

The experimental devices used in this paper are MOS Hall bars fabricated 
on AH- and 6il-SiC. Since MOS Hall bars are essentially MOSFETs with 
taps on the sides, these Hall test devices can be fabricated on the same 
wafers as n-channel MOSEETs. Most Hall samples studied here were fab- 
ricated by the author and co-workers as test devices for lateral RESURF 
power LDMOSFETs [8]-[ll]. Other Hall devices were fabricated as part of a 
DMOS power FET development program [12, 13]. In [8]-[ll], a typical pro- 
cess sequence was as follows: non-self-aligned MOS devices were fabricated 
on lightly doped p-type (1 x 10^^ — 2 x 10^®/cm^) epitaxial layers grown on 
heavily-doped P“'" wafers cut from sublimation-grown 6H- and AH-SiC pur- 
chased from Cree, Inc. Heavily-doped N“*" source and drains were implanted 
with nitrogen at 600°C at multiple implant energies to obtain “box” profiles. 
After implantation, the thick Si02 implant mask was stripped and the im- 
plants were annealed in an SiC pillbox in Ar for ~l/2 hr at 1300-1500°C. 
Hall studies of implanted layers from this process show good activation of 
the implanted nitrogen [14]. After a standard RCA clean, gate oxides were 
grown in a wet ambient at 1100°C for ~3 hrs, resulting in typical gate oxide 
thickness of ~3.0-3.5 nm. Phosphorus-doped poly-silicon was used for the 
gate metal. For contacts to the N+ SiC, a thin (~80 nm) nickel layer was 
deposited and patterned by lift-off. The nickel was rapid thermal annealed at 
800° C for ~3 min to form nickel silicide contacts. These contacts are ohmic 
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with reasonably low contact resistivity (0.5 — 10 x 10“"^ ohm-cm^). After de- 
position of an inter-level dielectric, aluminum was deposited and patterned 
for interconnects and bond pads. 

2.2 Hall Bar Design 

In order to obtain Hall effect data, special Hall devices must be designed 
and fabricated. An example of a bridge-type MOS Hall bar design is shown 
in Fig. 1. A heavily doped N’*' source and drain are provided at the ends 
of the bar, and two symmetric pairs of N"*" voltage taps are provided along 
the length. The distance L between the taps must be large compared to the 
width W [15]. A typical Hall bar geometry here is 162 pm (end-to-end) with 
a width W of 20 pm. Van de Pauw devices [15] have also been used in this 
work. 
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Fig. 1. Drawing of MOS Hall Bar (not to scale). Plan view (top); cross-section 
(bottom). The Hall current flows in the electron inversion layer from source to 
drain. A magnetic field B is applied perpendicular to the plane of the gate during 
the Hall measurement 



2.3 Hall Measurements 

In operation, a positive voltage Vg is applied to the MOSFET gate which 
establishes an inversion layer at the SiC/Si02 interface. With the source 
grounded and a small voltage Vd applied to the drain, a current /nail ffows 
from source to drain. The voltage difference between the two taps separated 
by L is measured, from which the sheet resistance of the inversion layer ps is 
calculated from /nail and Vd • A magnetic field B is then applied perpendicular 
to the plane of the gate and a Hall voltage Idiaii is measured between two taps 
on opposite sides of the bar. The free electron density in the inversion layer. 
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riinv, is calculated from Vnaii- The Hall mobility /iHaii is then calculated from 
TT-inv and Ps [15]. Multiple Hall measurements are required to obtain riinv (V"g) 
and Ps(Vg) which are strongly dependent on Vg. 

Obtaining reliable, reproducible Hall data from SiC MOS devices can be 
difficult due to the low SiC inversion mobilities. Low-resistance N+ ohmic 
contacts are used to minimize undesired voltage drops and to reduce noise. 
High impedance (> 10^^ ohm), low noise, OPA627 voltage follower op-amp 
buffers are used to minimize loading and noise when measuring potentials 
at the voltage taps. Noise is also minimized by using voltmeter integration 
times synched to the 60 Hz power line and by averaging multiple (~100) 
measurements. DC voltage offsets at the taps are removed by reversing the 
Hall current, hnaii can be just a few microvolts in low mobility samples, so 
very low noise (<~0.5 pV) is required. 

Obtaining accurate Hall data is particularly difficult when the MOSFET 
is biased below threshold. In this case, it is necessary to keep Vd small (Vd < 
kT/q = 25 mV at 300 K) in order to maintain a uniform inversion layer and 
to insure linear dependence of /nail on Vd. This was satisfied here by using 
Vd = 1-10 mV (only for Vg below threshold). At these low values of Vd, iHaii 
is also very small, so all extraneous leakage currents in the sample and wiring 
must be carefully eliminated. 

A Hall scattering factor rnaii of 1.00 was assumed here for inversion elec- 
trons in both 4H- and 6iL-SiC. This is a critical assumption because the value 
of THaii directly affects the calculation of both /leff and riinv Experimental 
measurements show that ~0.9 < rnaii <~l-0 between 200 and 300 K for bulk 




Fig. 2. Example of Hall mobility /iHaii and free electron density riinv in a reference 
silicon (100) MOS inversion layer, riinv increases linearly with applied Vg as pre- 
dicted by (2) assuming no electron trapping at the interface. The threshold voltage 
Vth is determined from the intercept of the straight line best fit to riinv with the 
a;-ax;is. pHaii decreases with increasing Vg dne to increased scattering by surface 
phonons [17] 
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electrons in SiC [16], but there is no known measurement for electrons in SiC 
inversion layers. 

The SiC MOS samples were die-bonded in 28-pin ceramic dual-in-line 
packages. The packages were mounted on a temperature-controlled cold fin- 
ger in a vacuum system capable of stabilized temperatures between 77 and 
600 K using liquid nitrogen cooling. An electro-magnet was used to provide 
a magnetic field of 5.0 kgauss for the Hall measurements. 

In order to evaluate our Hall apparatus and analysis procedures, Hall 
measurements were first obtained on silicon (100) MOS devices with low 
trap density (mid-gap Da « 4 x 10^° traps/cm^-eV). Results are shown in 
Fig. 2. Experimental values for the Hall mobility /iHaii and the free electron 
inversion layer density riinv were obtained at each value of Vg. These Hall 
data show typical behavior for silicon inversion layers: /iHaii decreases with 
increasing Vg, primarily due to increasing scattering by surface phonons [17]. 
riinv increases linearly with Vg, as shown by the straight line which is a best 
fit to the data [18]. An accurate value for the threshold voltage Vth can be 
found from the intercept of this straight line with the x-axis. As will be shown 
later, this behavior is not typical of SiC inversion layers. 



3 MOSFET Mobility 

3.1 Comparison of Effective and Hall Mobility 

A common and simple technique for measuring MOSFET inversion layer 
mobility /i is to measure the drain current Id as a function of the gate voltage 
Vg in the linear regime, i.e., at low drain voltages Vd (< 0.10 V). Id is given 
by: 

Id = q{W/L)fimn.Vd (1) 

where L and W are the geometric length and width of the FET, respectively, 
and riinv is the density of free electrons in the MOS inversion layer which 
contribute to the current [6]. The total number of electrons electro-statically 
induced at the interface by applying Vg can be expressed by the “strong 
inversion” approximation: 

^total = Cox(F[r kth)/^7 , (2) 

where Cqx is the capacitance of the gate oxide per unit area [6] . In the absence 
of electron trapping at the interface, the density of free electrons will be the 
same as the total electron density, or riinv = ''T-totai- An excellent fit of a 
straight line to riinv data is obtained for the silicon device in Fig. 2, and the 
slope of the straight line nearly equals Co^jq, as predicted by (2). Assuming 
that riinv = ■'T-totai and substituting (2) into (1) we obtain: 



Id = {W/L)fiCo.{Vg - Vth)Vd . 



( 3 ) 
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Solving (3) for the mobility yields: 

^i = ^les = (i/Vb)(/d/Fd)/{C'ox(Fg - t/th)} (4) 

where /ies in (4) is the effective mobility [17]. /leff is widely used in silicon 
MOSFETs to characterize the average inversion layer mobility. However, this 
approach is really proper only if electron trapping is negligible. When electron 
trapping is not negligible, ninv 7 ^ f^totai, and HeS is not equal to the mobility 
of the transporting electrons. However, ^eff is still useful in a practical sense 
because it can be used to calculate Id in a MOSFET using (3). 

Typical Id~V^ characteristics for AH- and 6i7-SiC MOSFETs are shown 
in Fig. 3 using log and linear scales (Figs. 3a and b, respectively). For the 
6i7-SiC device, there is a sharp, near-exponential turn-on at threshold. A 
straight line appears to provide a good fit to the experimental data above 
threshold in the linear plot (see Fig. 3b). From this fit, 4th is found from the 
intercept of the straight line with the x-axis, while fXeS is calculated from the 
slope of the straight line and (3). This approach appears to provide accurate 
values for both Vth and /leff in this 6H device because a good straight line fit 
is obtained. However, as will be discussed below, this is not correct. 

On the other hand, the AH device displays a high threshold and non- 
exponential turn-on in Fig. 3. This indicates a high density of trapped elec- 
trons. It is not possible to fit a straight line to the AH data in Fig. 3b, since 




Fig. 3. Drain current Id vs. in 6H- and AH-SiC MOS Hall bars with W/L = 
20/162 pm and Vd = 0.025 V. (a) Log scale; (b) linear scale. The 6H characteristic 
appears “normal”: Id increases exponentially below Vth and linearly above Vth. The 
AH device displays neither characteristic and has an anomalously high Vth 
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the slope of the fitted line depends on which data one chooses to fit. These 
results indicate that unique values for Yth and /ieff cannot be found for the 
4H device by this approach. 

Although the results in Fig. 3 suggest that the standard approach for 
determining /leff and Vth works satisfactorily at least for the 6H device (but 
not 4iJ), this conclusion is incorrect. In Fig. 4, a comparison is made between 
/Teff and the Hall mobility /rnaii for the same 6i/-SiC device shown in Fig. 3. 
Data from the silicon device in Fig. 2 are also shown in Fig. 4 for comparison. 
The data in Fig. 4 are plotted as a function of Vgjtox rather than Vg, to 
simplify comparisons among samples with different gate oxide thickness tox- 
in Fig. 4a, /ieff and /tHaii are shown for both devices. The mobility in the 
6i^-SiC device is roughly ten times smaller than in the silicon device. Part of 
this reduction is due to the lower bulk electron mobility in 6if-SiC (^390 vs. 
~1200 cm^/Vs for = 1 x 10^® cm“®, respectively [19]). The 6H mobility is 
also reduced by increased scattering from a high density of trapped electrons. 
The key point is that, in the silicon device, where the interface trap density 
is low, agreement between /«Haii and /teff is quite good, within about 5%. 
For the 6i/-SiC device, /teff is significantly smaller than /tHaii, and /ieff is 
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Fig. 4. (a) Comparison between effective mobility /tefi {solid lines) and Hall mobil- 
ity /iHaii (symbols) in silicon and 6H-SiC inversion layers as a function of Fg/tox- In 
the silicon device, /tefi and /iHaii are in good agreement, indicating minimal electron 
trapping. Agreement between /ieff and /iHaii in the 6H-SiC device is poor, indicat- 
ing higher electron trapping, (b) Comparison between calculated Utotai (lines) and 
measured ninv (symbols) in the same two devices. In the silicon device, uinv and 
u-totai are nearly the same. In 6H-SiC, agreement between ntotai and riinv is poor, 
indicating high electron trapping 
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especially inaccurate near Vth- Also, in the 6H device, /iHaii falls at low Vg 
below threshold. This behavior is real and is not an artifact, but the same 
behavior is not observed in /ieff. 

The free and total inversion layer electron densities, n-mv and ntotai, are 
shown in Fig. 4b for the same two samples, riinv is obtained from experi- 
mental Hall data, whereas ritotai is calculated from the “strong inversion” 
approximation (2). (Note that ntotai in the silicon sample in Fig. 4b is not 
the same as the straight line in Fig. 2 which is merely a best fit to the same 
riinv data.) In the silicon device, agreement between ninv and ntotai is quite 
good. However, in the 6i?-SiC device, ni„v is clearly considerably smaller 
than ntotai- In both samples, riinv is less than ntotai due to trapping of elec- 
trons at the semiconductor/Si02 interface. From this difference, about 25% 
of ntotai appears to be trapped in the 6i?-SiC sample, whereas only about 
5% of ntotai is trapped in the silicon device. 

3.2 Comparison of 4H- and 6iT-SiC Mobility 

A comparison between experimental fj,eS and /tHaii data from 6H- and 4H- 
SiC MOS Hall bars is shown in Fig. 5. As in Fig. 4, these data are plotted 
as a function of V^/<ox rather than Vg to normalize differences in gate oxide 
thickness. In Fig. 5, the gate oxides for both SiC polytypes were grown at the 
same time in the same process lot. The measured inversion layer mobilities 
in both polytypes are well below their bulk mobilities as shown in the figure. 
In 4if-SiC, the bulk mobility is about two times higher than 6H, but the 
experimental inversion mobilities are considerably lower than 6H as is often 
observed [5, 20]. This result is consistent with the much higher Du typically 
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Fig. 5. Comparison of mobilities in (a) 6H-SiC and (b) 4J/-SiC as a function of 
Vg/tox- The inversion layer mobilities /iefi and ^Haii are considerably smaller than 
the bulk mobility /rbuik in both polytypes, particularly in 4J/-SiC. /ieff is always 
smaller than /iHaii in both samples 
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found in AH samples [4, 5, 20]. Since the oxides were grown simultaneously, 
this result is apparently a fundamental property of oxides grown on the two 
polytype surfaces. Note that /leff is roughly 5 times smaller than ^Haii in the 
AH sample, which highlights the significant difference between /ies and the 
actual electron mobility. 

Experimental measurements of /Zeff and ntotai require an accurate value 
for 4th (see (2)-(4)). However, in SiC samples with high and particularly 
in AH-SiC as shown in Fig. 3, it isn’t possible to define a reliable value of 4th 
due to the rounded shape of the Id~Vg curves. Therefore, experimental values 
of fieS and ntotai in SiC have a large source of error from this uncertainty in 
Eth. 

Due to the difficulty of defining 4th, an alternate method for displaying 
these experimental data is to use the field-effect mobility ptpE rather than 
/teff. By taking the derivative of Id with respect to Vg in (3), it can be shown 
that: 

dId/dVg = iW/L)^^C,^Vd ^ ^fe = /^ = idId/dVg)/[{W/L)CM ■ ( 5 ) 

Likewise, by taking the derivative of ntotai with respect to Vg in (2), we 
obtain: 

9ntotai/94/g = Cox/g ■ (6) 

Note that /ipE and 9ntotai/3Eg do not depend on 4th, and therefore have no 
error associated with guesstimating its value, ^fe is the mobility associated 
with incremental electrons added to the inversion layer when Vg is increased 
to (4^ -I- dVg), whereas both /tHaii(kg) and /teff(kg) represent averages for all 
electrons in the inversion layer. 

Results for /lipE and driinv/dVg for 6H- and AH-SiC samples are shown in 
Figs. 6 and 7, respectively. To be consistent, experimental values for ^FE(fg) 
calculated from Id~Vg data are compared with the differential Hall mobility 
MHaiLFE associated with an incremental change in the electron density dn-mv- 

MHalLFE(^g) = {MHall(Fg + dVg)n\nw{Vg + dVg) — MHall (Fg)?^inv (Fg) }/ 

{ni„v(Fg + dVg) - ni„v(Fg)} ■ (7) 

In the 6i7-SiC device in Fig. 6a, /tfe and /iHaii.FE are quite different near 
threshold, but the two mobilities equalize at high Vg. Likewise, as shown in 
Fig. 6b, duinv/dVg calculated from experimental Hall data is well below the 
maximum possible value Cox/g (6) near threshold, but ultimately dn-mv /dVg 
approaches Cox/g at high Vg. As Vg increases, both ntotai and ni„v increase. 
The data in Fig. 6b show that the rates of increase in ntotai and ni„v equalize 
at high Vg. This result shows that the relative effect of trapping becomes 
smaller for incrementally added electrons as Vg increases, but it is not clear 
why this happens. These data can be used to calculate the trap density D[t{E) 
as will be discussed below in Sect. 4.2. 

The same comparison of mobility and free electron density data is shown 
for a AH-SiC MOS sample in Fig. 7. In this case, /tpE in Fig. 7a is considerably 
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Fig. 6. (a) Comparison of field effect mobilities obtained from /a-Fg data (/tfe) 
vs. Hall data (/ipE.Haii) in a 6H-SiC inversion layer. /ipE.Haii is considerably higher 
than /xpE near threshold but similar values are obtained at high Vg. (b) Change in 
riinv with Vg {driinv/dVg) from Hall experiments compared to maximnm possible 
driinv/dVg = Cox/? (6) which would be obtained without trapping, in the same 
6H"-SiC sample. The effect of trapping is large near threshold but is reduced at 
high Fg 




Fig. 7. Same plot as Fig. 6 for a 4H-SiC sample, /xfe ^ /xpE.Haii and dn\^^/dVg 
Cox/?, indicating severe electron trapping at the SiC/Si02 interface 
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smaller than /XHaii.FE never approaches the Hall mobility even at the 
highest values of Vg. Likewise, dn\^^/dVg from the Hall data is considerably 
smaller than Co^jq and never approaches it even at the highest values of Vg 
(Fig. 7b). It is clear from these large discrepancies that electron trapping 
at the SiC/Si02 interface is much higher in this 4H sample than in the 6H 
sample. Again, the gate oxides for these two samples from the same process 
lot were grown under identical conditions. 

One surprising feature of the data in Figs. 6a and 7a is that the incremen- 
tal Hall mobility ^Haii.FE decreases with increasing Vg in the 6H device but 
increases in the AH device. In silicon MOS devices, the inversion mobilities 
jjLeS and /ipE usually decrease with increasing Vg due to increased scattering 
by surface phonons [17]. Thus, the behavior of the 6H sample appears quali- 
tatively similar to silicon. The unusual behavior of mobility in the AH sample 
is presumably the result of extreme trapping and scattering in the 4iJ-SiC 
inversion layer [7]. 

3.3 Temperature Dependence 

The experimental temperature dependence of ptHaii in typical AH- and 
6i7-SiC inversion layers is shown in Fig. 8. Surprisingly, the qualitative 
temperature-dependent behavior is quite different in the two SiC polytypes. 




Fig. 8. The temperature dependence of /iHaii in typical 6H- and 4H-SiC electron 
inversion layers as a function of Vg/tax. /iHaii decreases with increasing temperature 
in 6H (similar to silicon) but increases with temperature in AH. This qualitative 
difference is probably related to the higher electron trapping and scattering at the 
477-SiC/Si02 interface [7] 
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The mobility decreases with increasing temperature in QH, whereas it in- 
creases in AH . The d>H temperature dependence is qualitatively consistent 
with the behavior of silicon inversion layers, which is believed to arise from 
the temperature dependence of surface phonon scattering [17]. The cause 
of the opposite temperature dependence in the AH sample is unclear, but is 
likely related to the much higher density of trapped electrons in AH . A similar 
increasing mobility with increasing temperature has been reported previously 
for effective mobilities measured on low-mobility inversion layers in AHSiC 
MOSFETs [21, 22]. It was proposed that this behavior is caused by ther- 
mally activated hopping of inversion electrons [21]-[23]. Alternatively, it may 
arise from the temperature dependence of Coulomb scattering by trapped 
electrons in AH inversion layers [7]. 

The temperature dependence of dn-mv/dYg is shown in Fig. 9 for the 
same two SiC samples as in Fig. 8. The behavior of dn-mv/dVg is similar in 
both polytypes: duinv/dVg increases with increasing Vg and it also increases 
with temperature. In the 6i7-SiC sample, dn^^/dVg gradually approaches 
the maximum theoretical value in the absence of electron trapping (= Cox/q) 
at high temperatures and high Vg. Results for the 6H sample near 300 K 
are qualitatively similar to previous data in Fig. 6b for a 6H sample from a 
different wafer from the same process lot. The differences in these two samples 
apparently arise just from uncontrolled wafer-to-wafer variations. In the AH 
device, duinv/dVg is less than 40% of Coxlq even at high temperatures and 
high gate biases. 
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Fig. 9. Temperature dependence of duinv/dVg for the same two samples in Fig. 8. 
dui^v/dVg increases with increasing temperature but is always less than CoxIq in 
both samples 
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In summary, the dependencies of /iHaii and n-mv on gate voltage and 
temperature in 677-SiC inversion layers appear qualitatively similar to well- 
known results reported for silicon. However, in 4iJ-SiC, these dependencies 
differ qualitatively and quantitatively. These differences are believed to arise 
from the much higher level of electron trapping in 4H compared to 6H. Even 
in the 6H sample, driinv/dVg is considerably smaller than Cox/q, indicating 
that there are significant trapping effects in 6H which cannot be ignored at 
any temperature. 



4 Using Hall Data to Calculate Dit{E) 

In order to understand the behavior of /^Haii and n-mv in these SiC MOS 
devices, knowledge of Dit{E) is required. In Sect. 4.1, conventional techniques 
for measuring D^i{E) and their drawbacks for use in SiC devices will be 
described. In Sect. 4.2, a technique using Hall data to obtain Dn{E) will 
be described. In Sect. 4.3, experimental Dit{E) results for 4H- and 6if-SiC 
devices using this Hall technique will be presented. 

4.1 Alternative D\t{E) Measurement Techniques 

There are many techniques for measuring Dn(E) in MOS devices such as 
quasistatic capacitance- voltage (C-V) [24], AC conductance [25], and charge- 
pumping [26]. However, SiC has several properties which make it difficult 
to implement these standardized techniques. Because of its relatively wide 
bandgap (3.0 and 3.3 eV for 6iJ and 4il-SiC, respectively, vs. 1.1 eV for sil- 
icon), trapped carriers further than ~0.5 eV from either SiC band edge have 
very long emission times at 300 K. Consequently, deep interface states in SiC 
are often not in equilibrium with the applied gate bias, which prevents imple- 
mentation of quasi-static C-V measurements at 300 K. This effect can be min- 
imized by measuring at high temperatures (~300°C), but present-technology 
SiC MOS capacitors tend to permanently degrade at high temperatures due 
to unknown causes. 

AC conductance measurements of Dn{E) are obtained from MOS C-V 
data. For n-channel MOSFETs, the traps of interest are electron traps near 
the conduction band edge, which requires C-V data from n-type substrates. 
However, n-channel MOSFETs are fabricated on p-type substrates, so MOS 
test capacitors for C-V measurements must be fabricated on separate n-type 
test wafers. This is a significant drawback. Dit{E) is not necessarily the same 
on different n- and p-type wafers, even if the fabrication process is identi- 
cal. AC conductance also has the disadvantage of being insensitive to “slow” 
traps with long capture and emission times. These near-interfacial slow traps 
probably represent a significant fraction of the traps in current SiC MOS de- 
vices [4] . This is unlike a typical silicon MOS device where slow traps account 
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for less than ~10% of all traps [27]. Thus, although AC conductance is cur- 
rently widely used to measure D^i^E) in SiC, these measurements probably 
significantly undercount the actual trap densities. 

Charge pumping measurements use short gate length MOSFETs, so fab- 
rication of separate test wafers is not required. However, charge pumping 
requires rapid lateral transport of electrons in the inversion layer, and fast 
capture of electrons at the traps [26]. In SiC MOS devices, minority carrier 
transport is slow due to the low electron inversion mobility, and fast cap- 
ture is not possible at slow traps which usually have very small capture cross 
sections [27]. 

4.2 Hall Measurements of Dn(E) 

4.2.1 Background 

Due to difficulties in implementing standard techniques for measuring Du (E) 
as just discussed, the use of Hall measurements to obtain Dit{E) will be de- 
scribed in this section. This approach has the disadvantage that special MOS 
Hall devices must be designed. Once this is done, however, the MOS Hall de- 
vices can be fabricated on the same wafers as other lateral MOSFETs without 
requiring any changes in the fabrication process. Furthermore, because it is 
a static measurement, the Hall technique is less susceptible to problems with 
non-equilibrium capture and emission of carriers at the traps. 

Analysis of Hall data to obtain Dit{E), was first discussed early in the 
development of silicon MOS devices in a classic paper on MOS inversion 
layers by Fang and Fowler [28]. However, their approach was not widely 
adopted because of its poor sensitivity (see below). This is a distinct dis- 
advantage for silicon MOS devices which typically have low trap densities 
(Dit =~0.1 — 5 X 10^° traps/cm^-eV). In SiC MOS devices with high trap 
densities, two groups have recently demonstrated that this Hall technique 
can be used advantageously to determine At(A) [11, 29]. 

4.2.2 Analysis Technique 

In order to perform MOS calculations to determine parameters such as 
Dit{E), it is critical to know the surface potential (f>s which corresponds to 
each applied gate voltage Vg. However, calculation of <j)s is difficult when 
there is a high density of trapped electrons nt at the interface. Because nt is 
unknown, since it is the quantity to be determined, there is no way to calcu- 
late (j)s from 7d“Cg data alone. In the Hall technique, (j)s is determined from 
an independent measured parameter, ninv This approach works because (ps 
can be calculated directly from ni„v, independently of the amounts of nt and 
oxide charge [11, 28, 29]. This is the key insight on which this measurement 
technique is based. 
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In the Hall measurements, an independent experimental value for riinv is 
obtained at each Vg. The analysis to find Dn{E) proceeds as follows: (a) (j)s 
is determined by solving the semiconductor space charge (Poisson) equation 
at each value of ninv(Pg)- (b) A theoretical value for Vg corresponding to each 
value of 4>s is calculated using the electric fields in the semiconductor cal- 
culated in part (a) assuming no interface traps and zero oxide charge, (c) 
The change in the number of trapped electrons Ant between two successive 
values of applied gate voltage is calculated from the difference between theo- 
retical and experimental values of AV^ (see later discussion which describes 
this step in detail), (d) The trap density At between adjacent values of <j)s is 
then calculated using At (at trap energy Et = <ps) = Ant/ A A [28]. 

This same fundamental approach is followed here and in [28, 29], but dif- 
ferent approaches are used to calculate A from ni„v in step (a). In [28], </>s 
was determined using the simplifying assumption of strong inversion above 
threshold Vth, i.e., assuming that n-mv = n-totai (2). In the presence of strong 
electron trapping, this assumption is incorrect as discussed previously. Fur- 
thermore, this approximation fails completely for Vg < Vth- In comparison, 
Arnold and Alok [29] find (ps using an accurate analytic solution to the space 
charge equations which is not subject to these limitations. 

In this work, (pg is found by numerical solution of the space charge equa- 
tions [11]. Using this approach, it is not necessary to establish a value for Uth, 
and (ps can be obtained accurately throughout the entire range of Uinv, even 
below threshold. Using Mathcad 2001 software, numerical solutions for (ps 
for ~30 riinv data points are calculated in about 30 seconds using a desktop 
PC [30]. A further advantage to using a numerical solution is that details of 
the calculation can be modified more easily. For example, Fermi-Dirac (FD) 
statistics were used for all calculations here for improved accuracy close to 
Ec [11]. Results for FD statistics were verified to be identical to Boltzman 
statistics at energies more than ~0.05 eV below A at 300 K. A second change 
currently being implemented is the use of non-uniform p-type substrate dop- 
ing, which is desired for samples with n-type surface implants which has 
been shown to improve mobility [31]. These changes would be difficult to 
implement using an analytic solution for (pg. 

Many SiC physical constants and sample parameters are required for these 
numerical calculations. Values for SiC physical constants such as density of 
states in the conduction band, carrier effective masses, etc., were obtained 
primarily from [32, 33]. The two main required sample parameters are oxide 
thickness fox and substrate doping Na- Because these parameters can vary 
significantly across a processed wafer, Na and tox were measured individually 
on each Hall bar chip using adjacent large area (1.6 x 10“^ cm^) MOS capac- 
itors. Calculated D^t{E) values are found to be quite sensitive to the value 
used for fox> especially at high values of Vg where the electric field across the 
oxide, and resulting oxide voltage drop, are high. The calculated At (A) is 
not particularly sensitive to the value of Na, at least for the relatively low 
doping densities in the samples studied here. 
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4.2.3 Example Data Analysis 

An example of the 4-step analysis performed on a 6i4-SiC sample is illustrated 
in Figs. 10 and 11. In step (a), 4>s{Vg) is calculated for each riinv data point 
as discussed above. The result is shown by the “experiment” curve in Fig. 10. 
The “theory” curve in Fig. 10 is calculated in step (b) from known sample 
parameters assuming no trapping. In order to plot both curves in the same 
figure, the “theory” curve is equated to the data curve at the most negative 
value of Vg. However, any reference value could have been used because, in 
the next step, only changes in each curve are used, so the absolute position 
of the curves is unimportant. 

Next, in step (c), the change in gate voltage AFg required to obtain a 
given change in 4>s is calculated for both curves. An example is demonstrated 
graphically in Fig. 10 for a change in (ps from —0.1 to —0.05% eV. Values 
for 14 ;,exp and k^.th calculated for this change for experiment and theory, 
respectively, are shown in the figure. Note that the experimental Vg is always 
larger than the theoretical Vg. This occurs because the electric field in the 
oxide, and therefore the voltage drop across the oxide, increase when electron 
trapping exists at the interface. Thus AFg_exp must be greater than AV^^th 
which is calculated assuming no charge trapping. In Fig. 10, a relatively 
large step, Apg = 0.05 eV, is used for the purpose of illustration. In practice, 
smaller changes are calculated using adjacent experimental data points. 

Values for AV^^exp and AVg_th calculated as shown in Fig. 10 are shown 
in Fig. 11 as a function of ps- The experimental AFg_exp just represents the 
steps in gate voltage applied during the Hall measurements. These start out 
as relatively small 0.1 V steps near threshold and increase in 0.2, 0.5, and 
1.0 V increments as the inversion layer becomes more conductive and the 




Fig. 10. Example of data analysis to calculate Dit{E) from Hall data in a 6iil-SiC 
MOS Hall bar. “Experiment” curve shows 4>a calculated from ninv(lg) (see text). 
“Theory” curve shows 4>s calculated from theory assuming no trapping. The heavy 
arrows represent the changes in Vg required to produce a change in <f>s from —0.10 
to —0.05 eV in each curve. AVj; is always larger in the “experiment” curve due to 
trapping 
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Fig. 11. Hall data analysis to calculate Dit{E) (continued from Fig. 10). Step 
(c): changes in Vg required to obtain a fixed change in tps are calculated from the 
“experiment” and “theory” curves in Fig. 10. The change in the number of trapped 
electrons Ant is calculated at each tps from the difference between the two curves. 
In step (d), Dit{E) is calculated from Dit{E) = Ant/A^s (see text) 



percentage change in ni„v becomes smaller. Figure 11 clearly shows that the 
theoretical AV^ th calculated without trapping is always smaller than the 
experimental AV^. In step (c) of the analysis, the change in the number of 
trapped electrons Arit at a given value of 4>s is then calculated from the differ- 
ence between the two AV^ curves using Ant(^s) = C'ox (AV^^exp-Al^^th)/?- 
The relatively large difference between AV^^exp and AV^^th in Fig. 11 (note 
that the y-axis in this figure is a log scale) shows that the amount of trapping 
Ant, and ultimately the trap density D^t{E), can be calculated with good ac- 
curacy in this 6iJ-SiC sample using Hall data. This difference becomes small 
only at the highest values of (j)s and ninv, at which point the resolution and 
accuracy of this technique becomes poor. 

Finally, in step (d) of the analysis, Dit{E) (at trap energy Et = ^s) is 
calculated from Ant/A^s- A rough value for the limiting resolution of this 
calculation can be obtained by assuming a resolution in (AFg exp-AV^_th) of 
~5 mV for a 10 mV change in (j)s. For a 30 nm gate oxide, this results in 
a resolution in Da of ~ 3.5 x 10^^ traps/cm^-eV. This resolution is quite 
poor compared to standard techniques for silicon MOS samples [24]-[26]. 
However, as will be shown below, this resolution is adequate for the high-Z?it 
SiC samples measured here. 



4.2.4 Comparing C-V and Hall Dn{E) in Silicon 

In order to evaluate the accuracy of Hall Dit{E) analysis, these measurements 
were compared with standard C-V measurements on a silicon (100) reference 
MOS Hall bar (fox = 7-38 x 10“® cm, Na = 1.6 x 10^®/cm^) as shown in 
Fig. 12. A large area (1 x 10“^ cm^) Hall bar was used to obtain accurate 
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Fig. 12. Comparison of Dit{E) from quasi-static C-V {solid line) and Hall mea- 
surements {open circles) on the same silicon MOS Hall bar. Agreement between 
the two measurements is quite good where the two measurements overlap (~— 0.3 
to —0.15 eV). Error bars show the relative {heavy bars) and absolute {light bars) 
errors calculated for ±2% variation in oxide thickness 



C-V and Hall data on the exact same device. The device was irradiated to 
200 krad to produce a high trap density to allow accurate Hall measurements 
of Dit- The sample was annealed for about 6 months after irradiation to 
allow time-dependent annealing effects to subside. A silicon device was used 
in this experiment in order to be able to use quasi-static C-V measurements 
to obtain reference Dit{E) values [24]. (As discussed above, obtaining useful 
quasi-static C-V data from SiC is difficult at 300 K due to its wide bandgap.) 
Silicon band parameters for the Hall calculations were obtained from [6] . 

For the C-V data, the MOS gate to substrate capacitance was measured 
at low frequency (1.0 Hz). In order to obtain equilibrium minority carrier re- 
sponse without using extremely low ramp rates, all N+ taps on the Hall bar 
were electrically shorted to the p-type substrate [34] . This supplies electrons 
without delay to the inversion layer. Standard quasi-static C-V analysis [24] 
was then employed to calculate Dn{E) throughout the silicon band gap as 
shown by the solid line in Fig. 12. The quasi-static Dn{E) in this sample is 
roughly flat in the center of the gap, with a gentle rise towards the conduction 
band edge Ec- Although quasi-static Dn{E) results are generally accurate in 
the center of the band-gap, it is well-known that large errors occur approach- 
ing the band edges [35]. Consequently, the quasi-static Dn{E) curve in Fig. 12 
is truncated at 0.15 eV where errors become large. 

Hall effect measurements on the same silicon device are also shown in 
Fig. 12. Using the Hall effect, Dn{E) can only be measured when the MOS 
device is inverted, so the minimum energy of the Hall data is limited to 
~ —0.3 eV below Ec at 300 K. Agreement between the two techniques is 
quite good in the relatively small region of overlap which demonstrates the 
accuracy of the Hall data. Due to the relatively small overlap region, an 
attempt was made on this sample to push the Hall measurements of Da as 
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deep into the bandgap as possible. This is the reason that high impedance 
buffers, low leakage samples, and sub-threshold measurements with low Vd 
are all required as discussed above in Sect. 2.3. 

Above —0.2 eV, the Hall data in Fig. 12 show that Dit{E) increases ex- 
ponentially with energy approaching Ec- Similar exponential dependences of 
Dit{E) near Ec have been reported previously in silicon MOS devices [36, 37]. 
These states are sometimes characterized as “band-tail” states which arise 
due to “mild disorder” at the Si/Si02 interface [37]. 

The largest source of error in the Hall measurement is likely due to the 
error in determining <ox- Error bars for the Hall data in Fig. 12 are plotted 
for a variation of ±2% in fox (roughly equal to the uncertainty in fox in this 
sample). The error is small at Et = —0.3 eV, but it increases dramatically 
approaching Ec- However, the actual D\^{E) also increases rapidly approach- 
ing Ec, so that the relative error in Da remains approximately constant in 
this particular sample. This is shown by the heavy error bars on the Hall 
D\t{E) data. 

4.3 Hall Measurements of D\t{E) in SiC 

Experimental Hall measurements of D,t{E) in a 4i7-SiC MOS sample are 
shown in Fig. 13. For comparison, D-,t measurements from C-V data from 
a large-area (100 x 100 pm) MOSFET are also shown in Fig. 13 [9]. This 
MOSFET is from a different wafer, but the same process lot, as the Hall 
sample (the fabrication process for these two wafers is described in detail in 
[8, 9, 38, 39] and Sect. 2.1). The C-V data were obtained using a modified 
Gray-Brown analysis of threshold voltage shifts in the MOSFET as a function 
of temperature [9]. Agreement between the two techniques is good except 
for an unexplained anomaly in the C-V data near Et « —0.15 eV. The 




Fig. 13. Comparison of Dtt{E) from low-frequency C-V [9] and Hall measurements 
on devices from the different wafers. Reasonably good agreement is obtained. The 
dashed line is a best fit to the Hall data, showing that Da (E) increases exponentially 
with energy 
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Fig. 14. Comparison of Dit{E) calculated from Hall data for 4H- and GH-SiC 
MOS samples whose oxides were grown at the same time. Dit{E) is much higher in 
the 4H sample. The dashed lines are best fits to the two curves. Dit{E) increases 
exponentially with energy in both polytypes, but with slightly different slopes 



Hall data show relatively little noise/scatter compared to the C-V data. The 
Hall Dit{E) increases approximately exponentially with trap energy between 
threshold and Eq, which is consistent with many previously reported results 
[1, 4, 5, 9]. The exponential nature of the increase is demonstrated by the 
straight line in Fig. 13 which a best fit to the Hall data. 

Hall measurements of Dit{E) in 4iJ- and 6iJ-SiC samples are compared 
in Fig. 14, using the same 4E[ data from Fig. 13. These two wafers were pro- 
cessed identically in the same process lot with oxides grown simultaneously by 
a wet pyrogenic oxidation at 1100°C for 3 hours [10]. Dit{E) is significantly 
higher in the 4E[ sample compared to 6H by a factor of about five. This 
result is consistent with many previous results [1, 5, 29] in samples where no 
special oxidation techniques were employed to reduce Hit. Dit(E) increases 
exponentially with energy in both samples, as shown by the dashed straight 
lines in the figure. The rate of increase in Dit{E) is higher in the 6E[ sample 
by ~30%. This result is reproducible for the limited number of SiC samples 
studied to date. 

An exponential increase in Du near E^ is also observed in silicon (see 
Fig. 12 and related discussion). By analogy, this suggests that band-tail 
states could be the cause of the exponential behavior in both silicon and 
SiC. Any successful model describing the physical origin of interface traps at 
the SiC/Si02 interface must explain this exponential dependence. 

New oxidation techniques have recently been developed which signifi- 
cantly reduce Dit{E) in 4iJ-SiC MOS devices [40, 41]. These techniques 
involve the incorporation of nitrogen in the oxide at or near the SiC/Si 02 
interface. In Fig. 15, Hit (A) results from the “as-grown” 4H-SiC oxide in 
Figs. 13 and 14 are compared with an NO-annealed oxide on 4H. This NO- 
annealed oxide was fabricated as a test oxide for a SiC power DiMOSFET 
[12]. Hit(H) measurements in this NO-annealed sample are limited to energies 
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Fig. 15. Comparison of Dit{E) calculated from Hall data for two 4_H-SiC MOS 
samples with and without an anneal in NO to reduce Da- Dashed lines show straight 
line best fits to the Hall data. Dit{E) is smaller in sample with NO anneal. Inset 
shows that the Hall mobility in the same two samples is considerably higher in the 
NO-annealed, low-Dit sample 



above —0.15 eV because of the high DC leakage current in this sample. This 
comparison between NO-annealed and non-NO-annealed samples is clearly 
not ideal because the two samples are from different process lots fabricated 
at different institutions. Despite this limitation, Dit{E) is significantly smaller 
by a factor of ~2.3 in the NO-annealed sample, while the slopes are almost 
identical. NO-annealing can reduce Dit by as much as a factor of ~5 or more 
[42]. The inset in the Fig. 15 shows the significant improvement in Hall mo- 
bility in these same samples due to the NO-anneal [13]. 

4.4 Temperature Dependence of Dn(E) in 4i?-SiC 

In Figs. 12-15, Dit{E) has been obtained by analyzing room temperature 
Hall data. This analysis method can be extended to cover a wide range of 
measurement temperatures. The temperature dependence of the various SiC 
constants used in the analysis must of course be accounted for. In this work, 
a temperature coefficient of —3.3 x 10“"^ eV/K is used for the temperature 
dependence of the 6H and 4i4-SiC bandgaps [43]. The temperature depen- 
dences of other parameters are obtained from [32]. A value for rnaii of 1.00 is 
assumed throughout the temperature range. This rough assumption for rnaii 
is probably one of the more significant sources of error in the temperature 
dependent analysis. 

Analysis of Hall data over the temperature range from 150-400 K for 
an NO-annealed 4i4-SiC sample is shown in Fig. 16. As the temperature is 
reduced, the surface fermi level 4>s is forced higher in the bandgap towards E^ 
at constant ni„v. Consequently, measurement energies are closer to E^ at low 
temperatures, and further from E^ at high temperatures. In this particular 
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E-E (eV) 



Fig. 16. Dit{E) calculated from Hall data for an NO-annealed 4iif-SiC sample 
(from Fig. 15) as a function of measurement temperature from 150-400K. The 
Dit{E) curves are nearly independent of temperature 



sample, increasing leakage currents at high temperatures limit the maximum 
measurement temperature to ~500 K. In addition, the Hall measurements 
generally tend to become excessively noisy at high temperatures (for example, 
see the high noise level in the 6i?-SiC sample in Fig. 8 at 500 K.). The 
source of the high noise is not known. Despite these measurement problems, it 
appears that Dit{E) is essentially temperature independent in Fig. 16 within 
experimental error. 

4.4.1 Summary and Conclusions 

The effective mobility of electrons in MOS inversion layers can be determined 
simply by measuring the drain-to-source current in a MOSFET using (1)~ 
(4). In silicon MOSFETs, this is a satisfactory approach because the effective 
mobility is essentially equal to the actual electron mobility because there is 
minimal electron trapping at the Si/Si02 interface. Thus, in silicon MOS 
devices, just about all of the electrons which are electro-statically induced 
at the Si/Si 02 interface are free carriers and are able to contribute to the 
MOSFET source-to-drain current. 

This is emphatically not the situation in SiC MOS devices. Due to high 
levels of electron trapping at the SiC/Si 02 interface in current state-of-the- 
art devices, the density of free electrons in inversion layers is considerably 
smaller than the total density of electrons induced at the interface, as shown 
by experimental data in Figs. 4-7. These data show the necessity of using 
Hall data to de-convolute the relative contributions of the electron mobility 
and the free electron density to the conductivity of a SiC MOS inversion 
layer. 

The use of Hall data also provides a powerful tool to analyze inversion 
layer behavior in SiC MOS devices. As demonstrated in this paper. At (A) 
can be calculated directly from ninv(k^) Hall data. In the future, these data 
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will be useful for studying electron scattering in SiC inversion layers in order 
to understand why electron mobility is so low. Initial attempts to model elec- 
tron scattering behavior using Hall data have recently been presented [7, 29]. 
These papers concluded that, as expected, the dominant electron scatter- 
ing mechanism is excessive scattering from all the trapped electrons at the 
interface, which causes the low electron mobilities. Future measurements of 
D[t{E) may also lead to better understanding of the source(s) of the high 
densities of traps and defects at the SiC/Si 02 interface. 
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Part IV 



Characterization 




Optical Properties of SiC: 1997—2002 



W.J. Choyke and R.P. Devaty 



1 Introduction 

Our charge for this article was to bring the reader up-to-date with respect 
to our bird’s eye view of the optical properties of SiC in Vol. II of SiC [1] 
published in 1997. It is with great pleasure that we discovered a treasure 
trove of new material which has emerged since 1997. The downside is that we 
can cover only a small fraction of the new material due to the severe space 
limitations. It was decided that topics would be chosen which appear to be of 
greatest interest to the theorists and experimentalists in the SiC Community. 



2 Absorption Coefficient and Penetration Depth 

Normally, ultra-violet lasers are used for optical excitation across the bandgap 
in the low temperature photoluminescence (LTPL) characterization of SiC 
boule grown wafers and epitaxial films. 

At present lasers with wavelengths from 356.4 nm to 244 nm are used for 
this purpose. Hence, it is important to have reliable values of the absorption 
coefficients available for at least the commonly used polytypes 3C, QH and 
4i7-SiC. For thin epitaxial films especially, one must know the penetration 
depth of the laser excitation in order to be aware of spurious effects from 
lower lying films or the substrate. Even then, as will be discussed later, LTPL 
signals may be seen from depths deeper than one would expect from the 
penetration of the laser excitation. 

In [2] room temperature values of the absorption coefficient are given for 
3C, 6i7, and 4iJ-SiC in the wavelength range from 390.0 nm to 296.8 nm. 
By using the measured shift of the bandgap from 300 K to 2 K an estimate 
is made of the absorption coefficients at 2 K. It should be noted that this 
estimate can be further improved by taking into account the additional ab- 
sorption due to phonon absorption at 300 K. However, this is not likely to 
be a large correction in this temperature interval [3]. In Table 1 we give the 
absorption coefficients in cm“^ for 3C, 677 and 477-SiC at seven common 
laser wavelengths. On Fig. la comparison of the square root of the absorp- 
tion coefficient at 300 K from 390.0 nm to 296.8 nm is given. Unfortunately, 
to date no precise values of the absorption coefficients are available below 
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Table 1. Absorption coefficients for 3C, QH and 4_ff-SiC at seven common laser 
wave-lengths 



Wave- 

length 

[nm] 


Laser 


3G 

300 K/2 K (est.) 
a [cm“^[ 


6H 

300 K/2 K (est.) 
Q [cm“^[ 


AH 

300 K/2 K (est.) 
a [cm“^j 


325.0 


He-Cd 


3660/3480 


2300/2160 


1330/1190 


333.6 


Ar"*" Ion 


3190/3030 


1760/1640 


900/780 


337.1 


N 2 gas 


2970/2860 


1600/1480 


730/630 


351.1 


Ar’^ Ion 


2260/2160 


1060/960 


290/230 


354.0 


He-Cd 


2160/2070 


960/870 


230/170 


355.0 


3xQ/Nd:YAG 


2120/2030 


930/840 


210/160 


356.4 


Kr+ 


2070/1980 


900/810 


200/140 



296.8 nm but very crude estimates for all three polytypes may be obtained 
by extrapolating the data in Fig. 1 to the quadrupled Nd-YAG laser wave- 
length at 266.0 nm (a ~ 10^ cm“^) and the frequency doubled argon ion 
laser at 244.0 nm (a ~ 2 x 10^ cm“^). 

For a given thickness of epitaxial film one would think that the knowledge 
of the absorption coefficient at the excitation wavelength of the laser would 
be sufficient to guarantee that spurious signals from the substrate or other 
underlying epitaxial films could be avoided. Unfortunately, more caution is 
required! It has been observed by several groups in recent years that broad 



Wavelength (nm) 

390 370 350 330 310 290 




Energy (eV) 



Fig. 1. A comparison of the square root of the absorption coefficients of 3G, &H 
and 44f-SiC as a function of wavelength at 300 K 
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Energy (eV) 



3.26 3.25 3.24 3.23 3.22 3.21 3.20 3.19 




3800 3820 3840 3860 3880 

Wavelength (A ) *■ 

Fig. 2. 2 K photoluminescence of a very pure 8 |tm thick 4i7-SiC epi Him on a 
heavily doped n-type substrate. The band with a peak at 383.3 nm is a contribution 
of the substrate despite the fact that the 244.0 nm excitation is absorbed in the first 
micron of the epi film 



structure from the substrate is easily apparent in low temperature photolu- 
minescence (LTPL) spectra taken from high purity epitaxial films deposited 
on heavily doped substrates. It appears that other energy transport mech- 
anisms come into play which enable the excitation to penetrate far deeper 
into the sample than one would have supposed from the knowledge of the 
absorption coefficient. This issue has been clarified in three important papers 
by A. Henry and collaborators [4]-[6]. We show in Fig. 2 one of our 2 K 
bandedge LTPL spectra from a very pure, 8 |4m thick film deposited on a 
heavily doped substrate and excited with 244.0 nm laser light. The 8 |4m 
thickness of the epitaxial film is many times greater than the penetration 
depth of the laser light. Nevertheless, we see a broad band feature extending 
from 382.2 nm to 386.0 nm. Such a broad feature is not normally seen in 
very pure 4iL-SiC. This spurious band is now recognized as coming from the 
heavily doped n-type substrate upon which the epitaxial film was grown. In 
Fig. 3a and b we reproduce data taken from [6] to show the evolution of a 
nitrogen band in three 4iJ-SiC:N substrates doped from 2.5 x 10^® cm“® to 
1 X 10^® cm“® as well as the evolution of a similar broad band in heavily 
p-type doped 4iL-SiC:Al samples. The mechanism which permits this light 
“leakage” from the substrate is under current study. In ultra pure Ge [7] the 
diffusion length for free excitons at low temperature is measured to be about 
1000 |4m and in ultra pure Si it is estimated in [8] to be about 150 |4m. Al- 
though the binding energies of the SiC free excitons in 3C, 6H and 4iL-SiC 
are still under discussion at this time one can nevertheless be fairly sure that 
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Energy (eV) 

3.262 3.219 3.178 3.138 3.099 




Wavelenglh (nm) ' 

- Energy (eV) 

3.262 3.245 3.228 3.221 3.195 3 178 




Wavelength (nm) 



Fig. 3. LTPL spectra of heavily doped (a) n- and (b) p-type 4H-SiC. The data are 
taken from [6]. These broad bands are often seen in LTPL spectra of pure epitaxial 
films even though the absorption coefficient at the wavelength of the exciting laser 
light should guarantee that a minimal amount of such substrate light emerges from 
the sample 



the binding energies are larger than for Ge and Si. Hence, it is not unrea- 
sonable to assume that in the highest purity but somewhat defect ridden 
epitaxial films of 4iJ-SiC currently available, the diffusion lengths of the free 
excitons may be 50 |4m or more. 

Above 300 K there is some recent data for AH and 6iL-SiC [9]. These 
authors give the absorption coefficient for AH and 6iL-SiC boule wafer ma- 
terial from 300 K to 650 K. They also measure the absorption coefficient of 
pure thick epitaxial 4iJ-SiC in the same temperature range. A comparison is 
made for the absorption coefficient (300 K to 650 K) for AHSiC measured 
with ||c in the wafer material and for the 4iL-SiC epitaxial film with E -Lc, 
where c denotes the crystal c-axis. 
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3 Band Edge Absorption and Valence Band Splittings 

The band structure near the top of the valence bands at (or very near) the 
point r at the center of the Brillouin zone determines the properties of the 
holes, including their effective mass parameters. In 3C-SiC the highest valence 
bands are separated by a small spin-orbit splitting, with a measured value 
of about 10 meV. The valence bands of the hexagonal and rhombohedral 
polytypes are split due to both spin-orbit and crystal- field interactions, so 
that there are three closely spaced bands. 

The measurement of these splittings by optical absorption is facilitated 
by the use of modulation spectroscopy to enhance the weak features asso- 
ciated with phonon assisted creation of intrinsic excitons in these indirect 
gap semiconductors. We measure the wavelength derivative of the absorption 
coefficient by wavelength modulated spectroscopy using a sensitive, stable 
system [10]-[12] based on a double grating monochromator. Spectra are ob- 
tained for both polarizations E-Lc and E\\c using specially prepared boule 
pieces as samples. 

The spin-orbit splitting Z\so is the energy separation of the topmost va- 
lence bands (Fig. 4). The spectra show doublets due to phonon assisted free 
exciton absorption involving holes from the top two valence bands. The en- 




Fig. 4. Measured spin-orbit and crystal-field splittings for SiC polytypes {solid 
circles). The curves are calculated using Hopfield’s quasicubic model. The hexago- 
nality scale is defined in the text. The inset schematically defines the valence band 
splittings 
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ergy separations of these doublets are averaged to obtain an estimate of Z\so 
with an uncertainty of a few tenths of a meV. There is an unknown, presum- 
ably small, correction because the binding energies of excitons having holes 
from one or the other of the two bands are different. 

The crystal-field splitting Z\cf is defined in the inset on Fig. 4. It does not 
have such a clear cut signature in the spectra, so the assignments, which were 
made using spectra taken in both polarizations with the assistance of selection 
rules obtained using group theory, are less certain. Details are discussed in 
the references [12, 13]. 

Figure 4 shows the measured valence band splittings [10]-[13] as a function 
of polytype hexagonality, defined as the ratio of hexagonal sublattice sites to 
the sum of the hexagonal and quasicubic sublattice sites. The Si sublattice, 
for example, comprises all of the sites occupied by Si atoms in a perfect SiC 
crystal. The solid lines are calculated using Hopfield’s quasicubic model [14]. 
This model is an approximation having only two parameters, whereas three 
parameters are permitted according to symmetry arguments, to describe the 
splittings of the valence band at the F point. The parameters are expressed as 
spin-orbit and crystal-field interaction energies <5so and <5cf, respectively. We 
set ^so = 10 meV to agree with the measured spin-orbit splitting of 3C-SiC 
[15]. The parameter 5 cf is varied. It is converted to hexagonality by dividing 
by 117. This factor is chosen so that the calculated curve agrees reasonably 
well with the measured crystal-field splittings. This choice corresponds to a 
crystal-field splitting of about 120 meV at hexagonality 1.0 (2i7-SiC). The 
plot illustrates the strong mixing of spin-orbit and crystal-field interactions 
near hexagonality 0.1, so that the point corresponding to the spin-orbit split- 
ting in 3C-SiC is on the same curve as the crystal-field splittings of the 
noncubic polytypes. According to this model, the spin-orbit splitting shows 
little dependence on hexagonality beyond about 0.3, and asymptotically ap- 
proaches the value 2<5so/3. While the calculated <5so slowly increases with 
hexagonality over most of the range, the measured values show a small de- 
crease with increasing hexagonality. A possible explanation is proposed in 
[13]. The measured splittings can be used as input to band structure calcula- 
tions, or they can serve as reality checks. Band structure calculations predict 
a linear dependence of Acf on hexagonality in agreement with the behavior 
of the data. The agreement with the calculations of Lambrecht et al. [16] is 
quite good. 



4 Biedermann Absorption Bands in Nitrogen Doped SiC 

Strong, polarized absorption bands below the band edge in highly nitrogen 
doped (estimated on the order of 5 x 10^® cm“®) 4i7, 6i7, 8H and 15i?- 
SiC were measured by Biedermann [17], who proposed that they are associ- 
ated with transitions from the conduction band minima to higher conduction 
bands. It is also possible that the donor states are involved in the transitions. 
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These bands are responsible for the colors of nitrogen doped SiC crystals. Re- 
cent experimental and theoretical work has led to an improved understanding 
of these bands. On the experimental side, the availability of large, moderately 
doped (n ~ 10^^ — 10^® cm“®) boule samples of AH and 6iJ-SiC has made 
possible a careful study [18] of the absorption. Spectra measured in both 
polarizations E\\c and E -Lc were reported over a temperature range from 
2 K to room temperature. Based on band structure calculations [19, 20], it 
is now possible to assign the observed peaks to specific interconduction band 
transitions. To account for the width of the bands in Biedermann’s spec- 
tra, Limpijumnong et al. [19] proposed that the Afc = 0 selection rule is 
broken in highly doped material due to band tailing and mixing of states 
near the bottom of the conduction band with the shallow nitrogen donor 
states. They estimated 6k ~ 0.1(27r/a), where a is the lattice constant, and 
calculated the density of states of each conduction band for states within a 
sphere of radius 6k in k space about the minimum of the lowest conduction 
band. They compare the shapes of the calculated densities of states of the 
final state conduction bands with Biedermann’s spectra, taking into account 
the polarization selection rules. The recently measured spectra [18] feature 
narrower bands with a wealth of detail. These spectra show not only shifts 
of peaks but the appearance and disappearance of peaks as the temperature 
ranges from room temperature down to liquid helium temperature. It is not 
possible to explain all these observations by considering band-to-band transi- 
tions alone. Sridhara et al. [18] proposed the participation of shallow nitrogen 
donor states and donor induced resonances below the final state conduction 
band, most prominently for E\\c spectra at low temperature. The shallower, 
hexagonal sublattice site nitrogen donors are thought to make the dominant 
contributions, while the deeper quasicubic nitrogen donors are not observed 
due to smaller absorption cross sections associated with tighter binding. 

Figure 5 shows FJjjcand £jTc absorption spectra of moderately nitrogen 
doped AHSiC at room temperature and above. These spectra were obtained 
using the same sample as those reported in Figs. 3 and 4 of [18], but have 
not previously been published. The reader is warned that all measurements 
of the absorption coefficient are challenging and not to take the numerical 
values too seriously. Therefore, we have labeled the vertical axes using arbi- 
trary units rather than cm“^. Also, the offsets from zero and relative offsets 
between spectra should not be taken too seriously. At these temperatures, 
most of the details that are described by the interpretation discussed above 
have disappeared, leaving asymmetric bands for both polarizations. With in- 
creasing temperature, the bands broaden and the peaks shift to lower energy. 
Since these are inter-conduction band transitions, there is no reason to expect 
that the temperature dependent shifts should be the same as the tempera- 
ture dependence of the indirect band gap. In fact, the temperature shifts are 
considerably smaller than that of the band gap. 
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Energy (eV) Energy (eV) 

2.4 2.3 2.2 2.1 2.0 1.9 1.8 2.8 2.7 2.6 2.5 




5000 5500 6000 6500 7000 4300 4500 4700 4900 

Wavelength (A) Wavelength (A) 

Fig. 5. Below band gap absorption bands of nitrogen doped 4iif-SiC measnred 
at and above room temperatnre {RT): (a) polarization E\\c, (b) E -Lc 

The Biedermann absorption bands have practical importance. As an ex- 
ample, Weingartner et al. [21] and Wellmann et al. [22] recently calibrated 
the below bandgap absorption coefficients of n-type 4H, 6H and 15i?-SiC at 
selected wavelengths to the free carrier concentration using Hall effect mea- 
surements on the same samples and applied the calibration to wafer mapping. 
The method is non-contact, rapid, and can be applied at room temperature, 
but the wafers must be polished on both sides. They claim an accuracy of 15- 
20% and a useful free carrier concentration range of approximately 1 x 10^^- 
1 X 10^® cm“^. 



5 Erbium 

Optical characterization of Erbium in SiC was surveyed in [1] . A number of 
papers have been published since that time that discuss various aspects of 
Erbium in SiC [23]-[32]. Prior to the experiments discussed in [28], doping 
of SiC with Erbium was obtained by relatively low energy ion implantation 
with Er concentrations in excess of 10^® cm“^. The resulting Er doped lay- 
ers were very shallow, of the order of 100 nm thick, and consequently good 
signals could only be observed for very highly doped samples. At such high 
concentrations of Erbium the temperature dependence of the Er^’*' integrated 
luminescence intensity (1.49 pm-1.64 pm) is more or less constant from 2 K 
to 400 K in 6H and 4iJ-SiC and then drops off steeply towards higher tem- 
peratures. In the experiments described in [28], chemical vapor deposition 
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(CVD) grown epitaxial films of AH and 6i?-SiC doped with nitrogen in the 
range from 3 x 10^^ cm“^ to 1 x 10^® cm“^ were doped with Erbium by 
multiple implantations of 2.5, 4.0, 6.0, 8.5, 11.5 and 15 MeV at room temper- 
ature. A quasi-rectangular depth profile of Er in the depth interval 0.3 |4m to 
2.5 pm was achieved and then the samples were annealed at 1500°C. For such 
relatively thick Er doped regions it was possible to obtain good integrated 
luminescence signals for concentrations as low as 5 x 10^^ cm“^. The tem- 
perature variation of the integrated luminescence intensity is now completely 
different from what it was for the highly doped samples and what has been 
observed in most semiconductors, highly doped with Erbium. At 2 K for the 
dilutely doped AH and 6iJ-SiC samples the Er signal is now very small. It 
rises rapidly until 77 K and then remains roughly constant to above room 
temperature and then thermally quenches in the normal manner. 

A detailed model consistent with these new results was not presented, 
but it was suggested that if one assumes that the energy transfer to the 
Er^+ proceeds via the shallow nitrogen donor to a defect associated with the 
Erbium implantation, then it is quite plausible that this process is governed 
by a barrier between the donor and the defect. At high doping levels the close 
proximity of the donor and Erbium atoms effectively wipes out this barrier 
even at 2 K. At much lower Erbium concentrations, below 1 x 10^^ cm“^, 
the average donor-defect separation becomes such that at 2 K the energy 
transport is effectively controlled by a barrier which is function of separation. 
New deep level transient spectroscopy (DLTS) results presented in [30] show 
that the defects generated in n-type SiC by the Erbium implantation are 
not associated with the Erbium. On the other hand, defects generated by 
Erbium implantation in p-type SiC can be identified with defects specific to 
Erbium. LTPL spectra shown in [30] give evidence for the fact that the Er^+ 
spectrum is only seen in n-type SiC. The authors of [30] suggest that the 
excitation of the Er^+ 4f electrons may occur through the collapse of a donor 
bound exciton at one of the well known damage centers in the top half of the 
bandgap rather than at an Erbium related defect. It is currently not known 
whether the Erbium related defects in the lower half of the bandgap play any 
role in the energy transfer to the Er^+, 4f electrons. 



6 Intrinsic Defects 

Intrinsic defects introduced during growth or processing steps such as ion 
implantation and annealing can have important detrimental effects on the 
electronic properties of device material, e.g., carrier lifetimes. Mid-gap levels 
in particular can be lifetime limiters. 

We cannot review even in the most perfunctory fashion the progress that 
has been made between 1997 and 2002 based on optical studies of intrin- 
sic defects. Rather, we shall focus on three defects: the long-known Dj and 
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Dn centers that persist after anneals up to 1700° C, and the more recently 
classified i?A spectrum, also known as the “alphabet lines.” 

In the early work in the 1970’s, proposals for the structures of defects 
responsible for the Dj and Du spectra were inferred based on clues gleaned 
from experiment. Now theorists perform modern ab initio density functional 
calculations on proposed defect structures. The most useful data from optical 
experiments available for comparison with theory are the vibrational replicas 
due to local modes in photoluminescence spectra. 

6.1 The Di Defect 

Although the Dj photoluminescence (PL) spectrum was discovered and thor- 
oughly investigated in a number of SiC polytypes in the 1970’s, particularly 
by the Westinghouse group and in the Soviet Union, much has been learned 
since 1997. Egilsson et al. [33, 34] studied the Dj bound exciton spectrum 
in AH and 3C-SiC and proposed that the defect is a pseudo-donor. Some of 
the results that we summarize here have been known for a long time, but are 
mentioned here as background to the model. Only a single Dj spectrum, char- 
acterized by a sharp no-phonon line Li at low temperature and its vibrational 
replicas, is observed in 4iJ-SiC [35]. Two spectra might be expected based 
on the number of inequivalent sublattice sites. Photoluminescence time decay 
measurements yield long lifetimes, consistent with an isoelectronic defect. If 
the defect carries an electron or hole in addition to binding the exciton, it 
would be possible for nonradiative Auger processes to compete with radia- 
tive recombination, thus limiting the lifetime. With increasing temperature, 
excited state no-phonon lines Mi and Hi appear along with their phonon 
replicas. Mi and Hi are stronger than Li, suggesting that Li is a forbid- 
den transition. Studies of the temperature dependence reveal that Mi and 
Hi thermalize with Li. The Dj spectrum quenches at temperatures between 
100 K and 250 K. The activation energy of about 57 meV is much less than 
the exciton binding energies of Mi and Hi, which are approximately 356 
and 353 meV, respectively. The interpretation is that either the electron or 
the hole, whichever is more weakly bound, detaches from the complex dur- 
ing thermal quenching. In photoluminescence excitation spectroscopy (PLE), 
the excitation wavelength is scanned while the photoluminescence (PL) over 
a selected band, typically a PL line, is monitored. The PLE spectrum shows 
peaks at the wavelengths of absorption lines that are coupled to the moni- 
tored luminescence. From PLE on Dj in AH-SiC, the Li line is connected to 
Ml, Hi and a weak line Ni on the high energy side of Mi. In addition, a series 
of sharp lines associated with excited states of the bound exciton is observed 
in the range 45 to 65 meV above Li. These lines can be classified into groups 
of up to four lines, and are interpreted as due to a series of hydrogenic excited 
states. A fit based on the simple hydrogenic effective mass theory leads to a 
binding energy of 62 meV and an isotropic effective mass consistent with an 
estimate based on the measured electron effective masses in 4i7-SiC. Egilsson 
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et al. [35] also performed a fit based on Faulkner’s model [36], which applies 
if the electron pocket is an ellipsoid with uniaxial symmetry. The binding en- 
ergy is comparable to the dissociation energy (thermal quenching) , suggesting 
that the electron is the weakly bound particle. Based on these experimental 
observations and interpretations, Egilsson et al. [33]-[35] proposed that Dj 
behaves as a pseudodonor. In this model, the Dj defect in its neutral state 
has a strong hole-attractive potential. When the crystal is excited, the center 
can capture a hole, which is bound strongly. The positively charged defect 
can then bind an electron hydrogenically. The electron behaves analogously 
to the electron in a shallow hydrogenic donor, hence the name pseudo-donor. 
Photon emission returns the defect to its initial neutral state. Storasta et 
al. [37] estimated that the binding energy of a hole to the defect is about 
343 meV and suggested that there should be a hole trap separated from the 
top of the valence band by approximately this energy. 

Magneto-optics provides further details about the electronic structure of 
a defect. Dean et al. [38] performed Zeeman spectroscopy on Di in 6if-SiC 
and suggested a model based on J-J coupling to explain their data. However, 
the applicability of a J-J model can be questioned [34]. Egilsson et al. [39] 
reported Zeeman spectra of Dj in 3C and 4iJ-SiC in magnetic fields up to 
5 T and proposed a new model that seems to take into account the important 
interactions necessary to explain the spectra. The model can be presented as a 
hierarchy of interactions of decreasing strength. The bound exciton complex 
consists of an electron and a hole bound to a neutral defect. The hole is 
assumed p-like, with orbital angular momentum quantum number L\^ = 1 
and spin S'h = 1/2. In the case of 4iJ-SiC, the crystal field splitting of the 
valence band, about 43 meV (see Sect. 3), exceeds the energy spread of the 
Di no phonon lines, which is about 10 meV. The crystal field split valence 
band is excluded by retaining only the Ml = ±1 states, where the axis of 
quantization is the crystal c-axis. (However, note that the binding energy 
of the hole to the complex greatly exceeds the crystal field splitting.) For 
the electron, there are three equivalent conduction band minima for both 3C 
and 4iJ-SiC, so valley orbit splitting is expected. The nature of the splitting 
depends on the site symmetry of the defect, which is not known. For example, 
in 4iJ-SiC, a substitutional effective mass like donor with C^v symmetry has 
A (singlet) and E (doublet) valley orbit levels. The model of Egilsson et al. 
is essentially spherical in nature and makes no explicit mention of site. They 
consider two valley orbit levels, each presumably a singlet. The valley orbit 
levels are treated independently in the remainder of the hierarchy. Each valley 
orbit level is treated as an electron with = 0 and Se = 1/2. Next in the 
hierarchy are the electron-hole exchange coupling S e' S h and the hole spin 
orbit coupling S h' Lh- The two “spin Hamiltonians” for the bound exciton 
(to treat the electron in each of two valley orbit levels) include exchange and 
spin orbit couplings, and the Zeeman effect. The parameters are adjusted to 
fit the Zeeman “fan diagram”. What is learned from this analysis? Eirst, the 
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fits indicate that the spin orbit coupling is weak, consistent with a strongly 
bound hole. The success of the model suggests that site symmetry does not 
play an important role, and no clues about the site symmetry or structure of 
the Di defect are obtained. If Dj consists of more than one primary defect, this 
work provides no evidence for spectral differences related to orientation or 
inequivalent sites. Chen et al. [40] measured Zeeman spectra of Dj in 4i7-SiC, 
using magnetic fields up to 23 T in both Faraday and Voigt configurations, 
and also measured the polarization of the lines. 

What is the defect responsible for the Dj spectrum? At this time there 
is no definitive answer. Eberlein et al. [41] recently speculated that Dj might 
be a nearest neighbor antisite pair. 

6.2 The Dn Defect 

Sridhara et al. [42] observed new low temperature photoluminescence spectra 
in ion implanted and annealed AH and 6i/-SiC epilayers. These spectra per- 
sist after anneals in argon up to 1700°C. The same spectrum was observed 
in 6i7-SiC implanted with five different ions, and in 47J-SiC implanted with 
eight different ions. The logical conclusions are that the defect must be intrin- 
sic and most likely is a complex. The vibrational replicas include two local 
modes in the phonon gap and a number of local vibrational modes (LVM’s) 
beyond the lattice limit of about 120 meV. The spectra called Dn, previously 
observed in 3C [43] and 15i?-SiC [44], are very similar. In fact, the energies of 
five of the prominent high energy LVM’s are common to 3C, AH and 6iL-SiC. 
Therefore, these new spectra are identified as Djj. The primary purpose of 
reference [42] was to warn the reader against blindly associating new spectra 
produced by ion implantation and annealing with the particular ion. Sridhara 
et al. [42] observed the Dn spectrum in AH-SiC epilayers co-implanted with 
boron and carbon, but not in samples co-implanted with boron and silicon. 
This result indicates that carbon plays a role in the structure of Dm 

A good deal is known about the Dn spectrum in AH [42, 45] and 
6H [42, 46] SiC. We shall discuss the 6iL-SiC spectrum. Figure 6 shows a 
6iL-SiC spectrum taken at 7 K [42]. Generally the clearest Dn spectra are ob- 
tained above 2 K so that the overlapping nitrogen bound exciton spectra are 
thermally quenched. At 7 K four no-phonon lines appear, labeled d^ through 
d^. At least seven additional excited states appear with increasing tempera- 
ture [46]. The exciton binding energies to the defect are not very large; the 
greatest is 78.7 meV for line d^. The lowest energy line d^ quenches near 
20 K, while the entire spectrum disappears near 80 K with activation energy 
69 meV. Sridhara et al. [46] suggest that the early quenching of d^ indicates 
that it is a forbidden transition. The decay times of the no-phonon lines are 
long, indicating that Auger processes do not participate and therefore the 
defect is isoelectronic. Since the activation energy for thermal quenching and 
the exciton binding energies are comparable in magnitude, it is not likely that 
one of the electronic particles is much more strongly bound, as is the case for 
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Fig. 6. Dii photoluminescence spectrum of 67/-SiC measured at T = 7 K. No 
phonon lines are labeled d^ through d'*. The rest of the labels mark vibrational 
replicas, where the subscript is the phonon energy in meV. Five prominent local vi- 
brational modes beyond the lattice limit of approximately 120 meV are highlighted 
in bold 



the Di center. Sridhara et al. [46] observed shifts but no splitting of the Du 
no-phonon lines for a sample placed under stress by mounting it to a holder 
using glue. Zeeman spectroscopy reveals that some of the no-phonon lines 
shift, but no splitting of lines is observed in magnetic fields up to 5 T, sug- 
gesting that the transitions are singlet-to-singlet. Similar observations apply 
to the Dn spectrum in 4i7-SiC [42, 45]. 

Theorists are able to calculate the energies of the local vibrational modes 
of proposed models of the Dp center for comparison with experiment. It 
is important to note that the tabulated five local modes above the lattice 
maximum [42] are common to 3C, AH and 6iJ-SiC, but additional high energy 
modes are also observed. Models with one or more C-C bonds are considered 
as candidates for Dp because diamond-like C-C bonds are seemingly the only 
way to obtain high energy local modes for an intrinsic defect. Mattausch et 
al. [47, 48] performed ab initio density functional calculations on clusters of 
3C and 477-SiC for four defects based on interstitial carbon (notation for 
3C-SiC): the carbon antisite Csi, the carbon split interstitial Cgp^ioo) (two 
carbons at a carbon site, with the C-C bond along a (100) direction), the 
carbon-silicon split interstitial Csp,si(ioo> (a carbon and a silicon on a silicon 
site, connected by a bond along a (100) direction), and the carbon split 
interstitial-antisite complex Csp,Csi(ioo) (two carbon atoms on a silicon site). 
Only the last model, the di-carbon antisite, has two LVM’s in the phonon 
gap and five modes beyond the lattice maximum, which are in “reasonable 
agreement” with the measured values. The calculated formation energy is 
comparable to those of the C split interstitials, suggesting that this defect 
can appear in significant concentrations, and its binding energy is compatible 
with stability up to high temperatures. Figure 7 shows a schematic of the 
structure of the di-carbon antisite in the 3C-SiC lattice, with local symmetry 
D 2 d- On a qualitative level, each of the two antisite carbon atoms can be 
regarded as having three bonds with adjacent carbons in a plane, consistent 
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Fig. 7. Schematic diagram of a possible struc- 
ture for the di-carbon antisite in 3C-SiC. The black 
spheres represent carbon atoms. The two C atoms 
in the interior replace a Si atom in the perfect lat- 
tice. Note the five C-C bonds 



with sp^ hybridization. However, there is a 90° twist between the two planes 
of three carbon atoms, so that the “7r-bond” is highly distorted. Depending 
on its charge state, levels in the gap may be occupied, leading to Jahn- 
Teller distortion to C 21 . symmetry. The calculated levels in the gap have not 
been related to the photoluminescence spectrum, nor has the spectrum been 
associated with specific charge states. Mattausch et al. [47] propose that the 
di-carbon antisite is formed via the combination of two mobile carbon split 
interstitials and a Si vacancy. 

Koshka and Melnychuck [49] investigated the depth distribution of the Dj 
and Dn defects in nitrogen implanted and annealed 6i7-SiC homoepitaxial 
layers. The depth dependence was determined by measuring photolumines- 
cence spectra after successive reactive ion etching steps. They observe Dp 
photoluminescence within the penetration range of the ion implantation, but 
see Di photoluminescence from depths beyond this range. They suggest that 
the defects responsible for the formation of Dp do not diffuse significant 
distances on the scale of resolution of this experiment (about 0.1 |4m). 



6.3 The Ea. Spectrum 

It has long been known that after implantation with ions, neutrons or elec- 
trons the near band edge photoluminescence (free excitons, donor and ac- 
ceptor bound excitons) vanishes or is greatly reduced, while a forest of lines 
can appear at longer wavelengths. The damage spectra evolve with anneal- 
ing, and after annealing at sufficiently high temperature we are left with the 
persistent Dj and Dp spectra and some recovery of the near band edge emis- 
sion. The complex spectra that appear after irradiation and their evolution 
with annealing have not been studied in detail until recently. Electron irra- 
diation is particularly convenient for this purpose because it can introduce 
defects homogeneously throughout a sample with relatively low damage to 
the crystal. 

Egilsson et al. [50] investigated a spectrum that appears in 4iJ-SiC after 
room temperature irradiation by 2 MeV electrons. Although the spectrum 
appears in both n- and p-type material, it is strongest in epilayers with low 
residual doping. Very little happens due to annealing below 750°C. Annealing 
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stages above 750°C lead to reduction of the lower energy lines and enhance- 
ment of many of the higher energy lines. After annealing at 1500°C, only 
the Di spectrum remains. At least forty no phonon lines appear in the Ea 
spectrum over the range 2. 8-2. 9 eV (4415-4265 A), including excited states 
that appear at temperatures above 2 K. Most of the lines are polarized E -Lc. 
The spectrum begins to quench at 100 K. Based on photoluminescence ex- 
citation spectroscopy, the spectra can be classified into twelve groups each 
containing two to four lines. The groups were named with letters a, b, c, ...1 
starting at the lowest energy, with subscripts to distinguish the members of 
the group. Due to this choice of notation, this spectrum is sometimes called 
the “alphabet lines” . It is proposed that each group is associated with a dis- 
tinct isoelectronic defect. The defects are thought to be isoelectronic because 
the photoluminescence decay times are long. Also, the lowest energy line in 
a group has relatively low oscillator strength indicating that it is a forbidden 
transition, a common occurrence for isoelectronic defects. The Zeeman split- 
ting [51] of the line d^ is similar to Dj in 4H and 6i7-SiC, whereas the Zeeman 
spectrum of line c^ shows no dependence on the orientation of the magnetic 
field relative to the crystal c-axis or evidence for zero field splittings. This 
result illustrates that all twelve groups do not show the same behavior. 

Steeds et al. [52] varied the energy of the irradiating electrons using an 
electron microscope. Based in part on the appearance of the Ea spectrum, 
they argue that the threshold energies for displacement of C and Si atoms are 
about 90 keV and 225-250 keV, respectively. Sridhara et al. [53] continued 
this work and showed that the Ea lines created using 200 keV and 300 keV 
electrons are no different, except in relative intensity, indicating that the 
centers are related to C rather than to Si. 

Eberlein et al. [41] used the results of cluster calculations on defect models 
to argue that the centers responsible for the Ea spectrum are Si antisites 
perturbed by nearby defects such as C antisites. According to their results, a 
neutral Si antisite can trap a hole. However, the C antisite has no occupied 
levels within the bandgap of 4iJ-SiC. The level of the hole trap is shallower 
for a Sic-Csi pair than for an isolated Si antisite. They also propose a process 
for the formation of antisite pairs. 



7 Stacking Faults and Nano-Polytypes 

In a series of papers [54]-[56] the effects of long term forward voltage opera- 
tion on 4iJ-SiC pn junctions was elucidated. After electrically stressing the 
diodes for long periods of time an increase in forward voltage drop was ob- 
served. Characterization of these diodes with cathodoluminescence, photolu- 
minescence lifetime mapping and synchrotron white beam X-ray topography 
showed newly created defects which could be correlated with the softening of 
the forward characteristics. 
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The structural defects were interpreted to be stacking faults in the 4iJ-SiC 
basal plane. These features were observed to be acting as recombination cen- 
ters which reduced the intensity of the luminescence and lifetime of the ma- 
terial in the regions identified with the increase of the static forward voltage 
drop in the 4i/-SiC pn diodes. In [56] the authors show a new and previously 
unreported set of luminescence lines associated with the entire stacking fault 
area in their stressed diode samples. They show photoluminescence spectra 
from 2 K to 250 K in the region from 415 to 440 nm. It was suggested that 
these stacking faults give rise to local potential fluctuations corresponding 
to a reduction in bandgap. This potential is imagined to attract and bind 
carriers and excitons which then recombine with phonon participation. The 
stacking fault has a two dimensional extension which resembles a quantum 
well like structure. 

Following up on the observations of the relation between stacking faults 
and associated low temperature recombination radiation the authors of [57] 
made a careful study of spectra associated with stacking faults in thick and 
very pure 4i7-SiC epitaxial films grown in hot-wall CVD reactors. Low tem- 
perature photoluminescence (LTPL), optical lifetime measurements and elec- 
tron microscopy were used in these studies. A series of LTPL lines in the 
range from 410 nm to 432.5 nm, not ordinarily seen in pure 4iL-SiC spectra, 
was clearly identified with a stacking fault region in the sample under study. 
These lines are similar to the ones reported in [56]. A more detailed look at 
the additional features that are seen in the regions of these samples corre- 
lated with stacking faults reveals a surprising wealth of additional LTPL lines. 
All the epitaxial 4i7-SiC films investigated were extremely pure (n-type low 
10^^ cm“^ to low 10^"^ cm“^) and hence the intrinsic exciton peaks dominate 
the 4iL-SiC bandedge spectrum. In Fig. 8 we see two sets of lines that are 
normally not present in the LTPL spectrum of 4iL-SiC. A close inspection 
reveals that they are two sets of the familiar intrinsic exciton phonon replicas 
and using the 75 meV free exciton phonon replica as the reference in both 
spectra one obtains, Eqx, the exciton band gaps to be 3.030 eV and 2.977 eV. 
These gaps are close to the normal values of Eqx at 2 K for 6i7-SiC and 15i?- 
SiC, respectively. On Fig. 9 we have three more such intrinsic exciton spectra 
with exciton gaps of 2.931 eV, 2.863 eV and 2.797 eV. These spectra are 
assigned to 21i? SiC, 8H SiC and the third one is somewhat uncertain but 
could be lOiJ-SiC. In Fig. 10 we attempt to pull together the information 
presently known about imbedded nanopolytypes which was published in [57] 
and has subsequently been added to in our Laboratory. In Fig. 10 we plot 
Eqx as a function of hexagonality. It has been shown in the past that Eqx 
values for a number of polytypes lie on a straight line which connects 3C-SiC 
(0.0 hexagonality) with 4iJ-SiC (0.5 hexagonality). However, 15i?-SiC (0.4 
hexagonality) and 277-SiC (1.0 hexagonality) are known not to lie on this 
line. The arrows on Fig. 10 point to the energy positions on the “polytype 
line” for the observed values of these nano-polytypes embedded in 4iJ-SiC 
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Fig. 8. Free exciton phonon replica spectra with exciton bandgaps of 3.030 eV and 
2.977 eV embedded in a 477-SiC epitaxial film. The phonon replica lines are given 
in meV 
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Fig. 9. Free exciton phonon replica spectra with exciton bandgaps of 2.931 eV, 
2.863 eV and 2.797 eV embedded in a 4i7-SiC epitaxial film. The phonon replica 
lines are given in meV 
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Fig. 10. A plot of exciton energy gaps Eqx as a function of hexagonality for 
nano-polytypes of SiC embedded in 4H-SiC. The solid line is a segment of a line 
connecting Fqx of bulk 3C-SiC (zero hexagonality) with Fgx of bulk 41/-SiC. 
This straight-line relationship is known to deviate for Eqx of bnlk 157?-SiC and 
2H-SiC. The arrows point to the Fgx values of the embedded nano-polytypes found 
primarily in 4H-SiC grown in hot-wall CVD reactors. A question mark means that 
the polytype assignment is either somewhat uncertain or actually unknown 



epitaxial films. The observed gaps are consistent with the hexagonality of 6H, 
21R, 8H and likely the lOH polytypes of SiC. Five lower energy values of 
Eqx which have been observed are designated with question marks since no 
reliable correlation exists between hexagonality and exciton bandgap. Three 
exciton energy gap values related to SC-SiC are shown. One has the normal 
exciton energy band gap value and is likely from a large 3(7 inclusion in the 
sample. However, two spectra yield bandgaps below the normal 3(7 exciton 
energy gap value. This shows that there is a considerable red shift associated 
with these 3(7 nano-polytypes. It has been shown in [58] that spontaneous 
polarization is an important effect for hexagonal SiC and in [59] that multi- 
quantum well structures of 4H and 3(7-SiC can show a red shift in the 3(7-SiC 
luminescence due to spontaneous polarization of as much as 170 meV. This is 
consistent with the “starred” energy gaps shown for two of the 3(7-SiC nano- 
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polytypes in Fig. 10. A detailed theoretical article by Lindefelt and Iwata at 
pp. 89 of this volume considers the electronic properties of stacking faults 
and thin cubic inclusions in SiC polytypes. 



8 Optical Characterization of Wafers 

Optical lifetime measurements which can be applied to wafers were treated 
extensively in [60] and the reader is urged to consult this paper preparatory 
to reading this section. We now survey optical techniques published since 
1997 and which are finding utility in the field. 

Non-destructive thickness determinations of low doped smooth epitaxial 
films deposited on heavily doped wafers may be obtained by means of room 
temperature infrared reflectance measurements [61, 62]. Interference fringes 
are obtained and by comparing the measured reflectance spectra to calculated 
spectra, highly accurate estimates can be obtained for the thicknesses of the 
epi films. The origin of the interference fringes comes from the difference 
in free carrier concentrations between the heavily doped substrate and the 
epi film. A sufficiently highly doped substrate will have an optical index 
of refraction which is sufficiently different from the epi film so that over a 
certain wavelength region clear interference fringes appear and can easily 
be measured. From these measurements thickness contour maps of 4i7 and 
6i7-SiC epi films have been generated. 

In [63] micro Fourier transform infrared (FTIR) instrumentation has been 
used to determine the spatial distribution of the carrier concentration and 
mobility in SiC wafers. Measurements are made at room temperature in the 
reststrahlen region for 4i7 and 6i7-SiC. The carrier concentration and mo- 
bility are derived from reflectance spectra based on the dielectric function 
of phonons and plasmons. This method was tried out on both intentionally 
inhomogeneously doped n-type wafers as well as commercial wafers. Electron 
concentration and mobility maps obtained from the optical data are shown 
for AH and 6i7-SiC wafers. 

A room temperature photoluminescence (PL) scanning apparatus is re- 
ported in [64] which uses a frequency doubled argon ion laser at 244 nm for 
the excitation of the wafer surface. The spatial resolution is 1 |4m and an area 
of 10 X 10 cm^ can be scanned with a spectral resolution of 1 nm in the range 
from 0.3 |4m to 1.7 |4m. Micropipes have been revealed with this apparatus 
without the need to etch the sample. The authors show that the effect of 
non-radiative traps around dislocations yields a loss of PL signal in those 
regions. By measuring the integrated PL intensity at 392 nm for 4i7-SiC, the 
integrated intensity at 423 nm for 6i7-SiC and the integrated intensity at 
520 nm for 3C-SiC, a wafer map is generated which will indicate polytype 
inclusions in large diameter wafers. Polytype maps have been generated on 
two inch wafers with a spatial resolution of 200 |4m. 
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Room temperature mapping of the luminescence decay of lightly doped 
n-type 4i/-SiC was reported in [65]. Excitation in this apparatus is by means 
of a quadrupled Nd:YAG laser at 266 nm. The spot size that is attainable 
with this arrangement is 10 x 15 |4m^. No spectral selection of the PL light is 
used and the shortest decay time that is measurable is 12 ns. An assumption 
is made that there is a single exponential decay time. Large differences of the 
decay time were observed as intensity coded squares across a Cree epilayer 
with 50 |J,m thickness and a doping level of 7.5 x 10^^ cm“^. 

Characterization of bulk and epitaxial two inch wafers of 477-SiC is 
demonstrated in [66]. Here the wafers are placed in the bath of a cryostat 
which is mounted on a movable support. The luminescence excitation is ei- 
ther from a frequency doubled argon ion laser at 244 nm or an Ar"*" laser at 
351 nm. Detection is by an ultraviolet (UV) sensitive charge coupled device 
(CCD) array. Different positions on the wafer are accessed by letting a step- 
ping motor run the movable support from grid point to grid point. Spectra 
are recorded for a 20 nm region appropriate for AH, 6H and 15i?-SiC. It 
is shown how different calibration methods may be used to generate doping 
maps in a variety of doping regimes. The dynamic range possible for nitrogen 
doping concentration using this technique extends from a low of 10^^ cm“^ 
to a high of 10^® cm“^. 

Tajima et al. [67] have recently developed a room temperature photolu- 
minescence mapping system applicable to 300 mm silicon-on insulator (SOI) 
wafers. In [68] Professor Tajima informs us that this system is currently being 
re-engineered for use with large SiC wafers. For this reason it is interesting 
here to call attention to the capabilities of this system for photoluminescence 
mapping of SOI wafers with 300 mm diameters: 

(a) UV, visible and near infrared excitation capability, 

(b) Monochromatic detection of the photoluminescence from 800 nm to 

1700 nm for bandedge and deep level emissions, and 

(c) Macroscopic mapping of a full 300 mm diameter wafer and microscopic 

mapping of selected regions with a maximum resolution of 1 |4m. 

Presumably, in the new SiC system the range of wavelength will be expanded 
down to 244 nm or 266 nm. As production of large diameter wafers of AH and 
6i7-SiC with and without epilayers steadily increases, such a rapid optical 
characterization device will find great utility. 
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Cyclotron Resonance Studies 

of Effective Masses and Band Structure in SiC 



N.T. Son, C. Persson, U. Lindefelt, W.M. Chen, B.K. Meyer, 
D.M. Hofmann, and E. Janzen 



1 Introduction 

Many fundamental physical properties of semiconductors are governed by the 
structure of the energy bands. Electrons in the conduction band (CB) or holes 
in the valence band (VB) have an effective mass m* or m^, respectively, which 
is usually anisotropic depending on the shape of the corresponding bands. Ef- 
fective masses can be calculated from the curvature of the energy bands or 
can be experimentally determined through their correlation with other pa- 
rameters in processes involving the transport of electrons and/or holes. In 
the 1960s Hall effect and infrared Faraday rotation [1, 2] were used to de- 
termine electron effective masses in 6H- and 15i?-SiC. Other experimental 
methods such as Zeeman splitting of photoluminecence lines, magnetoresis- 
tance, infrared light reflection, and far-infrared absorption [3]-[8] were also 
employed to study electron effective masses in common polytypes. In those 
experiments, effective mass values were determined rather indirectly via other 
parameters using theoretical models. The lack of reliable experimental data 
due to low crystalline quality of the 6H- and 15i?-SiC in those days together 
with the use of an over-simplified effective mass model have resulted in largely 
scattered values of the effective masses. 

The most direct method for determination of effective masses is cyclotron 
resonance (CR). The first successful electron CR experiment in SiC was per- 
formed by Kaplan et al. [9] in the 3C polytype. The results were later on 
confirmed by Kono et al. [10] and also by theoretical calculations [11]-[18]. 
In the high-frequency CR studies [10], Kono et al. also observed a broad peak 
in transmission spectra performed at a wavelength of 119 pm in p-type 3C- 
SiC. The peak corresponds to an effective mass of 0.45 mg (mg is the mass 
of the free electrons) and was interpreted as a CR of the light hole of the 
degenerate valence band. Even at such high frequencies, the resolution was 
still not enough to provide reliable data. This value is quite different from 
the value of hole effective masses obtained by different theoretical calcula- 
tions [13]-[17],[19]. For 3C-SiC, CR experiments using far-infrared radiation 
have successfully determined the electron effective masses [9]. For the hexag- 
onal polytypes, conventional CR experiments were not able to detect any 
well-defined CR signal from either electrons or holes. The reason is due to 
too low carrier mobility in the material, especially in the substrates, which 
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often have much higher concentrations of impurities and defects compared to 
epitaxial layers grown by chemical vapour deposition (CVD) . The scattering 
by impurities and defects reduces the carrier momentum relaxation time r. 
Because of this, the requirement for obtaining a well-defined cyclotron res- 
onance, u>cT > 1 {ujc is the cyclotron resonance angular frequency), could 
not be satisfied and hence the CR feature is not distinguishable from the 
background signal. There are two ways to fulfil this requirement. The first 
approach is to increase Wc by performing the CR experiments at higher fre- 
quencies using far-infrared radiation as has been successfully demonstrated 
in the CR studies of SC-SiC [9, 10]. However, no such CR study has been 
reported for hexagonal polytypes so far. The second approach is to increase 
T. Since the relaxation time r is governed by carrier scattering processes, it 
can be increased by using samples of high crystal quality and low impurity 
concentration and/or by photo-neutralization of ionized scattering centers. 
High purity samples are essential, especially for CR experiments performed 
at low frequency radiation in the microwave (MW) frequency range. This 
approach is carried out by using optical detection of cyclotron resonance 
(ODCR), which was first used by Baranov et al. [20] in germanium. In the 
ODCR experiments, the effect of carriers under cyclotron resonance condi- 
tions on radiative carrier recombination as monitored by photoluminescence 
(PL) is measured, instead of a direct detection of the absorption of the elec- 
tromagnetic radiation as is done in the conventional CR measurements. The 
mechanism for ODCR of electrons in AH- and 6iL-SiC has been suggested 
as due to a lattice heating effect [21]. This optical excitation and detec- 
tion allows one to select only PL emissions of interested spectral regions in 
the pure epitaxial layers to avoid the influence from high-doped substrates. 
General aspects of cyclotron resonance have been described in our previous 
review [22]. 

ODCR experiments [23, 24] have been used to determine the electron ef- 
fective masses in 4iL-SiC. The obtained values [24] are in excellent agreement 
with theoretical calculations [12],[14]-[18],[25]. For the 6iL polytype, due to 
poor resolution (very broad ODCR signals), the anisotropy of electron effec- 
tive masses in 6iL-SiC has not been resolved. So far, only two components, 
one along the c-axis (the longitudinal mass me\\) and the other ~ the average 
effective mass value in the basal plane (the transverse mass me±) - have been 
determined [26]. The results are also in agreement with calculations [14]-[17], 
but a large uncertainty in the experimental data still remains. The anisotropy 
of the electron effective mass tensor observed by ODCR [26] could explain 
the sizable anisotropy of the electron Hall mobility in 6iL-SiC as measured by 
Hall effect [27, 28] . Recently, based on the Boltzmann transport equation and 
using the average in-plane mass determined by ODCR [26] at low tempera- 
tures to fit the anisotropy of the electron Hall mobility [27, 28], Iwata [29] was 
able to obtain the electron-effective-mass tensor with principal mass values 
in good agreement with theoretical calculations [14]-[18],[25]. However, the 




Cyclotron Resonance Studies of Effective Masses 439 



fits used the transverse mass value [26] me± = 0.42mo, which is about 15% 
smaller than the more reliable value [51] m-ej, = 0.485mo with assuming the 
relaxation time and electron scattering are isotropic. However, it is not clear 
if this assumption is relevant for the hexagonal SiC crystal, especially with 
the presence of structural defects, such as micropipes, stacking faults and dis- 
locations, point defects and impurities. The model was suggested [29] to be 
more suitable for the high temperature region, where the phonon-scattering 
processes become dominant compared to the scattering by impurities. As 
will be seen later, however, the lowest CB in 6iJ-SiC is very flat along the 
ML-line [16] and has a curvature (effective mass) that should be strongly 
fe-dependent. Therefore, in the high temperature region the electrons in this 
band occupy a relatively large portion of the Brillouin zone (BZ), and the 
whole concept of a fc-independent electron effective mass in 6iJ-SiC becomes 
questionable. 

The purpose of this paper is to review the current status of cyclotron 
resonance studies in SiC. Section 2 gives a brief description of the latest 
picture of the band structure and the effective masses in cubic and hexagonal 
SiC obtained from first-principles relativistic calculations. ODCR studies of 
hole and electron effective masses in AH- and 6i?-SiC are presented in Sect. 3. 



2 Band Structure and Effective Masses 
from Calculations 

The present theoretical study of the electronic structure and the effective 
masses of SiC is based on the local density approximation (LDA) , employing 
a first-principles full-potential linearized augmented plane wave (FPLAPW) 
method [30]. The spin-orbit interaction is treated variationally outside the 
self-consistency loop (see [15]-[17] for more details). The point-group nota- 
tion [31] of the irreducible representations /^(s) of double- and single-groups 
depends for certain fc-points lying on the BZ surface on the choice of atomic 
positions. In this work, a Si atom is positioned at (2/3, 1/3, 0) in 2i7-SiC, in 
units of the primitive vectors, and at (0, 0, 0) in 3C-, AH-, and 6iJ-SiC. 

2.1 Electronic Band Structure 

The LDA electronic band structures of cubic {T^)3C-SiC and of hexagonal 
(C|^) 2H-, AH-, and 6iL-SiC are presented in Fig. 1, where the fc-point la- 
belling is defined by Fig. 2. With the quasi-particle (QP) model by Bechstedt 
and del Sole [32] we correct the LDA band-gap energies with a constant en- 
ergy shift Ag. The correction is based on the difference in zero-temperature 
self-energies obtained from the LDA and the GW approximation [32]. The 
LDA-I-QP fundamental band-gaps are Eg-\-Ag = 2.46, 3.28, 3.35, and 3.10 eV, 
for 3C-, 2H-, 4H-, and 6iL-SiC, respectively, which are very close to measured 
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Fig. 1. Electronic band structure near the energy gap of 3C-, 2H-, AH-, and 6H- 
SiC. Note that the LDA band-gap energies have not been corrected, and that most 
part of the forbidden band gap is not shown 



values (Table 1). It is seen from Table 1 that Z\g is essentially independent of 
popytype, which means that for these polytypes LDA gives the correct band 
gap variation. 

Whereas both Si and diamond have their CB minima along the A-line, 
the lowest CB minimum of 3C-SiC is located at the X-point (with D 2 d point- 
group symmetry). Also the second minimum is at the X-point, and the energy 
difference between the two minima is [16] A(Xc6(i) — Xc 7 ( 4 )) = 2.92 eV. The 




Fig. 2. Brillouin zones of (a) cubic 3C-SiC and (b) hexagonal SiC structures 
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Table 1. Lattice constants a and c/p (in units of A), where p is the number of 
hexagonal bilayers (p = 2,4,6 for 2H-, AH-, and 6iL-SiC). Fundamental band-gap 
energy Eg (in eV) with and without QP correction Z\g. The crystal- field Ad and 
spin-orbit Ago split-off energies 







Ref. 


3C-SiC 


2E-SiC 


4i7-SiC 


6E-SiC 


a 


LDA 




4.343 


3.061 


3.067 


3.080 




Expt. 


[33] 


4.360 


3.076 


3.073 


3.081 


c/p 


LDA 






2.517 


2.508 


2.519 




Expt. 


[33] 




2.524 


2.513 


2.520 


CB min. 


LDA/Expt. 


[33]-[36] 


X 


K 


M 


U 


En 


LDA 




1.30 


2.13 


2.18 


1.97 


Eg + Ag 


LDA+QP 




2.46 


3.28 


3.35 


3.10 




Expt. 


[33] 


2.40 


3.33 


3.29 


3.10 


Ad 








131 


50 


38 


Ago 


LDA 




14.5 


00 

bo 


8.4 


8.1 




Expt. 


[37, 38] 


10 






7 



measured value is 3.1 eV [39]. lu 2iL-SiC, the lowest CB miuimum is at the K- 
poiut symmetry) , whereas the CB miuimum of 4iL-SiC is at the M-poiut 
{C 2 v symmetry) aud of 6iJ-SiC aloug the ML-liue (also C 2 v symmetry). 

Thus, 2iJ-SiC has two, 4iL-SiC has three aud 6iJ-SiC has six equiva- 
leut miuima iu the first BZ. The secoud lowest CB miuimum is located at 
the M-poiut for all three hexagoual SiC polytypes aud cousequeutly iu 4H- 
SiC, like iu 3(7-SiC, there cau be direct trausitious betweeu the two miuima. 
The euergy differeuce betweeu the two lowest miuima is small iu 4iL-SiC 
[E(Mc 5 (i) — Mc 5 ( 4 )) = 0.12 eV], which is close to the optical phouou euergies 
of 0.10-0.12 eV [40]. The secoud baud will therefore iuflueuce the electrouic 
trausport properties at high temperatures aud/or wheu high electric fields are 
applied. Iu 2iL-SiC (6iJ-SiC) the secoud miuimum is 0.60 (1.16) eV above 
the lowest CB miuimum. 

The lowest CB of 6i?-SiC is very flat aloug the ML-liue (Fig. 3). The 
differeuce iu euergy betweeu the miuimum aud the M- (L-) poiut is ouly 
5.3 (45.6) meV. Siuce the miuimum is uot at a symmetry poiut, the baud 
has a double-well-like uature (a “camel’s back”) aloug the LML-liue with 
M as a saddle poiut. Therefore, drift of electrous cau easily occur betweeu 
the two close-lyiug miuima at applied electric field, which will have a direct 
cousequeuce ou the electrouic trausport. The uou-parabolic curvature aloug 
the ML-liue cau be described by the polyuomial: 

£ci(^||) = £ci(fcM) - (aifc||)^ + (a2fc||)‘^ - (aafey)® , 



( 1 ) 
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Fig. 3. (a) The shape of the lowest CB in 6-ff-SiC along the ML line. Open circles 
show the Htted polynomial of (1). (b) Density-of-states of the CB [41]. Dotted line 
represents a parabolic approximation of the CB minimum 



with the fitted parameters oi = 1.102 A(eV)^^^, 02 = 2.980 A(eV)^^^, and 
03 = 2.961 A(eV)^/®. Figure 4 shows how the constant energy surface turns 
from a double-well into a more ellipsoidal shaped minimum as the energy 
increases. A strong effect on the electronic mobility due this non-parabolicity 
has been seen in recent Monte Carlo studies of SiC based MESFETs by 
Bertilsson et al. [42]. 

In order to investigate if the ML curvature changes with temperature or 
pressure, we have performed a LDA calculation with the lattice constants a = 
3.089 A and cjp = 2.528 A, which represent the crystal at the temperature 
~700 K. The CB minimum was almost unaffected by this change in volume. 
However, a many-particle calculation of doping-induced effects in SiC [18] 
shows that band filling (rie ~ 10^® cm“^) of the CB strongly modifies the 
band curvature, whereas the electron-optical phonon coupling has only a 
relatively small affect. 

Despite similar values of the calculated lattice constants and band-gap 
energies between different authors [11]-[17],[19],[25], the calculated values of 
the crystal field splittings for hexagonal polytypes are significantly different. 
The present values are = 131, 50, and 38 meV for 2H-, 4H-, and 6H- 
SiC, respectively [17]. Other calculated values are 132, 66, and 46 meV by 




a:2.0meV b: 5.5 meV c:l2.0meV 



Fig. 4. Constant energy surfaces E{k) of 
the double- well-like CB minimum in 6i7-SiC 
for the energies E{k) = (a) 2.0, (b) 5.5, and 
(c) 12.0 meV referred to the conduction- 
band minimum (see also Fig. 3) 
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Lambrecht et al. [14], and 97, 56, and 36 meV by Kackel et al. [19]. The reason 
for this deviation is the different internal positions of the hexagonal layers 
[17]. Changing the internal lattice parameter in 2iJ-SiC by 0.2% changes Act 
by as much as ~22%, whereas the affects on the hole effective masses are 
almost negligible [17]. Experimental A^f values for the 4H [43] and 6H [44] 
polytype are ~60 meV and 42-44 meV, respectively. 



2.2 Effective Masses 



The effective mass tensor m{k) is defined as l/m{k)ij = ±d^E{k)/h'^dkidkj, 
where +(— ) stands for electrons (holes). We determine the effective masses 
in the three principal directions directly from the FPLAPW electronic ener- 
gies. Although the Si-C bonds in SiC are covalent, carbon atoms are more 
electronegative than silicon atoms and hence the material is partly ionic. 
Therefore, when vibrating, the longitudinal optical (LO) phonons will build 
up an electric field along the direction of vibration. This field will interact 
with electrons and holes (known as the polaron effect), resulting in a change 
in the effective masses. The polaron mass rrip can be estimated from the 
energy of the LO phonon, and the dielectric constants kq and Kqo, as- 

suming non-degenerate bands, harmonic oscillation of the ions, interactions 
only with long wavelength phonons (with constant wlo)> the effective 
mass approximation [18, 33, 45, 46]: 



1 - O.OOOSa^ 

rrir, = m ■ ^ ^ 

P l-a/Q + 0.0034a2 



m • (1 — a/6) ^ , 



(2) 



where the Frohlich constant a is defined as: 



e^y^2mwLo7A / I 1 

STTKofF^LO V ^oo ^0 



(3) 



Experimental values of the crystal parameters are hw\^ = 121 meV, kq = 
9.72, and Kqo = 6.52 for 3C-SiC and fiWLO = 120 meV, kq.j. = 9.66, Ko.|| = 
10.03, Koo.± = 6.52, and Koo,|| = 6.70 for 6i7-SiC [33, 47]. For 2H- and 4H- 
SiC we use the parameters of 6i7-SiC since infrared optical properties are 
similar for the hexagonal polytypes [33, 48]. 

The location of the minimum determines if the masses can be anisotropic 
or not. 2i7-SiC has therefore isotropic transverse masses, whereas the other 
investigated minima of a-SiC show strong anisotropy. We present our calcu- 
lated LDA electron effective masses of the lowest and the second lowest con- 
duction band minima in Table 2. Most calculations [11]-[17],[19],[25] yield 
similar values of the electron effective masses. One exception is the longi- 
tudinal mass in 6i7-SiC. For instance, early QP calculations by Wenzien et 
al. [12] located the 6i7-SiC minimum at the M-point, which resulted in a 
very small mass value: toml = 0.51too. Their corresponding LDA value was 
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Table 2. The electron effective masses and corresponding polaron masses nip of the 
two lowest CB minima, a, b, and c are from [12, 13, 25], respectively. The subscripts 
on the effective masses denote the fc-space direction of the mass-tensor 



Polytype 


Effective 

mass 

(nio) 




First minimum 


Second minimum 


This work 


Other calc. 




This work 








m 


mp 


m 




m 


mp 


3C-SiC 


mil 


0.68 


0.73 


0.67=*, 0.60'^ 




1.00 


1.10 




m± 


0.23 


0.24 


0.24®, 0 . 29 '" 




0.25 


0.26 


2H-SiC 


m„ 


0.26 


0.27 


0.25^", 0.27'^ 


mML 


1.07 


1.18 




m± 


0.43 


0.46 


0.43^", 0.45'^ 


mMr 


0.96 


1.05 












niMK 


0.14 


0.14 


4H-SiC 


niML 


0.31 


0.33 


0.19*", 0.3T^ 




0.71 


0.77 




niMr 


0.57 


0.61 


0.60*^, 0.58'^ 




0.78 


0.85 




niMK 


0.28 


0.29 


0.28*", 0.28"^ 




0.16 


0.17 


6H-SiC 


niML 


1.83 


2.07 


0.51*", 1.42'^ 




0.56 


0.60 




niMF 


0.75 


0.81 


0.71'^, 0.77"^ 




1.08 


1.19 




niMK 


0.24 


0.25 


0.30*", 0.24"^ 




0.17 


0.18 



toml = 1-95too. It was suggested by Lambrecht et al. [25] that renormaliza- 
tion due to the polaron effects could be the reason for the deviation between 
their calculated results (rn-ML = 1.42mo) and the early measurement (2.0mo) 
by Son et al. [26] Although, the polaron coupling is strong in QH-SiC, this 
effect alone is too small to explain the deviation. We conclude that the very 
flat and non-parabolic CB in combination with its sensitivity to band fill- 
ing requires a careful theoretical analysis in order to compare calculated and 
experimental results. 

In order to calculate the hole effective masses, it is crucial to include the 
spin-orbit interaction (Fig. 5). The reason for the very strong effect on the 
masses even in relatively light materials, like SiC, is the splitting of the VB 
degeneracy caused by the spin-orbit interaction ® D 1/2 F 7 0 Fg in 
Td symmetry). The spin-orbit interaction thus changes the symmetry of the 
eigenfunctions in the vicinity of the maximium [15], and consequently it also 
changes the curvatures of the bands. The spin-orbit split-off energy in 3C-SiC 
is calculated to be Ago = 14.5 meV, which is larger than the experimental 
value of about 10 meV [37, 38]. The LDA split-off energies of 2H-, 4H-, 
and 6i7-SiC are very similar: Ago = 8.8, 8.6, and 8.5 meV, respectively. A 
measured value of ~7 meV for 6i7-SiC has been reported by Humphreys et 
al. [38]. The constant energy surfaces of the three uppermost VBs in 3C-SiC 
are shown in Fig. 6a, both without and with spin-orbit interaction included. 
The very noticeable protuberance in the E direction for the hh-hand implies 
an extremely large hole effective mass of mpK = 15.0mo, which is reduced 
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E a3C-SiC ^ 




Fig. 5. The VB maximum of (a) 3C-SiC and (b) 4iif-SiC. We show 10% of the 
total length to the BZ boundary. The solid (dotted) lines represent LDA calculations 
with (withont) spin-orbit coupling. The dashed lines depict the curvatures from the 
k p parameterization of (4) and (6). 2H- and 6ff-SiC look very similar to 4ff-SiC 




a; 3C without 




b: 



TeCK 



Fig. 6. Constant energy surfaces around F for the three uppermost VBs in (a) 3C- 
and (b) 4JT-SiC (1 and 4 meV below each VB maximum, respectively) without and 
with spin-orbit interaction (Hbo) 
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to 1.32 Too when spin-orbit interaction is taken into account. The effective 
masses in the A and A directions remain essentially unchanged. Moreover, 
the so-band becomes spherical. The three uppermost VBs of 3C-SiC can be 
parametrized according the k p approximation [16]: 

Shh,lh{k) = , 

£so{k) = — Aso + - — , (4) 

ZrriQ 

where f{9, ip) = sin^ 9 cos^ ip sin^ (p + sin^ 9 cos^ 9. The spin-split is small (see 
Fig. 5), and the above parametrization assumes equal spin-up- and spin- 
down-like states [£jq(fc) = eji{k)]. The parameters for 3C-SiC are A = —1.96, 
\B\ = 0.30, and jCj = 2.27. 

The hole effective masses depend strongly on fc-direction. An average mass 
value can be obtained by integrating over angles [16]. 



^hh,lh 



-mo 



(a ± /„ • y/S2 + C‘^a^ 



where 





C^f{9,p)-a 
52 + C^a 



sin{9)d9d(p . 



( 5 ) 



By custom, (5) has been used with Jq, = 1 and a = 1/6, derived by Lax and 
Mavroides [49]. However, a Taylor expansion of la reveals [16] that better 
accuracy is obtained with /q, = 1 and a = 1/5. 

Also in the hexagonal SiC polytypes the spin-orbit interaction affects the 
VB maximum. Fig. 6b shows the constant energy surfaces for 4i7-SiC. Pa- 
rameterization of the three uppermost VBs can be done with k p expressions, 
valid for wurtzite structures if the crystal-field splitting is sufficiently large 
[16]: 






Svsik) 



2 2m|| 2m_L 



WqA 2 „ 




(6) 



The longitudinal and transverse hole masses for the two uppermost bands 
are obtained as my = — mo/c and m± = —mo/d. The parameter d” is found 
to be 1.33, 1.39, and 1.41 for 2H-, AH-, and 6i7-SiC, respectively. The trans- 
verse mass for the first (second) VB is decreased (increased) by a factor of 
about 5 (2) when the spin-orbit interaction is included. The third VB is 
not affected by the spin-orbit interaction in the vicinity of the F-point, but 
in the S direction the spin-split is strong when the split-off band and the 
crystal-field split band interact (see Fig. 5). 
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Table 3. Hole effective masses calculated with spin-orbit interaction 



Poly- 

type 


Hole mass 
mo 


Band # 1 


Band ^ 2 


Band # 3 


This 

work 


[13, 14] 


This 

work 


[13, 14] 


This 

work 


[13, 14] 


3C-SiC 


mrx = ui[ioo] 


0.59 


0.59=* 


0.43 


0.43” 








mpK = ?U[iio] 


1.32 


1.35=* 


0.31 


0.34” 


0.51 


0.50” 




mrL = 


1.64 


1.68=* 


0.30 


0.32” 










1.11 




0.33 




0.51 




2H-SiC 


mil 


1.55 


1.52*’ 


1.52 


1.51*’ 


0.20 


0.21*’ 




m_L 


0.59 


O.Ol*’ 


0.56 


0.61*’ 


1.51 


1.35*’ 


4i7-SiC 


my 


1.62 


l.OO*’ 


1.42 


1.55*’ 


0.21 


0.21*’ 




m_L 


0.61 


0.62*’ 


0.58 


0.62*’ 


1.46 


1.58*’ 


677-810 


my 


1.65 


1.67*’ 


1.35 


1.56*’ 


0.21 


0.21*’ 




m_L 


0.60 


0.62*’ 


0.58 


0.62*’ 


1.49 


1.58*’ 



® from [13], from [14] 



The LDA hole effective masses for the four polytypes are presented in 
Table 3. It is noticeable that the hole effective masses for all three bands 
are similar in the hexagonal SiC polytypes. This indicates that the three 
polytypes should have comparable hole mobilities. 



3 Band Structure and Effective Masses 
from ODCR Experiments 

3.1 4iT-SiC 

Electron effective masses in 4il-SiC have been reliably determined both the- 
oretically and experimentally before, and the results have been described 
in our previous review [22]. Hole effective masses have also been calculated 
before [12]-[16],[18], but experimentally determined only very recently [50]. 
Therefore, in this section we will focus only on recent and new ODCR exper- 
iments. 

In order to observe ODCR of holes, the concentration of acceptors in the 
samples must reach a certain level. With the sensitivity of optical detection, 
the acceptor concentration may need to be above 10^^ cm“^. Nowadays, 
available p-type SiC crystals are often compensated due to residual N donors. 
For investigation of hole effective masses we used n-type 4i7-SiC epitaxial 
layers grown by hot-wall CVD with the N concentration of ~lxl0^^ cm“^ 
and A1 concentration of ~5xl0^^ cm“^. The substrates were removed by 
polishing and the thickness of these free-standing layers is about 80 |4m. 

The ODCR measurements were performed on a modified Bruker ER-200D 
X-band (~9.23 GHz) ESR spectrometer. The 334-nm line of an argon-ion 
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Magnetic Field (mT) 



Fig. 7. ODCR signals observed in 4i/-SiC for B in the (1120) plane and (a) parallel 
and (b) perpendicular to the c-axis. A sharp peak at ~73 mT in (a) is an optically 
detected magnetic resonance (ODMR) signal of an unidentihed defect. The optical 
excitation power is 4 mW and the MW power is (a) 1.26 mW and (b) 2 mW 



laser was used as the excitation source. The laser beam was defocused onto 
a spot area of about 3 mm in diameter to reduce the power density and the 
laser power was kept below 6 mW. The change of PL intensity in the visible 
region (400-600 nm) due to the amplitude-modulated microwave field was 
detected using a photomultiplier and recorded by a lock-in amplifier. 

Figures 7a and b show ODCR spectra observed in 4iL-SiC layers for the 
magnetic field B parallel and perpendicular to the c-axis, respectively. The 
MW power was kept below 5 mW to avoid line-broadening effects. For B 
parallel to the c-axis (Fig. 7a), two broad but well-separated ODCR peaks, 
labelled e-CR and ft.-CR, were detected in the region 140-250 mT. A sharp 
line at around 73 mT is an ODMR signal of an unidentified defect. 

At X-band frequencies, the angular dependencies of both peaks measured 
in the (1120) and (1100) planes are the same within experimental errors. Each 
peak appears to be symmetric in line shape even when measured with the 
lowest possible MW power (see Fig. 7b). Therefore, each peak is considered 
to correspond to a single cyclotron mass value m* 



m 



* 



eB 

w 



( 7 ) 



Here w is the MW frequency, and B the value of the magnetic field. 

Figure 8 shows angular dependencies of the cyclotron masses correspond- 
ing to the e-CR and /i-CR peaks with the magnetic field rotated in the (1120) 
plane. The angular dependencies of the cyclotron mass corresponding to both 
e-CR and /i-CR peaks can be described by the usual relation for the case of 
a parabolic energy surface 



1 / cos^ 6 ^ sin^ 9 \ 

m* \ m\ mj_TO || ) 



(8) 
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Rotation Angle (degrees) 

Fig. 8. Angular dependencies of the electron {open circle) and hole {filled circle) 
cyclotron masses in 4_ff-SiC measured in units of the free electron mass (mo) with B 
rotated in the (1120) plane. The curves represent the fits using (8) and the effective 
mass values: mex = 0.45mo and me|| = O.SOmo for electrons, and mhi^ = 0.66mo 
and m/j(| = 1.75mo for holes. The zero angle corresponds to B|| c while 900° 
corresponds to BT c and B ||[1100]. Within experimental errors, the result is the 
same for B rotating in the (1100) plane 



where 9 denotes the angle between B and the c-axis. The transverse mass, 
TOx, is the mass in the basal plane and the longitudinal mass, m\\, is the 
mass in the direction of the c-axis. From the fit to the angular dependence 
of the cyclotron mass m* corresponding to the e-CR peak, the effective mass 
values nie± = (0.45 ± 0.02)too and me|| = (0.30 ± 0.02)too were obtained. 
Here mo is the mass of a free electron. For the h-CR, peak, the transverse 
and longitudinal masses mh± = (0.66 ± 0.02)too and m^w = (1.75 ± 0.02)mo 
were obtained. 

The values mg± and TOey are almost the same as those of electrons in 4H- 
SiC determined by ODCR also at X-band [23] and at Q-band (~ 35 GHz) [24] 
frequencies (here mex corresponds to the geometric average value of two 
masses in the basal plane determined in [24]). A smaller Wex value (m-ex = 
0.42too) obtained in our previous work [23] was due to errors caused by 
a broad and asymmetric ODCR line shape with the peak position slightly 
shifted to lower magnetic fields, which is typical for low lot value {lot ~ 2.5). 
Thus, it can be concluded that the e-CR peak corresponds to the ODCR of the 
electrons. From the experimental [23, 24] and theoretical [14]-[17] studies of 
the effective masses and energy band structure of 4i7-SiC, it can be excluded 
that the /i-CR peak is related to another component of the electron effective 
mass tensor. The peaks are already separately observed for B parallel to the 
c-axis, and in all directions, their separation is too large compared with the 
splitting due to the anisotropy of the electron mass tensor. The fi-CR peak 
can not be related to the CR of electrons occupying the second lowest CB 
minimum, since at the low MW frequencies (X-band) and powers used in this 
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case, electrons can not be excited to that band, which lies about 122 meV 
higher [16]. The intensity ratio between the e-CR and h-CR peaks does not 
change with increasing MW power. This also indicates that the h-CR peak 
is not related to the CR of electrons in higher bands. Otherwise the relative 
intensity between these two ODOR signals should change when altering the 
relative population of free carriers in the corresponding bands. The /i-CR 
peak is therefore attributed to the ODOR of holes in the upper-most valence 
band. Since studies were performed at low temperatures (below 5 K) with 
low MW powers (1.26-5 mW), the obtained hole effective masses are valid 
only for the region very close to the valence band maximum. 

Early band structure calculations by Kackell et al. [19] predicted hole 
effective masses, which are anisotropic in the basal plane (the longitudi- 
nal mass: tofa = l.TSmg; on the basal plane: m-rK = O.TTtoq and tofm = 
0.45too). Since the calculations neglected the spin-orbit interaction, one does 
not expect these values to be valid near the T-point (see previous section). 
In recent fully relativistic calculations, Persson and Lindefelt [15, 17] and 
Lambrecht et al. [14] have predicted parabolic energy surfaces for the highest 
valence band around the T-point of the Brillouin zone of 4iJ-SiC. Their hole 
effective mass values are about 10% smaller compared to our experimental 
values. Including the polaron effect as described in Sect. 2, the hole effective 
masses calculated by Persson and Lindefelt [16, 17] become m,h± = 0.66mo 
and rrihw = 1.76too. These values are nicely coincident with our values. Thus, 
it can be concluded that in the vicinity of the maximum of the uppermost 
valence band, the constant energy surface can be considered as an ellip- 
soid with the principal axis along the c-axis and the hole effective masses: 
'm,h± = (0.66±0.02)mo and = (1.75±0.02)?no. The data are summarized 
in Table 4. 

The MW power dependence of ODCR signals of holes and electrons was 
studied. Figure 9 shows ODCR spectra measured with different MW powers. 
As can be seen from the figure, increasing the MW power from 1.26 mW to 
20 mW leads to increasing and broadening of both e-CR and h-CR peaks. In 
addition, a new CR peak appears at high magnetic fields (~ 400 mT). At a 



Table 4. Effective masses of electrons, nie, and holes, ruh, in units of mo in 4i7-SiC 
and 677-SiC determined from ODCR. Here mex = (ruMr • is the average 

value of the electron effective masses in the basal plane and me|| = niMi is the 
longitudinal electron effective mass 



Polytype 


MW freq. niMr 


rriMK m-ex 


me|| = rriML 


mh± 


mh\\ 


477-SiC 


X-band[50] 


0.45 


0.30 


0.66 


1.75 




Q-band[24] 0.58 


0.31 0.424 


0.33 






6i7-SiC 


X-band[54] 


0.48 


3-5 


0.66 


1.85 




Q-band[53] 


0.485 
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Fig. 9. X-band ODCR spectra in 4_ff-SiC 

measured for I3\\C at different MW powers. 
A new ODCR peak near 400 mT appears at 
high MW powers 



MW power of 79 mW, the e-CR peak becomes dominant, whereas the /i-CR 
peak appears as a shoulder. The new CR peak gets stronger and broadened 
but without shifting. This new peak corresponds to a cyclotron mass of m* = 
1.24too. At this angle of the magnetic field, this value corresponds to the 
transverse effective mass. 

We have repeated the experiments in other samples, in which the ODCR 
spectrum consists of only the e-CR peak, and could not observe this new 
CR signal. This suggests that the new CR peak is related to the cyclotron 
resonance of holes. From the structure of the valence band and the predicted 
hole effective masses for 4i7-SiC [14]-[17] (see Table 3), it is clear that the 
calculated transverse masses in the two highest valence bands are the same. 
Therefore, one may not expect to observe a new CR peak if holes are excited 
into the second highest valence band. The value 1.24too is close to the value 
mhj_ = 1.49mo calculated for the third highest valence band, which lies about 
50 meV higher (our recent value) . It is not clear if holes can be excited to the 
third band under the experimental conditions and we can not exclude this 
possibility. 

Calculations of the dependence of hole effective masses in the uppermost 
valence band on energy [16, 51] show that the mass increases gradually to 
just above 3mo at energies ~6-7 meV and then decreases (Fig. 10). This 
dependence has also been confirmed by Lambrecht and Limpijumnong [52]. 
With such a dependence, one may expect to observe a broadening and shifting 
of the /i-CR peak to high magnetic fields but not a new well-distinguished CR 
peak. Thus, the new CR peak may not be related to the cyclotron resonance 
of holes in a more flat region of the uppermost valence band. The value 
m* = 1.24mo is close to twice of the transverse hole mass {mh± = 0.66mo). 
It is therefore possible that the new CR peak is the second harmonic of the h- 
CR peak. The identification of this new peak requires further CR experiments 
with higher resolutions. 
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Energy from valence band maximum (meV) 



Fig. 10. Spherically averaged effective heavy hole and light hole masses in units 
of mo in 4_ff-SiC as a function of energy measured from the top of the valence 
band [51] 

3.2 6i?-SiC 

Electron and hole effective masses in 61?-SiC are not as well determined as 
compared to the AH polytype. The average of electron effective masses in 
the basal plane calculated by most of groups is in good agreement with the 
experimental value toj_ = 0.42mo determined by ODCR [26], whereas the 
reported calculated values for the longitudinal mass my range from 1.2mo to 
2.0mo [11],[12],[14]-[18],[25], 

In our previous work at X-band frequency [26], it was not possible to 
completely characterize the angular dependence of the CR. The experiments 
were performed again at Q-band frequencies (36 GHz) [53], but the CR signal 
was only detected for some angles between 0-60 degrees from the c-axis (see 
Fig. lla,b). 

An average value of the electron effective masses in the basal plane, 
m_L = 0.485mo, has been determined. The incomplete angular dependence of 
the cyclotron mass m* shows a trend of divergence to infinity at the angle 
perpendicular to the c-axis (Fig. 11c). 

The infinite value for the mass parallel to the c-axis can be explained 
by the nonparabolicity of the conduction band (Fig. 3). Lambrecht and 
Segall [25] predicted that the mass will increase from I.Itoq to 2.0mo (cor- 
responding to the maximum energy at the barrier height) depending on the 
electron energy. Similar results were obtained by Persson and Lindefelt [16]. 
According to these calculations, the minimum of the conduction band is at 0.4 
of the distance from the M point towards L. The barrier height is 5.3 meV. 
The ODCR measurement at 36 GHz used a MW power of 200 mW [53]. 
Depending on the quality factor of the cavity, the MW electric field can 
reach values up to 2 x 10^ V/cm. In such a high electric field, electrons can 
gain enough kinetic energy, being excited into the flat region of the band, 
which corresponds to an infinite effective mass. Because of this feature of 
the CB minimum in 6iJ-SiC, CR experiments using high MW frequencies 
can not be used to determine the electron effective mass in the direction of 
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Magnetic Field (T) 




Rotation Angle (degrees) 



Fig. 11. Q-band (~ 36 GHz) ODCR spectra in 6-H-SiC measured at T = 1.6 K for 
B (a) parallel to the c-axis and (b) 60 degrees off the c-axis. (c) Angular dependence 
of the electron cyclotron effective mass m* in units of mo with B rotated in the 
(1100) plane. The experimental data are shown as filled squares and cireles and the 
curves are calculated using effective mass values: m± = 0.42mo and my = 2.0mo 
(X-band (~9 GHz) ODCR data) and m± = 0.485mo and my = 8 determined from 
Q-band ODCR experiments 



the c-axis. The Q-band ODCR results also provide a direct evidence for the 
“camel’s back” nature of the conduction band in QHSiC as predicted by 
theory [11, 15, 16, 25]. 

Recently, we have performed again ODCR experiments at X-band fre- 
quency [54] using pure n-type QH-SiC freestanding films (thickness ~80 |lm) 
grown by hot-wall CVD with the concentration of N donors and A1 acceptors 
of ~lxl0^^ cm“^ and ~5xl0^^ cm“^, respectively. The experimental details 
are similar to those for the recent ODCR experiments on AHS\C discussed 
earlier. Figure 12a shows the X-band OCDR spectrum observed for B parallel 
to the c-axis with the MW power of 0.1 mW and an optical-excitation power 
of 5.3 mW (the laser spot size is ~ 3 mm in diameter). At such low MW 
powers, the spectrum consists of two well-separated ODCR peaks, labelled 
e-CR and /i-CR. Both peaks are narrow with the full width at half-maximum 
of about 33 mT and 40 mT, respectively. From the line width or by fitting 
the line shape of the resonance we can estimate the scattering time to be 
in the range of several hundreds of picoseconds, which correspond to carrier 
mobilities in the 10® cm^/Vs range. 

Figure 12b shows the ODCR spectrum measured for B perpendicular to 
the c-axis and along the [1120] direction of the crystal and with a MW power 
of 3.1 mW. Because of the higher MW powers used and higher cyclotron mass 
values at this angle, the e-CR and /i-CR peaks are broadened to a full width 
at half maximum values of about 150 mT and 50 mT, respectively, but are 
still well separated as can be seen in the figure. The e-CR and /i-CR peaks 
observed for the direction of the magnetic field along the c-axis (Fig. 12a) 






454 



N.T. Son et al. 




Magnetic Field (mT) 



Fig. 12. ODCR spectra with two well-resolved peaks, e-CR and /i-CR, observed in 
6-ff-SiC for B (a) parallel and (b) perpendicular to the c-axis and parallel to the 
[1120] direction. The optical excitation power is 5.3 mW and MW powers are (a) 
0.1 mW and (b) 3.1 mW 




Fig. 13. Angular dependencies of the cyclotron masses of the electrons {filled 
squares) and holes {open cireles) in units of mo in 6F/-SiC (from X-band ODCR 
data) with B rotated in the (1100) plane. The angle 0 = 0 corresponds to B\\c 
while 6 = 90° corresponds to STc and i?||[1120]. The solid curve represents the fit 
using (8) and the hole effective masses given in Table 4 



correspond to the cyclotron mass values of ?n* = 0.48mo and m*^ = 0.66too, 
respectively. The corresponding values for B parallel to the [1120] direction 
(Fig. 12b) are m* = 1.68toq and = 1.02mo. 

Figure 13 shows the dependence of m* and values on the angle of 
the magnetic field with respect to the c-axis in the (1100) plane. Within ex- 
perimental errors, the angular dependencies in the (1100) and (1120) planes 
are the same for m)[. Therefore, the effective mass rri^ corresponding to the 
/i-CR peak is considered to be isotropic in the basal plane. The angular de- 
pendencies of the rn^ in both studied planes can be described by the effective 
mass relation (8) for the case of a parabolic energy surface. From the fit to 
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the data points shown as open circle in Fig. 13, the effective mass values 
= (0.66 ± 0.02)?7Zo and = (1.85 ± 0.03)too were obtained. These 
values fit very well to the calculated values of the hole effective masses in 
6i^-SiC [14]-[17], taking into account the polaron effect. Arguments for the 
identification of the /i-CR peak as due to the cyclotron resonance of holes in 
the uppermost valence band are similar to the case of 4iJ-SiC and presented 
in detail in [54]. Thus, similar to the AH polytype, near the maximum of the 
uppermost valence band in 6i7-SiC, the constant energy surface is also an 
ellipsoid. The hole effective masses are given in Table 4. 

For the e-CR peak, we observed the angular dependence over the full 
range of angles in the (1100) plane. The corresponding cyclotron masses m* 
are shown as filled squares in Fig. 13. However, for the case of B rotated in 
the (1120) plane we can only follow the e-CR peak in the region 0 < 0 < 60 
degrees. The angular dependencies in the (TlOO) and (1120) planes appear 
to be different and can not be described by one set of effective mass values 
using (8). This indicates that the effective mass to* is anisotropic in the basal 
plane. Unfortunately, without observing the splitting of the angular depen- 
dence of TO* we can only deduce the average effective mass in the basal plane 
as TOe_L = (0.48 ± 0.02)toq. This value is very close to the transverse effective 
mass of electrons TOej_ = 0.485 too obtained in the Q-band ODCR studies de- 
scribed above and the calculated values [15]-[17] including the polaron effect. 
Therefore it is assigned to the average value of the electron effective mass in 
the basal plane. The determination of the longitudinal effective mass, rrie\\, 
requires more experimental data, especially a complete angular dependence of 
the cyclotron mass in the (1120) plane. If the electron effective mass along the 
[1120] direction (tomf) is larger than that along the [TlOO] direction (tomk) 
as predicted by theory (see Table 2) then it is likely that the e-CR peak 
overlaps with the /i-CR peak in the region 60 < 0 < 90 degrees for the case 
of B rotated in the (1120) plane. From the cyclotron mass value measured 
with B parallel to the [1120] direction, to* = 1.68toq, we can estimate the 
longitudinal mass to be in the range 3-6 toq depending on the anisotropy of 
the effective mass in the basal plane. 

The above result indicates that the electron effective mass along the c- 
direction {me\\ = 2.0toq) determined in our previous work [26] must be incor- 
rect. The studies of the MW power dependence showed that when increasing 
the MW power to 1.26 mW, the e-CR and /i-CR peaks in Fig. 12a overlap 
completely with each other. In our previous experiments [26], the ODCR sig- 
nal was detectable only when using a MW power level of several mW or far 
above (for B along the [TlOO] direction, a MW power of 100 mW was used). 
In those experiments [26] , the /i-CR peak might appear but completely over- 
lap the e-CR peak, resulting in a broad CR signal. It is possible that for 
the magnetic field along or close to the [1100] direction, only the hole CR 
signal was detected but was mistakenly identified as the CR of electrons. 
The value TOey = (2.0 ± 0.2)toq in [26] is indeed very closed to the value 
rrihw = (1.85 ± 0.03)toq for holes. 
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3.3 Comparison Between Calculations and Experiments 

The effective masses of electrons at the conduction band minimum of com- 
mon SiC polytypes determined from CR experiments and calculations are 
summarized in Table 5. The electron effective masses in 3C-SiC are well de- 
termined by CR [9, 10]. The results are in good agreement with theoretical 
calculations [12, 15, 16]. The CB minima in 3C-SiC are predicted to be lo- 
cated at the zone boundaries at the X-point and the constant energy surfaces 
near the bottom of the CB are ellipsoids with the long axis along the (100) 
directions [12, 15, 16] (Fig. 2). The CR experiments by Kono et al. [10] indi- 
cates that the conduction band is very parabolic up to ~ 53.8 meV from the 
CB minimum. For 2iJ-SiC, no experimental data is available. 

The electron effective masses in 4i7-SiC are found to be fully anisotropic 
by both the experiments and calculations. The experimental values [24] are in 
excellent agreement with the theoretical calculations [15]-[17],[23] as can be 
seen in Table 5. The CB minima in the 4iJ poly type are found to be located 
at the M-point with no “camel’s back” structure. 

As described in Sect. 2, the CB minima in 6iJ-SiC are located along 
the ML-line. The band is very ffat along the ML-line and the electron effec- 
tive masses are predicted to be very anisotropic. The camel’s back structure 
of the CB has been confirmed by ODCR experiments [53]. The anisotropy 
of the mass in the basal plane has not been resolved by experiments but 



Table 5. The effective masses of electrons in the conduction band minimum for 
common SiC polytypes determined by cyclotron resonance experiments and by 
calculations, rrip denotes the polaron masses, a and b are from far-infrared CR 
experiments in [9] and [10], repectively. c [24] and f [53] are from our Q-band 
ODCR, whereas d [26] and e [54] are from our X-band ODCR experiments. Here 



mj_ = (ruMr • 
basal plane 




is the average 


value of the electron effective 


masses in the 


Polytype 


Eff. 

mass 


Experiment 


Theory 
[16, 17] 


Theory 

[12] 


Theory 

[25] 






m(mo) 


m(mo) 


mp(mo) 


m(mo) 


m(mo) 


3C-S1C 


mil 


0.667’^, C.ba*" 


0.68 


0.73 


0.67 






m_L 


0.247*^, 0.25'" 


0.23 


0.24 


0.24 




4H--SiC 


mML 


0.33“ 


0.31 


0.33 




0.31 




mMr 


0.58“ 


0.57 


0.61 




0.58 




mMK 


0.31“ 


0.28 


0.29 




0.28 


674-SiC 


mML 


2.0'', 3-6“ 


1.83 


2.07 




1.42 




mMr 




0.75 


0.81 




0.77 




mMK 




0.24 


0.25 




0.24 




m± 


0.48“, 0.485' 


0.42 


0.45 




0.43 
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Table 6. Hole effective masses (in units of the free electron mass mo) in common 
SiC polytypes obtained from calculations [13]-[17] and our ODCR experiments 
[48, 53]. The values in parentheses are the polaron masses 



Polytype 


Eff. mass 


Experiment [16, 17] 


[13] 


[14] 


3C-SiC 


mrx = 


m[ioo] 




0.59 


0.59 






mrK = 


rn[iio] 




1.32 


1.35 






mpL = 


?n.[iii] 




1.64 


1.68 




4R-SiC 


m\\ 




1.75 


1.62(1.76) 




1.60 




m± 




0.66 


0.61(0.66) 




0.62 


6R-SiC 


m\\ 




1.85 


1.65(1.795) 




1.67 




m± 




0.66 


0.60(0.653) 




0.62 



the obtained transverse mass mj_ is in good agreement with the average 
value from calculations. Due to the structure of the CB min- 

imum, the ODCR experiments have not been able to determine the longi- 
tudinal mass. The m\\ value estimated from our ODCR studies [53] is sub- 
stantially higher than that predicted by all calculations. In order to resolve 
the anisotropy of the electron effective masses in 6i?-SiC, having samples 
with a very low doping level is the only alternative since using high radiation 
frequencies in the CR experiments does not help in this case. 

The data on the hole effective masses are collected in Table 6. Experimen- 
tal data are only available for AH- and 6iJ-SiC. In both polytypes, the VB 
maximum is found to be parabolic and located at the T-point with very sim- 
ilar hole effective masses (Table 6). The experimental results are in excellent 
agreement with theoretical predictions (with inclusion of the polaron effect). 
In SiC, the polaron effect accounts for an increase in the effective masses of 
about 8-10%. 



4 Conclusion 

The band structure of 3C-, 2H-, AH-, and 6iJ-SiC obtained from theoretical 
calculations is briefly described. In all polytypes, the calculated fe-space lo- 
cations of the CB minima and the electron effective mass agree well with the 
experimental findings. The parameterization of the top of the valence bands 
in the vicinity of the T point shows very similar band structures for all three 
hexagonal polytypes. The spin-orbit interaction was found to have a strong 
influence on the value of the hole effective masses. ODCR experiments have 
been successfully determined the hole effective masses in AH- and 6iJ-SiC. 
The result is fully consistent with the theoretical calculations. In SiC, the 
polaron effect induces an increase in the effective masses of about 8-10%. Q- 
band ODCR measurements confirm the theoretical prediction of the camel’s 
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back structure of the conduction band in QH-SiC. A more reliable transver- 
sal electron effective mass me± = 0.485mo has been obtained for 6i?-SiC. 
New X-band ODCR results suggest that the longitudinal electron effective 
mass is higher than the value mej_ = 2.0mo determined before and can be 
in the range 3-6 mg depending on the anisotropy of the mass in the basal 
plane. We estimate that it will be possible to resolve the anisotropy of the 
electron effective masses in the basal plane by X-band ODCR experiments 
using high-purity epitaxial layers with a concentration of residual N donor 
slightly below 1 x 10^^ cm“^. 
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Electronic Structure of Deep Defects in SiC 



N.T. Son, Mt. Wagner, C.G. Hemmingsson, L. Storasta, B. Magnusson, 
W.M. Chen, S. Greulich- Weber, J.-M. Spaeth, and E. Janzen 



1 Introduction 

In the early days of defect studies, electron paramagnetic resonance (EPR) 
was used by Woodbury and Ludwig [1] to investigate N and B impurities in 
6iL-SiC. Since then, different impurity-related deep centers in AH- and 6H- 
SiC have been identified and studied by EPR and optically detected magnetic 
resonance (ODMR) [2]-[16]. Intrinsic defects have also been studied by EPR 
since the sixties [17]-[19] and several EPR centers observed in electron irra- 
diated 6H- and 3G-SiC were suggested to be paired defects related to carbon 
and silicon vacancies. Many EPR centers with spin 5=1 (W1 and G1-G8 
centers) have been detected in irradiated AH-, 6H- and 15i?-SiC by Pavlov 
et al. [20, 21]. Some of these and other new centers (P3-P10 centers) have 
been observed and studied by Vainer et al. [22, 23] in heated and quenched 
6iL-SiG. These centers were attributed to vacancy-related complexes. The 
single silicon vacancy in the negative charge state (Vg7) was first identified 
by Itoh et al. [24] in irradiated n-type 3C-SiG. The center was found to have 
cubic symmetry even in the hexagonal AH and 6H polytypes [25, 26]. Its high 
spin configuration (5 = 3/2) has been confirmed by both experiment [25] and 
theoretical calculations [27]-[29]. The center was found to be annealed out in 
three stages at ~ 150, 350, and 750°G [24, 30]. In p-type 3C-SiG irradiated by 
electrons or protons, Itoh et al. [31] observed an EPR center (T5 center) with 
a spin 5=1/2 and D 2 symmetry. From the clear hyperfine (HE) structure 
due to the interaction with four Si atoms in the nearest neighbour (NN) shell, 
the spectrum was identified to originate from the single carbon vacancy in 
the positive charge state (V//) [31]. The T5 center starts to be annealed out 
already at ~ 100°G and completely vanishes at ~ 400°G [30]. Therefore, it is 
generally believed that Vq becomes mobile at lower temperatures compared 
to Vsi- Photoluminescence (PL) and annealing studies by Itoh et al. [32] sug- 
gest the ground state level of hg/ to be located at 0.5 eV above the valence 
band (Ey) and may be related to the H3 level at {Ey A- 0.54 eV) determined 
by DLTS in neutron-irradiated 3C-SiG by Nagesh et al. [33, 34]. The level is 
close to the calculated level for Vsi by Talwar and Feng [35] . In as-grown and 
irradiated 3C-SiG, several other EPR and ODMR centers were observed [36]- 
[41], some of which were suggested to be related to vacancy-interstitial pairs 
[36] and to Vsi-related defects [37, 39, 40]. Different EPR centers were de- 
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tected in p-type AH- and 6i?-SiC irradiated with electrons [42]-[45] of which 
the PB center in 6i?-SiC was attributed to [42], whereas the same center 
in AH-SiC (the Ell center) was suggested to be a hydrogen-related defect 
[46]. Recently, the EI5 center in AH- and 6iJ-SiC [46, 47] was identified as 
Vq. The same center in 6i7-SiC, labelled Kyi, was also attributed to Vq 
by Bratus et al. [48, 49]. Using low-energy electron irradiation. Steeds et al. 
[50] were able to determine the displacement energies for C and Si atoms 
to be about 100 keV and 250 keV, respectively. In EPR studies of 6i7-SiC 
irradiated with 350 keV electrons, von Bardeleben et al. [51] have identified 
the Si Frenkel pair. 

Theoretical studies in 3C-SiC [52, 53] predicted that, although antisites 
have low formation energies, neither the silicon antisite (Sic) nor the carbon 
antisite (Csi) has energy levels in the band gap. Contrary to that, recent 
calculations in 3C- and 2iJ-SiC by Torpo et al. [54] predict the Csi level 
to be resonant with the valence band and the Sic level to be slightly above 
Ey. This work [54] also suggested the H1-H3 levels in 3C-SiC [33, 34] to 
originate from antisite-related defects rather than from Vsi- In recent EPR 
studies. Son et al. [46, 55] assigned the E16 center in p-type AH- and 6i7-SiC 
irradiated with electrons to Sic in the positive charge state (SiJ). The same 
center in 6i7-SiC (Ky2 center) was suggested by Bratus et al. [49] to be Vq at 
the hexagonal lattice site. The P6/P7 EPR spectra [23] and ODMR spectra 
a-c in 6i7-SiC [56, 57], which were suggested to be the (Uc-Ksi) pairs, have 
recently been identified by Lingner et al. [58, 59] to be related to the (Vc-Csi) 
pair in the doubly positive charge state. 

Deep PL bands related to intrinsic defects have been observed in the near- 
infrared and visible spectral regions. The Dj and Dn PL centers in irradiated 
and annealed 3C-SiC were observed and studied by Choyke and Patrick [60]- 
[62]. The Di center was also detected in AH, 6H, and 21i? polytypes by 
Marakov [63]. In Zeeman and PL excitation (PLE) studies by Egilsson et al. 
[64, 65] the center was suggested to be an exciton bound to an isoelectronic 
defect. Results from recent studies of these centers are reviewed by Choyke 
and Devaty in other chapter of this book. In 6i7-SiC, three no-phonon (NP) 
lines in the near-infrared region between 1.36 eV and 1.44 eV were observed 
by Gorban and Slobodyanyuk [66] and were later suggested to be related 
to impurities. However, investigations of this PL band in 6H- and 15i?-SiC 
samples intentionally doped with more than 30 different impurities during 
growth by Hagen and Kemenade [67] showed no correlation with any dopant. 
The same NP lines in AH- and 6i7-SiC was recently suggested to be related 
to Ug° at different inequivalent lattice sites [68]-[73]. Other EPR studies also 
suggest the center to be a single Si vacancy in neutral [74, 75] or negative 
charge state [76]. 

Different deep level centers have been observed and studied by Hall ef- 
fect and deep level transient spectroscopy (DLTS) in irradiated and as-grown 
AH- and 6i7-SiC [77]-[90], of which some possess negative-U or metastable 
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properties [85]-[88]. DLTS studies using radioactive isotopes have made im- 
portant contributions to the identification and understanding of deep level 
centers induced by impurities such as V, Ti, Cr, Ta, Be and W in 4iJ-SiC 
[91]-[94] and Ga, Zn, and W in 6iJ-SiC [94, 95] (see other review in this 
book). The studies of deep levels in SiC before 1999 have been reviewed by 
Lebedev [96]. 

In this paper, recent results of defect studies in SiC are reviewed with 
focusing on paramagnetic defect centers. Selected PL and DLTS centers are 
also briefiy described. The description of experimental details is referred to 
the original works cited in the references. 



2 Paramagnetic and Photoluminescence Centers 

2.1 Carbon Vacancy 

Figures la and b show EPR spectra in irradiated 47L-SiC observed at X- 
band (~ 9.5 GHz) and W-band (~ 95 GHz) frequencies, respectively, for the 
magnetic field B parallel to the c-axis. Two dominant EPR lines, labelled 
EI5 and EI6, which overlap with each other at X-band frequencies (Fig. la), 
are well separated at W-band frequencies (Fig. lb). Lines EI4 and EI6 will be 
discussed in the following sections. Four satellites (indicated by solid arrows) 
of the EI5 line can be identified as the HF structures due to the interaction 
between the electron spin and the nuclear spin of four ^®Si atoms in the NN 
shell [46, 47]. Similar spectra have also been detected in the 6H polytype. The 
spectrum has C^v symmetry at temperatures above 25 K. At temperatures 
below 25 K, the symmetry of the center lowered to Cih- The (/-values and 
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Fig. 1. EPR spectra observed in p-type, electron-irradiated 477-SiC for the mag- 
netic field B parallel to the c-axis at (a) X-band and (b) W-band frequencies 
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Table 1. Spin-Hamiltonian parameters of the EI5 center in AH- and 6-ff-SiC taken 
from [47] (for the Czv centers) and our unpublished data (for the Cih centers). Si(l) 
and Si(2-4) denote the nearest Si atom along the c-axis and other three Si atoms 
in the basal plane, respectively, a and f3 are the angles between the c-axis and the 
principal «-axis of the g- and A-tensor for the C\h symmetry, respectively 



Polytype Sz g A [MHz] 

symmetry 



AH, C 3 v g\\ = 2.0032, g_L = 2.0048 



Cih 5x = 2.0030, gy = 2.0047 

ffz = 2.0055, a = 68° 

6H, Csv g\\ = 2.0031, g± = 2.0046 

Cih 5x = 2.0026, gy = 2.0042 

= 2.0053, a = 65° 
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Ax = 


140.3, 




Ay 


= 103.4, 


Az = 
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,Ax = 


179.3, 




Ay 
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Az = 


128.3 


Si(2-4): Cih 


II 

o 


,Ax = 


94.4, 




Ay 


= 116.9, 


Az = 


115.7 



HF parameters of the center in Csy and C\h symmetry are summarized in 
Table 1. 

Based on the ligand HF structure, the symmetry and the observation in p- 
type irradiated material, the EI5 center was identified as the isolated carbon 
vacancy in the positive charge state (h^t) [46, 47]. At the same time, Bratus 
et al. [48] also came to the same conclusion about the Ky2 center in 6i7-SiC, 
which is identical to EI5. In a later study, Bratus et al. [49] assigned also the 
Kyi and Ky3 (identical to the EI6 signal) to at the other cubic site and 
hexagonal site, respectively, in 6i7-SiC. 

Preliminary annealing studies [47] seem to indicate that the EI5 center 
is annealed out at ~ 450-500° C in agreement with results by Ling et al. 
[97]. However, our recent studies [98] show that the EI5 signal in irradiated 
4i7-SiC can still be clearly detected after annealing at ~ 1600°C. 

The T5 center in SC-SiC has been assigned to Vq [31]. However, the 
T5 center has very different properties compared to the EI5 center in the 
hexagonal polytype. The EI5 center has ligand HF constants of about two 
times larger than that of the T5 center and is thermally stable at much 
higher temperatures. Son et al. [46] and Aradi et al. [99] suggested the T5 
center to be a hydrogen-related defect, but no experimental evidence of the 
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H involvement in the center has so far been observed. Recent calculations of 
the ligand HF of Vft in 3C-SiC and at the cubic site of 4iJ-SiC [100]-[102] 
are in close agreement with the values for the EI5 center, supporting the 
identification of the center as Vq at the k-site in 4i7-SiC. The calculations in 
[100]-[102] also predict the D 2 d symmetry for Vq in 3C-SiC, which is higher 
than the D 2 symmetry of the T5 center. 

Zvanut et al. [103] have carried out photo-excitation EPR (photo-EPR) 
experiments in semi-insulating 4iJ-SiC substrates and determined the energy 
level of the ID center, which is identical to the EI5 center or Vq , at Ey + 

1.1 eV. Recently, high-frequency photo-EPR studies of heavily irradiated 4H- 
SiC revealed the (-I-/0) level of Vc to be at (1.47 ± 0.06) eV above Ey [104]. 
We believe that the energy level determined in [102] is incorrect due to the 
charge transfer processes via the levels of the B acceptor and N donor as 
pointed out in [104]. The value of 1.47 eV is close to the ionization levels 
of the Vc in 4i7-SiC calculated by Zywietz et al. [28] {Ey + 1.37 eV and 
Ey + 1.44 eV for the center at k- and /i-site, respectively) and by Torpo et 
al. [29] (corresponding values: 1.41 eV and 1.53 eV). Recent calculations by 
Gali et al. [102] give a value of Ey + 1.57 eV for the center at the fc-site. 

2.2 Silicon Antisite Related Defect 

The EI6 spectra measured at X-band and W-band frequencies are shown 
in Figs, la and b, respectively (in Sect. 2.1). The main line is accompanied 
by two satellites, which result from the HF interaction with one ^®Si atom 
(indicated by dashed arrows). Due to a severe overlapping between the EI6 
and EI5 spectra, the HF structure of other close Si neighbours could not be 
observed. Figure 2 shows the EI6 spectra in 4i7-SiC measured at 23 K. The 
HF structure from the interaction with four NN Si atoms can be detected 




Magnetic Field (ml) 



Fig. 2. EPR spectra of the EI6 cen- 
ter in 477-SiC measured at 23 K for 
B (a) along and (b) perpendicular 
to the c-axis. Two lines at high mag- 
netic field belong to unidentified de- 
fects. The inserts show the ^®Si HE 
structures observed at the low-field 
HF line for B long and perpendicu- 
lar to the c-axis 
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Table 2. Spin-Hamiltonian parameters for the EI6 center in AH- and 6-ff-SiC (from 
[55] and only data of the large splitting HF of the Si with Csi, symmetry are given) 



Polytype 


T [K] 


9\\ 




A II [MHz] 


Ax [MHz] 


477-SiC 


138 


2.0030 


2.0047 


370 


254 




23 


2.0024 


2.0049 


423 


288 


6i7-SiC 


102 


2.0029 


2.0048 


403 


275 




23 


2.0024 


2.0049 


440 


302 



at the HF line as shown in the insert of Fig. 2a. The splitting between the 
inner lines is 0.85 mT. At B perpendicular to the c-axis, the EI5 lines appear 
at higher magnetic fields and therefore the low-field side of the HF structure 
of the EI6 line can be observed. This structure is similar to that observed 
at the HF line as can be seen in the insert of Fig. 2b. At this angle, the 
splitting of the inner lines reduces to ~ 0.34 x 2 mT = 0.68 mT. In 6i?-SiC, 
the corresponding splitting values are ~ 0.86 mT and ~ 0.68 mT for B along 
and perpendicular to the c-axis, respectively. The splitting of the inner HF 
lines is anisotropic and seems to be too large for the interaction with the 
12 C atoms in the NNN shell, which is usually isotropic and less than 0.4 mT 
(0.38 mT in the case of the EI5 center). The HF structure of the EI6 center 
can be identified as being due to the HF interaction with five Si atoms, of 
which four are the nearest neighbours. The angular dependence of the main 
line and large-spitting HF lines are shown to have symmetry at any 
temperature. The 5- values and HF constants of the center are summarized 
in Table 2. 

Both the g-values and HF constants are strongly temperature depen- 
dent [55] similar to the case of Mn^+ in MgO [105], II- VI compounds [106], 
and HgSe [107], and antisites in HI-V compounds [108]. Based on the HF in- 
teraction with five Si atoms and the C^y symmetry. Son et al. [55] proposed 
the model of SiJ for the EI6 center with a large spin density (~ 46.5% at 
23 K) on the Si antisite. Bratus et al. [49] assigned the inner HF lines (with 
the splitting of 0.68 mT) to the HF interaction with 12 C in the NNN shell 
and suggested that the Ky3 signal in 6i7-SiC (identical to the EI6 signal) 
is the Vq at the h-siie. Later calculations [100]-[102] of Vq at the /i-site 
obtained a HF constant of the interaction with one Si along the c-axis rather 
close to the HF value of the Si antisite EI6 center, supporting the latter 
identification [49]. We also observed the same HF structure at ~ 9 GHz as 
in [49], but the spectrum measured at 95 GHz is different. As can be seen in 
Fig. 2b, there are two equal intensity satellites with splitting of 0.78 x 2 mT 
and 1.08 x 2 mT. If these lines are due to HF interaction with 3 Si atoms as 
suggested in [49], then the intensity of the line at 0.78 x 2 mT, which cor- 
responds to the interaction with two equivalent Si atoms, should be double 
compared to that of the outer line (corresponding to the interaction with one 
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Si atom in the rotating plane). The HF structure observed at ~ 95 GHz is 
more reliable compared to that detected at ~ 9 GHz, which overlaps with 
other EPR signals. The unusual large and anisotropic splitting attributed to 
the HF from 12 G atoms in the NNN shell is also difficult to understand. 
Recently, Bockstedte et al. [109] suggested a model of (Vc + Sic) pair to 
explain the HF structure of the EI6 center. The model gives close values of 
the HF constant of the EI6 center, but can not explain symmetry. Fur- 
ther detailed experimental data on the ligand HF structure of the center is 
required for clarifying this issue. 

2.3 Other EPR Centers in Irradiated p-Type SiC 

Figures 3a and b show EPR spectra observed at X-band frequencies in p- 
type 6R-SiC irradiated with electrons. The Ell spectrum was first detected 
by Gha et al. in 6iI-SiG and labelled as PB center [42]. The same spectra 
were also detected in 4iJ-SiG [43, 44, 46]. Both centers have Cih symmetry. 
The Ell center has spin S' = 1/2 and its HF structure due to the interaction 
with two nearest Si neighbours has been detected for AH- and 6R-SiG [46]. 
The Si HF and also the HF structure of 12 G atoms in the NNN shell can 
be clearly observed at W-band frequencies (Fig. 3c). These HF structures 
indicate the Ell to be a defect at a G site. 

The EI3 center has spin S = 1 and shows HF interaction with four nearest 
Si neighbours [43, 44]. The spin-Hamiltonian parameters of these two centers 
are given in Table 3. The annealing of these two centers in 6i?-SiG is shown 
to be similar to that of the T5 center in 3G-SiG [31]. Therefore, Gha et al. [42] 
assigned the PB center to Vq although it shows a HF interaction with only 
two nearest Si neighbours. 

Later on isochronal annealing studies in 6iL-SiG [46] showed that the 
annealing of the Ell and EI3 signals is accompanied by the appearance of 
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Fig. 3. EPR spectra observed 
in irradiated 6H-SiC (a) be- 
fore and (b) after annealing 
at 240° C. (c) The HF struc- 
ture due to interaction with two 
nearest Si neighbours of the Ell 
spectrum in 4H-SiC measured 
at W-band frequencies 
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Table 3. Spin-Hamiltonian parameters of some EPR centers in electron-irradiated 
p-type AH- and GH-SiC. a and /3 are the angles between the c-axis and the principal 
z-axis of the g- and A-tensor, respectively. Data are from [46] (for Ell, Ell’, EI3, 
and EI3’ centers) [111] (for the EI4 center) and [45] (for the I, II, and III spectra) 



Center Spin 


Polytype 


5x 


9y 




a 


A [MHz] 
















D & E [10-* cm-*] 


Ell 


5=1/2 


AH, 6H 


1.9962 


2.0019 


2.0015 


41° 


HE with 2 Si atoms. 
















h4*'=57, A^*^=70, Ai*'=68 
a4^'=70, A^^'=86, Ai^'=61 
















/3(i)=/3(2)=4i° 


Eir 


5=1/2 


6H 


1.9954 


2.0013 


2.0014 


33° 


HE with 2 Si atoms 


EI3 


5=1 


AH, 6H 


2.0063 


2.0063 


2.0063 


46° 


HF with 4 Si atoms 
















AH: D=552; QH: D=559 


EI3’ 


5=1 


6H 


2.0063 


2.0063 


2.0063 


46° 


HF with 4 Si atoms 
















D=538 


EI4 


5=1 


AH, 6H 


2.0051 


2.0038 


2.0029 


54° 


HF with 4 Si atoms 
AH: D=3AA; E=67 
6H: D=328; E=67 


I 


5=1/2 


AH 


2.0162 


2.0035 


2.0412 


63° 








6H 


2.0161 


2.0061 


2.0407 


63° 




II 


5=1/2 


AH 


2.0144 


2.0029 


2.0337 


50° 








6H 


2.0139 


2.0048 


2.0323 


50° 




III 


5=1/2 


6H 


2.0075 


2.0021 


2.0452 


65.7° 





two new spectra, labelled Ell’ and EI3’ (Eig. 3b). In some samples, Ell’ is 
already present before annealing together with the Ell signal, but very weak. 
The EI3’ signal only appears at annealing temperatures around 200°C. The 
Ell’ and EI3’ centers are very similar to Ell and EI3, respectively. The 
principal (/-values of the Ell’ center are slightly different from that of Ell 
(see Table 3) and the angle between the principal and the c-axis is 33° 
(41° in the case of the Ell). Both centers have a similar HE interaction with 
two of the four nearest Si neighbours. The 5 '- values and the direction of the 
principal axis of the fine-structure tensor D are the same for both the EI3 
and EI3’ centers, but the H- value of EI3’ center is smaller (Table 3). 

Based on the annealing behaviour and the similarity in the spin-Hamilto- 
nian parameters, the Ell and Ell’ centers were assigned to two different 
configurations of the same defect [46]. Similarly, the EI3 and EI3’ spectra 
are suggested to originate from different configurations of the same center. 
The involvement of H in the centers was suggested to explain the anneal- 
ing of these centers at low temperatures [46]. Based on calculations in 3C- 
and 477-SiC, Aradi et al. [99] proposed the model of Vc-hydrogen complexes 
to explain the electronic structure of these centers. However, recently more 
accurate calculations of HE constants [102] predicted that the dipole-dipole 
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HF interaction between the p-lobe of Si dangling bonds and the spin of the 
hydrogen nuclei should be large enough to result in a HF splitting detectable 
by EPR. However, no H-related HF splitting has been detected (the typical 
line width of both the Ell and EI3 spectra is only about 1 G). Therefore, the 
T5, Ell and E13 centers cannot be assigned to Vc-hydrogen complexes. Re- 
cently, the split-carbon interstitial model has been suggested for the centers 
[102, 109, 110]. The model accounts well for both the ligand HF structure 
and annealing behaviour of the defects (see other review on the theoretical 
studies in this book). So far, the HF structure of the C interstitial has not 
been experimentally detected. 

In p-type 4i?- and 6i/-SiC irradiated with 2.5 MeV electrons at ~ 400°C 
(or subsequent annealing at 400°C after irradiation), a weak signal, labelled 
E14, is often observed besides the E15 and E16 spectra (see Fig. la and Fig. 4). 
The HF structure due to the interaction with four nearest Si neighbours can 
be seen in the insert of Fig. 4. The E14 center has C\h symmetry and a 
spin S' = 1. The p- values and fine structure parameters D and E described 
the trigonal and orthorhombic crystal fields, respectively, are summarized in 
Table 3. The principal z-axis of the Z4-tensor lies in the (1120) plane and 
inclines an angle of 54° with the c-axis [111]. From the p- values and fine 
structure parameters, it is likely that the E14 center is identical to the P4 
center in n-type 6i?-SiC [23]. However, the HF splitting of the P4 center is 
isotropic (~ 1.8 mT, corresponding to a HF constant of H = 6 x 10“^ cm“^, 
see [23]), which is different from that observed for the E14 center (~ 1.13 mT). 
The P4 center was observed in n-type material under optical excitation and 
attributed to the {V^-Vq) pair with both vacancies lying in the (1120) 
or equivalent planes [23]. The E14 signal was detected in p-type material 
together with the Vq spectrum without light illumination. This indicates 
that the charge state of the E14 center is positive. The center is therefore 
identified as the (Vq - Vq) pair [111]. 




Magnetic Field (mT) 



Fig. 4. The EI4 spectrum in p-type, electron-irradiated 4Tf-SiC. The inserts show 
the HE structure due to the interaction with four nearest Si neighbours 
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Fig. 5. EPR spectra observed in p-type, electron-irradiated 4_ff- and 6i7-SiC (a) for 
B parallel to the c-axis and (b) in 6-ff-SiC for B perpendicular to the c-axis 



Figure 5a shows three (I, II, and III) and two (I and II) low-symmetry 
spectra in p-type electron-irradiated d>H- and 4i?-SiC, respectively. The spec- 
tra in 6iJ-SiC have been observed before by Cha et al. [42] (PCI, PC2 and 
PD centers). All the spectra have C\h symmetry and spin S' = 1/2 [42, 45]. In 
both polytypes, the signals I and II are weak and no HF structure could be de- 
tected. Spectrum III in 6iJ-SiC appears to be more intense at some angles and 
the HF structure due to the interaction with four nearest C neighbours could 
be detected (Fig. 5b). The parameters of the centers are given in Table 3. 
In AH- and 677-SiC samples irradiated with different doses, the spectra I, II 
and III always appear together with similar intensity ratios and line shapes. 
These centers have similar temperature dependence and annealing behaviour. 
The parameters of the center in both polytypes are very similar. Therefore, 
it is suggested that these spectra belong to the same defect. The spectra I 
and II may correspond to the defect occupying the quasi-cubic and hexag- 
onal sites, respectively, whereas the spectrum III originates from the same 
defect occupying the other cubic site of the QH-SiC lattice. The spectra were 
found to be partially quenched after keeping the samples at room temper- 
ature for a few weeks [45]. These signals gradually decrease with increasing 
annealing temperature and disappear at around 700°C, which is close to the 
annealed-out temperature of the silicon vacancy. The observed C-ligand HF 
for spectrum HI in QH-SiC also suggests the defect to be located at a Si site. 
Combined with the annealing behaviour, a model of a pair defect between 
the Si vacancy and possibly an interstitial was suggested [45]. 

2.4 Si Vacancy Related Centers 

Figure 6a shows a PL band in the near-infrared spectral region observed in 
electron-irradiated AH- and 6iL-SiC. At low temperatures (1.6 K), it consists 
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Fig. 6. (a) PL spectra in electron-irradiated 6 H-S 1 C [upper curve, T = 10 K) and 
4_ff-SiC (lower eurve, T = 34 K). The luminescence was detected through the edge 
of the samples, (b) A part of the ODMR spectrum of a triplet in CVD-grown [lower 
curve) and enriched [upper curve) 67/-SiC irradiated with electrons. In both 
samples, the HF structure due to interaction with four NN C atoms is detected. 
The insert shows the HF structure of 12 Si atoms in the next nearest neighbour 
shell 



of 2 NP lines in 4iL-SiC at 1.438 eV (labelled VI) and 1.352 eV (V2), and 
three NP lines in 6iL-SiC at 1.433 eV (VI), 1.398 eV (V2), and 1.368 eV (V3). 
At elevated temperatures, additional lines, labelled VI’, appear at slightly 
higher energies than VI in both polytypes. This PL band has been studied 
in as-grown QH- and 15i?-SiC before [66, 67]. The number of NP lines corre- 
sponds to the number of inequivalent lattice sites (2, 3, and 5 in AH-, 6 H-, 
and 15i?-SiC, respectively). Extensive doping studies [67] indicated that the 
center is not related to impurities. ODMR signals typical for a spin-triplet 
configuration (labelled Tyia with i = 1,2,3 corresponding to the index of NP 
lines) were observed by Sorman et al. [70] upon resonant excitation of the NP 
lines. The defect associated with these triplet states has € 3 ^ symmetry. The 
C-ligand HF structure of the triplet Ty 2 a in enriched and CVD-grown 
6iL-SiC samples irradiated with electrons observed by OMDR [73] are shown 
in Fig. 6b. The obtained HF structure due to the interaction with 12 Si atoms 
in the NNN shell (see the insert of Fig. 6b) suggests that the defect occupies 
a Si lattice site. HF interaction with four nearest C neighbours was detected 
[23, 73, 76] and the complete ligand HF tensors have been determined [73, 76]. 
The spin-Hamiltonian parameters for these triplets in 4H- and 6iJ-SiC are 
summarized in Table 4. 

The centers have been observed by EPR before and were attributed to 
long-distance vacancy pairs (the P3 and P5 centers in [23]). Later, ODMR 
and EPR studies [69]-[76] suggested these triplets to be related to a sin- 
gle Si vacancy. The model of Vg° has been proposed to account for the spin 
S' = 1 of the center [70]-[73]. The triplet is suggested to be the ground state 
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Table 4. Spin-Hamiltonian parameters for the triplets of the Si vacancy in AH- 
and 6-ff-SiC. The ligand hyperfine constants and given in MHz for the 

C atom along the c-axis and other three C atoms in the basal plane, respectively 



Poly- 

type 


Center 


511 


9± 


A[|P 


A/P 


1 

(M 


^(2-4) 


D 

[10-^ cm-i] 


Ref. 


AH 


Tvia 


2.0035 


2.0037 


164 


71 


180 


72 


1.4 


[70, 73] 


AH 


7v2a 


2.0035 


2.0038 


190 


80 


173 


67 


23.2 


[70, 73] 


AH 


PsT 


2.0034 


2.0034 


184 


78 


184 


78 




[25] 


6H 


Tvia 


2.0037 


2.0038 


164 


73 


184 


69 


9.2 


[70, 73] 


6H 


7v2a 


2.004 


2.004 


184 


86 


184 


71 


42.8 


[70, 73] 


6H 


P3 


2.0026 


2.0031 


182 


76 


182 


76 


-43 


[23] 


6H 


7v3a 


2.004 


2.004 


184 


68 


A,=171 


Ax=86, 

Ay=61 


9.2 


[70, 73] 


6H 


P5 


2.0026 


2.0031 


182 


76 


182 


76 


-9 


[23] 


6H 


PsT 


2.0015 


2.0015 


184 


67 


184 


74 




[26] 



for the defect [69, 70], in agreement with calculations [27, 28]. The observa- 
tion of the centers by EPR at 4 K [74, 75] and the temperature dependent 
studies [76] also confirm the triplet ground state of the centers. Contrary to 
that, calculations including many-particle treatment [112] predict the singlet 
ground state for Eg®, and hence, the center should not be detected by EPR. 
In magneto-optical studies by Wagner et al. [71] no splitting of any NP lines 
under magnetic field (5T) could be observed, indicating that both the ground 
and excited state of the PL transitions are singlet states. 

The observed Si-ligand HE structure seems to indicate that the triplet 
states are related to the single isolated Si vacancy. However, the charge state 
of the centers is still under debate. In recent magnetic circular dichroism 
absorption (MCDA) studies of neutron- and electron-irradiated 6i7- and 15i?- 
SiC, Lingner et al. [114] observed two lines in 6i7-SiC and three lines in 15i?- 
SiC. The energy positions of these lines coincide with that of the VI and V3 
lines corresponding to two cubic sites in 6i7-SiC and three NP lines related 
to cubic sites in 15i?-SiC. No MCDA line at the expected energy positions 
of the NP lines corresponding to the hexagonal lattice sites (the V2 line in 
6i7-SiC and the two NL lines in 15i?-SiC) could be seen. MCDA-detected 
EPR (MCDA-EPR) spectra measured on each MCDA line consist of only 
one line, suggesting a spin S' = 1/2 for the ground state of the centers [113]. 
Based on theoretical predictions [27] the charge state —3 was proposed for the 
ground state of the Si vacancy to explain the spin S = 1/2 and the optical 
transition in the 1.4 eV range [113]. Using nutation method of pulse EPR 
technique, Mizuochi et al. [76] determine the spin S = 3/2 for the center and 
conclude that the Tv 2 a center is Ug/ being distorted to symmetry. Thus, 
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there are three different models with different charge states, neutral [68]- 
[73], single negative [76], and triple negative [113], were proposed for the 
center. However, non of these can explain the PL and Zeeman results [71]. A 
full understanding of the electronic structure of the defect calls for indepth 
theoretical studies. 

2.5 (Vc-Csi) Center 

Neutron-irradiated 6iL-SiC which was annealed at 1000°C shows intense S = 
1 triplet spectra in conventional EPR. Such spectra were known for a long 
time [23] and also partly observed in PL-EPR [57], but only recently they have 
been measured and analysed completely [59, 114]. They can be detected upon 
illumination of the samples with light of energy of about 1.1 eV as photo- 
EPR spectra. The spectra consist of six spin triplet systems with three having 
fine structure axes parallel to the c-axis (P6a, b, c) and three having their 
fine structure axes at about 70° off the c-axis parallel to a nearest-neighbour 
connection line (P7a, b, c). MCDA lines corresponding to these triplets are 
shown in Fig. 7. Table 2 collects the EPR spin-Hamiltonian parameters. The 
letters a, b, c denote three different spectra in each orientation, which are 
believed to arise from the defect at three inequivalent lattice sites in 6i7-SiC. 
The P6/P7 spectra are present in irradiated samples after annealing at ~ 
600° C when the Si vacancy starts annealing out. The signal intensities reach 
a maximum at an annealing temperature of ~ 1100°C and then decrease. 
These spectra were also observed in n-type commercial substrates [57]. 

At each of these MCDA lines, a single S' = 1 EPR spectrum from Table 5 
was detectable with MCDA-EPR. Figure 8 shows, as an example, the HE 
structure of the low-field line of spectrum P6c for B along the c-axis. The 
HE splitting shows the presence of one single nucleus (A = 48 MHz, 
intensity of one HE line (0.7±0.2)% of the central line) and four to eight ^®Si 
neighbours (A = 12 MHz, intensity (15 ± 5)% of the central line). The ^®Si 
related HE lines are broadened and may contain contributions from different 




Fig. 7. The MCDA spectrum ob- 
served in neutron-irradiated 677-SiC 
annealed at 1000°C for the magnetic 
field {B = 2 T) directed at an angle 
9 = 25° off the c-axis. The sample 
was, in addition, excited with visible 
laser light 



photon energy [meV] 
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Table 5. EPR parameters, angle 9 between the principal axis of the hne structure 
tensor and the c-axis, and optical transition energies of the P6/P7 centers in 677- 
SiC. The notation P6 and P7 for the axial {9 = 0°) and the basal {9 ~ 71°) 
orientations is adopted from [23] 



Center 


9 


D 

[10"^ cm-i] 


E 

[10“"* cm~^] 


9 

[deg] 


hv 

[meV] 


P6a 


2.003 


456 


0 


0 


1075 


P6b 


2.003 


447 


0 


0 


1048 


P6c 


2.003 


430 


0 


0 


1011 


P7a 


2.003 


449 


-4 


71.2 


1049 


P7b 


2.003 


441 


46 


70.0 


1030 


P7c 


2.003 


416 


-1 


70.5 


999 



Si neighbour shells with similar HF interactions. The presence of one 
nucleus with HF interaction points to a C antisite- vacancy pair defect. 

Calculations [59, 115] show among different kinds of paired defects (anti- 
site pairs, vacancy pairs and antisite-vacancy pairs) only the (Csi-Vc) pair in 
the +2 and the 0 charge states can explain the P6/P7 excited triplet spectra. 
Calculations by Rauls et al. [115] show that the formation energy of (Csi-Vc) 
is lower than that of the Vsi for most charge states. The resulting (Csi-Vc) 
structure is, by 1.67 eV, more favourable than the Si vacancy [116]. It turns 
out, in addition, that at all positions of the Fermi level the formation energy 
of the (Csi-Vc) pair is ~ 0.6 eV lower than the sum of the formation energies 
of the isolated Csi and the isolated Vq ■ The migration barrier for the dissoci- 
ation was calculated to exceed 4.5 eV. Thus the pair is expected to be stable 
against dissociation into its components. 

In C31, symmetry, the (Csi-Vc) pair in the doubly positive charge state 
has a resonant ai(s) level about 0.8 eV below the valence band maximum 




Fig. 8. Hyperfine structure of the 
P6c low- field line for 73||c. The line 
marked with an asterisk belongs to a 
different defect 
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(VBM) and a corresponding antibonding resonant state aj(s) at 4.5 eV above 
VBM [59]. In addition, p-like ai{p) level and an e{p) level are located in the 
band gap. The ground state of (Csi-Vc)^'*' is a singlet ^7li(ai(s) ti) in which 
two electrons with antiparallel spin occupy the ai(s) level in the valence gap. 
Photon energies above 1.15 eV (1.1 eV in experiment) can excite one electron 
from the ai(s) level into the ai(p) level, forming the ^7l2(ai(s) t oi(p) i) 
state. A non-radiative transition to the energetically lower metastable triplet 
state ^^2(01(5) t ai{p) t) is possible with the help of phonons. This ^^2 
state gives rise to the observed P6/P7 spectra. The MCDA is explained by 
the excitation of the ai{p) electron into the e{p) state (al(s) | e(p) t)- The 
calculated photon energy of 1.52 eV is in reasonable agreement with the 
experimental value (~ 1.1 eV). A similar excitation scheme is possible for 
the neutral charge state of the pair, but in this case the e{p) state is occupied 
in the metastable triplet state ^E{ai{s) | o-i{p) i e(p) |) and gives rise 
to a large HF interaction of about 180 MHz with the Si neighbours of Vc 
which was not observed. The calculations [59] of HF constants suggests the 
(Csi-Vc)^"'’ model for the center. 

The (Csi-Vc) pah is electrically and optically active although diamagnetic 
in its ground state. It has a charge transfer level just above midgap. Thus 
at least a second anneal step is required to remove the electrical activity of 
silicon- vacancy-related defects. 



2.6 Neutral Cr^+ Center 

In a series of 4H- and 6i^-SiC epitaxial layers doped with Cr during 
high-temperature chemical vapour deposition (HTCVD) growth. Son et al. 
[117, 118] observed a near-infrared PL spectrum consisting of two and three 
NP lines in 4H- and 6iL-SiC, respectively (Fig. 9). These NP lines were ob- 
served before by Gorban and Slobodyanyuk [119] in 6iL-SiC, but without 
identification. A good correlation between this PL band and the concentra- 
tion of Cr measured by secondary ion mass spectrometry (SIMS) has been 
observed [118], confirming the involvement of Cr in the center. Three NP lines 
in 6iL-SiC labelled CrA, Cre and Crc, are located at 1.1556 eV, 1.1797 eV 
and 1.1886 eV, respectively. In 4iJ-SiC, the two NP lines at 1.1583 eV and 
1.1898 eV are labelled CrA and Crc, respectively. In CVD layers grown on 
on-axis 6iL-SiC substrates with inclusion of 3C-SiC islands, an additional 
NP line at 1.1752 eV corresponding to one cubic site in the 3C polytype was 
also detected [120]. Zeeman measurements were performed on all NP lines 
and also some of the LP replicas [118]. In both polytypes, each of the CrA 
and Crc NP lines splits into a triplet for B parallel to the c-axis. For B 
perpendicular to the c-axis, an additional doublet splitting was detected for 
each triplet component. For the Cre line in 6iL-SiC, only triplet splitting has 
been detected. The triplet splitting is similar for all the lines with ^--values 
close to 2 and small zero crystal-field splitting, whereas the doublet splitting 
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Fig. 9. Near-infrared Fourier-transform PL spectra observed in AH- and 677-SiC 
HTCVD layers doped with Cr. Their weak phonon bands are shown in details in 
the insert. The energies of the lattice (TO and LO) and local phonon (LP) replicas 
are given in meV in the bracket. The resolution is about 0.12 meV 



is very small and anisotropic (gj_ = 0, g\\ about 0.22-0.26 and 0.62-0.64 for 
Cr A and Crc lines, respectively, and g = 0 for the Cre line) . 

Temperature dependence studies of the Zeeman components in the range 
(1.6-40) K suggested that the doublet splitting occurs in the excited state 
and the ground state is a spin-triplet (S = 1). Spin-Hamiltonian parameters 
of the Cr-related center are given in Table 6. From the splitting pattern and 
the similarity of NP lines in the two polytypes, the CrA and Crc lines are 
attributed to Cr at the quasi-cubic and hexagonal site, respectively, and the 
CrB line corresponds to Cr at the other cubic site in 6i?-SiC. 

Among the different electronic configurations of Cr, only the (P configu- 
ration (Cr^+) can provide such a ground-state triplet with the ^A 2 {F) mul- 
tiplet. According to the Tanabe-Sugano diagram of crystal field states of 
the cP electronic configuration [121], the first excited state will be either the 
triplet ^T 2 {F) or the singlet ^E(D), depending on the crystal field strength. 
For Cr^+ in hexagonal SiC, the crystal field may reach the value, where the 
^E(D) state lies below the ^T 2 {F) state, being the first excited state. The 
Cr-related PL lines are attributed to the ^E{D)-^A 2 {F) transitions within 
the d-shell of the substitutional neutral Cr^+ in the cP electronic configura- 
tion [118]. 
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Table 6. Spin-Hamiltonian parameters for the triplet ground state (GS) and dou- 
blet excited state (ES) of the Cr-related NP lines in 477 and 6i7-SiC. Data are from 
[118] 



NP line [eV] 


Polytype 


9\\ 


9± 


D [cm ^] 


Remark 


CrA (1.1556) 


m 


2.01 ±0.02 


2.00 ± 0.02 


< 0.04 


GS 




m 


0.22 ±0.03 


0 




ES 


Cru (1.1797) 


6H 


2.00 ± 0.02 


2.01 ± 0.02 


< 0.04 


GS 




6H 


0 


0 




ES 


Crc (1.1886) 


6H 


2.02 ±0.02 


1.99 ±0.02 


-0.18 


GS 




6H 


0.62 ± 0.03 


0 




ES 


CrA (1.1583) 


AH 


2.01 ±0.02 


2.00 ± 0.02 


< 0.04 


GS 




AH 


0.26 ±0.03 


0 




ES 


Crc (1.1898) 


AH 


2.04 ± 0.02 


2.00 ± 0.02 


-0.2 


GS 




AH 


0.64 ± 0.03 


0 




ES 



2.7 UD-1, UD-2 and UD-3 Centers 

Many deep-level defects give rise to photoluminescence (PL) and/or absorp- 
tion lines in the near infrared spectral region. In semi-insulating (SI) samples 
grown by HTCVD technique, traces of vanadium [3] and chromium [118] 
are frequently observed in PL, but there is also an additional series of lines 
labeled UD-1, UD-2, and UD-3 [122] as shown in Fig. 10. 

The UD-1 PL band consists of two NP lines in 4iL-SiC at 1.0572 eV and 
1.0581 eV [123] (see Fig. 10) and three NP lines in 6iL-SiC at 0.9952 eV, 
1.0015 eV and 1.0020 eV [124]. The spectrum is often observed in n-type 
commercial substrates or in SI material grown by HTCVD. These NP lines 
can be detected at temperatures below 80 K. Zeeman studies in 6iL-SiC 




Fig. 10. Low-temperature Fourier-transform PL spectra of the UD-1, UD-2 and 
UD-3 center in 477-SiC grown by HTCVD 
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[125] show that the low energy line corresponds to a singlet-singlet transition, 
whereas the other two lines are related to doublets with gf- values of gy = 0 for 
both and g± = 1.4 (for the 1.0015 eV line) and = 1.7 (for the 1.0020 eV 
line). Electron irradiation reduces the signal instead of enhancing it. The 
signal can be recovered after annealing at high temperatures. This seems to 
indicate that the UD-1 center is related to impurities rather than to intrinsic 
defects. 

The PL spectrum of the UD-2 defect in 4i7-SiC is also shown in Fig. 10. 
It consists of four NP lines at 1.0592 eV, 1.0968 eV, 1.1193 eV and 1.1495 eV 
[125]. The spectrum was detected in some of the SI substrates grown by 
HTCVD, but the signal is usually weak. In irradiated material, the UD-2 
spectrum appears after annealing at ~ 500° C and its intensity starts in- 
creasing rapidly at ~ 600° C when the PL band related to the neutral Si 
vacancy [70] begins to be annealed out. The signal keeps increasing to a 
maximum at ~ 1100°C then sharply decreases and completely vanishes at 
~ 1300°C [125]. In as-grown samples, the UD-2 signal survives higher anneal- 
ing temperatures but completely disappears after annealing at 1600°C for 20 
minutes. A similar PL band consisting of six NP lines at 0.9983 eV, 1.0100 eV, 
1.0298 eV, 1.0476 eV, 1.0484 eV and 1.0738 eV was also detected in electron- 
irradiated 6i7-SiC after the Si vacancy has been annealed out [126]. None of 
the NP lines split in a magnetic field (up to 5 T). The formation conditions 
of the defect indicate an intrinsic origin of the center. From the annealing 
behaviour of the defect and the Si vacancy, the UD-2 center was suggested 
to be Si- vacancy related [125]. However, when the properties of the UD-2 
center are compared to the recent results on MCDA and MCDA-detected 
EPR in 6i7-SiC by Lingner et al. [58, 59], it is clear that the NP lines in 
6i7-SiC [126] have the same energies as the optical intracenter transitions of 
the P6/P7 centers. The annealing behaviour of UD-2 and the P6/P7 centers 
is also similar. We therefore suggest that the UD-2 PL band originated from 
the (Vc-Csi) pair. The transition ^E-^A 2 of the (Vc“Csi) pair [59] gives rise 
to the PL lines of the UD-2 center. 

The UD-3 defect has a long and controversial history. When it was re- 
ported for the first time in 6i7-SiC [66] it was believed to be a phonon replica 
of the a line in the abc defect system (now known to originate from the neutral 
silicon vacancy) [70] due to a sharp local phonon. Its energy difference to the 
a line is approximately 90 meV, therefore it was denoted as Ogg. Hagen and 
Kemenade later proved that the UD-3 luminescence was not related to the 
a line, in their paper it is called spectrum II [67]. At the same time, Gorban 
and Slobodyanyuk extended their studies to the 15i? polytype and found two 
lines there. The one line in 6i7-SiC was called /i the two lines in 15i?-SiC 
/i and / 2 , respectively [127]. Here, we choose to adopt the most recent name 
UD-3 [122]. 

The main features of UD-3 are as follows: It gives rise to one NP line 
at 1.3555 eV in 4i7-SiC, one line at 1.3440 eV in 6i7-SiC and two NP lines 
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at 1.3474 eV (UD-3L) and 1.3510 eV (UD-3H) in 15i?-SiC [128]. At the 
low-energy side of the NP lines, a broad phonon-assisted side band can be 
observed together with a series of sharp lines UD-3®', 110-3*^, and UD-3'^ 
at distances between 86.6 and 89.6 meV from the NP line (Fig. 10). Similar 
phonon replicas can be found in PL excitation (PLE) experiments. PLE (and 
PL at elevated temperatures) reveals, in addition, the existence of higher- 
lying excited states close to the NP line of UD-3. Four such higher-lying 
states can be identified (UD-3^-UD-3^^). Their distances to UD-3 range from 
1.9 meV for UD-3^ to 8.3 meV for UD-3^^ (depending only slightly on the 
polytype) [128]. 

Zeeman effect measurements indicate the symmetry of the defect is 
[128]. The ground state configuration is ^Ai, whereas the excited states 
have configurations ^E, ^Ai, ^^ 2 , ^E, and ^A. 2 , respectively (in order of 
increasing energy). Such an electronic structure rules out the possibility of 
the luminescence originating from a bound exciton recombination. It is more 
likely that the emission arises from an internal transition within an inner 
shell of an impurity atom. The energies of the observed local phonons are 
remarkably similar to the ones connected with known substitutional impuri- 
ties from the iron group, such as vanadium, chromium and titanium. A 
configuration may explain the spin- and orbital singlet configuration of the 
ground state. This leaves [Ni]°, [Co]“, and [Fe]^“ as possible candidates for 
UD-3. However, [Fe]^“ is quite unlikely, since its energetic position should 
be close to the conduction band edge. In the semi-insulating samples used 
in these studies, this charge state of the defect can hardly be populated. It 
should be pointed out that no direct proof has, so far, confirmed that UD-3 
is indeed a simple substitutional impurity from the iron group. Therefore, 
other defect configurations, like a complex oriented along the c-axis, cannot 
be completely ruled out. 

In 4iL-SiC, the UD-3 defect is involved in an efficient PL up-conversion 
process [129]. In this process, the well-known titanium-related emission in 
the visible spectral region (NP lines at 2.848 eV and 2.789 eV) can efficiently 
be excited by resonantly tuning an IR light source (in our experiments a 
Ti:sapphire laser) to the energy of the NP line of UD-3 or its higher-lying 
excited states (Fig. 11a). PLE spectra detecting the titanium emission are 
identical to PLE spectra detected at UD-3 itself (Fig. 11b), proving the direct 
involvement of UD-3 in the up-conversion process. 

There are two surprising facts about this process: 

- It is a three-step process, since two times the energy of UD-3 (1.356 eV) is 
still (by more than 100 meV) less than the Aq line of the titanium-related 
emission (2.848 eV). 

- This process cannot be observed in the 6iL and 15R polytypes, even 
though they have smaller band gap energies than 4iL-SiC, which should 
make the process easier to occur. 
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Fig. 11. (a) Titanium PL emission in 4_ff-SiC at T = 2 K excited with band- 
gap laser light [upper spectrum) and excited resonantly on the NP line of UD-3 
at 1.356 eV (lower spectrum), (b) PLE in 4L/-SiC detecting the UD-3 emission 
at 1.356 eV (T = 2 K) (upper spectrum) and detecting the titanium emission at 
2.48 eV (T = 8 K) 



At this point, it is not clear whether the up-conversion process transfers 
electrons in three steps from the valence band to the conduction band with 
the titanium emission serving as the most efficient means of detecting this 
process or whether there is a more direct connection between the two defects, 
which only works in the 4iJ polytype. Some indications point in the latter 
direction. 

3 DLTS of Intrinsic Defects 

Samples used in the studies were n-type 4iL- and 6iJ-SiC epitaxial layers 
grown by CVD and irradiated with 2.5 MeV electrons with doses of ~ 2.5 x 
10^^ cm“^ or higher. DLTS measurements were performed on p+n junctions, 
which were made by growing an Al-doped p-type layer on top of the n-type 
layer [80]. 

Figures 12a and b show DLTS spectra observed in 4iL-SiC layers irra- 
diated with a dose as low as 5 x 10^^ cm“^ before and after annealing. In 
samples irradiated with a dose of 10^"^ cm“^, the weak shoulder EH3 is com- 
pletely immersed in the strong EH2 signal and the EH4, EH5 peaks appear 
(Fig. 12c). The negative peaks indicate that the associated deep level de- 
fects are majority carrier traps, i.e. electron traps in the n-type material. In 
the p"*"n structure, measurements with hole injection revealed a new posi- 
tive peak, labelled HHl (Fig. 12d), associated with a hole trap. The HHl 
signal was observed only after the sample has been annealed during the mea- 
surement up to (~ 350-400)°C [80]. The EH2 signal was shown later to be 
identical to the Zi ^ signal. The energy position E^, trap concentration N^, 
and capture cross section a for these centers are given in Table 7. 
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Fig. 12. DLTS spectrum in 4H-SiC irradiated with 2.5 MeV electrons with a dose 
of 5 X 10^^ cm“^ (a) before annealing and (b) after annealing at 750° C for 10 
minutes, and a dose of 2.5 x 10^^ cm“^ with (c) a reverse bias of —9 V and a pulse 
height of 9 V, and (d) a reverse bias of —9 V and pulse height of 12.5 V 



Table 7. The energy position Et, trap concentration Nt, and capture cross section 
a for different traps observed by DLTS in 4H- and 6L/-SiC irradiated with a dose 
of 2.5 X 10*^^ cm“^. (Jinter is estimated from the intercept of the Arrhenius plot and 
Umeas is the measured value. Data for 4H and 6H polytypes are from [80] and [82], 
respectively 



Poly- 

type 


Trap 

level 


Et 

[eV] 


Nt 

[cm-3] 


^Tinter 

]cm^[ 


tTmeas 

[cm^l 


AH 


EHl 


Ec-0.45 


2.4x10^^ 


5.0xl0~^® 




AH 


EH2(Zi,2 


) Ec-0.68 


4.1x10^® 


1.3xl0"^'‘ 


5.0x10"^'^ 


AH 


EHl 


Ec-0.72 


1.3x10^^ 


9.3xl0~^'^ 




AH 


EH5 


Ec-1.13 


1.5x10^® 


3.5x10"^® 


1.0x10"^® 


AH 


EH6/EH7 Ec-1.65 


3.9x10^® 


2.4x10“^® 




AH 


HHl 


Ev-bO.35 


1.4x10^® 


5.4xl0~^"‘ 


>5.0x10”^® 


6H 


El 


Ec-0.38 


9.5x10^® 


3.3x10"^® 


8.95xl0“^®xexp(-0.05/fcT) 


6H 


E2 


Ec~0.AA 


8.8x10^® 


l.lxlO"^'^ 


7.27X 10~^'^xexp(-0.041/fcT) 


6H 


Ei 


Ec-0.51 


2.4x10^® 


3.8x10"^® 


2.0x10"^® 


6H 


E3/E4 




~7xl0^^ 




>1.0x10-^"^ 


6H 


ZO 


Ec-0.71 


~lxl0^® 


4.4x10"^® 


~4xl0"^® 


6H 


Z1 




~9xl0^^ 




3xl0-l®<CTn,eas<3xl0-l'^ 


6H 


Z2 




~1.3xl0^® 




~4xl0"^® 


6H 


E7 


Ec-1.25 


1.4x10^"^ 


4.7xl0~^"‘ 


>9.0x10“^® 
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Fig. 13. Three-point-correlation DLTS spectra observed in electron-irradiated GH- 
SiC. The pulse width was varied from 40 ns to 100 |ls 



Figure 13 shows typical majority carrier DLTS spectra in p^n junctions 
fabricated from n-type 6iL-SiC layers irradiated with electrons measured with 
the pulse width varying from 40 ns to 100 |ls. The parameters for these deep 
levels are also given in Table 7. Some of these peaks have previously been 
observed [77, 81, 130, 131] but not well characterized. We will show below 
the negative-C/ properties of the El and E2 centers in 6i7-SiC and the Zi 
center in 4i7-SiC [78] 

A defect, which has the possibility to be occupied by more than one charge 
carrier, has negative-?/ properties if the binding energy of the second charge 
carrier is larger than that of the first one [132]. This phenomenon is observed 
when the gain in total energy of the defect system overcomes the Coulombic 
repulsion of the two charge carriers. The gain in net attraction is supplied by 
a local rearrangement of the lattice. 

Figure 14a shows a conventional DLTS spectrum with a filling pulse width 
of 100 |4s measured on an as-grown sample with a high concentration of the 
Zi center. Only a strong peak, labelled Z^!^^ , associated with the previously 
reported Zi center is observed. Using short filling pulses (tp = 50 ns) and light 
illumination (470 nm) before each filling pulse [85], two new peaks, labelled 
Z^^~^ and were detected (Fig. 14b). These peaks are associated with 

two shallower donor levels Z^ and . The relation in amplitudes of the peaks 
and Z^^^ in electron irradiated material is close to 1:1. 

During each long filling pulse (100 |4s), the donor levels Z^ and may 
capture two electrons. The binding of the electrons is strengthened when 
two electrons are being captured, and consequently these centers are frozen 
out. With the repetitive pulses required by conventional DLTS, the one- 
electron emission from the donor levels will not be observed. The freeze out 
of the donor levels was avoided by using short filling pulse and optically 
emptying the levels before each filling pulse. The illumination ionizes the 
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Fig. 14. Two DLTS spectra observed in a 4J/-SiC diode using pulse widths of (a) 
100 |ls and (b) 50 ns with light illumination (A ~ 470 nm) before each filling pulse. 
The pulse height was 9.9 V and the reverse bias —9.9 V. The reappearance of the 
levels Zi (o) and Z 2 (•) due to annealing with bias is shown as an inset. The solid 
curve shows a simulation, assuming that thermal ionization of the levels Z ^2 is 
responsible for the reappearance of peaks and 



centers following the processes 

+ e" iL4 Z+ + 2e~ {i = 1,2). (1) 

The entire optical ionization of the defects {Z~ ^ Zf + 2e“) was confirmed 

by observing the amplitude of the photo-induced capacitance transient at 
temperatures below the freeze out of the one-electron emission. The electron 
emission associated to peak corresponds to a two-stage ionization and 

the change of the net charge at the defects can be monitored via the amplitude 
of DLTS peaks. The sum of the amplitudes of peaks z\^^ and Z^^ follows 
closely the relation 1:2 to the amplitude of peak Z.^ 2 ^, which consists of 
two components corresponding to emission of two electrons from the z\^~^ 
and z'^^ levels. As shown below, the Z^ and Z\^^ levels belong to the 
negative-!/ center [7^. 

Isochronal annealing with a reverse bias applied to the diode was carried 
out in the range (200-300) K. To assure that two electrons were captured 
before the annealing, the diode was heated without bias to the annealing 
temperature. A reverse bias of —9.9 V was then applied for 5 minutes and 
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the sample was thereafter cooled down to 200 K with bias. The concentrations 
of the levels and Z 2 were measured by recording the capacitance transient 
following a single 50 ns filling pulse and fitting two exponential transients to 
the biexponential transient using multiple linear regression. The reappearance 
of Zi and peaks was observed at ~ 230 K. A simulation assuming thermal 
ionization of the levels Z ^2 responsible for the reappearance gives a good 
agreement, as illustrated by the solid curve in the insert of Fig. 14. This 
confirms the relation between the Z^ 2 '*' z\^^ and z'^^ levels, which 

belong to the centers U\ and U2, respectively. 

The thermal electron emission rates (e„) from the levels Z^ and Z® were 
obtained from DLTS measurements. For the overlapping components Z^ 
and Z 2 of the Z-^ 2 "*^ peak it was determined by fitting two exponential 

transients directly to the biexponential capacitance transients Z-^ 2 ^ with 
keeping the relation in amplitudes between the two components fixed. The 
thermal activation energies of the electron emission processes from the levels 
were obtained. The values are given in Table 8. 

The capturing process of the first electron to the centers seems to be very 
efficient since no decrease of the transient amplitudes could be detected when 
reducing the filling pulse width to 50 ns [85]. A large capture cross section 
(cr > 1 X 10“^^ cm^) was estimated for the process. The capture cross sections 
for capturing to the acceptor levels (i.e. of the second electron) show a weak 
exponential temperature dependence. Assuming a multi-phonon capturing 
process [133], the temperature dependent capture cross sections can be fitted 



Table 8. The thermal activation energies A A, electron binding energy Ei, and 
measured capture cross sections Cmeas for the different electron capturing processes. 
The energy range comes from the assumptions a oc T~^ and a oc respectively. 
The temperature dependent capture cross sections correspond to the capture of 
the second electron to the centers. Data for 4H and 6H polytypes are from [85] 
and [86], respectively 



Polytype 


Level 


AE (eV) 


Ei (eV) 


'^meas (cm ) 


4H 




0.52 


0.50-0.54 


> 1 X lO"^'^ 


4H 


^ 2 ° 


0.45 


0.43-0.46 


> 1 X 10"^'* 


4H 


^r 


0.72 


0.67 


1.71 X 10“^® X exp(-0.065/fcT) 


4H 


^2- 


0.76 


0.71 


1.31 X 10"^® X exp(-0.080/fcT) 


GH 


A? 


0.28 


0.27-0.29 


> 2.4 X 10"^® 


GH 


El 


0.20 


0.19-0.21 


> 5.5 X 10"^® 


GH 


et 


0.42 


0.38 


1.1 X 10"^® X exp(-0.048/fcT) 


GH 


et 


0.47 


0.44 


7.7 X 10"^® X exp(-0.070/fcT) 


GH 


Eq 


0.20 




1.2 X 10"^® 




Electronic Structure of Deep Defects in SiC 485 



and the obtained temperature dependent capture cross sections are given in 
Table 8. 

The fast capturing of the first electron to the positively charged center 
suggests a cascade capturing process [134] while the slower capturing pro- 
cess of the second electron is described by a multi-phonon process. Fitting 
the obtained thermal emission rates, assuming a cascade and multi-phonon 
capturing process of the first and second electron, respectively, gives the 
electron binding energies (Table 8). Thus, the negative-?/ centers U\ and U 2 , 
each gives rise to one donor and one acceptor level. The levels at i?c-(0.50- 
0.54) eV and iiic-(0.43-0.46) eV correspond to the donor levels and Z^, 
respectively, while the acceptor levels Z^ and are located at Ec-0-67 eV 
and F^c-0.71 eV, respectively [85]. 

In 6i/-SiC, there are also two similar negative-?/ centers, Ui and U 2 , giving 
rise to donor levels at Ec-(0.27-0.29) eV and E 2 at i/c-(0. 19-0.21) eV, 

and acceptor levels E^ at £ic-(0.27-0.29) eV and E 2 at i?c-(0. 19-0.21) eV, 
respectively [86]. 

Figure 15 shows DLTS spectra consisting of several new peaks, labelled 
LI, L2, L3, and E8, measured in an irradiated 6i/-SiC p^n diode after differ- 
ent annealing conditions. The thermal ionization energies obtained for these 
peaks are: ^^(Ll) = 0.77 eV, E,(L2) = 1.14 eV, Ei(L3) = 1.78 eV, and 
£'i(E8) = 2.30 eV. The capture cross sections of the LI and E8 levels were 
estimated as cr„(Ll) = 2.5 x 10“^"^ and (t„(E 8) = 3.7 x 10“^^, respectively. 
Using various junction space-charge techniques, annealing and simulation, 
Hemmingsson et al. [88] have shown that the LI, L2 and L3 levels belong to 
three different configurations, Ci, C 2 and C3, respectively, of a metastable 
defect. Two of these configurations can only exist if the level is occupied by 




Temperature (K) 

Fig. 15. DLTS spectra measured after three different annealing conditions on a 6H- 
SiC p^n-diode irradiated with 2.5 MeV electrons and with a dose of 2.5 x 10^^ cm“^: 
(a) after the defects were prepared in C 3 , (b) after the defects were prepared in Ci 
and (c) after the defects were prepared in C 2 . The high temperature part of the 
spectra, shown in the inset, is the same for (a), (b) and (c) 
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one or more electrons. The transformation process was found to be governed 
by electron capturing to the defect. 

The Zx ^2 defect in 4i/-SiC was previously suggested to be related to the Dj 
PL center [135]. Recently, Storasta et al. [89] showed in their minority carrier 
transient spectroscopy (MCTS) and annealing studies that the Dj center is 
not correlated with the Z 1.2 center but with a hole trap HSl lying at ~ 0.35 eV 
above E^- This hole trap has been observed before by Hemmingsson et al. 
[80] (the HHl peak in Fig. 12d). The annealing temperature dependence of 
the concentration of the Z 12 , HSl, and the ratio between the LI NP line of 
the Di center and the Qq line of the N-bound exciton (Li/Qo) was studied in 
four sets of samples irradiated with different proton doses [89] and are shown 
in Fig. 16a. As can be seen in the figure, the concentration of the Z \^2 signal 
starts decreasing at (~ 1100-1300)°C and reaches the level observed in as- 
grown samples at 1700° C independently of the doses of irradiation. Contrary 
to that, the concentration of the HSl center keeps increasing all the way very 
similar to the dependence of the Li/Qo ratio. The correlation between the 
concentration of HSl center and the intensity of the LI NP line is also evident 
from Fig. 16b. The recent model of a pseudodonor [64] also predicts that the 
Dj defect should be associated with a hole trap at 0.34 eV above E^- This 
level is remarkably close to the HSl hole trap at Ey + 0.35 eV. 

Pintilie et al. [136] studied the formation of the Zi ^2 defect in CVD sam- 
ples grown with various nitrogen-doping concentrations and C/Si ratios (1.2- 
3). A 1:1 relation between the concentrations of Zi and Z 2 has been obtained 
for as-grown layers. Their DLTS results confirm the negative-C properties of 




Annealing temperature (°C) PL L,/Q„ 



Fig. 16. (a) The annealing temperature dependence of ^ 1 , 2 , HSl and Li/Qo- 
The proton doses used were ■ 3 x 10^^, •lx a 3 x 10^^, Tlx 10^® cm“^. 
(b) Concentration of DLTS Zi ^2 {open symbols) and MCTS HSl {solid symbols) 
against PL L\jQ^ ratio. The symbols used are the same as in (a) for the different 
proton doses. The solid and dashed lines are only guides for the eye 
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the Zi _2 center. The concentration of the defect was observed to increase 
with the incorporated nitrogen concentration. The dependence was found to 
be linear for medium C/Si ratio (1.5-2. 5). Based on this dependence a model 
of a complex between N and Ci or Vsi has been suggested for the Zi ^2 defect. 
Fujihira et al. [137] studied the defect in layers grown with the C/Si of 0.6, 
0.7 and 0.8 and found the Z\ concentration in the low 10^^ cm“^ range in one 
layer with the N concentration ~ 1 x 10^® cm“®. The center was suggested 
to be an intrinsic complex involving a Si antisite or C vacancy [137]. Thus, 
the defect is still not conclusively identified. 



4 Conclusion 

Recent studies of deep level defects in SiC are briefly described. The carbon 
vacancy in the positive charge state V/f is identified (the EI5 or Kyi center). 
It acts as a donor center in p-type material and has the (+/0) level in 4i/-SiC 
at ~ Ey + 1.47 eV. The V// center survives an annealing at a temperature 
~ 1600°C. The T5 center in 3C-SiC, which was attributed to Vq before, 
is now suggested by theory to be a C interstitial-related defect. The model 
still needs a confirmation from experiments. On the identification of the Si 
antisite, there is still a disagreement between experiments and also theoretical 
calculations. Further detailed information on the HF structure of the EI6 (or 
Ky3) center is needed for clarifying if the EI6 center is the Si(t or the Vq 
at the hexagonal site. Other important intrinsic defects, such as the (Sii- 
Vsi) Frenkel and (Csi-Vc) pairs have been identified. The (Csi-Vc) pair was 
found to have the formation energy lower than that of Vsi and is a common 
defect in as-grown material. Detailed ligand HF structure of the so-called Fg® 
center has been obtained, indicating that the center is a single Si vacancy. 
Its charge state is under debate (three different models with the charge state 
of 0, —1 and —3 were suggested for the center). The metastable properties 
of the 2 center in 4iJ-SiC, the El and E2 centers in 6i7-SiC, and other 
deep level defects in 6i7-SiC have been revealed. Unlike cases of the and 
Mo^+ PL centers, the PL of the neutral Cr‘^+ center is originated from the 
^E{D)-^A 2 {F) transitions. 
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Phosphorus-Related Centers in SiC 
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G. Wagner, and M. Maier 



1 Introduction 

Phosphorus (P) is considered to serve alternatively to nitrogen (N) as a shal- 
low donor in SiG. It is the aim of this paper to report the present status 
of our knowledge on the optical and electrical properties of P donors. We 
will not report on results obtained from magnetic resonance experiments in 
this article and refer to the relevant literature [l]-[4]. Electron paramagnetic 
resonance (EPR) and electron nuclear double resonance (ENDOR) investiga- 
tions are predominantly taken on SiG samples, which are P-doped by neutron 
transmutation. These magnetic resonance experiments and also a theoretical 
prediction by A. Gali et al. [5] support that P donors are incorporated into 
the silicon (Si) sublattice. However with respect to the microscopic structure 
of P-related centers, there exists still a controversial discussion [l]-[4]. 

The electronic transitions of P donors are examined by low temperature 
photoluminescence (LTPL) and infrared (IR) absorption investigations, while 
the electrical properties of P donors are largely determined by Hall effect 
measurements. We will check whether P donors have any advantage compared 
to N donors with respect to device applications. In a first chapter, we briefly 
review the different methods to dope SiG with P donors. In the following 
chapters, the optical and electrical properties of P donors are described. 



2 Doping of SiC with Phosphorus Donors 

(a) Neutron Transmutation Doping (NTD): NTD is an established method 
to homogeneously dope silicon with P donors [6]; this technique has been 
also applied to SiG [7]-[9]. It is based on the capture of thermal neutrons by 
^°Si atoms according to the reactions: ?^Si(n,7)fi^ and the subsequent (3 
decay, which results in the \\P isotope. The capture cross-section for thermal 
neutrons is small enough to reach a homogeneous doping level throughout the 
bulk of the SiG sample. Because of the fact that the recoil energies of the 7- 
quantum and the /^“-particle are 780 eV and 32.3 eV [10], respectively, which 
is larger or comparable to the displacement energy of Si atoms of 35 eV and 
G atoms of 20 eV [11], it cannot automatically be concluded that P donors 
reside at Si lattice sites. This suspicion is supported by the observation [7] 
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Fig. 1. LTPL spectra taken of 6-ff-SiC samples, which were irradiated with ther- 
mal neutrons (fluence = 1.5 x 10^® cm“^) and subsequently annealed at different 
temperatures (1500°C to 2000°C) for 30 min. The Li^-lines {v = 1,2,3) belonging to 
the intrinsic-related Di-center are observed in all three LTPL spectra; they indicate 
that the lattice damage is not perfectly recovered even after annealing at such high 
temperatures 
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that subsequent to even low neutron fluences the electrical activation of P 
donors requires an annealing step of at least 1600°C for 30 min. 

In addition, lattice damage is generated in neutron irradiated SiC sam- 
ples, which is resistant even at high annealing temperatures; see e.g. the 
low temperature photoluminescence (LTPL) spectra (Lj^-lines, v = 1,2,3) in 
Fig. 1 [8]. With the NTD technique, P donor concentrations in the range of 
10^® cm“^ are demonstrated. 

(b) Ion Implantation: Implantation of P+ ions into SiC is a successful tech- 
nique to dope SiC at high donor concentrations. Electrically active concen- 
trations of P donors above 10^*^ cm“^ are demonstrated [12]. A detailed 
description of the implantation conditions and the electrical characterization 
of P+-implanted AH- and 6iL-SiC layers are given in the following chapters. 

(c) Chemical Vapor Deposition (CVD): The growth of P-doped epilayers 
is conducted at temperatures between 1500°C and 1800°C. Silane SiH4, 
propane CsHg and phosphine PH3 are used as the sources for Si, C and P. 
The published growth results are controversial. While Larkin [13] reports that 
doping of SiC epilayers with P is consistent with the site competition effect 
assuming that P atoms reside at Si lattice sites, Wang et al. [14] observed the 
opposite trend. They have demonstrated that the incorporation of P donors 
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increases with decreasing C/Si-ratio. These authors also observed a decrease 
in the incorporation of P donors for a given precursor flow with increasing 
temperature. A maximum concentration of P donors of 3.4 x 10^® cm“® and 
3.9 X 10^® cm“® for AH- and 6i?-SiC, respectively, is reported by these au- 
thors. 

(d) Physical Vapor Transport (PVT): Growth of SiC boules by the PVT 
method (or seeded sublimation growth) occurs at high temperatures above 
2000°C. On the other hand, solid P sources like pure P or any P containing 
compound have an extremely high vapor pressure at these temperatures. In 
order to dope SiC during the PVT growth, the solid P source has, therefore, 
to be positioned at lower temperature in the sublimation furnace. Semmelroth 
et al. [15] have used pyrophosphate SiP20y as a P source, which is industrially 
employed for the P-doping process of Si wafers. This solid P source has been 
located in the lower part of the growth furnace at about 1300°C and tubes 
drilled into the graphite walls provided diffusion channels for the P to the 
growth front. SIMS analyses of corresponding P-doped 6iJ-SiC boules result 
in a maximum P concentration of 3 x 10^^ cm“®. 

P-doping during CVD and sublimation growth is still an unsolved prob- 
lem. It seems that the P-chemistry at high temperatures (T > 1600°C) 
strongly reduces the incorporation of monatomic P during the growth. The 
incorporation of P at the growth front may be hindered either by the forma- 
tion of larger and thermally stable P molecules or C and P react chemically 
and form stable agglomerations. A suitable catalyst could drastically increase 
the incorporation of electrically active P atoms. The P-chemistry may also 
be responsible for the controversy between the published low solubility val- 
ues for P in SiC ([P] = 2.8 x 10^® cm“®) [16] and the high electrical activity 
of P donors in SiC ([P] > 10^® cm“®) experimentally achieved by implanta- 
tion [12]. 



3 Phosphorus Neutral Donor Bound Exciton Complex 
in 6Jf-SiC 

Sridhara et al. [17] observed a new LTPL spectrum in 6i7-SiC homoepitaxial 
layers doped with phosphorus during CVD growth. They argued that the 
emission lines are associated with the recombination of excitons bound to 
neutral phosphorus donors. The samples were grown in an atmospheric pres- 
sure CVD reactor with PH3 in the flow as the source of phosphorus. Based 
on the dependence of the strength of the new spectra, relative to the nitrogen 
spectra, on the growth conditions and the mechanism of site competition epi- 
taxy [18], Sridhara et al. proposed that P substitutes for Si. Figure 2 shows 
the no phonon lines of a typical spectrum taken at 2 K. 

The lines labeled Ph®', Ph® and Ph'^ appear at the wavelengths 4119 A, 
4121 A and 4124 A, corresponding to binding energies of 13.8 meV, 15.2 meV 
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Fig. 2. LTPL spectrum of a 6H-SiC sample doped with phosphorus during ex- 
pitaxial growth. The principal no phonon lines are labeled Ph'^, Ph^ and Ph*^ in 
order of increasing binding energy. The two peaks labeled Phvo are assigned to two- 
electron transitions leaving the neutral donor in excited states. The peak labeled 
Po is a no-phonon line of the neutral nitrogen donor bound exciton spectrum 



and 17.4 meV, respectively. Lines Ph®’ and Ph’’ are closely spaced and very 
weak compared to Ph'^. Based on their similarities, it is natural to assign 
Ph®’ and Ph'^ to the two quasicubic sites and the remaining line Ph'^ to the 
hexagonal site of 6i7-SiC. The ordering is opposite to that of the nitrogen 
bound exciton lines, for which excitons bind more strongly to donors on qua- 
sicubic sites. This behavior may reflect differences in the local environments 
on the Si versus the C sublattices. Because the no phonon lines are so closely 
spaced, it is not understood why the line Ph'^ is so much stronger than lines 
Ph®' and Ph*’, although the strength of a no phonon line is expected to in- 
crease with the binding energy. With increasing temperature an excited state 
appears 4.3 meV above Ph'^. It is assigned to recombination of an exciton 
whose hole comes from the spin-orbit split Pr valence band, similar to the 
4.8 meV excited state for nitrogen in 6i7-SiC [19]. The feature labeled Ph^^ 
shows the same dependence on excitation intensity as Ph'^. It is assigned to 
two-electron transitions, for which exciton recombination leaves the neutral 
donor in an excited state, possibly a valley-orbit level. In the spectrum shown 
in Fig. 2, there are two Ph^o peaks, 5.2 meV and 6 meV above the ground 
state, but this splitting is not observed in all samples. Figure 3 shows this 
phosphorus spectrum over an extended wavelength interval, which includes 
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Fig. 3. LTPL spectrum of a 6W-SiC layer doped with phosphorus during homoepi- 
taxial growth. The no phonon lines and a portion of the spectrum of momentum 
conserving phonon replicas are shown. The subscripts label the phonon energies in 
meV. The labels a, b and c mark three phosphorus-related spectra. The remainder 
of the phonon spectrum is omitted for clarity 



the momentum conserving phonon replicas. Replicas of all three no phonon 
lines, Ph®', Ph'^ and Ph'^, are marked. The integrated intensity of the sum of 
the Ph®', Ph*^ spectra, including the no phonon lines and the phonon replicas, 
is only slightly greater than the corresponding sum for the deeper Ph'^ spec- 
trum. This result is contrary to the behavior of the nitrogen bound excitons 
in 6i^-SiC, for which the integrated area of the shallow P spectrum (binding 
energy 16 meV) is approximately four to five times greater than that of the 
R and S spectra (binding energies 31 meV and 32.5 meV, respectively). 

Magneto-optics provides further support for the assignment of this spec- 
trum to neutral donor bound excitons. In the scheme of Lamport [20], a 
neutral donor or acceptor bound exciton is classified as a four particle com- 
plex. For example, the four particles making up the donor complex are the 
positively charged ion, two electrons and a hole. Radiative recombination of 
the exciton leaves the neutral donor, which may be in its ground state or an 
excited state. Thomas and Hopfield [21] developed a simple model for the 
behavior of neutral donor and acceptor Zeeman spectra in noncubic semicon- 
ductors, specifically those with wurtzite structure. Consider a neutral donor. 
The intitial state is the four particle complex. The two electrons are in a spin 
singlet (antiparallel spins), so that the Zeeman splitting is determined by the 
hole. For many wurtzite semiconductors, as well as for 4iJ-SiC and 6iJ-SiC, 
which have the same space group, C|^, the top valence band is labeled Fg, 
associated with the valence band maximum at the point F at the center of 
the Brillouin zone. The Zeeman splitting of a Fg hole is anisotropic, with 
maximum splitting for magnetic field H\\c and no splitting for H Tc where 
c labels the crystal c-axis. The final state electron should split essentially 
isotropically with a g factor of about 2. For a neutral acceptor bound exciton 
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complex the magneto-optical behavior is the opposite: The initial state is 
electron like and the final state splitting is due to the remaining hole. 

Zeeman spectra were measured using a 7 T split-coil superconducting 
magnet with the samples at temperature 2 K [22]. Figure 4 shows Zeeman 
spectra for H Tc and H\\c measured at 6 T. The insets illustrate the behav- 
ior predicted by Hopfield’s model for a neutral donor four particle complex. 
The strengths of the lines are affected by thermalization of the initial state. 
For example, consider the strong Ph'^ no phonon line. The Zeeman split lines 
are of equal strength for H Tc but the lower energy line is stronger for 
H\\c. This behavior is a clear indication that the four particle complex is 
associated with a neutral donor, and not an acceptor. Also, the fact that 
the lower energy line is the stronger for the H\\c spectrum indicates that 
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Fig. 4. Zeeman spectra of no phonon lines in 677-SiC layers doped with phosphorus 
during epitaxial growth. The magnetic field is applied perpendicular {top) or parallel 
{bottom) to the crystal c-axis. The insets illustrate Hopfield’s model for a neutral 
donor bound exciton. Pq labels a Zeeman split nitrogen no phonon line 
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ffh > 9e, where and are the 5- factors of the hole and electron, respec- 
tively. In addition, the measured values = 3.18 and ge = 1.99 for Ph'^ 
are consistent with the measured spin orbit splitting of 4.3 meV, accord- 
ing to the model of Dang et al. [23] and Scott et al. [24]. The orbital angular 
momentum of the hole is quenched due to its localization in the complex. Ac- 
cording to the model, the (/-factor becomes (/l ~ (/L(bulk)xA(Ph‘^)/ A(bulk) 
= 1x4.3 meV/7.20 meV = 0.60. Here we have used the measured value for 
the spin-orbit splitting of the valence bands in 6i7-SiC, A(bulk) = 7.2 meV, 
discussed elsewhere in this volume [25]. The predicted value of the ^-factor 
for the hole is gh = 2(/l -I- 5s = 2 x 0.60 -I- 2 = 3.20, in good agreement with 
the measured value, gh = 3.18. 



4 IR Transmission Measnrements 
on Phosphorns Donors in 6i/-SiC 

IR transmission spectra are taken on samples, which are cut from 6i7-SiC 
boules with their large surfaces perpendicular to the c-axis. These crystals are 
P-doped during the sublimation growth [15, 26]. For the IR investigations, a 
Bruker IFS 66 v/S spectrometer equipped with a Mylar 3.5 |4m beam splitter 
and a deuterated triglycine sulphate (DGTS) detector is used. 

Figure 5 shows transmission spectra taken at three different temperatures 
with electric field vector E-Lc. Besides the known absorption lines [27], which 




700 650 600 550 500 450 400 350 300 250 200 

wave number (cm-^) 



Fig. 5. Infrared transmission versus wave number obtained from P-doped 6H- 
SiC samples. The spectra are taken in the wave number range from 200 cm“^ to 
700 cm“^ at 6 K, 80 K and 140 K; the resolution is 2 cm“^ 
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are attributed to N donors and vibrational modes, an additional pronounced 
absorption structure is observed. This particular structure is only observed in 
P-doped 6i?-SiC samples and at low temperatures. It is attributed to bound- 
to-bound transitions of the donor electron of P donors. These absorption lines 
originate from excitations from the Is ground state to 2p/3p excited states; 
they can be not observed at temperatures T > 140 K, where most of the P 
donors are already ionized. 

The experimental absorption lines are discussed in the framework of 
Faulkner’s effective mass approximation (EMA) [28]. Although Faulkner’s 
theory considers only two independent components of the effective mass (to||, 
m±), it has been demonstrated in [27] that this theory results in correct val- 
ues for the ionization energy and energies of excited states of N donors in 
the 6H polytype, even though electrons in the lowest conduction band have 
three distinct effective mass components. 

The measured absorption lines are ordered taking into account the fol- 
lowing rules: 

(a) With increasing quantum number n, the line intensities decrease, 

(b) the intensity of transitions to np±-states is larger than the intensity to 
npo-states and 

(c) according to Faulkner’s EMA the ordering of excited states depends on 
the value of the anisotropy mass factor 1 — (mj_/m|| 

The effective electron masses for the 6H polytype are determined by op- 
tical cyclotron resonance experiments [29]; the electron masses are: 

m_L = 0.42mo and ?ti|| = 2.0mo . 

With these values the anisotropy factor becomes 1 — = 0.41. For 

1 — (to_l/to|| < 0.52, Faulkner’s EMA predicts the following ordering: 

E{2po) < E{2p±) < E{3po) < E{5p±) . 

Based on these rules the EMA-like excited states are calculated using a 
simplified approximation given by Gerlach and Pollmann [30]. 

Three series of excited EMA states are obtained from this fit. The assign- 
ment of excited states to the experimental absorption lines is summarized in 
columns 1 and 2 of Table 1 for the three series; the corresponding experimen- 
tal and calculated EMA transition energies are listed in columns 3 and 4, 
respectively. The experimental values for the ionization energies AE(P^) of 
the three donors are: 90 meV, 79.4 meV and 70.6 meV. It is assumed that 
the different ionization energies correspond to P atoms residing at the three 
inequivalent lattice sites of the 6H poly type. IR absorption measurements do 
not allow any identification of lattice sites; however based on EPR results [2], 
it may be speculated that the energetically deep P donor (opposite to the 
N donor) resides at the hexagonal (h) lattice site and the energetically shal- 
lower donors reside at cubic (fci, /C 2 ) lattice sites. The straight line in Fig. 6 
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Table 1. Absorption lines and transition energies of excited P donor states in 
6-ff-SiC obtained from a fit of the EMA after [30] to the observed absorption lines 



Series I 



Final state 


Absorption lines (cm 


Transition 


energies 


(nlm) 


Is ^ bound excited state 


Fnim (meV) 






exp. 


EMA 


2po 


620 


76.7 


76.8 


2p± 


626 


77.4 


77.7 


Spo 


685 


84.7 


85.1 


3p± 


692 


85.6 


85.5 


4po 


not observed 


- 


88.0 


4p± 


not observed 


- 


88.3 


CB 


728 


90.0 


91.8 




Series II 


Final state 


Absorption lines (cm 


Transition 


energies 


(nlm) 


Is ^ bound excited state 


Fnim (meV) 






exp. 


EMA 


2po 


not observed 


- 


66.1 


2p± 


544 


67.3 


67.4 


3po 


605 


74.8 


75.0 


3p± 


610 


75.4 


75.6 


4po 


not observed 


- 


78.1 


4p± 


not observed 


- 


78.4 


CB 


642 


79.4 


82.1 



Series III 



Final state 
(nlm) 


Absorption lines (cm *^) 
Is ^ bound excited state 


Transition energies 
Enim (meV) 
exp. EMA 


2po 


478 


59.1 


59.4 


2p± 


488 


60.4 


60.9 


3po 


not observed 


- 


64.7 


3p± 


527 


65.2 


65.4 


4po 


not observed 


- 


66.6 


4p± 


not observed 


- 


67.1 


CB 


571 


70.6 


70.9 
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donor ionization energy AE(D) (meV) 



Fig. 6. Exciton binding energy Ebk{D) of nitrogen donors in different SiC poly- 
types residing on inequivalent lattice sites as function of the donor ionization energy 
AE{D) (symbols). The solid straight line is a fit curve to the experimental points 
(Haynes rule). The exciton binding energy of P donors (see legend) obtained form 
LTPL spectra [17] is used to determine the corresponding ionization energies 



represents a linear correlation between the exciton binding energy EByi(D) 
of N donors incorporated in different SiC polytypes and occupying different 
inequivalent lattice sites and the corresponding ionization energy AE(D) of 
these donors [31, 32]. The straight line confirms that the empirical Haynes 
rule is apparently valid for donors in SiC [33] . If we insert the exciton binding 
energies obtained from the LTPL spectra in Fig. 2 into the plot of Fig. 6, 
then the donor ionization energies determined by the Haynes rule result in: 
71 meV, 79 meV and 90 meV. These values agree well with the ionization 
energies of P donors obtained from the fit of Faulkner’s effective mass theory 
to the observed IR absorption lines. 



5 Electrical Properties of P Donors 

Due to the limited incorporation of P into SiC during boule or epitaxial 
growth, it is not surprising that most of the information about the electrical 
properties of P donors is obtained from P^-implanted SiC samples. In or- 
der to electrically activate the implanted P atoms and to largely reduce the 
implantation-induced crystal damage and intrinsic defects, an annealing step 
at high temperatures is required. The results of temperature dependent Hall 
effect measurements performed on P^-implanted and isochronally annealed 
4i7-SiC layers are presented in the following section [12, 34]. 

In our experiments, 10 pm thick p-type 4i7-SiC:Al epitaxial layers with 
either [0001]- or [ll-20]-oriented surface (so-called “Si-face” or “a-plane” sam- 
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Table 2. Ion energies and fluences of the eightfold P implantation used to generate 
a P box profile (mean P concentration [P] « 2 x cm“®, depth d — 1.3 |tm) 



Implantation energy E 
[keV] 


Implantation fluence D 
[10^® cm“2] 


70 


1.0 


180 


1.5 


320 


2 


500 


2.5 


750 


2.75 


1100 


2.5 


1500 


2.75 


2000 


3.5 



pies) are used. The net acceptor concentration in the implanted layers A'a-.^d 
is 10^® cm“® in the case of Si-face and 3x 10^® cm“® in the case of a-plane sam- 
ples. An eight fold P implantation has been conducted at room temperature 
to obtain a P box profile (mean P concentration [P] « 2 x 10^® cm“®, depth 
d = 1.3 pm). The implantation parameters calculated with the TRIM_C 
program [35] are given in Table 2. 

Subsequent to the implantation, the samples are annealed in an Ar ambi- 
ent at temperature Ta for 30 minutes. The annealing temperature Ta is varied 
between 1500°C and 1700°C in steps of 50°C. In order to prevent thermal 
decomposition of the surface, the samples are kept in a SiC container during 
the annealing procedure. Ni ohmic contacts in van der Pauw configuration 
have been prepared by thermal evaporation of Ni and an alloying process at 
1000°C for 5 minutes. In order to suppress leakage currents over the edges 
to the underlying p-type epilayer, mesa structures were prepared by reactive 
ion etching (RIE). 

The Hall effect measurements are conducted in the temperature range 
from 50 K to 800 K. The free electron concentration n is obtained from the 
measured Hall coefficient i?H by: 



e • i?H 



( 1 ) 



The temperature dependent Hall scattering factor rH(T) is close to one [36] 
(see also special paper on the Hall scattering factor in by F. Schmid et al. 
at pp. 517 of this volume) and is, therefore, set to 1. The donor ionization 
energy AAd,^ (index i denotes the zth donor species), the electrically active 
donor concentration and the concentration of compensation Acomp are 
determined by a least-squares-fit of the neutrality equation (2) in Boltzmann 
approximation to the experimental data: 



N = 

■^'comp / , 

• ^ 1 I Qi-n 

i=i,2 1 + ^ exp 



iV, 



Dd 



I kT 



( 2 ) 
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The following material parameters are used for the fit procedure: 

- temperature-independent degeneracy factor g = 4 (Is(yli) and ls{E)- 
state are reversed after [3]) 

- temperature-dependent effective density of states mass m^{T) after Wellen- 
hofer and Rossler [37]. 

The free electron concentration n as a function of the reciprocal tempera- 
ture for [0001]-oriented samples subsequent to P implantation and different 
annealing steps is displayed in Fig. 7a. An increase of the free electron concen- 
tration is observed in the whole temperature range with increasing annealing 
temperature Tg_. The same tendency occurs in case of a-plane samples (see 
Fig. 7b). At temperatures below 200 K, especially after the anneal at 1700°C, 
the slope of the n(l/T)-curve of the Si-face sample Si5 is distinctly flatter 
than the corresponding slope of sample A5. This fact is attributed to a larger 
contribution of impurity band conduction to the carrier transport indicat- 
ing the existence of a higher concentration of the compensation in Si-face 
samples. 

In order to obtain a satisfactory fit of the neutrality equation to the mea- 
sured free electron concentration, two different donor species are necessary 
(i = 1,2 in (2)). The two donor ionization energies determined by the fit are: 

AEi = (45 ± 5) meV and AE 2 = (90 ± 10) meV . 

These two donor species are attributed to P-donors residing at either cubic 
or hexagonal lattice sites. According to the identical density of cubic and 

temperature T(K) temperature T(K) 



500 300 200 100 500 300 200 100 




Fig. 7. Free electron concentration as a function of the reciprocal temperature 
(a) for Si-face 4i7-SiC samples and (b) for a-plane 4i7-SiC samples annealed at 
different temperatures. The annealing temperature is given in the legend. Symbols 
represent experimental data, solid lines show results of a least-squares-ht of the 
neutrality equation 
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Table 3. Total P donor concentration A^d = A^d,i + A^d ,2 and concentration of 
compensation A^comp obtained from least-squares fits of (2) to the experimental 
data (symbols) displayed in Fig. 7 



Sample 


Annealing tempera- 
ture Ta [°C] 


No 

[xlO^^ cm”®] 


N 

^ ’ comp 

[xlO^'^ cm”®] 


Sil 


1500°C 


6.1 


2.4 


Al 


1500°C 


5.3 


1.7 


Si2 


1550°C 


9.4 


3.6 


A2 


1550°C 


9.5 


2.9 


Si3 


1600°C 


16.0 


5.4 


A3 


1600°C 


15.0 


3.8 


Si4 


1650°C 


21.0 


6.0 


A4 


1650°C 


21.0 


3.9 


Si5 


1700°C 


25.0 


6.1 


A5 


1700°C 


25.0 


3.6 



hexagonal lattice sites in 4i7-SiC, the determined concentration of cubic (fc) 
and hexagonal {h) P donors is also equal demonstrating that the occupation 
probability is the same for both lattice sites. The maximum P donor con- 
centration, which is identical to the implanted P concentration, is reached 
subsequent to an anneal at 1700°C. We point out that the applied experi- 
mental conditions result, within the measurement uncertainty, in a complete 
activation of the implanted P atoms. Table 3 summarizes the total electri- 
cally active P donor concentration A^d = A^d.i + ^d ,2 and concentration of 
compensation Al^comp obtained from least-squares fits of (2) to the measure- 
ment points (symbols) in Fig. 7. In addition, no difference in the electrical 
activity of implanted P atoms is observed between Si-face and a-plane sam- 
ples indicating that it is independent of sample orientation. Capano et al. 
[38, 39] reported in P+-implanted 4iJ-SiC two donor levels with ionization 
energies of 53 meV and 93 meV for an implanted P concentration of approx- 
imately 5 X 10^^ cm“^. Troffer et al. [40] investigated P+-implanted 6i7-SiC 
layers. These authors determined two donor levels with ionization energies of 
(80 ± 5) meV and (110 ± 5) meV at comparable implanted P-concentration. 
These results show that the ionization energies of P donors in 4i7-SiC are 
slightly smaller than in 6i7-SiC at identical donor concentrations; this trend 
has also been observed for N donors [41]. 

With the assumption that the electrical activation of P atoms can be 
described by first order kinetics, an activation energy Ej^ can be determined 
by the following equation [42] : 



In 



.^D,max 

-^^D,max — Nuita, Ta) 



= a: • ta = Tfo • exp - 



Ea 

k-TA 



( 3 ) 
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Fig. 8. Natural logarithm of the left hand 
side of the (3) as a function of reciprocal 
annealing temperature 1000/Ta (Arrhenius 
plot). The symbols are calculated using the P 
concentration listed in Table 3, the straight 
line is a regression line 



In (3) IVo.max represents the maximum obtained P donor concentration, 
is the P donor concentration determined after an anneal at tem- 
perature Ta and time (t^ = 30 min in this experiment). Kq is a reaction 
constant and k the Boltzmann constant. The necessary P concentrations are 
listed in Table 3. The Arrhenius plot of (3) yields a straight line as demon- 
strated in Fig. 8. From the slope of this straight line, an activation energy 
of 3.2 ± 0.5 eV is determined. A similar value of = 2.5 eV has been de- 
termined by Troffer et al. [40] for the activation of implanted P atoms in 
QH-SiC. These two values agree well, taking into account the double loga- 
rithm scale of the y-axis in Fig. 8, which introduces a high sensitivity of Ep^ 
on the accuracy of the value for A^D.max- 

The determined concentration of compensation (see last column of Ta- 
ble 3) is in all the investigated Si-face/a-plane samples at least one order of 
magnitude higher than the background Al-doping level. It also increases with 
increasing annealing temperature Ta in both Si-face and a-plane samples. 
This observation clearly demonstrates that acceptor-like defect-centers are 
generated by the implantation and annealing process. This process-induced 
compensation is stronger in Si-face samples. The generation mechanism is 
not yet understood; possible explanations are discussed in Schmid et al. [34]. 

In Fig. 9 the electron Hall mobility determined in Si-face (Fig. 9a) and a- 
plane samples (Fig. 9b), respectively, is revealed. The mobility decreases with 
increasing annealing temperature. This effect is mainly visible at tempera- 
tures below 150 K where the mobility is dominated by scattering at charged 
impurities. The room temperature value for sample Si5 is 157 cm^/Vs and for 
sample A5 191 cm^/Vs. Taking into account the anisotropy of the Hall mo- 
bility parallel (a-plane samples) and perpendicular (Si-face samples) to the 
c-axis, a ratio of y(a-plane)/y(Si-face) = 1.22 is expected from the literature 
[43, 44]. This value agrees with the observed values at room temperature. 
At low temperatures, the ratio of /i(a-plane)/y(Si-face) determined in Fig. 9 
increases, however, up to a value of 8. Taking into account the anisotropy 
of the Hall mobility and the different concentration of compensating accep- 
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temperature T(K) temperature T(K) 



Fig. 9. Electron Hall mobility as a function of temperature for (a) Si-face (0001) 
and (b) a-plane (11-20) 47/-SiC samples. The samples are P^-implanted as de- 
scribed in Fig. 7 and annealed at different temperatures. The annealing temperature 
is given in the legend 



tors generated by the implantation, a mobility ratio /i(a-plane)//i(Si-face) 
« 3 is obtained, which shows the right tendency but can not quantitatively 
explain the experimental result. We suggest that a different concentration 
of extended defects (e.g. dislocations) is generated in the investigated sam- 
ples with different orientation ([0001], [11-20]), which are electrically active 
and act as scattering barriers at low temperatures. This suggestion has to 
be experimentally tested e.g. by the optical beam induced current technique 
(OBIC). 

6 Comparison of the Electrical Activation 
of Implanted P+- and N+-Ions 

Depending on the device application highly n-type doped areas are required, 
e.g. for source and drain regions in n-channel MOSFETs or for highly con- 
ducting drift regions in the bulk of vertical devices, in order to minimize the 
series resistance. In all these cases, electrically active donor concentrations of 
10^® cm“^ or even higher are desirable. 

At the present, n-type doping is mainly achieved with nitrogen. This is 
due to the fact that N is unintentionally introduced into SiC during the 
sublimation growth from the residual ambient in the growth chamber. In 
addition, the N donor concentration can be raised by N 2 flow during the 
crystal growth. Several authors [45, 46] reported a saturation of electrically 
active N donors in 4iJ-SiC at a concentration of approximately 4x 10^® cm“^, 
although the incorporated chemical N concentration determined by SIMS is 
much higher [46]. Such N-doped SiC wafers are also extremely brittle. 
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Table 4. Mean implanted N-/P- concentrations as calculated by TRIM_C [35] and 
partially experimentally determined by SIMS (P2, N3, P3) 

Sample N1 PI N2 P2 N3 P3 

Chemical N-/P- 

concentration 3.8 • 10^® 2.6 • 10^® 7.4 • 10^® 5.0 • 10^® 3.0 • 10®° 2.0 • 10®° 
(cm“°) 



Phosphorus is, therefore, considered to act as an alternative donor species 
in SiC. Due to the limited incorporation of P donors during crystal growth, 
implantation experiments are supposed to be suitable to study the possibility 
to achieve high donor concentrations. 

Capano et al. [39] implanted N+- and P+-ions, respectively, into 4iJ- 
SiC samples at a mean concentration of 10®° cm“° and measured the sheet 
resistance. These authors achieved a sheet resistance in P-implanted layers, 
which is lower by one order of magnitude than that one in N-implanted layers. 
Handy et al. [47] investigated P-implanted layers at concentrations between 
10^^ cm“° and 10®° cm“° and recommended the use of P donors when a 
dopant concentration above 5x 10^° cm“° is required. In the following section, 
results of a detailed analysis [12] of the electrical activation of implanted N+- 
or P^-ions are briefly reported. The ions are implanted into p-type 4iJ-SiC 
epilayers, which are identically processed. 

Al-doped 4iJ-SiC epilayers (thickness d = 10 |4m, net acceptor doping 
level Nj^-Ny) = 10^° cm“°) are employed for the investigations. An N-/P- 
box profile of 800 nm in depth is generated by multiple implantation. The 
implantation energies used are 30, 100, 200, 330, 470 and 600 keV in the case 
of the N-implantation and 70, 180, 320, 500 and 750 keV in the case of the 
P implantation. The fluences are adjusted in such a way that three different 
doping levels are obtained. The mean P and N concentrations are given in 
Table 4. 

In Fig. 10, the free electron concentration versus reciprocal temperature 
is displayed for three pairs of 4iJ-SiC epilayers, which are N- or P-implanted 
at different levels. Fig. 10a shows the corresponding plot for samples N1 and 
PI, which are implanted with the lowest fluence. Due to the slightly higher 
implanted N concentration (see second column of Table 3), the free electron 
concentration is superior in sample N1 over the whole investigated tempera- 
ture range. Two donor species are necessary to achieve a satisfactory fit of (2) 
to the measurement points (see solid curves in Fig. 10a. The defect param- 
eters obtained from the fit procedure are summarized in Table 5. The Hall 
effect analysis results in electrically active donor concentrations, which are 
equal to the corresponding implanted concentration within the experimen- 
tal error bars demonstrating that the implanted N"*'-/P”*'-ions are completely 
activated in the low 10^® cm“° range. 
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temperature T(K) 



temperature T(K) 




temperature T(K) 



100 




Fig. 10. Free electron concentration n as a function of reciprocal temperature as 
obtained from P- or N-implanted 4/f-SiC epilayers for (a) sample PI {full squares) 
and N1 {open circles), the solid lines represents fit curves; (b) sample P2 {full 
squares) and N2 {open circles), (c) sample P3 {full squares) and N3 {open circles) 



In Fig. 10b, the temperature-dependence of the free electron concentration 
determined in samples N2 and P2 is revealed; this pair of samples is implanted 
at medium level (a few 10^® cm“^). Although the implanted N concentration 
in sample N2 is about 50% higher than the implanted P concentration in 
sample P2 (see third column in Table 4), the free electron concentration is 



Table 5. Defect parameters obtained from the fit of (2) to the experimental data. 
AFi stands for the ionization energy of the i-th donor {i = 1,2), Nd represents the 
total donor concentration and N^omp the concentration of compensation 



Sample 


AFi 


A£/2 


Nd = Nd,i + Nd,2 


^ comp 




(meV) 


(meV) 


(xlO^® cm"®) 


(xlO^'^ cm"^) 


N1 


33 ±5 


89 ±5 


3.5 ±0.3 


4.0 ± 1.5 


PI 


45 ±5 


95 ±5 


2.6 ±0.3 


1.5 ± 1.0 
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superior in sample P2. This result clearly demonstrates that the electrical 
activation of implanted P+-ions is more efficient than that one of implanted 
N^-ions in the 10^® cm“^ doping range. Corresponding results obtained from 
samples P3 and N3, which are implanted at the highest concentrations in the 
10^° cm“^ range, are shown in Fig. 10c. In this case, the implanted N+- 
and P+- ions have a completely different electrical activation. A free electron 
concentration above 10^° cm“^ is observed in the P-doped sample P3, while 
n(l/T) assumes a maximum value of 8 x 10^® cm“® in sample N3 at high 
temperatures; this value is even smaller than the corresponding value of about 
2 X 10^® cm“® reached in sample N2. 

In sample P3, the free electron concentration is almost independent of 
the temperature indicating that this sample is degenerated and the transport 
mechanism occurs largely in an impurity band. At high temperatures, n(l/T) 
reaches a value of 1.3 x 10^® cm“®, which unambiguously demonstrates that 
almost all the implanted P+-ions are electrically activated. Contrary, the Hall 
effect measurement taken on sample N3 shows that the dominating portion of 
implanted N^-ions forms defect complexes, which are not electrically active. 
The composition of these defect complexes or precipitates is not yet known. 
The formation of N 2 -molecules has been proposed as a possible mechanism 
for the decrease of the N donor concentration [39] . 

In Fig. 11, the electron Hall mobility /ie determined in the N-/P-implanted 
4if-SiC epilayers is shown. The absolute value and temperature-dependence 
of /Te are similar in the low-implanted samples N1 and PI, no significant dif- 
ference between the N- and P-implanted 4i7-SiC epilayer is observed (grey 
symbols). Because of the greater concentration of electrically active centers 
in samples N2 and P2, the electron Hall mobility is strongly reduced over the 
complete investigated temperature range by scattering at ionized impurities; 
the maximum value is between 30 and 35 cm^/Vs (black symbols). The in- 




Fig. 11. Electron Hall mobility fie as a function of temperature for the (a) N- 
implanted and (b) P-implanted 4J/-SiC epilayers introduced in Fig. 10 
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mean implanted N-/P-concentration (cm ’) 



Fig. 12. Room temperature sheet resistance 
as a function of the mean implanted N-/P- 
concentration. The symbols represent exper- 
imental points, the solid lines serve as an 
eye- guide 



crease of donors in sample P3 results only in a slight decrease and a weak 
temperature-dependence of /ie (see open squares in Fig. 11b), which are due 
to the fact that conduction in an impurity band dominates in sample P3. In 
sample N3, the generated N donor concentration is lower than in sample N2 
(see open circles in Figs. 10b, c) leading to a smaller concentration of ionized 
impurities and, consequently, to the observed increase of /ie (compare open 
and black circles in Fig. 11a). 

Figure 12 shows room temperature values of the sheet resistance Rs 
plotted as a function of the mean implanted N-/P-concentration. Rg is calcu- 
lated with (4) where p and d are the resistivity and thickness of the conducting 
layer (600 nm for samples Nv and Pi', v = 1,2, 3). 




Rs decreases monotonically with increasing mean implanted P concentra- 
tion indicating that phosphorus can be electrically activated at least up to 
10^° cm“^ (open squares). On the other hand, Rg passes a minimum at 
(2 — 5) X 10^® cm“^ in N-implanted 4i7-SiC epilayers (full circles) and in- 
creases steeply with further enhancement of the implanted N concentration. 
This increase in Rg is due to the drastic reduction of the electrical activation 
of nitrogen. Table 6 summarizes the room temperature sheet resistances of 
N- or P-implanted layers as reported by different authors. The corresponding 
processing parameters are listed in columns 3 to 5. The lowest sheet resis- 
tances are reached by P-implantation; Negoro et al. [49] report a value of 
27Pl/n determined in a P+-implanted 4i?-SiC wafer with [ll-20]-orientation. 

The observed saturation for N donors is independent of the doping tech- 
nique. The value of (2 — 5) x 10^® cm“^ for the saturation concentration of N 
donors is obtained from the sublimation growth [45] , a doping technique close 
to thermal equilibrium as well as from ion implantation [12], a technique far 
away from thermal equilibrium. 

The presently available results support that doping of SiC with phospho- 
rus is an attractive option, if high donor concentrations are required. At lower 
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Table 6. Room temperature values of sheet resistance Ra as reported by various 
authors 



Poly- 

type 


Implanted 

element 


Fluence 

(cm“2) 


Implantation 

temperature 

(°C) 


Annealing tem- 
perature/time 
Ta (°C)/tA (min) 


Sheet 

resistance 


Ref. 


477 


P 


4-10^® 


600 


1700/20 


51 


[39] 


477 


P 


4.8-10^® 


700 


1650/15 


no 


[47] 


477 


P 


4-10^® 


600 


1600/10 


160 


[48] 


477 


P 


IQi® 


800 


1700/30 


80 (Si-face) 
27 (a-plane) 


[49] 


477 


P 


1.4-10^® 


800 


1700/30 


29 (Si-face) 
29 (a-plane) 


[34] 


677 


P 


2.7-10^® 


700 


1600/15 


250 


[50] 


477 


N 


3-10^® 


600 


1700/20 


534 


[39] 


677 


N 


2.7- 10^® 


700 


1600/15 


290 


[50] 


677 


N 


4-10^® 


500 


1500/30 


542 


[51] 



donor concentrations (A^d < 10^® cm“^), the electrical properties of N and 
P are rather similar; N offers the advantage that it can easily be incorpo- 
rated during crystal growth and that it is the lighter atom permitting deeper 
implantation profiles at comparable implantation energies. 



7 Conclusion 

Doping of SiC with P donors during sublimation or epitaxial growth is still 
an unsolved problem. We suggest that P atoms form precipitates or react 
with carbon at temperatures above 1600°C. In this way, the incorporation of 
a desirable high P concentration into SiC during growth is prevented. By im- 
plantation of P+-ions at elevated temperatures (e.g. 500°C) and subsequent 
annealing at 1700° C for 30 min, P donor concentrations above 10^° cm“^ 
are reached. There are a few hints in the literature [2, 4, 5] that P donors 
reside on the Si-sublattice, however, this donor model requires a clear exper- 
imental confirmation by further magnetic resonance experiments. Reliable 
experiments regarding the solubility of phosphorus in SiC are still missing. 

In LTPL spectra of P-doped 6i7-SiC epilayers, lines labeled Ph'^, Ph*° 
and Ph° appear in the wavelength range from 4119 A to 4124 A; these lines 
are attributed to the recombination of excitons bound to neutral phosphorus 
donors. Zeeman investigations provide additional support for this assignment. 
Three series of EMA-like states are observed in the infrared absorption spec- 
tra of P-doped 6i7-SiC bulk crystals. These absorption lines are attributed 
to transitions from ground states to excited states of P donors residing at 
inequivalent lattice sites. The ionization energies obtained either from LTPL 
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exciton binding energies in connection with the Haynes rule or from the fit of 
Faulkner’s theory to the measured absorption lines agree well; the ionization 
energies determined by IR absorption are: 90 meV, 79.4 meV and 70.6 meV. 

The electrical activation of implanted P^-ions is independent of the orien- 
tation of the 4i7-SiC sample surface ([0001] or [11-20]). An almost complete 
electrical activation of implanted P+-ions is achieved even at a concentration 
of 2 X 10^*^ cm“^. At donor concentrations greater than (2 — 5) x 10^® cm“^, 
the implantation of phosphorus is superior to the implantation of nitrogen. 
The lowest sheet resistances are reached by implantation of P(i?s = 27n/n 
in4i7-SiC) [49]. 
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Hall Scattering Factor for Electrons 
and Holes in SiC 

F. Schmid, M. Krieger, M. Laube, G. Pensl, and G. Wagner 



Abstract 

The analysis of Hall effect data taken on n- and p-type 4iJ-/6iJ-SiG is briefly 
described and the effect of excited states is demonstrated. The determination 
of the Hall scattering factor for electrons B) at low and high magnetic 

fields is introduced and temperature-dependent values taken from the litera- 
ture are provided. The low field Hall scattering factor for holes B) is 

obtained from a comparison of the free hole concentration p(T) either deter- 
mined by Hall effect measurement or calculated on the basis of the neutrality 
equation with defect parameters determined by SIMS or C-V. The tempera- 
ture dependence of ra,h{T, B) in the range from 100 K to 800 K is determined 
and tested for a series of Al-doped 4i7-SiG layers. 



1 Analysis of Hall Effect Data 



Because of the wide band gap of the indirect semiconductor SiG (AAgap = 
2.3 eV-3.3 eV depending on the polytype) Hall effect measurements should 
be conducted in a large temperature range. The lower temperature limit is 
determined by the freeze out of the majority carriers (20 K to 100 K) and the 
upper temperature limit is due to the increasing vapor pressure of metallic 
connections at the sample holder and to the equipment of the Hall effect 
facility; in our case it is 800 K. Gombined resistivity and Hall measurements 
result in the following experimental quantities: 



resistivity p{T), Hall coefficient Ryi{T) and Hall mobility /th(T). 



The Hall coefficient R’n{T) is related to the free carrier concentration ri{{T) 

by 



Rh{T) 



Mt) 

rif{T) ■ q ’ 



( 1 ) 



where 'Ch(T') and q are the Hall scattering factor and the elementary charge, 
respectively. The ionization energy AE and concentration N of the dopants 
and the concentration of the compensation iVcomp can be determined from 
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a least-squares-fit of the neutrality equation to the temperature-dependent 
free carrier concentration (nf(l/T)-plot). 

In case of one donor (e.g. nitrogen (N)) or one acceptor (e.g. aluminum 
(Al)) species, we obtain the following number of defect parameters dp for the 
3C-, 4H- and 6iJ-SiC polytype, which can be determined by the fit procedure: 



n-type 3C-SiC: 


A An, 


An, 


N 

^ 'comp 5 






(ip 


= 3 


p-type 3C-SiC: 


AAai, 


Aai, 


^ comp; 






(ip 


= 3 


n-type 4iJ-SiC: 


AAN,h, 


AAn,ic, 


A^N,h, 


AN,k, 


^ comp: 


(ip 


= 5 


p-type 4iL-SiC: 


AAai, 


Aai, 


N 

^ 'compi 






(ip 


= 3 


n-type 6iL-SiC: 


AAN,h, 


AAN,kl,k2, 


A^N,h, 


AN,kl,kl, 


^ comp •) 


(ip 


= 5 


p-type 6iL-SiC: 


AAai, 


Aai, 


^ comp: 






(ip 


= 3 



While 3C-SiC is built up of only identical cubic lattice sites, 4H- and 6iJ-SiC 
provide 2 (one hexagonal h and one cubic k) and 3 (one hexagonal h and two 
cubic kl, k2) inequivalent lattice sites, respectively. In n-type SiC, donors of 
the same species residing at inequivalent lattice sites result in distinctly differ- 
ent ionization energies caused by the Kohn-Luttinger interference effect [1, 2]. 
The difference in the ionization energy between donors residing at hexagonal 
and cubic lattice sites is large enough and can be resolved by means of a 
Hall measurement. As a consequence - although we consider only one donor 
species e.g. nitrogen -, we have to account for two different donors in 4i/- and 
6i4-SiC. The difference between the ionization energy of fcl- and fc2-donors 
in 6iJ-SiC is only a few meV [3], therefore, they are treated as just one donor 
in the Hall analysis. In p-type SiC, acceptor wave functions are related to 
the valence band, which has its maximum at the T-point [4]. Consequently, 
no interference of the hole wave function according to the Kohn-Luttinger 
effect [1, 2] occurs and the ionization energy of acceptors of the same species 
differs only marginally with respect to inequivalent lattice sites [5]. 

Based on the Boltzmann approximation, the neutrality equation for a 
semiconductor with (2) one donor or (3) one acceptor species is given by [6]: 



^ T Acomp 



P ~\~ dSl comp 




(2) 

( 3 ) 
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where index i 



n 



P 

Ni 

AE, 



N^cc 

AEhc 

fee 



Nc 



Nv 

Me 

^e,ds 

"^h-ds 



k for 3C-SiC and i = k, h for 4i7- and 6iJ-SiC, 
free electron concentration, 
free hole concentration, 

concentration of the ith donor (residing at fc or h lattice site), 
ionization energy of the ith donor, 
acceptor concentration, 
acceptor ionization energy, 

Boltzmann constant, 

2-Mc(27r-me.dsWh2)"/" 

effective density-of-states (DOS) of the conduction band, 

2 (27t • mh,dskBT/h'^)^^^ = DOS of the valence band, 
number of conduction band minima, 
thermal DOS effective mass of electrons, 
thermal DOS effective mass of holes. 



The thermal DOS effective mass of electrons me,ds and holes TOh,ds in 4i/- 
and 6iJ-SiC is calculated by Wellenhofer and Rofiler [4]. For donors and 
acceptors, the degeneracy factors g{i) and g(acc), respectively, are given by 



5(*) = 3? + XI exp {^-AEI /k^T^ , 

j 


(4) 


g{acc) = g° + ^gi exp {-AEj/k^T) , 


(5) 



j 



where gf, g^ and gf„ g^ are the degeneracy factors of the ground and the 
jth excited state and AEf, AEj is the energy separation between these two 
states. 

The question is, in which way excited states affect the simulation of the 
nf(l/T)-plot. Monovalent donors and acceptors in SiC can be treated in anal- 
ogy to an isolated hydrogen atom; this system consists of an Is ground state 
and many possible excited states. In the following, we focus on two cases: 
(a) the split of donor ground states caused by the multiple minima of the 
conduction band and (b) higher excited states of acceptors. 

(a) The ground state wave function of donors is composed of contributions 
of the different equivalent conduction band minima leading to a multiple 
degeneracy of the Is ground state (see Table 1). In the crystal field, the Is 
ground state splits into two levels with representation A\ and E; the energy 
separation (valley-orbit-splitting) for 3C-, 4i7- and 6iJ-SiC is listed in the 
fifth column of Table 1. A numerical example, which takes into account the 
valley-orbit-splitting, is given in Fig. la for the nitrogen donor in 6iJ-SiC. 
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Table 1. Number of equivalent conduction band minima, degeneracy of donor 
ground levels and valley-orbit-splitting for nitrogen donors in 3C-, AH- and 6H- 
SiC 



SiC 


number of 


degeneracy of donor ground states valley-orbit-splitting 


poly- 


equivalent 


(including spin degeneracy) 


of nitrogen donors 


type 


conduction band 












minima Me 


Is(Ai) 


ls(E) 


(meV) 




3C 


3 


2 


A 


fc- donor: 


8.37'^ 










h,-donor: 


7.6*^ 


AH 


3 


2 


A 


fc-donor: 


- 










h,-donor: 


13^" 


6H 


6 


4 


8 


fci-donor: 


60.3'^ 










lc 2 -donor: 


62. 3^" 



® see [8]; see [9] 





Fig. 1. The variation of the free carrier concentration with 1/T for n-type/p-type 
6-ff-SiC calculated according to (2,3): (a) n(l/T)-dependence without excited state 
[dashed line) and with one excited valley-orbit-split ground state of the h- and k- 
donor (solid curve)', (b) p(l/T)-dependence without excited state (dashed line) and 
for a model assuming three excited, hydrogen-like states of the Al-acceptor (solid 
curve) 
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The dashed curve is calculated without valley-orbit-splitting; the following 
defect parameters are used [7, 8]: 

l:\Eh = 81 meV, iV^ = 1 x lO^® cm"3, 5O = 4, 

/\Ek = 140 meV, Nki,k 2 = 2 x lO^s cm'S, 5° = 4, iVeomp = 1 x IQi® cm'S. 

The solid curve in Fig. lb is, in addition, calculated with an excited valley- 
orbit-split ground state for the hexagonal and cubic nitrogen donor: 

AF;1 = 13 meV, g\ = 8, 

AEl = 61 meV, gl = 8. 

At temperatures below 500 K, the split of ground states leads to a marginal 
reduction of the free electron concentration (see solid curve) . 

(b) Aluminum (Al) is the shallow acceptor in SiC. Taking into account 
an effective hole mass of 1.2mo, an effective-mass-like acceptor in 6i7-SiC 
would have an ionization energy of 170 meV. The experimental value for the 
ionization energy of the Al acceptor in 6i7-SiC is approximately 240 meV [5] 
demonstrating that the Al acceptor is not an “ideal” effective mass center; 
especially the excited states are strongly affected by the existence of the two 
valence bands (light- and heavy-hole band), which are degenerated at the 
F-point. Excited states of the Al acceptor in SiC are not yet observed. In 
Si, which has a similar valence band structure like SiC, optical investigations 
of the indium acceptor [10] indicate that the excited states of the indium 
acceptor clearly deviate from those of an effective mass center. 

In order to demonstrate the influence of excited states, we describe the 
Al acceptor in 6i7-SiC in a simple, non-realistic model and consider it as 
an effective mass-like acceptor with hydrogenic excited states. According to 
Shifrin [11], it is only necessary to consider the first few terms of such a series 
since for a finite acceptor density the wave functions for the higher excited 
states will overlap; these states already count to the valence band. Assuming 
an Al acceptor concentration of 3 x 10^® cm“®, the mean distance between 
acceptors is equal to 69 A. On the other hand, the wave function of the fourth 
excited state of an effective-mass-like acceptor in 6i7-SiC has an extension of 
108 A. For our illustrative numerical example in Fig. lb, we have, therefore, 
employed the following data (dashed curve, without excited states): 

AEai = 170 meV, Aai = 3 x 10^® cm"®, g° = 4, Acomp = 1 x 10^® cm"® . 

In addition for the solid curve, the following excited states are taken into 
account: 

AE\^ = 127.5 meV, g^ = 16, 

AEl^ = 151.1 meV, g^ = 36, 

AAii = 159.4 meV, g^ = 64. 
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The solid curve in Fig. lb shows the occupancy of excited states; it slightly 
reduces the free hole concentration between 300 K and the saturation region, 
where all the acceptors are ionized. However, we point out that the dashed 
and solid curve agree again at temperatures close below the onset of intrinsic 
conduction. This observation clearly demonstrates that excited states do not 
affect the determined concentration of Al acceptors as is claimed in [12]. This 
observation is also evident in case of Fig. la meaning that splitting of the 
ground state does also not affect the determination of donor concentrations 
in 6Ff-SiC. 



2 Hall Scattering Factor 



The motion of charge carriers in a real semiconductor under the force of 
crossed electric and magnetic fields depends on the scattering processes and 
energy distribution of the charge carriers as well as on the band structure 
of the semiconductor. The solutions of the equations of motion are in de- 
tail treated in textbooks (see for example [13]-[15]) or in the Monograph on 
Galavanomagnetic Effects in Semiconductors [16]. In order to describe the 
transport properties in the framework of the classical Boltzmann approxima- 
tion, we have to assume that the energy gain or loss at each collision is small 
compared with the mean carrier energy. In this case, an energy-dependent 
relaxation time t{E) can be defined, where t{E) has to be considered as an 
average time over the different scattering mechanisms at a specific energy. 
With these assumptions the Hall scattering factor is given by [13, 14]: 



^■h 






2 

-I- UJ? 



1 + ujJt^ 



( 6 ) 



Hall effect measurements are usually conducted at low magnetic field B, 
where charge carriers are scattered before they have completed one orbit. 
This low field limit can be defined as 



UJcT = fJ,B <C 1 , 



where Wc = cyclotron frequency, 

= Mh/^’h = drift mobility, 

/ifj = Hall mobility. 

Assuming low field condition, (6) simplifies to: 




(7) 



Mt,b) 



( 8 ) 
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In the high field limit with uJcT = fiB ^ 1, the Hall scattering factor 
rH(r, Hjjigh) becomes equal one (r’H(7’, Bhigh) = !)• If the carrier mobility 
fj, is not sufficiently high, this condition requires experimentally extremely 
high magnetic fields. 

The temperature-dependent measurement of the Hall coefficient Bh(T, B) 
in the low and high magnetic field limit allows the reliable determination of 
the Hall scattering factor rn{T, B) at low magnetic fields according to: 



rH{T,B) 



Rh{T, B) 

Ru{T, Bhigh) 



(9) 



The knowledge of ruiT, B) is necessary for the precise interpretation of Hall 
data. 



3 Hall Scattering Factor for Electrons 
in 4H- and 6H-S1C 

The Hall scattering factor for electrons rii e{T,B) has been determined by 
G. Rutsch et al. [17]-[19] in lightly N-doped AH- and GH-SiC epitaxial layers, 
which are grown on p-type SiC substrates. In this way, the epitaxial layers 
are junction isolated against the substrate. The Hall constant B) is 

measured in van der Pauw arrangement [20], which consists of a clover leaf 
pattern - defined by reactive ion etching - and ohmic Ti/Ni concacts. The 
Hall effect measurements are conducted from 35 K to 290 K in magnetic 
fields up to 9 T (partially up to 30 T). Since high field saturation is not 
unambiguously observed, the normalizing factor BH,e(T ^7 Hhigh) is replaced 
by either the value of a minimum in the measurement of Rn^e(T, B) versus 
B, if one is observed at high fields, or the value of Rh{T,B) at B = 9 T. 
The Hall scattering factor rH,e{T, B) as a function of the magnetic field B at 
three and two different temperatures is plotted in Figs. 2 and 3 for the 4B^- 
and 6i7-SiC polytype, respectively. 

In Fig. 2, the upturn observed at the highest fields at T = 39.8 K is inter- 
preted as field-induced freeze out of conduction electrons [21]. At 109.2 K and 
298.0 K, rH,e(7’) B) slowly rises with magnetic field. The cross-over between 
low and high field limits is given by fxB « 1. The cross-over points for the 
experimental rn^e(T, B)-dependences are marked by open circles; they are in 
good agreement with the theoretical inflection points of the corresponding 
curves. Figure 3 reveals results for GH-SiC, which show a similar behavior. 

Figures 4 and 5 display the low field Hall scattering factor versus temper- 
ature for a series of 4B^- and 6i?-SiC samples. The observed Hall scattering 
factor is consistently larger than unity below 50 K and smaller above 65 K 
for both SiC polytypes. It varies between 0.92 and 1.21 in the investigated 
temperature range. 




524 F. Schmid et al. 



1.06 

1.04 

1.02 

1.00 



I 100 

s 

o) 0.98 

i 0.96 

8 

V) 

■(5 

I 

1.00 

0.99 

0.98 

0.97 

0.96 



Fig. 2. Magnetic field dependence of the Hall scattering factor rn.e of the n-type 
4H'-SiC homoepitaxial layer A grown on a p-type 477-SiC substrate and measured 
at three different temperatures 




magnetic field B (Tesla) 

Fig. 3. Magnetic field dependence of the Hall scattering factor rn.e of the n-type 
677-SiC homoepitaxial layer F grown on a p-type 6-ff-SiC substrate and measured 
at two different temperatures 
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Fig. 4. Hall scattering factor rn,e versus temperature of 4_H-SiC epilayers A to E 




temperature T (K) 

Fig. 5. Hall scattering factor rn,e versus temperature of 6-H-SiC epilayers F and G 



4 Hall Scattering Factor for Holes 
in 4H- and 6F/-SiC 

A direct determination of the hole Hall scattering factor rH,h(7^, S) by vari- 
ation of the magnetic field as described in the previous section for the Hall 
scattering factor of electrons rn^e{T,B) is not feasible in SiC because of the 
small values of the mobility of holes. The required magnetic fields to reach the 
high field limit /ii? ^ 1 in p-type SiC would be extremely high. On the other 
hand, the assumption of rn,h = 1, independent of the temperature and the 
magnetic field, results in a discrepancy between the A1 acceptor concentra- 
tion A^ai obtained from the Hall analysis and the chemical A1 concentration 
^Ai.siMS determined by secondary ion mass spectrometry (SIMS). It turns 
out that in this case the A1 acceptor concentration is usually higher by a 
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factor between two and three than the chemical Al concentration, which is 
unrealistic. 

We have, therefore, developed an indirect method to explore the low field 
Hall scattering factor of holes B) in a temperature range, which is of 

practical interest for Hall effect investigations of p-type SiC samples [22, 23]. 
It is determined by comparing an experimental Pexp(l/T')-Hall effect curve, 
for which rn.h = 1 is assumed, with a calculated ptheor(l/r)-curve, which 
is based on the neutrality equation (3) and physical quantities determined 
in the identical SiC sample as the Hall data by independent analysis tech- 
niques like capacitance-voltage (C-V) technique and SIMS. The calculation 
of Ptheor(l/T) docs not require the knowledge of rH,h(T, B). 

The low field Hall scattering factor rH,h(T, B) is extracted by forming the 
following ratio: 



^H,h(T, B) 



Ptheor(l/T) 

Pexp(l/r) 



( 10 ) 



4.1 Determination of the Hall Scattering Factor of Holes 
in AH- and 6i?-SiC 

In order to minimize experimental uncertainties, Pexp(T) is determined by 
Hall effect in high quality Al-doped AH- and 6iJ-SiC substrates. For the 
calculation of ptheor(T), the following assumptions are made: 

(a) Because of the high solubility of Al in SiC (about 10^^ cm“^ at 2000°C 
to 2400° C according to [24]) it is reasonable to assume that all the incor- 
porated Al atoms, which are monitored by SIMS, are electrically active; 
it follows: A^Al.chem = A^AI.SIMS = A^AI- 

(b) C-V measurements result in the net acceptor concentration AAi.net = 
A^ai- A^ comp; consequently A^comp is given by: A^comp = AAi.sims- A^A i.net- 

(c) AAai depends on the Al acceptor concentration; for the particular con- 
centration AAi.chem is taken from a corresponding graph AAai(AAi) pub- 
lished in the literature [25]. 

In order to determine Pexp(T), Hall measurements are conducted in van 
der Pauw configuration on square-shaped samples with Ti/Al-contacts in the 
corners which are annealed at 960° C for 5 minutes. The free hole concentra- 
tion as a function the reciprocal temperature of a AH- and 6i?-SiC substrate 
sample is shown in Figs. 6a, b. The open circles are calculated from the ex- 
perimental i?H,h(T)-values with (1) assuming rjj.h = 1 and the solid curves 
are least-squares-fits of the neutrality equation (3) to the open circles. The 
defect parameters obtained from the fit procedure for the AH- and 6iJ-SiC 
substrate are listed in Tables 2 and 4, respectively. 

In order to be able to calculate ptheor(T) with the neutrality equation (3), 
the required defect parameters (Aai, Acomp) have to be determined by C-V 
and SIMS measurements on the identical samples. In addition, the ionization 
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rec. temperature 1000/T (K-’) 




rec. temperature 1000/T (K-’) 



Fig. 6. Free hole concentration versus reciprocal temperature as obtained from 
Hall measurements on (a) a 4_H-SiC:Al substrate and (b) a 67/-SiC:Al substrate. 
The open circles are calculated from the Hall coefficient Rn,h{T) according to (1) 
with rn.h = 1- The solid curves are least-square-fits of (3) to the open circles', the 
dashed curves are calculated with (3) and parameters given in Tables 3 and 5 



Table 2. Input and fit parameters for the Hall effect analysis of the experimen- 
tal Pexp(l/T)-data determined in the p-type 47/-SiC substrate (see solid curve in 
Fig. 6a) 



Evaluation 

method 


Input parameter 

^H,h Q '^h,ds 


Fit parameter 

-^Al -^comp 

(cm“®) (cm“®) 


AEai 

(meV) 


Fit of (3) to 
Hall effect data 


1 4 


[4] 


2.6 X 10^® 8 X 10^'^ 


196 



Table 3. Input parameters used to calculate Ptheor(l/T) with (3) for the p-type 
47/-SiC substrate (see dashed curve in Fig. 6a) 



Evaluation 

method 


Q ^h,ds 

(T) 


Input parameter 

-^Al -^comp 

(cm“®) (cm“®) 


AEai 

(meV) 


Calculation of 




SIMS 


C-F/SIMS 


[25] 


Ptheor(l/T)-curve 

according to (3) 


4 [4] 


1.2 X 10^® 


5 X 10^'^ 


205 ± 10 
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Table 4. Input and fit parameters for the Hall effect analysis of the experimen- 
tal pexp(l/T)-data determined in the p-type 6i4-SiC substrate (see solid curve in 
Fig. 6b) 



Input parameter Fit parameter 

Evaluation m.h g nih.ds Na_\ Aicomp 

method (cm“®) (cm“®) (meV) 

Fit of (3) to 

Hall effect data 1 4 [4] 9 x 10^® 4 x 10^^ 197 



Table 5. Input parameters used to calculate ptheor(l/T) with (3) for the p-type 
677-SiC substrate (see dashed curve in Fig. 6b) 



Input parameter 



Evaluation 

method 


(T) 


Nai 

(cm-®) 


^ comp 

(cm-3) 


AEai 

(meV) 


Calculation of 




SIMS 


C-F/SIMS 


[25] 


Ptheor(l/T)-curve 

according to (3) 


4 [4] 


4 X 10^® 


3 X 10^’’ 


205 ± 10 



energy of the Al acceptor is taken from a Ai?Ai(A^Ai)-plot in [25]. The pa- 
rameter values for the AH- and 6i?-SiC substrate are summarized in Tables 3 
and 5. With both sets of parameters the dashed curves in Figs. 6a, b are cal- 
culated. The dashed and solid curves deviate especially at high temperatures 
in the so-called “saturation region” of the Al acceptor. 




Fig. 7. Low field Hall scattering factor rH.h(T, B) for holes in dfL-SiCiAl as a 
function of the temperature as calculated with (10) and the data shown in Fig. 6a. 
The solid curve represents a smoothed curve connecting the calculated points ( open 
circles) 
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Fig. 8. Low field Hall scattering factor rH.h(F, B) for holes in 6-H-SiC:Al as a 
function of the temperature as calculated with (10) and the data shown in Fig. 6b. 
The solid curve represents a smoothed curve connecting the calculated points ( open 
circles) 



The low field Hall scattering factor of holes rH,h(7^, B) in 4iJ- and 6iL-SiC 
is calculated with (10) in the investigated temperature range; it is depicted 
in Figs. 7 and 8. The uncertainty in the ionization energy of the A1 acceptor, 
which is estimated to be equal to ±10 meV, leads to the relatively large 
error bars especially at low hole concentrations in the freeze-out region. The 
solid curves in Figs. 7 and 8 correspond to smoothed curves connecting the 
calculated 7?)-values (open circles) and serving as an eye guide. The 

absolute values of rH,h(2^, B) and their temperature dependence are nearly the 
same for the 4H- and 6i7-SiC polytype. The Hall scattering factor rH.h(7^, B) 
strongly deviates from 1 and assumes values between 1.4 at 100 K and 0.5 at 
800 K. 

Szmulowicz [26] calculated the temperature dependence of the Hall scat- 
tering factor of holes in p-type Si for low magnetic fields from solutions of 
the full Boltzmann equation taking into account the accurate valence band 
dispersions. In addition, the hole-phonon transition rates are calculated us- 
ing the deformation-potential theory and one adjustable parameter for the 
hole-optical phonon interaction strength; this parameter is fitted to mobil- 
ity data at room temperature. The solid curve in Fig. 9 reveals the result 
of this theory. After Szmulowicz the decrease of B) for temperatures 

T > 100 K is due to the onset and the increasing strength of the hole-optical 
phonon interaction. The open circles and diamonds in Fig. 9 are experimen- 
tal data taken on p-type Si [27, 28]; they are in good agreement with the 
theoretical prediction. The temperature dependence of rH,h(±')73) for AH- 
and 6i7-SiC shows a similar course, particularly rH,h(7", 73) decreases also at 
temperatures above T > 100 K, indicating that a distinct interaction of holes 
with optical phonons occurs at comparable temperatures for both the group 
IV-semiconductors . 
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Fig. 9. Hall scattering factor rn.h for holes in p-type Si. The solid curve is calculated 
after Szmulowicz [26] , the open circles and diamonds are experimental results after 
[27] and [28] 

4.2 Test of the Hall Scattering Factor of Holes in 4Ff-SiC 

The Hall scattering factor of holes in 4i4-SiC as shown in Fig. 7 is tested 
with help of a sample structure for which the Al concentration is well known. 
An Al box profile is generated in an n-type 4i4-SiC epilayer {N^ = 5 x 
10^® cm“^) by eightfold implantation followed by an anneal at 1700°C for 
30 min. The individual Al implantation profiles based on TRIM_C simulation 
after Biersack [30] (dashed curves) and the resulting Al profile determined 
by SIMS (solid curve) are displayed in Fig. 10 (after [29]). The results of the 




Fig. 10. Implanted Al concentration versus depth of sample Al(impl). The dashed 
curves correspond to the individual Al implantations calculated with the TRIM_C 
simulation program; the solid curve is the total Al profile determined by SIMS 
(after [29]) 
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rec. temperature 1000/T (K-’) 

Fig. 11. Free hole concentration versus reciprocal temperature taken on the 
Al- implanted 4_H-SiC sample Al(impl). Open circles correspond to experimen- 
tal pexp(l/T')-data obtained from the Hall coefficient -Rn,h according (1) with 
Rn,h{T, B) as given in Fig. 7; the solid curve is a least-squares-fit of the neutrality 
(3) to the Pexp(l/T')-data. The inset is a scheme of the sample structure 



simulation and of SIMS agree well; the mean Al concentration A^Ai.chem and 
depth c?Ai of the implanted Al profile are: 

A^Al.chem = 2 X 10^® Cm“® , 
dAi = 1.5 |lm . 



In order to avoid leakage currents over the edges, a mesa-structure is 
etched by reactive ion etching (RIE) as shown in the insert of Fig. 11. The 
implanted p-type layer is junction isolated against the underlying n-type 
SiC epilayer. The p(l/T)-plot (open circles) in Fig. 11 results from a Hall 
measurement in van der Pauw configuration; the experimental points are 
obtained from (1) taking into account the low field Hall scattering factor given 
in Fig. 7. The solid curve in Fig. 11 corresponds to a least-squares-fit of the 
neutrality equation (3) to the open circles; the defect parameters obtained 
from the fit are summarized in Table 6. The Al acceptor concentration of 
2 X 10^® cm“® agrees perfectly with the chemical Al concentration determined 
by SIMS while the Hall effect analysis with rp.h = 1 would result in an Al 
acceptor concentration of 6.6 x 10^® cm“®, which is about three times higher. 
Provided that our assumption ~ all the incorporated Al atoms are electrically 
active - is correct, then this test result is a strong hint for the validity of the 
low field Hall scattering factor of holes as revealed in Figs. 7 and 8. 
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Table 6. Input and fit parameters for the Hall effect analysis of the experimental 
Pexp(l/T)-data determined in the Al-implanted 4_H-SiC sample (see Fig. 11) 



477-SiC 

sample 


Input parameter 
rn,h{T,B) g mh,ds(T) 


Fit parameter 

-^Al -^comp 

(cm“®) (cm“®) 


AAai 

(meV) 


Al(impl) 


according 
to Fig. 7 


4 [4] 


2 X 10^® 4 X 10^^ 


200 



Table 7. Chemical concentration A^ai.sims and concentration of compensation 
A^comp together with the degree of compensation rj for Al-doped 4H-SiC epilay- 
ers All(epi) to A14(epi) 



Sample # Concentration 





Aai.SIMS 


^ comp 


^ iVcomp ^ ^q-3 
-/va1,SIMS 




from SIMS 


from kink in 






(cm-®) 


Pexp(l/T) (cm“®) 




All(epi) 


1.8 X 10^® 


6 X 10^^ 


0.3 


A12(epi) 


3 X 10^'^ 


1 X 10^"^ 


0.3 


A13(epi) 


3 X 10^® 


8 X 10^® 


2.6 


A14(epi) 


1.8 X 10^® 


3 X 10^® 


16 



taken from C-V measurement; A^ai.sims of A14(epi) is below 
detection limit of our SIMS system. 



A second test is conducted in order to check whether the determined 
^H.h(2^) S)-values are sensitive to the Al acceptor concentration. In view of 
this aim, four Al-doped 4iJ-SiC epilayers grown by CVD on n-type 4H- 
SiC substrates are investigated [31]. The chemical Al concentration A^ai.sims 
of these epilayers is listed in the second column of Table 7; it varies over 
about three orders of magnitude (from 10^® cm“^ to 10^® cm“®). Sample 
preparation and Hall effect measurement are conducted in the same way 
as described above. The free hole concentration p{T) and the Hall mobility 
/th(T) determined in the four p-type epilayers are shown in Figs. 12a and 
13 (see symbols). With decreasing temperature, the slope of all four p(l/T)- 
dependences can be approximated by two straight lines [32]. This procedure 
is explicitly demonstrated in Fig. 12b for the epilayer All(epi). The intersec- 
tion point of these straight lines generates a kink, which directly indicates 
the concentration of the compensation. These concentrations are listed in the 
third column and the degree of compensation ry = A),;omp/AAi,siMS is given in 
the fourth column of Table 7. In addition, the p(l/T)-dependence of epilayer 
A14(epi) shows a pronounced saturation region at high temperatures, which 
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rec. temperature 1000/T (K ') 




Fig. 12. (a) Free hole concentration versus reciprocal temperature taken on four 
Al-doped 4_H-SiC epilayers (All(epi) to A14(epi)). The symbols correspond to exper- 
imental pext(l/T)-data obtained from the Hall coefficient 7?n,h according (1) with 
rH,h(T) as given in Fig. 7. The solid curves are least-squares-hts of the neutrality 
equation (3) to the pext(l/T)-data. (b) Free hole concentration versus reciprocal 
temperature for epilayer All(epi). The slope of the p(l/T)-dependence is approx- 
imated by two straight lines [32] (dashed). The two equations given in the figure 
represent the analytical expressions of the straight lines’, their slopes differ by a 
factor of two 



immediately defines - within the measurement accuracy - the A1 acceptor 
concentration of 1.8 x 10^® cm“^ (compensation is two orders of magnitude 
lower); this value also agrees well with the chemical A1 concentration con- 
firming our assumption that all the incorporated A1 atoms are electrically 
active. 

The solid curves in Fig. 12a are calculated by the standard fit proce- 
dure as applied above; the obtained fit parameters are listed in Table 8. The 
comparison of corresponding A1 concentrations obtained from SIMS or C-V 
and Hall effect analyses show an excellent agreement over several orders of 
magnitude. 

As a consequence, we can conclude that the low field Hall scattering factor 
of holes rn^h(T,B) in weakly compensated p-type 4iJ-SiC samples does not 
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Table 8. Input and fit parameters for the Hall effect analysis of the experimental 
Pexp(l/T)-data determined in Al-doped 4_H-SiC epilayers All(epi) to A14(epi) 





Input parameter 


Fit parameter 




Sample # 


CH,h(T, B) 


g 


fTT‘h,ds (^) 


Nai 


^ comp 


AFai 










(cm“®) 




(meV) 


All(epi) 








1.6 X 10^® 


7 X 10^'‘ 


216 


A12(epi) 


according 






2.7 X 10^'^ 


3 X lO^"' 


221 




to Fig. 7 


4 


[4] 








A13(epi) 








2.8 X 10^® 


7 X 10^® 


227 


A14(epi) 








1.8 X 10^® 


3 X 10^® 


240 
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Fig. 13. Hall mobility of holes versus reciprocal temperature taken on the 
identical Al-doped 4_ff-SiC epilayers as displayed in Fig. 12a 



critically depend on the Al acceptor concentration in the investigated con- 
centration and temperature range. This observation is due to the fact that 
scattering of holes at ionized impurities dominates at temperatures below 
150 K (see Fig. 13) where a strong freeze-out of Al acceptors already occurs. 



5 Conclusion 

The analysis of Hall effect data taken on 4H- and 6i?-SiC is briefly described. 
It is demonstrated that excited states do not affect the determined concen- 
tration value of majority impurities (donors or acceptors). The determination 
of the low field and high field Hall scattering factor for electrons rH,e(C B) 
and holes rH,h(F, B) is discussed. ru,e{T, B) assumes values between 1.21 and 
0.92 in the temperature range from 40 K to 300 K and rH,h(F, B) varies be- 
tween 1.4 and 0.5 in the temperature range from 100 K to 800 K. Both Hall 
scattering factors are nearly the same for the 4H- and 6i/-SiC polytype. 
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Radiotracer Deep Level Transient 
Spectroscopy 



N. Achtziger and W. Witthuhn 



1 Introduction 

Basic electronic properties of semiconductors are extremely sensitive to de- 
fects and impurities. Small relative concentrations of or less may de- 

termine the type and magnitude of electronic conductivity or the mean life 
time of charge carriers. This is the case, if the impurity or defect in question 
gives rise to a localized electron state having an energy within the band gap 
of the semiconductor. Consequently, there is a general interest to reveal the 
correlation between a certain element or defect and its band gap states. This 
knowledge is the necessary basis to either identify impurities in a given ma- 
terial by detecting their band gap states or to adjust material properties by 
intentional doping with a certain element. For silicon carbide (SiC) and the 
impurities discussed here, both aspects are important. 

Generally, spectroscopic techniques of semiconductor physics that are able 
to detect and characterize band gap states (including level position) do not 
reveal information about their microscopic origin. On the other hand, struc- 
turally or chemically sensitive methods, especially magnetic resonance tech- 
niques, generally do not reveal the energy position of a state within the band 
gap and quite often do not yield concentrations quantitatively. To overcome 
the chemical blindness of spectroscopic techniques, the present approach is 
using radioactive isotopes as a tracer. Because of the characteristic concen- 
tration change according to the nuclear decay law, their involvement in the 
formation of an electronic band gap state can be confirmed or denied defi- 
nitely by several subsequent spectroscopic measurements during the elemen- 
tal transmutation. Band gap states related to either the parent or the daugh- 
ter isotope are uniquely identified by a decreasing or increasing concentration, 
respectively. 

The present review presents some general aspects of this radiotracer con- 
cept, explains the possibilities for radioactive doping which are the key to 
such experiments, and then discusses details of the radioactive transmuta- 
tion, its interpretation and specific requirements of Deep Level Transient 
Spectroscopy (DLTS). Finally, a survey of radiotracer DLTS experiments and 
results is given, including the elements Be, Zn, Cd, Ga, In, Ti, V, Gr, Ta, 
W, Er and Sm. Most of the data on deep levels of impurities in SiG available 
today result from these experiments. 
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2 Radiotracer Experiments in Semiconductors 

For decades, radioactive isotopes have been used in solid state physics for 
nuclear probe techniques [1] or tracer diffusion. In that cases, the nuclear ra- 
diation is detected and spectroscopic or spatial information is derived. Within 
the last decade, a new application as a tracer for “non-nuclear” spectroscopic 
techniques of semiconductor physics emerged. In this case, the emitted ra- 
diation is used only to quantify the amount of isotopes present, but ignored 
for the spectroscopic purpose. Instead, the elemental transmutation during 
the decay is the key point: The known decrease or increase of the parent 
or daughter isotope’s concentration is correlated with the time evolution of 
subsequently measured spectra and element-specific properties can be iden- 
tified if decreasing or increasing signals are detected on the time scale of the 
nuclear transmutation. The expected dependence of the relative concentra- 
tions versus time is schematically shown in Fig. 1 for a defect consisting of 
one radioactive probe atom and for a defect-complex containing two probe 
atoms. 

The spectroscopic techniques used up to now on radioactive tracers in 
semiconductors are well-established standard techniques of semiconductor 
physics. For SiC, only Deep Level Transient Spectroscopy (DLTS) has been 
used up to now and will be described in greater detail in this article. Two 
further techniques. Hall effect and Low Temperature Photoluminescence 
(LTPL), were mainly used for radiotracer studies in silicon [9], III-V semi- 
conductors [2, 10, 11] and II- VI compounds [12]. 

Some basic properties of the spectroscopic techniques have immediate 
consequences for radiotracer spectroscopy: DLTS requires the preparation 
of Schottky- or pn-diodes and detects “deep” levels by applying electrical 




Fig. 1. Time dependence of the normalized concentrations of a radio-isotope A, its 
daughter isotope B and of pair defects originating from an initially formed A 2 pair. 
The curve of the intermediate mixed pair AB is based on the assumption that the 
two atoms in the initial A 2 pair are equivalent 
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excitation pulses and observing the subsequent relaxation of the diode’s ca- 
pacitance. The sensitivity is high: the minimum concentration of deep levels 
to be detected is typically 10“"^ Ns, where Ns is the shallow doping con- 
centration. The Hall effect taken on an extrinsic semiconductor can be used 
to measure the free carrier concentration and thus to derive the dominant 
shallow doping concentration Ns- In PL-spectroscopy, the light emission af- 
ter optical excitation is detected and specific emission lines are observed that 
may be related to a certain impurity. Both DLTS and PL detect band gap 
states in the near-surface region and are therefore well suited to ion implanted 
samples. Both Hall effect and DLTS are quantitative regarding the concen- 
tration of band gap states. Therefore, a direct relation between the observed 
concentration changes and the known nuclear half-life can be established. In 
contrast, the PL signal is not necessarily proportional to the concentration, 
i.e. the signal height versus decay time may deviate from the exponential 
nuclear decay law [2]. 

Historically, the first pioneering work on the radiotracer spectroscopy was 
performed on the ®®Zn to ®®Cu (Ti /2 = 245 d) transformation applied to ESR 
and PL studies of ZnO and ZnS [3, 4]. The first radiotracer experiments by 
DLTS came up in the beginning of the 1990’s. After implantation of a precur- 
sor Hg at the “on-line” isotope separator ISOLDE/CERN, the ^®®Au ^ ^®®Pt 
transmutation was observed in Si by Peterson et al. [5] in order to contribute 
to the discussion about the Au lattice site in Si. After “off-line” implanta- 
tion of ^^^In, its transmutation to Cd was observed by Lang et al. [6, 7] 
to establish the deep levels of Cd in Si. Additional elements in silicon were 
studied by DLTS, including the transition metals Sc, Ti, V, Cr, Co and the 
identification of Se 2 -pairs [8]. In these experiments, the recoil implantation 
as a radioactive doping technique to be used later also for SiC has been 
successfully established. 



3 Radioactive Implantation: Requirements 
and Techniques 

The use of radioisotopes as a tracer for “non-nuclear” spectroscopy in semi- 
conductors imposes severe requirements related to isotopic and chemical pu- 
rity of the doping process. These requirements are more stringent here than 
for the other radioisotope applications like nuclear probe techniques or tracer 
diffusion. In those cases, the measurement is based on the nuclear radiation 
and is therefore not disturbed by any other stable isotopes. DLTS, however, 
is sensitive to electrically active impurities regardless of their radioactivity. 

Doping via diffusion is not feasible because of severe problems related to 
radioactivity and impurity-contaminations. The only possibility is the im- 
plantation of radiotracers. The following implantation techniques have been 
used: 
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(A) “off-line”, i.e. a standard ion implanter with radioactive material in the 
ion source, 

(B) “on line” isotope production, mass separation and implantation, 

(C) recoil implantation after a nuclear reaction. 

Technique (A) generally requires chemical processing or handling of ra- 
dioactive material and severe contamination problems exist. The radioactivity 
has to be produced in a separate preceding process. So far only the isotopes 
^^^In (Ti /2 = 2.83 d) and ^®^Hf {Tij^ = 42.4 d) have been used for tracer 
studies in semiconductors. Details are given in [13]. 

An “on-line” implantation facility (B) is operating as the ISOLDE ex- 
periment [14, 15] at CERN/Genf. A high energy proton beam (energy up 
to 1.4 GeV) induces nuclear spallation-reactions in a thick target. Radioiso- 
topes diffuse into an ion source and are then accelerated, mass-separated 
and implanted into the sample. By varying both target and ion source, over 
600 isotopes of about 70 elements are available at ISOLDE [15]. Restrictions 
mainly apply to non-volatile elements, e.g. transition metals and some very 
light isotopes. 

The recoil implantation setup (G) is comparatively simple (see Fig. 2): a 
primary ion beam produces the desired radioisotope via a nuclear reaction 
when passing a thin reaction foil. The reaction products are kicked out of this 
foil with recoil energies up to a few MeV, depending on the nuclear reaction 
and the foil thickness. The recoiling atoms are directly implanted into the 
samples mounted off-axis to the primary beam. The recoil energy determines 
the range of the reaction products in the target foil. The implantation flu- 
ence is inhomogeneous and decreases with increasing distance from the beam 
axis. Typically a decrease by a factor of two over a sample size of a few mm 
is expected, which can be tolerated in most cases. The implantation is not 
chemically pure, because atoms of the foil (and eventually products of corn- 



nuclear reaction 




Fig. 2. Set up in recoil implantation experiments. The samples are mounted around 
the beam axis. In practice, a sequence of such target/sample arrangements is placed 
along the beam axis, as the energy loss of the primary ion beam in the thin target 
foil is negligible 
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Table 1. List of radioactive isotopes used for DLTS studies in semiconductors. 
In the case of heavy ion induced nuclear reactions, the recoil energies due to the 
nuclear decay and the co-implanted isotopes have to be discussed in detail; here 
one has to refer to the cited original papers. EC = electron capture 
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peting nuclear reactions) are implanted simultaneously with fluences in the 
same order of magnitude (for details see [16]). 

Generally, the useful half-lives are restricted towards short times by the 
time needed for implantation, annealing, further sample preparation (e.g. 
electrical contacts) and the measurement itself. The shortest time used up 
to now is Ti /2 = 3.08 h (recoil implanted ^®Ti) for a DLTS experiment 
[17] which is practically the lower limit. Table 1 summarizes the radioactive 
isotopes used for radiotracer DLTS up to now. 

An essential point in the interpretation of any daughter element related 
phenomena refers to the question, whether the transmutation induces any 
other effects in addition to changing the element. Because of the emitted 
radiation quanta, a recoil energy is always transferred to the daughter atom. 
This decay induced recoil energy is included in Table 1; further details will 
be discussed in Sect. 4.5. 



4 Selected Aspects of Radiotracer Deep Level 
Transient Spectroscopy 

In this chapter, first the technique DLTS is explained shortly and some con- 
siderations specific for its application to radioactive isotopes are given. Then, 
the interpretation of nuclear transmutation experiments is discussed in detail. 

4.1 Deep Level Transient Spectroscopy (DLTS) 

DLTS is a versatile standard technique to characterize deep levels in the band 
gap of a semiconductor. In the present context, only the basic version is of 
interest, i.e. the measured quantity is the capacitance of a reversely biased 
diode (on the material of interest) and their relaxation after disturbance by 
an electronic filling pulse. The resulting capacitance transient is governed 
by the emission of charge carriers from deep traps. By varying the sample 
temperature and time constant of observation, the emission time constant is 
obtained as a function of temperature. Assuming a thermally activated emis- 
sion process, a thermal activation energy for this process and a characteristic 
capture cross section o are obtained from an Arrhenius plot of the data. For 
more detailed explanations, see [32]-[34]. 

DLTS is highly sensitive: the trap concentration (“traps”) may be in 
the range between 10“"^ A"s and 10“^ A^s with A"s being the concentration 
of shallow dopants in the sample. By choosing a material at low A”s, e.g. 
10^^ cm“^, the detection limit for deep levels may thus be as low as 10^° cm“^. 
The concentration of deep traps can be determined quantitatively. 

In the limit A”s, the DLTS signal is linear in If addition- 

ally the equilibrium capacitance of the diode remains constant (expected 
for A^t ^ A^S) it has to be verified experimentally), it is hence justified to 
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form differences of subsequently measured spectra. This procedure eliminates 
time-independent features in radiotracer spectra and highlights the relevant 
changes. 

There exist in general several problems and restrictions to DLTS: 

- The level energy derived from DLTS is a thermal activation energy for 
charge carrier emission which is not necessarily identical to the “true” 
position of the level within the band gap. Deviations may result from an 
eventually temperature-dependent capture cross section a or from the in- 
fluence of the diode’s electric field on the emission process [32] . In favourite 
cases, however, these effects can be studied experimentally and both a cor- 
rection of their influence as well as additional information about the band 
gap state become available. 

- The accessible energy range within the band gap is restricted. “Shallow” 
levels are generally not observable. Towards high activation energies, the 
restriction results from the maximum operating temperature of the diode. 
It is not possible to express the accessible energy range quantitatively 
since the emission rate also depends on the capture cross section a. In sil- 
icon, an interval width of about 0.5 eV (except for shallow states) starting 
from either valence or conduction band edge (denoted by E\f and Eq) can 
be studied by using p-type or n-type material, respectively. Thus, deep 
levels are accessible in the whole band gap (width 1.1 eV). In the wide-gap 
semiconductor silicon carbide, however, a range of typically 1 eV starting 
from both band edges is accessible, i.e. the center of the band gap (up to 
3.3 eV width) cannot be analyzed. 

- The depth region probed by DLTS scales with fVg For = 10^® cm“^, 
the minimum depth is in the order of 1 |4m. To gain a high sensitivity of 
DLTS, a material with low is preferable. This implies that the sensi- 
tive depth interval of DLTS is quite deep in the crystal, i.e. the doping 
process has to achieve a sufficiently deep incorporation of the impurity. 
If this is not possible experimentally, the shallow doping level must be 
chosen higher and sensitivity is lost. 

Because of the high sensitivity of DLTS, the absolute number of isotopes 
needed for a radiotracer DLTS experiment is small and, thus, the sample’s 
activity is very low, typically in the order of a few kBq (Bequerel = s“^) for 
the experiments described here. Due to this very low level of radioactivity, no 
severe practical restrictions regarding handling of the samples are implied. 

4.2 Number of Isotopes Involved per Band Gap State 

The microscopic origin of one band gap state may be a single defect or im- 
purity or a complex of more than one constituent. If exactly one radioactive 
isotope is involved, the concentration c(t) of either parent or daughter-related 
band gap states will exactly follow an exponential function with a half-life 
identical to the nuclear half-life: 
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c{t) = Coe (parent isotope) , (1) 

c(t) = co(l — (daughter isotope) , (2) 

with Co being the initial concentration and t = Tj^/ 2 / In 2 the mean life of the 
nuclear decay. 

If two atoms are involved in one complex, the expected time dependence 
is different [7, 35]: 



c{t) = Coe 


(pair of parent isotopes) , 


(3) 


c(t) = co(l-e-*/")2 


(pair of daughter isotopes) , 


(4) 


c{t) = co2e-*/"(l - e-*/") 


(mixed pair) . 


(5) 



Here both atoms forming the parent pair are assumed to occupy identical 
lattice positions, i.e. only one mixed complex exists. These functions are 
displayed in Fig. 1. The basic fact is that a pair complex containing two 
parent isotopes decreases twice as fast as compared to the nuclear decay. 
This has been demonstrated experimentally for Se 2 pairs in silicon [8] using 
the transmutation of ^®Se to ^®As. Thus, it is possible to count the number 
of isotopes involved in the formation of one band gap state. 

4.3 Stability of the Initial Configuration 

The basic idea of radiotracer spectroscopy implicitly assumes that no other 
changes except of the radioactive decay occur in the sample. This require- 
ment may not be fulfilled if mobile species are present in the crystal during 
measurement or storage. The resulting concentration curves may severely 
deviate from the expected exponential functions, as demonstrated by the 
following example, the transmutation of ^^Cr to V in p-type Si [22, 36]. In 
Fig. 3 both the standard case, i.e. exponential concentration curves with the 
correct half-life (transmutation of V to Ti, Fig. 3a,b) as well as the Cr to V 
transmutation with deviating curve shapes (Fig. 3c, d) are shown. The devia- 
tion occurs for the following reason: the isolated Cr atom has no level in the 
lower part of the band gap, but a complex between boron and chromium has 
{Ey + 0.29 eV). Its concentration first increases due to the formation of CrB 
pairs (Cr is the mobile species) and then decreases due to its radioactive de- 
cay with a remaining offset due to stable Cr isotopes. By chance, the pairing 
rate r and the nuclear decay rate A = are of a similar order of magnitude 
(r = 0.64A) at a boron concentration of 10^® cm“^ and both processes influ- 
ence the concentration of CrB pairs during storage at 290 K. The increasing 
peak in Fig. 3c is identical to the peak after doping (Fig. 3a); it is due 
to an isolated (interstitial) V atom {Ey + 0.45 eV). 
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Fig. 3. DLTS spectra (a, c) and concentration of band gap states versus delay 
time (b, d) measured during the transmutation of to '^^Ti (a, b) or ®^Cr to 
V (c,d) in p-type silicon. The solid lines in (b, d) are Htted exponential functions 
with fixed half-life of the parent isotope. The dashed lines (d) are fits of a model 
taking into account the CrB pair formation in addition to the nuclear decay (taken 
from [36]) 



4.4 Degree of Electrical Activation 

It is a very important aspect of doping studies to quantify, in addition to 
the position of a band gap state, how many of the incorporated atoms con- 
tribute to the formation of this specific band gap state. Normally, the “doping 
efficiency” is derived by comparing the concentration of gap states (known 
e.g. from DLTS) with the number of incorporated atoms. Though this lat- 
ter number is initially well known in the case of ordinary ion implantation, a 
considerable loss of dopant atoms may occur by (eventually defect-enhanced) 
diffusion to the surface during annealing. In the case of radioactive doping, 
however, the activity and, thus, the number of incorporated isotopes can be 
monitored by 7-ray spectroscopy at any time during the preparation, in par- 
ticular in the final state of a Schottky diode used for DLTS. Typically, the 
loss of the radiotracer isotopes during the preparation is between 10 and 90%. 
If the depth profile of the impurity is known, the fraction of dopant atoms 
being involved in the formation of a certain band gap state can be derived 
without any further assumptions (for details, see [20]: Ti, V, and Cr in SiC). 

4.5 Decay-Induced Defects 

In contrast to results obtained for the parent isotope which are always charac- 
teristic for the specific element, the interpretation of daughter-related features 
may be more complicated for the following reasons [20]: 
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- The nuclear decay results in an excited atomic shell, especially in the 
case of an electron capture decay, and might thus induce non-equilibrium 
chemical reactions of the daughter atom. 

- A nuclear decay generally imposes a recoil onto the daughter atom by 
emitting radiation quanta. This recoil may produce intrinsic defects by 
kicking-out neighbouring host atoms and the daughter atom may be dis- 
placed or be involved in complexes with such defects. 

These mechanisms and the resulting configurations are collectively re- 
ferred to as “decay-induced defects” . As an additional complication, the lat- 
tice site or bonding configuration of the parent isotope may be an unstable 
position for the daughter element, or a site which is usually not occupied by 
the daughter element. 

The existence of recoil-induced defects, at least at low temperatures, is 
well established by neutrino recoil experiments [37]. To judge the relevance of 
the decay-induced recoil for a given experiment, the recoil energy transferred 
to the daughter isotopes has to be calculated. In the case of several subsequent 
emissions of radiation quanta, we usually specify the maximum individual 
recoil energy, if the life time of the intermediate level is longer than the 
time needed to hit a neighbouring atom due to the preceding recoil event 
(in the order of 10“^^ s). The recoil energies of the dominating decay mode 
of isotopes used up to now in radiotracer-DLTS experiments are quoted in 
Table 1. 

Next, the recoil energy may be compared to the displacement energy of 
the host crystal, which is 13 eV for Si [16] and around 25 eV in SiC [59, 60], 
i.e. some of the recoil energies listed are well below, others are well above 
these numbers. This comparison, however, is a crude estimate only since the 
displacement energy refers to the pure crystal, whereas an impurity may act 
differently. 

One may expect at least two possible consequences in a radiotracer exper- 
iment, either an increasing signal (starting from zero) of the decay-induced 
defect itself or, if this defect is not observable by the technique used, a missing 
fraction of the daughter element configuration. The first effect has not been 
detected experimentally up to now, the second case was observed for the the 
^^Cr to V transmutation in 4iL-SiC (for a detailed discussion see [20]). 

Again, we would like to stress that the problems arising because of decay- 
induced defects affect the interpretation of band gap states related to the 
daughter element only. In this sense, it is generally advantageous to use the 
element of interest as the parent isotope. 

5 Deep Levels Detected by Radiotracer DLTS 

In the following sections, we summarize the deep levels identified by radio 
tracer DLTS so far. Only some of the radiotracer spectra are shown here, 
though in several cases conclusions were also drawn from additional doping 
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experiments with stable isotopes. In addition to the element of interest, all 
other levels detected in the samples (e.g. due to intrinsic defects or impuri- 
ties) were characterized and compared to available data in the literature (see 
review by Dalibor et al. [38]). For these details as well as for the experimental 
procedure, we refer to the original articles. A comparison to theory is also 
omitted here, see [45]. 

Some experimental steps are common to all experiments: the samples were 
epitaxial layers with a shallow doping below 10^® cm“®, radioactive doping 
was done by ion implantation with rather low fluences (below 10^^ cm“^, 
except for ^^^In), annealing temperatures were in the range between 1600 K 
and 1900 K, and DLTS measurements were performed on Schottky contacts. 
The actual number and type of radioisotopes in each sample were monitored 
by 7 -ray spectroscopy. 

The level energies stated (energy differences towards the nearest band 
edge) are thermal activation energies as obtained by the standard DLTS 
procedure, assuming a temperature independent capture cross section o . Al- 
ternatively, to obtain energy values for the other conventional assumption 
a oc T“^, a correction of 2 kT has to be added where T is the peak temper- 
ature in the spectra. The influence of the electric field strength was investi- 
gated; in the case of a well identified Poole-Frenkel effect, its influence on the 
trap energy was corrected. 

5.1 Deep Levels of Be, Zn, Cd 

5.1.1 Beryllium: 

The group Il-element Beryllium is expected to act as a doubly charged ac- 
ceptor in silicon carbide. Recently, DLTS experiments have been performed 
using the stable ®Be isotope [39, 40] revealing several deep band gap states. 
For the radiotracer experiments the radioactive isotope ^Be (decay to ^Li, 
half-life Ti /2 = 53.3 d) was used [41]. In case of p-type 4iL-SiC one deep 
level at Ey + (1.06 ± 0.05) eV above the valence band is identified as Be- 
related. These results are in reasonable agreement with the values derived 
for the Be(2) level on stable Be [40]. The level is acceptor-like, but a decision 
whether it is a singly or doubly charged acceptor state could not be made. 
In n-type 4iL-SiC, neither Be- nor Li-correlated deep levels have been found, 
i.e. there are no levels in the upper part of the band gap within the detection 
limit of our DLTS equipment. 

5.1.2 Zinc: 

Zn related deep band gap states in p-type 6iL-SiC were identified using the 
radioactive isotope ®^Ga (decay to ®’^Zn, half-life T 1/2 = 3.25 d) [23, 42]. Since 
stable Zn isotopes are co-implanted, a Zn-related peak at Et = Ey -|- (1.16 ± 
0.02) eV shows up already from the beginning of the DLTS-measurements 




Radiotracer Deep Level Transient Spectroscopy 549 



and is then further increased by the radioactive decay of ®^Ga. The level is 
formed by 20% of the transmuting atoms. 

In these experiments, no indication of a Ga-related deep level has been 
found with a detection limit of 6% of all Ga atoms. Such a level, in addition 
to the well known shallow level of Ga [43], had been proposed in analogy to 
the known “deep boron” center [44] and has been discussed controversially. 



5.1.3 Cadmium: 

Two Gd-related deep band gap states are identified [23] in p-type 4iJ-SiG 
using the nuclear transmutation ^^^In ^ ^^^Gd (7i/2 = 2.83 d). During the 
mjn ^ ^Gd decay, the DLTS spectra exhibit two strongly increasing peaks 
Gdl and Gd2 with a time dependence expected for the Gd daughter element. 
The level energies are given in Table 2. From the magnitude of the peak height 
changes, a concentration ratio between Gdl and Gd2 of 1:1 with an error of 
30% is deduced. The degree of electrical activation, i.e. the concentration 
ratio of Gd-related gap states to Gd daughter atoms, is in the order of unity. 



Table 2. Deep band gap states of Be, Zn, and Cd in p-type SiC identified by 
radiotracer DLTS. The capture cross sections a are assumed to be independent of 
temperature; the error is about one order of magnitude 



Isotope 


Level energy 
(eV) 


Cross section cr 
(lO-i-* cm^) 


Reference 


■^Be 


Ev + (1.06 ±0.05) 


5 


[41] 


(4J/-polytype) 

e^Zn 


Ev + (1.16 ±0.02) 


1 


[23, 42] 


(6Lf-polytype) 

i“Cd 


Ev ± (0.90 ± 0.03) 


2 


[23] 


(4Lf-polytype) 


Ev ± (1.19 ±0.04) 


0.02 


[23] 



5.2 Deep Levels of the Transition Metals Ti, Cr, and V 

In the following sections we summarize the available information with main 
emphasis on radiotracer experiments. The original results were published 
separately for different polytypes, conductivity types and are referenced in- 
dividually below. The extracted level data are listed in Table 3. 
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Table 3. Energies Et and capture cross sections a (assumed to be independent of 
temperature) of transition-metal related deep levels in SiC-polytypes 



Poly- Element Peak Energy Et Cross section a Ref. 

type label (eV) (lO'^'^cm^) 



Ti 


Ti-la 


Ec - 


- (0.13 


± 


0.01) 


1 


[19, 


20] 




Ti-lb 


Ec - 


- (0.17 


± 


0.01) 


1 


[19, 


20] 


V 


V 


Ec - 


- (0.97 


± 


0.03) 


1 


[19, 


20] 


Cr 


Cr-la 


Ec - 


- (0.14 


± 


0.01) 


0.1 


[19, 


20] 




Cr-lb 


Ec - 


- (0.18 


± 


0.01) 


0.1 


[19, 


20] 




Cr-2 


Ec - 


- (0.74 


± 


0.02) 


0.2 


[19, 


20] 




Cr-3a 


Ey + (0.54 


± 


0.01) 


0.2 


[21] 






Cr-3b 


Ey + (0.63 


± 


0.01) 


1 


[21] 




V 


V-la 


Ec - 


- (0.71 


± 


0.02) 


0.04 


[18] 






V-2b 


Ec - 


- (0.75 


± 


0.02) 


0.1 


[18] 




Cr 


Cr-2 


Ec - 


- (0.54 


± 


0.02) 


2 


[18] 




V 


V-la 


Ec - 


- (0.71 


± 


0.02) 


0.2 


[19, 


20] 




V-lb 


Ec - 


- (0.75 


± 


0.03) 


0.01 


[19, 


20] 




V-lc 


Ec - 


- (0.80 


± 


0.02) 


0.01 


[19, 


20] 


Cr 


Cr-2a 


Ec - 


- (0.45 


± 


0.03) 


1 


[46] 






Cr-2b 


Ec - 


- (0.47 


± 


0.03) 


1 


[46] 





5.2.1 Titanium: 

The Ti-related deep levels in n-type 4i/-SiC were studied [8, 9] employing 
the radioactive isotope which decays to the stable isotope "^^Ti with a 
half-life of 15.97 d. The AH samples reveal time dependent DLTS spectra (see 
Fig. 4): two peaks labelled with Ti-la and Ti-lb below 100 K are present from 
the very beginning and are increasing with delay time (for the level data, see 
Table 3) . A peak at 430 K decreases exponentially. Hence, it is assigned to a 
vanadium-related defect (level at Eq — 0.97 eV) that will be discussed later. 

As discussed in Sect. 4, decay-induced defects must be taken into account 
here. In contrast to the rather “gentle” decay modes (i.e. low recoil energy) 
of the isotopes discussed above, the minimum decay induced recoil energy 
of the daughter isotope "^^Ti is of the same size than the lower limit of the 
displacement energy in SiC, around 20 eV [20]. Therefore, the formation of 
decay induced defects might be possible. However, a closer inspection of the 
doping process clarifies the situation: Both levels are present from the very 
beginning. This is expected for Ti atoms because of the co-implantation of 
stable Ti isotopes during the recoil implantation. The results could not be 
explained by decay induced defects, because they should have zero concen- 
tration initially. 
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temperature (K) 

Fig. 4. DLTS spectra of doped n-type 4_ff-SiC measured after several delay 
times. The dashed line is a reference spectrum obtained from an non-implanted part 
of the sample 



The different heights of the two Ti peaks in the spectra are caused by 
a partial freeze-out of the shallow nitrogen doping in the sample. A proper 
correction reveals that the concentration of both levels is about the same [20] . 
They are attributed to a Ti acceptor state that is slightly split due to the 
non-equivalent quasi-hexagonal and quasi-cubic lattice sites of 4iJ-SiC. Ti 
is electrically active with a high efficiency in the order of 100% of the "^^Ti 
daughter atoms originating from the decay. There are no corresponding 
levels in 6H- and 15i?-SiC. 

The existence of such a Ti acceptor state had been predicted by electron 
spin resonance (ESR) studies [47]. Also, the same two DLTS peaks have been 
reported recently from Ti-implanted 4i7-SiC by Dalibor et al. [48] with trap 
energies of 0.11 eV and 0.15 eV. 

5.2.2 Chromium: 

Cr was studied in n-type 4H- [19, 20], 6H- [18], 15i?-SiC and in p-type 4H- 
SiC [21] using the radiotracer isotope ®^Cr. It decays to the stable isotope 
with a half-life of 27.7 d (see Table 1). After ^^Cr implantation in n- 
type 4i7-SiC, the four peaks dominating the spectrum are changing with 
delay time (see Fig. 5a). The peaks labelled Cr-la, Cr-lb, and Cr-2 in this 
figure decrease exponentially in perfect agreement with the nuclear half-life 
of ^^Cr (see Fig. 5b). The height of the peak V at 430 K increases with a 
time dependence in good agreement with the nuclear half-life. Its level data 
are compatible with the level observed with decreasing concentration if 
is the parent atom (Fig. 4), i.e. it is due to a V-related defect. 

Taking into account the inhomogeneous depth profiles (for details see 
appendix in [20]), the concentration ratios of the Cr levels (peak labels la, 
lb, and 2 in Fig. 5a) are compatible with a ratio 1:1:2. Hence, the Cr levels 
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temperature (K) 




delay time (d) 

Fig. 5. (a) DLTS spectra of ®^Cr doped n-type 4H-SiC measured after several delay 
times as indicated at peak Cr-2. The dashed line represents a reference spectrum 
taken on an unimplanted part of the sample, (b) DLTS peak heights of the four 
peaks of (a) during the elemental transmutation of ®^Cr to The solid lines are 
exponential curves with the half-life of the nuclear decay (27.7 d) 



in 4iL-SiC are interpreted as follows: they represent two charge transitions of 
the same structural Cr configuration: transition 1 is sensitive to the difference 
between non-equivalent quasi-cubic or quasi-hexagonal sites and, therefore, 
has two slightly different levels la and lb. The second transition (level 2) 
is insensitive (within DLTS accuracy) to the tiny difference between non- 
equivalent sites. The observed concentration fits well to a complete electrical 
activation of all incorporated ^^Cr isotopes. 

In p-type 4iJ-SiC, a split Cr level (Cr-3) was established by radiotracer- 
DLTS [21] (spectra are shown in Fig. 6). Though the signals decreasing in 
the course of the transmutation are superimposed on a large background 
peak (probably the well known boron-related D-center), they can be clearly 
resolved by forming difference spectra (Fig. 6b). Here, the negative peaks 
reflect decreasing concentrations in good agreement with the nuclear decay 
half-life (27.7 d), thus proving that the levels are due to a Cr-related defect. 
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temperature (K) 

Fig. 6. (a) DLTS-spectra of p-type 4L/-SiC, recoil implanted with ^'^Cr, subse- 
quently measured during the elemental transmutation to (b) DLTS-spectra 

obtained by subtracting the initial spectrum (measured 4 d after annealing) from 
the subsequently measured spectra 



These levels (see Table 3) were assigned [21] to a double donor state which is 
slightly split due to the occupation of non-equivalent lattice sites in 47L-SiC. 

For the other polytypes, 6H and 15i?, radiotracer DLTS spectra (n-type 
samples only) are shown in Fig. 7. The situation is quite similar to the one 
discussed in detail for the polytype AH, i.e. Cr peaks are uniquely labelled 
by their decrease and V-related peaks are appearing during the ®^Cr decay. 
The level data are listed in Table 3. The relevant differences compared to AH 
are: 



- there is no analogy to the twin Cr-peak Cr-1 detected in AH, 

- the peak positions of the Cr-2 and the V-peaks shift towards lower tem- 
peratures, i.e. the levels are closer to Eq, 

- there is a pronounced splitting of these levels into two or even three peaks 
for 6H and 15i?, respectively. 

The first two facts are explained completely by the polytype-dependent 
shift of the conduction band edge Eq (see [46]). 
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5.2.3 Vanadium: 

Vanadium-related levels were studied in n-type AH, 6H and 15i?-SiC and in p- 
type 4iJ-SiC. Vanadium was used both as a parent (^®V) as well as a daughter 
isotope (^^Cr). The relevant experiments have already been described in the 
preceding sections on Ti and Cr. 

After as well as ^^Cr implantation into AH-SiC, peak labelled V 
decreases (in Fig. 4) or increases (Figs. 5 and 7) exponentially with the nuclear 
life-time of the parent activity. This level at Eq — 0.97 eV is created by a 
defect which is either identical to exactly one V atom or which contains one 
V atom, eventually with other constituents. The same argument holds for all 
V-related levels in QH and 15i? (Fig. 7; for the level data see Table 3). 

There is one major difference of this V-related level compared to Ti and 
Cr: it is formed by a non-reproducible, often small fraction (down to the 
detection limit) of all vanadium atoms only (for details see Fig. 8 in [20]). 
The results prove that vanadium is incorporated in SiC in more than one 
structural or atomic configuration [20]. Only one of them is detectable by 
DLTS on n-type SiC. It has to be stressed, that this lack of reproducibility of 




100 200 300 400 500 

temperature (K) 



Fig. 7. DLTS spectra for Cr and V impurities in the polytypes AH-, 6H-, and 
15i?-SiC indicating the level shifts and the level splittings 
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the concentration of the V-level does not impair its definite identification with 
a vanadium-related center: whenever the level is present, its concentration 
precisely follows the elemental transmutation. 



5.3 Transition Metals Ta and W 

Transition metals Ta or W are present in certain growth containments: re- 
cent publications about the crystal growth of SiC report the use of tantalum 
crucibles to avoid graphitisation during sublimation growth [51]-[53]. Due to 
its thermal stability the transition metal tungsten may play a similar role 
like Ta in the future. 



5.3.1 Tantalum: 

Ta-related deep levels in n-type 4iJ-SiC were identified [28] by the elemental 
transmutation of the radiotracer isotope ^^^Ta which decays to stable 

The DLTS spectra are highly reproducible except for the temperature 
range around 290 K (see Fig. 8a), where the DLTS signal is decreasing. The 




temperature (K) 

Fig. 8. (a) DLTS spectra of n-type 4Lf-SiC measured during the elemental trans- 
mutation of ^^’^Ta to (Ti /2 = 56.6 h). (b) Difference spectra obtained by 

subtracting the initial spectrum from subsequently measured spectra 





556 N. Achtziger and W. Witthuhn 



Table 4. Parameters of Ta- and W-related deep levels in n-type SiC-polytypes 
detected by radiotracer DLTS 



Poly- 

type 


Element 


Peak 

label 


Energy Et 
(eV) 


Cross section a 
(lO-^"' cm^) 


Ref. 




AH 


Ta 


Ta 


Ec- 


- (0.68 ± 0.04) 


5 


[28] 






W 


W-1 


Ec- 


- (0.17 ±0.01) 


50 


[30] 








W-2 


Ec- 


- (1.43 ±0.02) 


100 


[30] 




6H 


Ta 


Ta-la 


Ec- 


- (0.46 ± 0.03) 


10 


[29, 


31] 






Ta-lb 


Ec- 


- (0.49 ± 0.03) 


10 


[29, 


31] 






W-2 


Ec- 


- (1.16 ±0.03) 


60 


[30] 




15R 


Ta 


Ta-la 


Ec- 


- (0.42 ± 0.03) 


10 


[29, 


31] 






Ta-lb 


Ec- 


- (0.45 ± 0.03) 


10 


[29, 


31] 




W 


W-2 


Ec- 


- (1.14 ±0.03) 


60 


[30] 





time dependent concentration can be easily deduced from the difference spec- 
tra (see Fig. 8b), which exhibit a broadened peak with a well defined temper- 
ature position. The negative height of this peak exponentially decreases with 
a half-life of (57 ± 1) h, i.e. the corresponding defect contains exactly one 
radioactive parent isotope ^^^Ta. The level parameters are given in Table 4. 

After the radiotracer identification parameters of the Ta- related deep 
levels in AH-, 6H-, and 15i?-SiC were derived from DLTS-measurements car- 
ried out on samples implanted with the stable isotope ^®^Ta [28, 29] (see 
Table 4). Additionally, 6i7-SiC bulk material grown in an atmosphere con- 
taining Ta has been studied [29]. The DLTS spectrum shows a dominating 
peak at 200 K. Its level parameters agree within the experimental errors to 
the data obtained for the implanted samples. 

5.3.2 Tungsten: 

Tungsten was investigated in n-type AH-, 6H-, and 15i?-SiC. The isotope 
used as a radioactive tracer transmutes to stable ^^®Hf in two steps. 
The first decay to ^^®Ta with a half-life of 22 d determines the time scale of 
the experiment (see Table 1). Similar to the case of Cr, tungsten exhibits one 
deep level, labelled W-2 in Table 4, and in the AH polytype an additional 
level W-1 close to the conduction band (Table 4, details are given in [30]). 

5.4 Deep Rare Earth Related Levels 

Semiconductors doped with rare-earth elements are attractive for photonic 
applications. In heavily Er-doped SiC the integrated luminescence intensity 
remains nearly constant up to about 400 K [53, 54] whereas for moderately 
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Table 5. Parameter of Er- and Sm-related deep levels in p-type SiC-polytypes 
detected by radiotracer DLTS 



Poly- 

type 


Element 


Energy Et 
(eV) 


Cross section a 
(lO”^'^ cm^) 


Ref. 


4H 


Er 


Ev -f (0.75 ± 0.02) 


2 


[27] 


6H 


Er 


Ev-f (0.78 ±0.02) 


2 


[27] 


6H 


Sm 


Ev± (0.87 ±0.02) 


2 


[25] 



Er-doped 4iJ- and 6iL-SiC the intensity is drastically reduced at low tem- 
peratures [55]. For a detailed understanding the characterization of band gap 
states is of basic importance. In Table 5 we summarize the results of first 
radiotracer experiments of rare earth impurities Er and Sm in SiC. 

Er was investigated in 4iL-SiC by employing the isotope ^®°Er which 
decays to unstable ^®°Ho with a half-life of 28.6 h followed by a rather fast 
second decay of ^®°Ho (Ti /2 = 0.43 h) to the stable isotope ^®°Dy. For the 
present radiotracer experiment, the transmutation may simply be regarded 
as ^®°Er ^ ^®°Dy with a half-life of 28.6 h. In p-type SiC, one Er level was 
identified at Ey + (0.75 ± 0.02) eV in 4H and at Ey + (0.78 ± 0.02) eV 
in 6iL-SiC, respectively. The latter is in good agreement with recent results 
obtained by Klettke et al. [54]. The degree of the electrical activation of 
all incorporated Er-atoms was determined to about 10%. In n-type SiC no 
Er-related level was observed. 

Experiments with radioactive ^®^Sm (Tj ^/2 = 46.8 h) were carried out 
at the on-line isotope implanter ISOLDE/CERN. The ^^^Sm isotope was 
implanted with an energy of about 4 MeV resulting in a depth suitable for 
the DLTS experiments. In p-type 6iL-SiC one level at Ey + (0.87 ± 0.02) eV 
was identified to be Sm-related, in n-type SiC no Sm levels were detected. 
Also, there are no levels of the daughter element Eu. 



6 Summary and Conclusions 

The extensive reliable data set on deep states of the transition metals Ti, 
V, Cr, Ta, and W in the band gap of the three SiC-polytypes 4i7, 6i7, and 
15i? allows a detailed comparison of the relative energy position in the dif- 
ferent polytypes. To draw one common level scheme for all three polytypes 
we align the valence bands of all SiC polytypes as postulated by Afanas’ev et 
al. [57]. Thus, for an intelligible comparison, all energy levels are described 
by their energetic distance from the valence band in each polytype as shown 
in Fig. 9. The deep levels of the investigated transition metals behave as ex- 
pected according to the rule of Langer and Heinrich: they fairly well coincide 
energetically for the three polytypes. Obviously both, the statement that the 
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Fig. 9. Summary of transition metal related band gap states in SiC identified 
by radiotracer DLTS. The labels refer to Tables 3 and 4. To compare the three 
polytypes, their valence band edges were aligned 



valence bands of all SiC-polytypes are energetically aligned as well as the rule 
of Langer-Heinrich are valid for SiC. 

The radiotracer concept in combination with a classical “non-nuclear” 
technique of semiconductor spectroscopy, in this case DLTS, yields the def- 
inite chemical identification of an observed band gap state which is not 
available from the spectroscopic technique alone. In addition, the number 
of isotopes per electrically active center, the degree of electrical activation, 
and eventually, by comparison with data from other techniques, information 
about the lattice site occupation can be derived. In many cases, radioactive 
doping and ordinary doping experiments were done in parallel to overcome 
the disadvantages of both techniques. 

There is only one essential condition on the radioactive isotope: a reason- 
able half-life. With a few exceptions only (essentially the first two rows of the 
periodic system, A1 and Cl) all other elements do have at least one suitable 
isotope. Hence, the number of available isotopes is large and the impurities to 
be investigated may be chosen according to the current problems in semicon- 
ductor research. For the present case of SiC, four groups of impurities were 
selected: 

- group II elements Be, Zn and Cd. 

- Group III transition metals Ti, V, Cr: they are typical contaminations in 
bulk crystals and vanadium has gained high technological relevance for 
semi-insulating SiC substrates. For Ti and Cr, the results are well under- 
stood, whereas for vanadium, both the fraction of vanadium impurities 
forming the detected level as well as the polytype dependence of level 
splitting exhibits a complicated behaviour. 
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- 5 d elements Ta and W were chosen, since Ta has been used in crystal 
growth experiments. With the data provided here, the Ta incorporation 
in crystals can now be measured quantitatively with an often available, 
non-destructive technique like DLTS. 

- Rare earth elements because of their importance for optoelectronics. 

The deep level schemes identified via radiotracer DLTS as presented here 
form the largest available data collection of deep impurity levels in SiC. Due 
to the radiotracer concept, the involvement of the selected element in electri- 
cally active defects is definite, whereas in some cases open questions remain 
regarding the involvement of further impurities in the defect structure, the 
degree of electrical activation, and the existence of further levels in the un- 
observed part of the band gap. Compared to the long history of research on 
impurity levels, e.g. in silicon, with frequent controversy about the chemical 
identification, the radiotracer experiments presented enabled a fast progress 
in SiC within half a decade. 
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Vacancy Defects Detected 
by Positron Annihilation 

A. Kawasuso, M. Weidner, F. Redmann, T. Frank, P. Sperr, G. Kogel, 

M. Yoshikawa, H. Itoh, R. Krause-Rehberg, W. Triftshauser, and G. Pensl 



1 Introduction 

Point defects in SiG is important in connection with the technological con- 
cerns such as ion implantation, crystal growth and radiation tolerance. 
Among different types of point defects, vacancy defects have been frequently 
argued in the past studies on irradiated SiG using deep level transient spec- 
troscopy (DLTS), electron spin resonance (ESR), photoluminescence (PL), 
etc. Although these conventional approaches have a capability to discrimi- 
nate different defect species, even indirect for the determination of the type 
of defects. Gonsequently, the origins of important energy levels in SiG have 
not yet been fully understood. 

Positron annihilation spectroscopy (PAS) is a useful technique to detect 
vacancy defects in semiconductors [1, 2]. From the positron annihilation char- 
acteristics, the presence of vacancy defects can be explicitly known. Gomple- 
mentary study between PAS and the other methods gives us more fruitful 
information than used alone. In this chapter, PAS studies of vacancy defects 
in SiG are described. In Sect. 2, the principle of PAS and some positron anni- 
hilation parameters in SiG are briefly described. In Sects. 3 and 4, the results 
on radiation-induced vacancy defects and correlations with electronic energy 
levels are discussed. 



2 Principle of Positron Annihilation 

Positrons implanted into crystals slow down to thermal energy within ~ 10 ps. 
In defect free crystals, thermal positrons freely diffuse as a Bloch state and 
ultimately annihilate with electrons to emit two 511 keV gamma quanta per 
one positron-electron pair. Positrons are localized at vacancy defects because 
of their potential wells. Since the annihilation characteristics of positrons 
are different for free and vacancy-trapped-states, through positron annihila- 
tion measurements, vacancy defects can be detected. PAS is classified into 
positron annihilation lifetime (PAL), the Doppler broadening of annihilation 
radiation (DEAR) and angular correlation of annihilation radiation (AGAR) 
measurements [1]. In this chapter, the former two methods are used and thus 
they are introduced in the following. 
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Table 1. Positron lifetimes and binding energy calculated theoretically for 3C- 
SiC (by atomic superposition method) and 4H-SiC (by plane wave pseudopotential 
method). Vacancy geometry in the former case is ideal, while that in the latter case 
it was optimized using the lattice relaxation. Dependence of positron lifetime on 
equivalent lattice sites is small (1-2 ps) and therefore the listed values are averaged 





3C-SiC [11] 


4i7-SiC [5] 


r [ps] 


Sb [eV] 


T [ps] 


Sb [eV] 


Bulk 


141 ps 




131 ps 




Vc 


150 ps 


0.28 eV 


137 ps 


-0.08 eV 


Vki 


185 ps 


1.69 eV 


194 ps 


1.49 eV 


VbVsi 


216 ps 


2.39 eV 


215 ps 


2.26 eV 


2-VcEsi 


254 ps 


3.48 eV 






3-VcEsi 


286 ps 


4.27 eV 






4-VcVki 


321 ps 


4.94 eV 







Positron lifetime (r) is given as an inverse of the overlap integral between 
electron and positron densities [3]. 

l/r = 7 rreC^y n+(r)n_(r) 7 dr . ( 1 ) 

Here, is the classical electron radius, c the light speed, n+(r) and n-{r) 
the positron and electron densities, respectively, and 7 the enhancement fac- 
tor. Thus, the positron lifetime depends on the electron density. Theoretical 
positron lifetime in perfect SiC lattice (bulk lifetime: tb) is reported to be 
131-142 ps irrespective to polytype [4, 5]. This is in between those of dia- 
mond (110 ps) and Si (218 ps) reflecting the order of their attice constant [1]. 
Experimental bulk lifetime of SiC is 136-146 ps [6]-[10]. The small variation 
is probably due to residual defects. Generally, p-type materials and chemical 
vapor deposition (CVD) grown epitaxial layers exhibit shorter bulk lifetimes 
because of less positron trapping sites. Reduction of electron density at a 
vacancy defect gives rise to the enhancement of positron lifetime there as 
compared to tb. Table 1 lists theoretical positron lifetimes and binding en- 
ergies for various vacancy defects in SiC. It is seen that positron lifetime and 
binding energy increase as the size of vacancy cluster. Although positron life- 
time for a silicon vacancy, Vsi> (185-194 ps) is well above tb, that for carbon 
vacancies, Vc, increases only 6-9 ps. This is explained as the smaller open 
space of Vc because of larger ion radius of the Si atom surrounding Vc ■ 
More than two lifetime components are observed when vacancy defects 
exist, i.e., bulk and defects. Assuming that only one kind of vacancy defects, 
the positron lifetime spectrum is decomposed into two exponential decay 
components: 



L{t) = h exp(-</ri)/Ti -b h exp(-t/T2)/r2 . 



( 2 ) 
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Here, U and r* (i = 1 , 2 ) are the intensities {I\ + I 2 = 100 %) and lifetimes. 
Based on the kinematical two-state trapping model, the second lifetime com- 
ponent is assigned to the positron annihilation at vacancy defects. Since the 
first lifetime is arising from the positron annihilation in free state, it should 
be equal to 1 /( 1 /tb -h k), where k{= / 2 ( 1 /tb — 1 /t 2 )//i) is the positron trap- 
ping rate by vacancy defects. Positron trapping rate is proportional to the 
specific trapping rate and the defect concentration C {k = Detectable 
change of k is approximately 0.1 ns“^. Considering that 11 varies from 10 ^® to 
10 ^^ s“^ depending on the charge state of vacancy defects and materials [ 12 ], 
the detection limit of vacancy defects is roughly 10^^ to 10^® cm“®. Positrons 
are hardly trapped by positively charged vacancy defects. 

The Doppler broadening and angular correlation of annihilation radiations 
are required from the energy and momentum conservation laws. Momentum 
distribution of positron-electron pairs is given by [3] 



p{p) = TrrgC 



tpj^tp-^exp{—ip ■ r)dr 



(3) 



DEAR or 2D-ACAR spectra are given by integrating this 3D momentum dis- 
tribution in two or one particular direction(s). Valence and core electrons give 
rise to relatively smaller and larger Doppler shifts, respectively. These com- 
ponents are well separated in DEAR spectrum. At vacancy defects, the core 
annihilation probability decreases and the valence annihilation probability 
relatively increases. Consequently, the peak (valence electron contribution) 
and tail (core electron contribution) intensities of DEAR spectrum increases 
and decreases, respectively. The peak and tail intensities are called S and W 
parameters. Denoting S parameters for bulk as 5 *b and vacancy state as Sy, 
S parameters is given by S' = (1 — t7)Sb - k r/Sy, where rj = k/{1/tb + k)- Sim- 
ilarly, W = {1 — 'q)W'B + pWy. S and W parameters are usually normalized 
to bulk values, i.e., Sb = Wb = 1. Thus, generally S > 1 and W < 1 when 
positrons are trapped by vacancy defects. Core electron momentum distri- 
bution can be determined using the coincidence Doppler broadening (CDB) 
technique, which enables to enhance the signal to noise ratio to be more 
than 10® [13]. From this, the elemental sensitivity of the positron method is 
derived. 



3 Radiation-Induced Vacancy Defects in SiC 

3.1 Electron Irradiation 

Radiation-induced defects in 3C'-SiC have been systematically studied by 
Itoh et al. [14]-[16] using ESR. Almost isotropic T1 signal was attributed to 
single-negative silicon vacancies (ks7) ^ tetrahedral symmetry. Afterward, 

PAL measurements have been performed [17]. Figure 1 shows the PAL spec- 
tra from a CVD grown n-type 3(7-SiC before and after IMeV e“-irradiation. 
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Time (ns) 

Fig. 1. Positron lifetime spectra obtained from CVD grown n-type 3C-SiC doped 
with nitrogen ([Ad] = 1 x 10*^® cm~®) before {open circle) and after {filled circle) 
1 MeV e“-irradiation to a dose of 6 x 10^^ e“/cm^ at room temperature 



Apparent increase in the positron lifetime after irradiation suggests the pres- 
ence of vacancy defects. Through the decomposition of spectra using (2), two 
lifetime components (ti and T 2 ) were obtained as a function of annealing tem- 
perature. The first lifetime (ri) was in good agreement with that expected 
from the two-state trapping model. The defect-related positron lifetime (T 2 ) 
was approximately 190 ps. During annealing, T 2 keeps a constant and I 2 
decreases at 200°C and above 800°C suggesting that the positron trapping 
centers do not change and the concentration decreases upon annealing. The 
lifetime (T 2 ) is in good agreement with the calculated lifetime for Vsi (Ta- 




Annealing temperatuer (°C) 



Fig. 2. Positron trapping rate and Tl-signal intensity from CVD grown n-type 
3C-SiC doped with nitrogen ([Ad] = 1 x 10^® cm“®) after 1 MeV e“ -irradiation to 
a dose of 1.2 x e~ jcrr? as a function of annealing temperature 
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ble 1). Figure 2 shows the direct comparison of positron trapping rate and 
Tl-signal intensity through annealing using the identical samples. Common 
annealing behavior between positron trapping rate and T1 signal intensity 
gives us a confirmation that positrons are trapped at bgP . 

Two-step recovery of S and W parameters typical for Vsi were also ob- 
served in the DEAR study on 3C-SiC (shown in Fig. 8) [18] . Normalized S and 
W parameters for Vsi in 3C-SiC were determined to be Sy = 1.028 ~ 1.039 
and Wy = 0.805 — 0.834 [18, 19]. Figure 3a shows the CDB spectra for n- 
type 3C'-SiC before and after 2 MeV e“-irradiation to a dose of 3 x 10^^ 
e“/cm^ [18]. The change of spectrum shape after irradiation is enhanced by 
generating the ratio curve between unirradiated and irradiated states, i.e., 
Mrrad(p)/.Nunirrad(p) 3S shown in Fig. 3b. Low (p < 15 X 10“^moc) and high 
(p < 20 X 10“^TOoc) momentum regions of the ratio curve are dominated by 
valence and core electrons, respectively. In high momentum region, the inten- 
sity has a tendency to increase with momentum. When positrons annihilate 
at Vsi the intensity of the ratio curve in high momentum region increases 
with momentum reflecting C:ls electrons giving rise to a larger Doppler shift 
as compared to Si:2sp electrons. In contrast, in the case of Vc, the intensity 




Fig. 3. (a) The coincidence Doppler broadening spectra and (b) the ratio curve 
obtained for CVD grown n-type 3C-SiC doped with nitrogen ([Nd] = 1 x 10^® cm“®) 
before and after 2 MeV e“ -irradiation to a dose of 3 x 10^^ e“/cm^ 
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of the ratio curve decrease with momentum [5] . The above observation agrees 
with that expected for Vsi- 

In PAS studies on 3C-SiC, Vc-related defects have not been detected. 
Considering the weak localization of positrons at Vc as stated in Sect. 2, 
the positron trapping by Vc may be hidden behind the strong effect of Vsi- 
If the charge state of Vc is positive or neutral, the positron trapping rate 
decreases furthermore due to the lacking of the Coulomb attraction. Then, 
the detection of Vc will be unlikely. Indeed, theoretical studies suggest that 
Vc act as donors in 3C-SiC and hence positive and neutral charge states are 
possible [21]-[25]. 

Two annealing steps of Vsi at around 200°C and 800°C were inferred to 
be due to recombination with mobile silicon interstitials (/si) and the mi- 
gration of Vsi to sinks [15]. The activation energy for the latter process was 
determined to be 2.2-3. 1 eV [15, 26]. Theoretical studies predict that recom- 
bination with (110) split interstitials is most likely to occur in the former 
process, while the transformation from Vsi to VcCsi preferentially occurs 
than direct migration of Vsi in the latter process [25],[27]-[29]. To examine 
the possibility of detection of VcCsi by PAS, theoretical calculation was car- 
ried out using the atomic superposition method [30] . The result indicates that 
the positron wavefunction is localized at ideal VcCsi much stronger than Vc 
and the positron lifetime increases approximately 26 ps from tb. This result 
is a bit surprising considering the fact that Vc act as weak positron trap- 
ping centers. The replacement of one Si atom with one C atom surrounding 
Vc effectively enhances the binding energy and positron lifetime. The lattice 
relaxation around VcCsi [27, 29] results in an extra 20 ps increase of the 
lifetime. Thus, VcCsi complexes may be detected by positron annihilation as 
long as the charge state is not positive. However, after the annealing of Vsi 
no further vacancy defects were detected in positron annihilation as shown 
in Fig. 2. One possible explanation is that Vsi prefer to migrate rather than 
their transformation to VcCsi in n-type 3C-SiC. An alternative explanation 
is that the charge state of VcCsi is less negative [29] and hence the detection 
of VcCsi becomes rare. 

Positively charged vacancies hardly trap positrons due to the Coulomb re- 
pulsion [12]. Positron trapping rate by negatively charged vacancies is higher 
than that by neutral vacancies. This effect can be used for the determination 
of defect charge states. Figure 4 shows S parameters obtained for n-type and 
p-type 3C-SiC irradiated with 2 MeV electrons to a dose of 3 x 10^^ e“/cm^ 
as a function of incident positron energy [18]. It is found that S parameter in- 
creases in the n-type material, while it remains the same as the unirradiated 
state in the p-type material. The situation is almost the same even when the 
sample was implanted with He ions generating approximately two orders of 
magnitude greater number of primary knock-on atoms (see Sect. 3.2). Thus, 
it seems that Vsi have the donor state [31] and charge as positive when the 
Fermi level is close to the top of the valence band [21]-[24]. 
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Fig. 4. S parameter obtained from CVD grown n-type 3C-SiC doped with nitrogen 
([^Vd] = 1 X 10^® cm“®) and p-type 3C-SiC doped with aluminum {[Na] = 1 x 
10^® cm“®) after 2 MeV e“ -irradiation to a dose of 3 x e“/cm^ as a function 
of incident positron energy 

Changing energy of e“ -irradiation, the atomic displacement energy (it'd) 
is evaluated [32]. Figure 5 shows the positron trapping rate per unit dose 
by hgY in n-type SC-SiC determined in the DEAR measurements [18]. The 
trapping rate starts to increase at a threshold energy Eth = 0.37 ± 0.04 MeV. 
This means that only carbon displacement occurs when electron energy is 
less than 0.37 MeV. From the elastic collision theory, can be determined 




Fig. 5. Positron trapping rate per unit dose of e -irradiation obtained for CVD 
grown n-type 3C'-SiC doped with nitrogen ([Vd] = 1 x 10*^® cm~®). Doses for 
0.5 MeV, 1 MeV and 2 MeV are 1.2 x e“/cm^, 6 x 10^^ e~ j err? and 3 x 10^^ 
e~ jeva^ , respectively 
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Fig. 6. Average lifetime and S parameter obtained from modified Lely grown n- 
type 6-ff-SiC doped with nitrogen ([A^d] = 5x10^^ cm“®) after 3 MeV e“ -irradiation 
as a function of dose 



by Ed = 2mEtd{Eth + 2mc^)/{mc^M), where M is the mass of target atom 
(in the present case M = 28 for Si). Thus, we obtain it’d = 39 ± 5 eV for 
silicon displacement. In the above experiment, electrons were irradiated from 
the [001] direction. The obtained Ed is in good agreement with theoretical 
values based on the molecular dynamics [33, 34]. The above displacement 
energy is also higher than that for carbon atoms (22 eV) [35]. 

Early PAS studies on irradiated hexagonal SiC have been carried out using 
bulk materials [6]-[9],[36]-[40]. Figure 6 shows the dose dependence of average 
positron lifetime and S parameter from modified Lely (ML) grown n-type 6H- 
SiC after 3 MeV e“-irradiation [36]. Both average lifetime and S parameter 
increase monotonously with dose and saturate at Tave ~ 200 ps and S ~ 
1.039. These values coincide with the characteristic lifetime and S parameter 
determined for Vsi in 3C-SiC. Thus, Vsi-related defects are responsible for 
positron trapping. Detailed analyses of lifetime spectra however indicated 
the existence of Vc-r^lnted component, which gives rise to a positron lifetime 
close to tb, in addition to Vsi-related component. 

Figure 7 shows the annealing behavior of positron trapping rates («i 
and K 2 ) for Vc~ and Vsi-related components, respectively [36]. The positron 
trapping rate for Vc-related component drastically decreases below 500° C. 
This annealing behavior is consistent with that observed for in ESR 
studies [41, 42]. The appearance of the Vc-related component however seems 
to be contradictory to the result of OC-SiC. This can be explained as an 
occurrence of negative charge state of Vc because of the wider band gap 
width of hexagonal SiC allowing the acceptor levels associated with Vc [21]- 
[24]. Positron lifetime for Vc was reported to be 160 ps, which is 14 ps higher 
than Tb [7, 44]. When positrons are trapped only at Vc, the CDB spectrum 
shows the effect of Si core electrons in the high momentum region [43]. The 
positron trapping rate related to Vc increases at low temperatures due to 
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Fig. 7. Positron trapping rates (ki and K 2 ) related to Vc~ and Vsi-related compo- 
nents, respectively, from ML-grown n-type 6-ff-SiC doped with nitrogen ([A^d] = 
5 X 10^^ cm“®) after 3 MeV e“ -irradiation to a dose of 1 x 10*^® e~ jcrc? as a function 
of annealing temperature. Annealing time was 5 min 



the shallow potential [45] . This effect disappeared upon annealing at around 
500° C. Normalized S parameter for Vc was determined to be 1.001, which is 
very close to 5 'b and hence essentially invisible in DEAR measurement [8]. 
Thus, in the case of n-type hexagonal SiC, Vc can be discriminated if the 
decomposition of the spectrum is allowed. The migration energy of Vc is 
estimated to be more than 3.5 eV while that of carbon interstitials (/c) is 
0.9-1. 7 eV [25, 46]. The annealing of Vc therefore may be interpreted as 
Vc~Ic recombination through the motion of Ic ■ 

As seen from Fig. 7, the positron trapping rate K 2 (Vsi-related) decays in 
four steps at around 200° C, 500° C, 800° C and 1400° C. The annealing of Vsi 
probably corresponds to the decay below 800° C. Vacancy defects still survive 
after the annealing at 1000°C unlike to the case of 3C-SiC. The above results 
indicate that more thermally stable vacancy defects than Vsi are created in 
QHSiC. From the analogy with the iii-center in Si, the formation of complexes 
between Vsi and nitrogen is assumed [6]. 

Similar annealing experiments have also been carried out using high qual- 
ity nitrogen doped CVD 6H and 4iJ-SiC. Figure 8 shows the annealing be- 
havior of S parameters obtained after 2 MeV (dose: 3 x 10^^ e~ / ciyV) and 
1 MeV (dose: 6x 10^^ e~ jcvc?) e“-irradiations [47]-[49]. It is found that S pa- 
rameter for 6iJ-SiC irradiated with 1 MeV electrons decreases at 200-400° C, 
600-800°C and finally at 1200-1500°C. The annealing feature is almost the 
same even in the case of 2 MeV e“ -irradiation although the first two steps 
are observed as one overlapping decay. The final annealing step at 1200- 
1500°C is seen as well as the ML grown materials shown in Fig. 7. 4iJ-SiC 
also exhibits the similar recovery processes except relatively small decays at 
600-800°C and maxima at around 1000°C. 
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Fig. 8. S parameters for CVD grown n-type 6H and 47/-SiC doped with nitrogen 
{[Nd] = 5 X 10^® cm“®) and 3C-SiC doped with nitrogen ([Ad] = 1 x 10^® cm“®) 
after 2 MeV and 1 MeV e“ -irradiations to doses of 3 x 10^^ e~ jew? and 6 x 10^^ 
e~ jew? , respectively, as a function of annealing temperature. Annealing time at 
each temperature was 30 min 



From the comparison with the case of 3C-SiC plotted together, the first 
two annealing steps (200-400°, 600-800°) observed for 4iJ and 6iJ-SiC in 
Fig. 8 are interpreted as the disappearance of Fsi. Indeed, the positron life- 
times after 2 MeV e“ -irradiation were determined to be approximately 200 ps 
using a pulsed positron beam. Now the question is the origin of residual va- 
cancy defects after the annealing at 1000°. As proposed by theoretical works 
[5, 27, 28], Vsi may transfer to VcCsi complexes upon heating. In the case 
of 3C-SiC (Sect. 3.1), this possibility was not confirmed. Nevertheless, the 
positron lifetimes for VcCsi were calculated taking into account of a possible 
lattice relaxation [27]. As the charge state changes from double negative to 
neutral, because of the lattice relaxation, positron lifetime varies from 187 ps 
to 193 ps at hexagonal site and from 162 ps to 175 ps at cubic site. It is 
clear that positrons are localized at these complexes much stronger than at 
Vc- Positrons are more localized at hexagonal site. The lifetime at hexagonal 
sites is comparable to that for ideal Vsi and is in good agreement with the 
observation in the ML grown 6iL-SiC. It turns out to be difficult to exclude 
the possibility of positron trapping at VcCsi only from PAL measurements. 
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Fig. 9. The coincidence Doppler broadening ratio curves obtained for CVD grown 
n-type 6H and 47/-SiC doped with nitrogen ([Vd] = 5 x 10^® cm“®) after 2 MeV 
e“ -irradiations to a dose of 3x 10^^ e“/cm^ and subsequent annealing at 1000°C for 
30 min. For comparison, the ratio curve for 3C-SiC shown in Fig. 4b is also drawn 
as solid line. Vertical axes for 677-SiC before and after annealing are scaled by 
multiplying 1.16 and 3.35, respectively. Those for 477-SiC before and after annealing 
are scaled by multiplying 1.02 and 1.52, respectively 



To confirm the change of defect species by annealing at 1000°C, i.e., 
from Vsi to VcCsi, CDB measurements were carried out. Figure 9 shows the 
CDB ratio curves (i.e., N (p ) / for QH and 4i/-SiC after 2 MeV 
e“-irradiation to a dose of 3 x 10^^ e~ jcvc? and subsequent annealing at 
1000°C [47]-[49]. For the direct comparison, the vertical scale for each ratio 
curve was appropriately adjusted. It is found that all the curves well overlap 
in the whole range and are quite similar to the curve obtained for Vsi in 
3C-SiC. This indicates that the chemical surrounding of the defects is still 
like that for Vsi- Thus, Vsi-related complexes may be considered as the most 
probable candidate for the residual vacancy defects at 1000°C. 

3.2 He Implantation 

He implantation was examined for the study of defects [50]. Figure 10 shows S 
parameters obtained for various SiC samples after multiple He-implantation 
as a function of incident positron energy [S-E plot). Here, He doses were 
well below the amorphous formation. The S-E plots were analyzed by the 
one-dimensional diffusion equation of positrons [51] to obtain the depth dis- 
tribution of S parameter. As expected from the SRIM simulation, the box- 
shaped defect profile was seen. The highest S parameters in the middle of 
the damaged region (~ 10 keV) exceed the value for Vsi suggesting that 
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Fig. 10. S parameters obtained for CVD grown n-type 6H and 477-SiC doped 
with nitrogen ([A^d] = 5 x 10^® cm“®), p-type 6H and 477 doped with aluminum 
([TVd] = 5 X 10^® cm“®), n-type 3C-SiC doped with nitrogen ([AId] = 1 x 10^® cm“®) 
and p-type 3C-SiC doped with aluminum ([AA] = 1 x 10^® cm~®) obtained after 
multiple He implantation at energies (doses) of 30 keV (8 x cm“^), 100 keV 
(9.5 X 10“ cm-2), 210 keV (9.5 x 10“ cm’^), 350 keV (9.5 x 10“ cm’^), 500 keV 
(9.5 X 10^^ cm“^), 650 keV (1 x 10^^ cm“^), 800 keV (1.1 x 10*^^ cm“^) and 950 keV 
(1.3 X 10^^ cm“^) at room temperature as a function of incident positron energy. 
Reference specimen is the unirradiated CVD grown p-type 677-SiC 



larger vacancy clusters are also generated. In fact the average positron life- 
time measured by a pulsed positron beam was typically 220-230 ps which is 
higher than that in e“-irradiated materials. Vacancy defects were detected 
in hexagonal SiC and n-type SC-SiC, while not in p-type 3C-SiC. The ab- 
sence of positron trapping in p-type 3C'-SiC was similarly seen in the case of 
e“-irradiation shown in Fig. 4. This indicates that the Fermi level of p-type 
hexagonal SiC shift upwards and hence the charge states of defects become 
more negative, while that of p-type 3C-SiC does not shift adequately. 

Figure 11 shows S parameter in damage region as a function of annealing 
temperature. It is found that S parameter for n-type 3C-SiC first decreases 
drastically at 500-700°C. Two annealing steps observed in the e“-irradiated 
sample (Fig. 8) probably combine together and appear as one annealing step 
here. The final recovery takes place at 1000°C suggesting the disappearance 
of residual vacancy defects. One important finding is that all the vacancy 
defects detected by positron vanish until 1000°C despite the greater number 
and size of vacancy defects than in the e“-irradiated sample. This is an 
indication that vacancy-interstitial recombination is an important annealing 
mechanism after irradiation [52]. 
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Fig. 11. S parameters obtained from the 
analysis of S-E plots shown in Fig. 10 
based on the one-dimensional diffusion 
equation of positrons for n-type 6H and 
477-SiC as a function of annealing temper- 
ature. Annealing time at each temperature 
was 30 min 



S parameters in AH and 6iJ-SiC exhibit the common annealing features: 
The first annealing occurs at 500-700° C, which is similar to the 3C mate- 
rial. Then, S parameters increase and show maxima at 1000°C suggesting 
the generation of secondary defects such as vacancy clusters upon heating. 
Such peaks are not seen in SC-SiC. Until these peaks, no major differences 
are recognized between AH and d>H and between n- and p-type. After these 
peaks, S parameters of p-type materials decrease steeply and completely re- 
cover to the unimplanted states, while one more annealing steps appear in 
n-type materials as shoulders at 1200~1300°C. Thus, two different defect 
species contribute to the peaks at 1000°C and the shoulders at 1200-1300°C 
in both n-type AH and 6iJ-SiC. S parameter of n-type materials recover to 
the unimplanted states up to 1700°C suggesting the disappearance of all the 
detectable vacancy defects. The shoulder of S parameter for the AH-SiC is 
more pronounced than that for the 6i?-SiC similar to e“-irradiation (Fig. 8). 
Accordingly, the same defect species (Vsi-related defects) are responsible for 
the final annealing processes in both e“-irradiated and He-implanted hexag- 
onal SiC. 
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3.3 Polytype Dependent Vacancy Annealing 

As seen above (Figs. 8 and 11), the annealing behavior of vacancy defects de- 
pends on polytype. That is, vacancy defects in 3C-SiC are no longer detected 
after annealing at 1000°C, while those in hexagonal SiC are still detected 
above 1000°C. In Fig. 8, the residual amount of vacancy defects increases 
in the order of 3C < 6 H < AH, i.e., hexagonalities (0%, 33% and 50%) 
after the annealing at 1000°C. A similar trend is also seen in the case of He- 
implantation at 1300°C in Fig. 11. This further indicates the following two 
possibilities: One is that the residual vacancy defects in hexagonal SiC in the 
high temperature annealing process are related to hexagonal sites and hence 
forbidden to exist in 3C-SiC. The other is that vacancy defects detected in 
hexagonal SiC in the high temperature annealing process are just invisible 
in 3C-SiC. That is, the gap states of the vacancy defects are buried in the 
conduction band in 3C-SiC because of its smaller band gap width and hence 
the charge state become more positive in 3C-SiC. Indeed, the vacancy defects 
in hexagonal SiC in the high temperature annealing process are correlated to 
the energy levels, which are not observed in 3C-SiC. To confirm the above 
discussion, 2D-ACAR measurements were also performed [53]. 



4 Correlation Between Positron Annihilation Centers 
and Electronic Energy Levels 

Many electronic energy levels have been found in SiC after irradiation as 
summarized in Fig. 12 [54]-[71j. Early studies show that the energy levels at 
Ec-0.3~0.4 eV labeled E 1/2 (same as ED 3 H/ED 4 and T3/4) [55, 57] and at 
Ec-0.6~0.7 eV labeled Z1/2 (same as ED^ and Ty/s) [55, 57] are the major 
products in 6i7-SiC due to bombardment [60, 61, 72]. The corresponding 
energy levels in 4iJ-SiC are labeled Z 1/2 at i?c-0.6~0.7 eV (same as EH 2 ) 
[68] and RD 1/2 at Ec-0.9~1.0 eV (same as EH 4 ) [68] in 4i7-SiC. These 
levels are commonly annealed at around 1500°C [56, 58, 59, 67, 73]. The 
Ei /2 in 6i7-SiC and the Z1/2 in 4iJ-SiC are reported to exhibit the negative- 
U character [74]-[76]. 

Correlations between vacancy defects from PAS and DLTS centers were 
examined. Figure 13 shows the DLTS spectra for n-type AH and 6i7-SiC 
after 2 MeV e“-irradiation (after the first scan, i.e., annealed at 430°C) and 
subsequent annealing at 1200° C [47, 48, 77]. The E 1/2 in 6i7-SiC and the 
Zi /2 in AH-SiC are found to exist with the other small peaks labeled in the 
figure. The small peaks diminish by annealing up to 1200°C and thereafter 
the Ei /2 ™ 6i7-SiC and the Z 1/2 in AH-SiC are predominant. Figure 14 
shows the annealing behavior of the densities of these levels together with 
the positron trapping rates obtained after increasing the dose [47, 48]. It is 
found that both positron trapping centers and the energy levels disappear 
in the same temperature range. This coincidence suggests that the energy 
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Fig. 12. Electronic energy levels induced by irradiation in 3(7, 6H and 47/-SiC. 
Labels for 677-SiC are (i) LI, (ii) L2, (iii) EDl,(iv) ED2, (v) ED3L, (vi) El/2, 
ED3H/4, L3/4, (vii) L5, (viii) Ei, ED5, L6, RD5, (ix) E3/4, ED6, (x) Zl/2, L7/8, 
ED7, (xi) ZO, (xii) L9, (xiii) R,E7, LIO, (xiv) Lll, (xv) H2, (xvi) HI. Labels for 
477-SiC are (i) Pl/2, (ii) P3, (iii) EHl, (iv) EH2, Zl/2, (v) EH4, (vi) RDl/2, (vii) 
RD3, EH5, (viii) RD4, EH6/7, (ix) HSl. *, **, * * * are the levels thought to have 
the same defect structures in 4H and 677-SiC 

levels are composed of vacancy defects. As discussed in Sect. 3.1, Vsi-related 
complexes are annealed at 1200-1500°C. It was thus proposed that the i?i /2 
in 6iL-SiC and the 2 ^ 1/2 in 477-SiC are originating from Vsi-related complexes. 

In the case of He-implantation, one major deep level was observed in both 
6H and 4iL-SiC after annealing at 700°C as shown in Fig. 15 [50]. Individual 
peaks in 6H and 4iL-SiC are assigned to the Z 1/2 and RD 1/2 levels. These 
peaks were found to increase at 1000°C and finally diminish above 1200°C. 
Accompanying the disappearance of these peaks, the i?i /2 in 6iL-SiC and the 
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Fig. 13. DLTS spectra obtained for CVD grown n-type 6H and 477-SiC doped with 
nitrogen ([Ad] = 5 x 10^® cm“^) after 2 MeV e“-irradiation to a dose of 1 x 10^® 
e~ jcva? after the first scan (i.e., annealed at 430°C) and subsequent annealing at 
1200°C for 30 min. The rate windows are 8 ms/16 ms and 2 ms/4 ms for &H and 
477-SiC, respectively 
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Fig. 14. Positron trapping rates obtained for CVD grown n-type 6H and 47/-SiC 
doped with nitrogen ([Ad] = 5 x 10^® cm“®) after 2 MeV e“ -irradiation to a dose 
of 3 X e“/cm^ and the densities of Z 1/2 levels and E 1/2 levels in CVD grown 
n-type 6H and 4A-SiC doped with nitrogen ([Ad] = 5 x 10^® cm“®) after 2 MeV 
e“ -irradiation to a dose of 1 x 10*^® e“/cm^ as a function of annealing temperature 
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Fig. 15. DLTS spectra obtained for CVD grown n-type 6H and 4i7-SiC doped with 
nitrogen ([Vd] = 5 x 10^® cm“®) after multiple He implantation at energies (doses) 
of 30 keV (8 x 10“ cm“^), 100 keV (9.5 x 10“ cm“^), 210 keV (9.5 x 10“ cm“^), 
350 keV (9.5 x 10“ cm“2), 500 keV (9.5 x 10“ cm’^), 650 keV (1 x 10^^ cm-^), 
800 keV (1.1 X 10^^ cm“^) and 950 keV (1.3 x 10^^ cm“^) and subsequent annealing 
at 700°C and 1400°C for 30 min. The rate windows are 8 ms/16 ms and 2 ms/4 ms 
for 6H and 4H-SiC, respectively 



Zi /2 in 4iJ-SiC appear. The former and latter levels seem to be linked. The 
Ei /2 in 6i?-SiC and the Zi ^2 in 4iJ-SiC are ultimately annealed at 1300- 
1500°C similarly to the case of e“-irradiation. Figure 16 shows the annealing 
behavior of the above peaks and S parameters in the same implantation 
condition. It is readily found that the overall annealing behavior of DLTS 
peaks is in good agreement with that of S parameter. That is, the maxima of 
the densities of Zi ^2 in 6iL-SiC and RD 1/2 in 4iL-SiC coincide with those of 
S parameters at 1000°C. The appearance and disappearance of the i?i /2 in 
6H and the Zi /2 in 4iJ well agree with the shoulders in the annealing curves 
of S parameters. The density of the Z 1/2 in 4iJ-SiC is higher than that of 
the Ei /2 in 6iL-SiC. This is also in good greement with the larger shoulder 
in the annealing curve of S parameter observed in 4iL-SiC. It was confirmed 
that the E 1/2 and Z 1/2 in 6iL-SiC and Z 1/2 and RD 1/2 in 4iJ-SiC are related 
to vacancy defects. 

In the previous studies, Vc was thought to be the candidate for the E 1/2 
in 6iL-SiC [56, 63]. In the CVD process studies, the Z 1/2 in 4iL-SiC was 
correlated with the excess Si (e.g., Vc and SiC) [78]-[80] or the excess C 
(e.g., Ic) and nitrogen doping [81]. These attributions are in conflict with 
the above conclusion that the £^ 1/2 in 6iL-SiC and the Zi/i levels in 4iL- 
SiC are coming from Vsi-related complexes. PAS study based on the optical 
illumination also suggests that the Ey/ 2 . in 6iL-SiC are due to Vsi-related 
defects. Since the thermal stability of Vc induced by irradiation is well below 
than those of the E 1/2 in 6i£-SiC, it seems to be a bit difficult to attribute 
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Fig. 16. Comparison of annealing behavior of S parameters shown in Fig. 11 after 
multiple He implantation and the densities of deep levels shown in Fig. 15. Solid 
lines in the lower figures are the total concentrations of the deep levels 



these levels to Vc- The Z 1/2 in 6i?-SiC and RD 1/2 in 4iJ-SiC were proposed 
to be related to either Vsi [56, 82] or divacancies VsiVC [63]. However, the 
Zi /2 in 6i/-SiC and RD 1/2 in 4i7-SiC are fully annealed above 1000° C which 
is well above the annealing temperature of Vsi- The growths of these levels at 
1000°C as shown in Fig. 16 imply that they are related to complexes rather 
than single vacancies. 

As for the other energy levels, the R levels appearing at i?c-lT~1.3 eV 
in 6i?-SiC (same as Ey and Lio) [54, 57, 63] are attributed to Vsi in the 
PAS study [44]. The R level shown in Fig. 13 was indeed annealed at 600- 
1000°C [66]. This annealing temperature is in good agreement with that for 
Vsi- Hence, the Vsi model for the R level may be justified. The RD 4 at Ec~ 
1.5~1.6 eV (same as EEl^p) [68] in 4i7-SiC corresponds to the R in 6i7-SiC. 
An annealing study of neutron irradiated 477-SiC using ESR and optical 
absorption showed that the optical transition at 780 nm (1.59 eV), which is 
comparable to the RD 4 energy level, is originating from Vsi [83]. The RD^ 
levels at around Ec~0.5 eV in 677-SiC (same as Lq, Ei) [54, 57, 58, 63, 66] are 
reported to show the similar annealing behavior to Vc below 500° C. This level 
was not seen in Fig. 13 due to heating during the first DLTS measurement. 
Considering the annealing temperature of Vc (Sect. 3.1), the attribution of 
i?Z ?5 to Vc seems to be plausible [56]. 

The Di luminescence, which appears by post-irradiation annealing [84, 
85], was originally attributed to vacancy defects. The correlation between 
Di luminescence and DLTS centers were examined so far [65, 69, 70, 73] 
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although the assignments from different groups are still inconsistent. The Di 
luminescence intensity increases with annealing temperature [69, 70, 86]. This 
luminescence is persistent even after the annealing at 1700°C. Previous PAS 
study could not confirm the early proposal that the luminescence is arising 
from vacancy defects [6] . 



5 Conclusion 

PAS studies of defects in SiC were described in this chapter. In e“-irradiated 
3C-SiC, the positron trapping by was confirmed by the correlation with 
ESR measurements. Vc-related defects have not been detected. Theoreti- 
cally predicted formation of VcCsi complexes have not been confirmed al- 
though the calculation suggested the adequate increase in positron lifetime 
at this complex. In e“-irradiated 6i7-SiC, in addition to Vsi-related defects, 
Vc have been detected through PAL measurements. After the annealing of 
Vsi at high temperatures (above 1000°C), Vsi-related defects were found to 
survive in hexagonal SiC. The amount of residual vacancy defects was found 
to increase with hexagonality after the high temperature annealing. PAS and 
DLTS measurements through annealing suggested that some levels in hexag- 
onal SiC were related to vacancy defects. 
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Characterization of Defects in SiC Crystals 
by Raman Scattering 



S. Nakashima and H. Harima 



1 Introduction 

Crystallinity of wide band-gap semiconductors such as SiC and GaN has re- 
cently been improved by reducing their defects drastically. However, these 
materials have lower qualities than standard Si and GaAs wafers in the sense 
that various defects such as micropipes, plate-like defects, stacking faults, 
small-angle grain boundaries, dislocations, etc., are still contained. The mi- 
crostructure of these defects has been studied by various techniques using 
electron-, ion- and light beams, which have respective advantages and disad- 
vantages. Since visible light penetrates deep into wide-gap semiconductors, 
optical spectroscopy is a promising contactless characterization technique for 
these bulk crystals. Among various optical characterization techniques on 
SiC, Raman scattering has the advantage that it can provide information on 
both lattice structure and electronic properties of SiC [1] . 

Defects in solids have been widely examined by spectroscopic techniques 
in the visible and infrared regions. Localized vibrational modes (LVM) arising 
from impurities with masses lower than the host atoms have been measured 
by infrared absorption and Raman scattering [2], and information about the 
density and the site of impurities was obtained. Photoluminescence and op- 
tical absorption yield information on the band structure as well as electronic 
properties of defects and impurities, but structural information on the lat- 
tice is not directly obtained. Micro-Raman spectroscopy is a non-destructive 
method, and furthermore can provide information on both the lattice struc- 
ture and the electronic properties in local areas of pm- or sub pm-scale. 
Raman spectroscopy has been applied to characterization of ion-implanted 
semiconductors in order to evaluate the amount of damage, the dose of im- 
planted atoms, their electrical activity, and the recovery of the crystallinity 
during post annealing [3]-[5]. 

There are various kinds of defects in SiC crystals. Typical defects are 
stacking faults, inclusions of different polytypes, micro- (or nano-) pipes and 
hexagonal plate-like defects (voids). 3C-SiC is usually grown by heteroepitaxy 
on Si substrates. A high density of defects is generated in the vicinity of the 
interface between SiC and Si owing to a large lattice mismatch between these 
crystals. Major defects in this case are stacking faults, twin boundaries, anti- 
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phase boundaries, grain boundaries and dislocations. It is anticipated that 
these defects influence the Raman spectrum. 

Nanometer-scaled semiconductor crystallites and ion-implanted crystals 
show asymmetric Raman bands with a peak shifted to lower frequency with 
respect to the position of ideal single crystals and they are often accompanied 
by a low-frequency tail [6, 7]. This phenomenon has been treated by a spatial 
correlation model [6]-[8]. It is assumed in this model that the phonon modes 
in defective specimens are confined to a restricted region of size L. These 
confined phonons are described not by a simple plane wave but by a super- 
position of plane waves with various wave numbers q < -niL. This implies 
that phonons with wave vectors g < tt/L take part in the Raman scatter- 
ing process. Since the phonon dispersion is usually negative, i.e., the phonon 
frequency takes the maximum value at g = 0 (T point), phonon bands in 
defective samples show peaks at frequencies lower than those at the T point 
and have asymmetric band shapes. Hence, in this treatment, the band shape 
depends on the phonon density of states and the size of the confined region. 

Damage and strain at the surface of mechanically polished semiconductors 
have been observed by Raman scattering. Highly damaged surfaces show new 
Raman bands at critical points in the Brillouin zone at which the phonon 
density of states is high. The appearance of these new Raman bands is well 
known as disorder activated Raman scattering (BARS) [9, 10]. BARS has 
been observed in ion-implanted- and surface-lapped materials and in mixed 
crystals. 

So far, highly damaged crystals have normally been measured at Raman- 
allowed geometries for phonon signals. However, intense signals of Raman- 
allowed bands often mask weak defect-induced signals. This difficulty was re- 
cently overcome by detecting those weak defect-induced signals using Raman- 
forbidden geometry [11]. 

This article provides an overview of recent Raman scattering studies for 
defects in SiC crystals. We also discuss Raman studies on electronic prop- 
erties and their application to defect characterization. In Sect. 2, Raman 
scattering techniques for detecting defects are outlined. Section 3 focuses on 
the evaluation of defects in 4i7- and 6i7-polytypes. Section 4 describes recent 
experiments on defects in epitaxial 3C-SiC films. Raman scattering studies 
related to impurities in SiC are discussed in Sect. 5. Section 6 is devoted to the 
discussion on the Raman analysis for electrical properties and its application 
to the influence of the defects on local electronic properties in SiC. 



2 Detection of Defects by Raman Scattering 

In this section we will describe the influence of defects on the Raman spectrum 
and explain how to detect defect-induced Raman signals. In single crystals 
only scattered light which obeys the following selection rules can contribute 
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to Raman scattering: (i) energy conservation; huji = hujs + hSl, (ii) wave- 
vector conservation; ki = kg + q, and (iii) polarization selection rule. Here, 
(uji,ki), and {ujg^kg) are the frequency and the wave vector of incident and 
scattered light, respectively. 1? and q are the frequency and wave vector of the 
phonon, respectively. The second rule limits the wave vector of the phonons 
contributing to Raman scattering: When visible laser light is used, the wave 
vector of the phonon mode is limited to q = 0, because the wave vectors of 
incident and scattered light are very small compared with those of phonons 
at the Brillouin zone edge. This is the reason why sharp Raman lines are 
observed for crystals, though there are a number of phonons with different 
frequencies in crystals. In ideal crystals the scattered light is usually polar- 
ized and its polarization direction is determined by the Raman tensor and 
the configurations of incident and scattered light relative to the crystal axes. 
Defects cause breakdown of the wave- vector selection rule, reduction of sym- 
metry, and reduction of phonon lifetime. The Raman scattering is strikingly 
influenced by these effects. The breakdown of the selection rules provides 
appearance of new Raman bands, broadening and asymmetry of the Raman 
bands. The reduction of the phonon lifetime due to scattering at defects also 
results in broadening of the phonon Raman bands (lifetime broadening). In 
this case, however, we expect that Raman bands have a symmetric line shape 
in contrast to the broadening due to phonon confinement as discussed below. 
On the other hand, the reduction of the local crystal symmetry changes the 
polarization selection rule and allows observation of Raman bands at a Ra- 
man forbidden geometry. The breakdown of the wave-vector selection rule 
has been discussed for SiC crystals containing stacking faults [12]-[14]. 

The appearance of asymmetric Raman bands in nm-sized crystallites and 
ion-implanted semiconductors are interpreted in the framework of a spatial 
correlation model. The basic concept of that model is the relaxation of the 
wave vector selection rule. Raman bands found in highly damaged materials 
(BARS) also have the same origin. 

So far, Raman spectra of disordered crystals have usually been observed 
with a Raman allowed geometry. However, the strong background signal of 
Raman-allowed bands often prevents detection of weak defect-induced sig- 
nals. We have demonstrated that Raman measurements taken with a forbid- 
den configuration are effective to detect a low density of defects [11]. Since in 
this configuration the background signal arising from allowed modes is very 
weak, defect-induced Raman bands can be measured with a good signal-to- 
noise ratio after long exposure with a CCD (charge coupled device) detector. 

The folded modes observed in the Raman spectra of nH- and 3nR- 
poly types correspond to phonons with a wave vector of g = 27rm/(nc) in 
the basic Brillouin zone of the 3C-polytype in the [111] direction, where 
n and m are integers {2m < n) and c is the unit-cell length of the 3C- 
polytype along the [111] direction. The Raman intensities of these folded 
modes in the transverse optical (FTO) and acoustic (FTA) branches can be 
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calculated on the basis of the bond polarizability concept [15, 16]. The Ei~ 
type FTO (0) mode (folded transverse optical mode with a reduced wave 
vector oi q = 2Trmj{nc) = 0; unfolded mode) in AH- and 6iJ-SiC is for- 
bidden in the back scattering configuration using the (0001) face. However, 
this mode appears in crystals containing stacking faults and its intensity in- 
creases with increasing stacking fault density [11]. The appearance of this 
stacking-fault-induced Raman band can be explained based on the bond 
Raman-polarizability model: The contributions of the bond Raman polar- 
izabilities in one unit cell cancel out for this mode in a perfect crystal. The 
Raman intensity is given by the following equation: 

/(a;) = H^^M±l(e^.i?.e,)2 , (1) 

LO 

Rxy — ^ ^ {Vi Hi) . ( 2 ) 

Here, axy(i) is the bond Raman-polarizability component for the ith bond 
group between neighboring atomic planes of silicon and carbon atoms and 
Vi — Ui is the relative displacement of the relevant neighboring layers where 
Vi and Ui are used for Si- and C-planes, respectively. The summation is taken 
for the bond groups in a unit cell of periodic crystals and in a whole volume 
for disordered crystals. For back-scattering geometry using SiC (0001), (1) 
can be written in a more simple form. We will use a one dimensional force 
constant model with zincblende-structure approximation and bond Raman- 
polarizability concept, and neglect the environmental dependence of the force 
constant. In other words, the force constant and bond Raman-polarizability 
are considered to be the same for the hexagonal and cubic stackings. Under 
these assumptions, for the back scattering geometry using the (0001) face, 
(1) is reduced to the following simplified form 

/(^) = fV(±d) (vi - u,)l " • (3) 

Here, the -I- sign is taken for positive bond sequences {A~P, B-j and C-a 
bond groups) and the - sign for negative bond sequences (A-y, B-a, and 
C-/3, where A, B, and C denote the positions of the silicon atoms, and a, (3 
and 7 denote those of the carbon atoms. For the mode with q = 0 (unfolded 
mode), the phase and amplitude of all silicon layers are the same and the 
same is true for all carbon layers, thus (3) is written as 

m = A’3A±lly-uf[Y,{±d}]\ (4) 

For the AH- and 6i?-SiC, the arrangement of the bond polarizabilities in the 
unit cell is expressed as [11] 
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a{n) = {d, d, d, —d, —d, —d) for 6iJ-SiC , (5) 

and 

a(n) = (d, d, —d, —d) for 4iJ-SiC . (6) 

Since the numbers of positive and negative stacking sequences are the same 
both for 4iJ- and 6iJ-SiC, becomes zero. This result is consistent 

with the group theory prediction that the FTO (0) mode in 4H- and 6H- 
SiC is of £^i-type and the Raman polarizability components a'^y, and 
a'yy are zero. For crystals containing stacking faults, however, the numbers 
of the positive and negative stacking sequences are not the same. Therefore, 
may have a hnite value and as a result the Raman intensity does not 
vanish. This situation may occur for other modes as well. The FTO (4/6) 
mode in 6i?-SiC is Raman inactive in the backscattering geometry using the 
(0001) face. When the net Raman polarizability has a Hnite value because of 
incomplete cancellation of the bond Raman polarizabilities due to stacking 
faults as for the FTO (0) mode, the FTO (4/6) mode is also expected to be 
usable as a monitor of the stacking faults. In fact, this mode was observed 
in heavily disordered 6i?-SiC. However, since the FTO (4/6) mode lies on 
the tail of the strong FTO (2/6) mode, its observation is not easy for small 
densities of stacking faults. 

The Hi-type LO mode is considered to be insensitive to stacking faults, 
because the bond Raman polarizabilities for the positive and negative se- 
quences are the same and, as a result, the net Raman polarizability is almost 
independent of the stacking arrangement [15, 16]. However, as will be men- 
tioned later, the LO-phonon-plasmon-coupled (LOPC) mode can be used for 
defect characterization, since it is sensitive to the electronic properties, which 
depends strongly on defects. 

The appearance of the stacking-fault-induced FTO (0) bands in 4H- and 
6i4-SiC originates from the partial break down of the wave vector selection 
rule. The reduction of the local symmetry is not remarkable, because the ro- 
tational symmetry retains in these polytypes even in the presence of stacking 
faults. On the other hand, the reduction of the symmetry is important for 
3C-SiC. The stacking faults destroy the cubic symmetry, and the forbidden 
TO band is observed at the (100) face. The detection of the defect-induced 
bands is possible at a Raman forbidden configuration, when the polarization 
selection rule breaks down owing to the reduction of the symmetry. However, 
a careful treatment is necessary for polarization Raman measurements, since 
surface roughness and oblique incidence of the laser when using an objec- 
tive lens with large numerical aperture often prevent accurate polarization 
measurements. 
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3 Detection of Stacking Fanlts in 4H- and 6i/-SiC 
Using the (0001) Face 

3.1 General Description on Detection of Defects 

One of the characteristic defects in SiC crystals is the stacking fault of the 
Si-C double atomic planes. The stacking faults are easily generated in SiC, 
because the difference in the formation energies of individual polytypes is 
small [17]. Stacking faults can be divided into three groups, (i) intrinsic 
and (ii) extrinsic stacking faults which accompany partial dislocations, and 
(iii) stacking faults without partial dislocations. Stacking faults of type (iii) 
may not be accompanied by the reduction of phonon lifetime. This fact is 
clearly seen in heavily disordered SiC crystals as shown in Fig. 5 of [1]. The 
stacking-fault-activated TA (transverse acoustic) phonon band drops sharply 
just above the frequency of the zone-edge phonon at 265 cm“^. This result 
indicates that the Raman spectral shape is mainly governed by the break- 
down of the wave- vector selection rule. So far, Raman spectra of SiC crystals 
containing stacking faults were calculated for a-type polytypes [13] and for 
the 3C-polytype [14, 18], and compared with experimental results. 

In the following, we shall discuss the properties of phonons in SiC crystals 
containing stacking faults. SiC crystals with high and low densities of stacking 
fault were cut from AH- and 6i7-SiC ingots that were grown in the direction 
perpendicular or parallel to the c-axis. The stacking fault density was eval- 
uated by etch-pit-density measurements. Figure 1 shows Raman spectra of 
FTO modes for these samples on a logarithmic intensity scale. The Raman 




Fig. 1. Raman spectra of 47/-SiC (0001) crystals and 67/-SiC crystals with different 
stacking fault densities 
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spectra have been measured using the (0001) face at the back scattering ge- 
ometry. A striking feature in the spectra is the growth of a Raman band at 
796 cm“^ at high densities of stacking fault in both AH- and 6i7-polytypes. 
This band corresponds to the unfolded TO, i.e., FTO (0) band. This band 
is an Ai-type mode and Raman-inactive in this geometry. The intensity of 
the FTO (0) band increases with increasing the stacking fault density, but 
the FTO (2/6) and FTO (6/6) bands in 677-SiC show no remarkable change 
for these stacking fault densities. A similar feature is also observed in AH- 
SiC where no remarkable change is observed for FTO (2/4). For 6i7-SiC the 
FTO (0) band is located closely to the FTO (2/6) mode at 788 cm“^ and 
consequently overlap with the strong FTO (2/6) band. In 477-SiC, on the 
contrary, fine structures of the stacking fault activated FTO bands can be 
observed, since the FTO (0) mode is well separated from the FTO (2/4) 
mode. In samples containing a high density of stacking faults, the Raman 
bands are distorted and broadened. From the structure of the FTO bands, 
the microstructure of defective regions is inferred. As explained in Sect. 2, 
the forbidden FTO (0) modes are activated by stacking faults and the FTO 
(0) band can therefore be used as a monitor of stacking fault density. 

In order to observe the FTO (0) mode which is sensitive to the stacking 
fault we have to use the back scattering geometry using the (0001) face of 
SiC crystals. When laser light is obliquely incident on the sample surface, a 
leakage signal of the Ai-Raman band masks the stacking fault-induced FTO 
(0) mode. In fact, when we used an objective lens with a large numerical 
aperture in the Raman micro-scope, a Raman band was distinctly observed at 
796 cm“^, independent of the presence of stacking fault. We also mention here 
that the use of off-axis surfaces induces a finite Ai-type FTO (0) signal even 
when almost exact back scattering geometry is used. Special care is necessary 
to distinguish between stacking-fault-induced band and such leakage signals. 
For the back scattering geometry using the a-face, x{y,z)-x, the FTO (0) 
band is strongly observed, because this mode is Raman allowed. The presence 
of this strong band generally prevents the detection of weak stacking-fault- 
induced bands. 

3.2 Case Studies of Defects in 4iT-SiC 

Defects strongly influence the structural and electronic properties in crystals. 
Raman measurements of longitudinal and transverse modes in SiC crystals 
provide information on both properties in these crystals. 

In the following, we report on a study of defective regions with a size larger 
than 1 pm that were selected by taking optical microscope photographs. 
At such locations forbidden FTO and allowed LO phonon plasmon coupled 
(LOPC) modes were measured. The samples used were n-type AH-SiC wafers 
with the (0001) face grown by a physical vapor transport method having 
doping levels of 2 ~ 7 x 10^® cm“®. Raman spectra were measured in a back 
scattering geometry using a Raman microscope. 
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Fig. 2. Optical microphotograph of defects in 4H-SiC wafers showing: (a) round 
pit, (b) arc-shaped defect, (c) cluster of defects and (d) cusp defect. Raman spectra 
were measured at the arrowed points, (e) shows the spectra observed by the geom- 
etry in which FTO (0) is forbidden. The spectra (a-d) correspond to the positions 
in photographs (a-d) 
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Figures 2a-d show optical microphotographs of typical defective regions, 
and Fig. 2e shows the corresponding Raman spectra taken at the locations 
marked by the arrows. In the back scattering geometry using the (0001) 
face, only the FTO (2/4) mode is Raman active, whereas the FTO (4/4) 
and the FTO (0) modes are forbidden in ideal crystals. The forbidden FTO 
(0) mode is, however, often observed in the defective regions as mentioned 
above. Mostly, the observed forbidden FTO (0) bands have asymmetric line 
shapes and a low frequency tail as can be seen in spectrum (d) in Fig. 2e. 
Some of the spectra reveal new bands. The band at 784 cm“^ of the spectra 
(a) and (c) corresponds to FTO (2/5) of the 15R polytype and a band at 
792 cm“^ may originate from the FTO (2/8) band of a stacking sequence 
corresponding to the 8i7-polytype. The complicated spectral profiles indi- 
cate that some defective regions contain high densities of stacking faults and 
that the samples contain a mixture of hetero-polytype domains. Spectra that 
we assign to hetero-polytype domains are often observed in arc-shaped and 
elongated-stripe defects, which may be associated with grain boundaries. The 
spectrum (a) taken at the round pit suggests the presence of hetero-polytype 
domains. In many cases, however, small round pits have asymmetric FTO 
(0) bands that we ascribe to stacking faults. This asymmetry is related to a 
low frequency tail and usually there is no broadening towards the high fre- 
quency side as mentioned above. Furthermore, no noticeable change in the 
shape of the FTO (2/4) band was observed except when there were heavily 
disordered stacking sequences. Most of elongated stripe defects as in Fig. 2b 
seem to contain stacking faults as judged from the Raman spectrum. The 
same is true for the defect shown in Fig. 2d (see the asymmetric FTO (0) 
band, indicating the presence of stacking fault) . 

It should be noted that broadening of the FTO (0) band is also observed 
in the regions where the stacking fault density is high. There may be im- 
perfections other than stacking faults that reduce the phonon lifetime. From 
the analysis of the Raman spectral profiles at the defective regions we con- 
clude that stacking faults are involved with high probability in the extended 
defects. 



4 Characterization of 3C-SiC Epitaxial Films on Si 

4.1 Stacking Faults in Epitaxial 3C-SiC Layer 

3C-SiC crystals are usually grown on Si substrates. Such heteroepitaxial films 
contain stacking faults, anti-phase boundaries and twin boundaries, etc., in 
the vicinity of the interface. These defects are often generated owing to the 
large lattice mismatch between Si and SiC. Raman scattering has been used 
for 3C-SiC to characterize these defects, especially stacking faults [19]. 

Figure 3 shows a Raman spectrum of a 10 pm-thick epitaxial 3C-SiC 
film on a Si (001) substrate. Although the TO mode is forbidden in back 
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Fig. 3. Raman spectra of a 3C-SiC film on Si (100) with a thickness of 10 |tm 



scattering from the (001) face, a weak TO mode appears with intensity of 
only a few percent of the LO band intensity. Moreover, it was found that the 
intensity of the TO mode varied with the growth condition. 

Using the (100) cross section of these heteroepitaxial films, we observed 
micro-Raman spectra at the interface region, middle region and outer surface 
region. The TO band as measured on the (100) face is compared with Raman 
bands observed for the (110) face. Since for the (110) face the TO band is 
Raman-allowed, it is intense, narrow and symmetric. On the contrary, the 





Fig. 4. Raman spectra of SO-SiC film with a thickness of 79 pm grown on (001) 
Si substrate which was removed by etching: (a) Raman spectra observed at the 
interface side, and (b) observed at the outer surface side. Raman spectra observed 
at the (110) cross section are shown for comparison. The TO bands are normalized 
by the peak height 
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forbidden TO band found at most places in the interface region is asymmetric 
and has a tail at the low frequency side. The same situation occurs when 
we observe the TO band using the (001) surface. As shown in Fig. 4a, an 
asymmetric TO band having a low frequency tail is observed at the interface 
side, while at the outer surface, the forbidden TO band is very weak and 
almost symmetric as shown in Fig. 4b. The asymmetry and the broadening 
of the TO band are indicative of the presence of stacking faults [3, 4] or other 
defects such as anti-phase boundaries and dislocations. In addition to the 
asymmetry observed in Fig. 4, we sometimes find a symmetric broadening of 
the forbidden TO band at some places. We ascribe this effect to reduction of 
the phonon lifetime due to the high density of defects. 

4.2 Defects in Heteroepitaxial Films 

In order to confirm that the observed forbidden TO band is defect-activated, 
Raman bands have been examined for various positions in several heteroepi- 
taxial films using back scattering geometry. The films investigated were 
2.5 ~ 5 pm thick SC-SiC films on Si with the (001) surface orientation. The 
intensity and the band width of the forbidden TO band vary with the posi- 
tion in each specimen, and we study in the following the correlation between 
intensity and line width. 

In Fig. 5 the width (FWHM) of the forbidden TO band is plotted against 
the intensity. As a general trend the band width increases linearly with in- 
creasing the intensity, although the gradient is different for different samples. 
This result gives evidence for the fact that the forbidden TO band in the 
heteroepitaxial films is related to defects. We have also plotted the ratio 
of the widths at the low frequency side (AIT_) and at the high frequency 




l(TO)/l(LO) (%) 



Fig. 5. Width of the forbidden TO band in 3C-SiC/Si plotted against the TO 
band intensity. The TO intensity is normalized to the LO phonon intensity. The 
measurements are made at various points for each specimen 





596 



S. Nakashima and H. Harima 



side (AVF+) as a function of the intensity of the forbidden band. These data 
scatter and we can not observe correlations between the bandwidth ratio 
(AW-/AW+) and the intensity of the forbidden band. This result suggests 
that the forbidden Raman band is not mainly dominated by stacking fault 
and that there are various other defects in the interface region of the films 
investigated. 

4.3 Defects in 3C-SiC Homoepitaxial Films 

We have recently observed Raman images of (100) cross sections of homoepi- 
taxial SiC films [17]. These films (~100 pm thick) were prepared by epitaxial 
growth of a SC-SiC film on a 100 pm-thick (001) SiC film which was het- 
eroepitaxially grown on Si (001). The original interface between SiC and 
Si was used as a growth surface of the homoepitaxial film. Therefore, it is 
anticipated that defects are concentrated in the central region of the cross 
section. Again, the forbidden TO band of the sample was measured on the 
cross section with the (100) face cut from the epitaxial film. We found that 
the forbidden TO band is broad compared with the allowed Raman band of 
the (110) face, and the characteristic tail on the low frequency side was also 
observed at the central region. The asymmetry and broadening of the TO 
band are indicative of the presence of stacking faults [3, 4]. 

4.4 Elimination of the Phonon Polariton Mode 

Some caution is necessary when we measure a defect-activated TO band in 
thin SC-SiC films. Since the reflectivity of SiC is relatively high, reflected 
light from the reverse face of thin films and scattered light form a forward 
scattering geometry. The scattered light in the forward geometry for the 
incoming light can also be reflected at the reverse surface and is consequently 
recorded together with the conventional back scattering signals. Accordingly, 
the phonon polariton mode that is normally seen in the forward scattering 
only can be observed for thin films even in the back-scattering geometry. 
Because the polariton band lies below the TO band frequency and it is Raman 
active when using the (001) face, this band can mask the low frequency tail 
of the defect-induced forbidden Raman band. However, the polariton mode 
is Raman forbidden at the cross polarization geometry (ejTeg, ej//(110)). 
Hence, using this geometry, we can eliminate the effect of the polariton. 

4.5 Raman Intensity Profiles of SiC with Stacking Disorder 

SiC crystals grown by the Acheson method often contain stacking disorder 
and their Raman spectra show broad and distorted bands. The Raman spec- 
tral profiles in disordered SiC crystals have been studied for a-SiC [13] and 
3C-SiC [14, 18]. Under the assumption of one-dimensional stacking disorder 
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and using the bond polarizability concept, the Raman intensity profiles have 
been simulated. The results of such a simulation have shown that the Raman 
forbidden modes appear when stacking faults exist and that the distribu- 
tion of stacking faults is not completely random. The observation of various 
disordered SiC crystals indicated that the short-range order of the stacking 
sequence remains for a-SiC [13]. On the other hand, Raman spectral profiles 
for ensembles of small grains were calculated based on the correlation model. 
The basic concept of this model is the relaxation of the wave- vector selection 
rule, which is identical to that of the calculation using the bond Raman po- 
larization model. However, for the intensity calculation, the correlation model 
uses a weighting function presenting the contribution of the modes with dif- 
ferent g-wave vectors instead of the bond polarizabilities. Hence, the bond 
polarizability model is suitable to treat stacking fault for which atomic layer 
arrangements are not completely random. 

The influence of stacking faults on Raman spectra of 3C-SiC has been 
examined by Rohmfeld et al. [14, 18]. They calculated spectral profiles using 
an average distance between stacking faults, AL, as a parameter. Their result 
showed that the TO band can extend over the entire TO branch of 3C'-SiC 
for AL = 7.5 A. The Raman spectra of as-deposited and laser-annealed 
3C-SiC films have been studied by these authors by comparing observed 
and simulated spectra using the stacking fault model based on the bond 
Raman polarizability concept and the phonon confinement model [6, 7]. They 
concluded that the stacking fault model is more successful to account for the 
spectral profiles [18]. 



5 Raman Scattering Related to Damages 
and Impurities 

Ion implantation produces high densities of defects in materials. The dam- 
aged layers in various semiconductors have been characterized by Raman 
spectroscopy [3, 20, 21]. Intensity and shape of the phonon Raman bands 
provide information on crystallinity of as-implanted and post-annealed lay- 
ers. The existence of an amorphous phase has also been examined. The re- 
covery of crystallinity by annealing has been examined as a function of the 
annealing temperature and also substrate temperature on hot implantation. 
The depth distribution of the damage has been studied by means of a con- 
focal microscope and cross section measurement under a microscope. It was 
reported that a polytype conversion occurs by the annealing of implanted 
SiC. Micro-Raman measurements will be a useful tool for such polytype con- 
version. When we use visible lasers for excitation, the penetration depth of 
the laser light in post-annealed SiC layers often exceeds the thickness of the 
implanted layers. This prevents the quantitative analysis of the recovery of 
the crystallinity. It is desirable for the Raman measurement to use deep ul- 
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traviolet laser light with a penetration depth comparable to the projection 
range of the ion implantation. 

Little work has been made on Raman scattering of impurities in SiC. 
Local vibrational modes were observed only for hydrogen in SiC [3]. For 6H- 
and 15i?-SiC a weak Raman band was observed [22] at ~635 cm“^. The 
origin of this band is unknown. A possibility might be that this band is a 
local vibrational mode (LVM) of nitrogen substituted on a Si site. 

Nitrogen is a shallow donor in SiC. The ground state of the donors is 
split into a low-lying ls(A) and higher ls{E) levels by valley-orbit mecha- 
nism [22]. The electronic transitions between the ground state and excited 
states in 3C, 4H and 6H polytypes have been observed by infrared absorption 
[23]-[25]. More recently the excited states of the nitrogen donor have been 
more accurately determined by photo-thermal ionization spectroscopy [26]. 
With Raman scattering the electronic transitions between ls(A)-ls(i?) have 
been observed for 4iL, 6H and 15i? polytypes so far [22]. There are several 
nonequivalent configurations of N atoms on a C site, though the number of 
electronic Raman bands does not coincide with the reported number of the 
nonequivalent lattice sites. 



6 Influence of Defects and Impurities 
on the Local Electronic Properties 

It was shown in a recent review article [1] that Raman scattering is a power- 
ful method to analyze local electronic properties by the LO-phonon-plasmon- 
coupled (LOPC) mode profiles. The carrier density and mobility can be de- 
termined from the analysis of the LOPC-mode profiles. Although this method 
was successfully applied to many specimens, we sometimes observe a system- 
atic discrepancy in the carrier mobility between electrical measurements (Hall 
effect) and Raman characterizations, which was serious in heavily doped sam- 
ples. Recently, a new approach to overcome this problem has been developed. 
The first part of this section describes this topic. In the second part, some 
recent case studies on electronic properties in the vicinity of defects in SiC 
are described. 

6.1 Characterization of Electronic Properties 
by Raman Analysis 

In polar semiconductors, the collective excitation of free carriers (plasmon) 
couples with the longitudinal optic (LO) phonon via the macroscopic electric 
field and forms the LOPC mode [27]. This mode generally consists of two 
branches, the upper and lower frequency branch (denoted as and L~ , 
respectively), and the profile changes sensitively with the free carrier density 
and the carrier damping. Using this property, we can evaluate the carrier 
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density and the mobility by analyzing the LOPC mode profiles. Further- 
more, when Raman microprobe is used, pm-order spatial resolution is easily 
attainable. Thus, Raman scattering is a powerful tool for non-destructive 
characterization of electric properties in device structures. 

Various SiC samples have been examined by this method, such as 3C- 
SiC [28], AH- and 6H-S\C [29]-[34]. SiC usually shows only the L+ mode, 
since the plasmon is over-damped. In this case, the profile is theoretically 
determined by two dominant contributions due to the deformation potential 
and electro-optic mechanisms [27]. The LOPC mode profile is then described 
as [35] 



I{uj) = A{uj)Im 



1 

e{uj) 



( 7 ) 



Here, s{uj) is a classical dielectric function with a damped harmonic oscillator 
for phonons combined with a Drude term for free carriers. 



e(w) = 



1 + 



uj^ — uS^ — iujF Lo{oj + i^) \ 



( 8 ) 



Here,£oo is the optical dielectric constant, wt(<^l) is the uncoupled TO (LO) 
phonon frequency, wp is the plasmon frequency, and 7 and F are the damping 
rates of carriers and phonon, respectively. The plasmon frequency is given by 
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(9) 



where e, n and m* are the unit charge, carrier density, and the effective mass 
of the electrons (here electron plasma is assumed). The carrier mobility is 
deduced using the following equation. 



e 

a = . 

TO* 7 



(10) 



The factor A{uj) in (7) is written explicitly elsewhere [1, 28]. 

In previous papers [28],[30]-[35], the spectral analysis of LOPC modes 
in SiC was conducted by fitting the observed profiles to (7) using n, F and 
7 as adjustable parameters. Since n was determined by 7, the resistivity 
p = Ijnep was evaluated from the best fit parameters of n and 7. 

In (8), the dielectric function e(uj) includes only the TO-phonon damping 
F. In a new approach, e(aj) includes also the damping of LO phonon. This 
dielectric function £m(w) is then given by 



£ m ( w ) ojI — — iFpuj ujp 

£00 Wx ~ — {Ftoj oj(uj -h ijp) ’ 



( 11 ) 



where Fp is the damping of the LO phonon. Hereafter, we will call this 
equation modified classical dielectric function (m-CDF). This form of the 
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dielectric function was used for the analysis of infrared reflection spectra 
[36]-[38] and Raman spectra [39, 40]. Equation (11) reduces to (8) when 
A. = Pt. 

We have carried out the line shape analysis of the LOPC modes in 4H- 
SiC crystals with various carrier concentrations. The two models provide 
almost the same line shapes that are in excellent agreement with the observed 
spectrum, while the two models give different values for 7. The best-fit value 
of 7 for the m-CDF is mostly smaller than that of the CDF model. For highly 
doped specimens, the fit to experimental spectra is better for the m-CDF than 
for the CDF. 

6.2 Changes in Electrical Properties by Defects 
6.2.1 Electronic Properties of Macro-Defects 

It is well known that defects strongly influence the electrical properties in 
semiconductors. We have studied local electric properties in SiC contain- 
ing defects by Raman scattering. Raman microprobe allows us to determine 
carrier density and mobility in defective regions in a contact-less manner. 
For this purpose Raman spectra of the LOPC mode were measured with 
a Raman-allowed geometry and defective regions were chosen by observing 
optical microphotographs. 

Micro-Raman spectra have been measured for n-type 4iL-SiC crystals 
that include defects. Figure 6a shows the optical micrograph of an n-type 
4iL-SiC wafer grown by a physical vapor transport (PVT) method, which 
has an arc shaped defect as shown in this figure. This defect is considered 
to be a grain boundary. Typical examples for the FTO bands observed at 
the back scattering geometry using the (0001) face are shown in Fig. 6b. The 
intensity of the FTO (0) band varies with position and the enhancement of its 
intensity is observed at around points G1 and G2. The intensity of the FTO 
(0) band at the defect free point G4 is weak. At the position G3, the FTO 
(0) band is weak and the FTO spectrum resembles that in the defect free 
region G4. The FTO band at G2 has a structure, indicating that there is a 
mixture of 8H and 6H domains and that there are high densities of stacking 
faults. 

The Raman spectra of the LO-phonon-plasmon-coupled (LOPG) mode 
measured at these four different points (G1-G4) are shown in Fig. 6c. The 
local carrier density and mobility in these regions are determined from the 
line shape fitting of the LOPG mode using the m-GDF. The determined 
carrier density and mobility are depicted in Fig. 6c. The carrier density in 
the defective regions (e.g.,Gl and G2) is in most cases lower than that of the 
defect free region. The carrier density at the defects shows the tendency to 
decrease as the intensity of the stacking-fault-induced FTO band increases. 
The reduction of the free carrier density at G1 and G2 may indicate that 
the free carriers are captured to deep traps associated with stacking faults. A 




Characterization of Defects in SiC Crystals by Raman Scattering 601 




G1 




G4 



\ 






Fig. 6. (a) Optical microphotograph of defects in a 4_ff-SiC wafer with carrier con- 
centrations of 3 — 8 X 10^® cm~®, (b) Raman spectra of FTO bands, and (c) LOPC 
mode profiles at the positions G1-G4 are depicted with the carrier concentration 
n (xlO^® cm“®) and mobility n (cm^/Vs) 



possible explanation is that partial dislocations associated with the stacking 
faults act as trapping centers [41]. 

The carrier density at G3 is lower than that of the defect free region 
(G4), though G3 is located in the defect-less region. The decrease of the 
carrier density at G3 may be due to facet growth after plate-like defects 
(voids) at a source side of the ingot. For heavily doped SiG wafers one often 
observes inhomogeneous carrier distributions. The carrier density in some 
cases is found to be reduced in relatively wide regions over a few hundred 
pm, even though these regions are defect less. Those regions have light color 
like a region around G3. The reduction of the carrier density is considered to 
be due to facet growth: It is known that the dopant incorporation efficiency is 
different for different growth facets. Surface directions of the plate-like defects 
are not always parallel to the (0001) face. Accordingly, when the facet growth 
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occurs behind the plate-like defects, different facet directions yield different 
dopant incorporation. 



6.2.2 Raman Imaging Characterization 
of Electronic Properties of SiC Near a Micropipe 

It is usually considered that threading defects or micropipes deteriorate the 
electrical characteristics such as the breakdown voltage of SiC devices. 

Distribution of stress existing around micro pipes has been measured by 
Raman mapping using the TO phonon mode [42]. We describe here the re- 
sults of the studies on electronic and crystalline properties in the vicinity of 
micropipes in an n-type 4iJ-SiC wafer using a Raman imaging technique [33]. 

The excitation laser beam was linearly expanded by a cylindrical lens and 
focused at the sample covering the cross section of the micropipe. Figure 7 
shows a typical Raman image for the E 2 (TO) phonon mode (left) and the A\ 
(LO) phonon mode (right). The position of the micropipe was taken as the 
origin in the vertical axis. In the Raman spectrum of an undoped standard 
sample [1], these modes show sharp Lorentzian peaks at about 776 cm“^ 
{E 2 ) and 964 cm“^ (Ai) with FWHM of about 2-3 cm~^. Let us compare the 
results in more detail for the point A (within 1-2 pm from the micropipe) and 
point B (about 100 pm apart from the micropipe). The ^ 2 -mode is sharp and 
almost uniformly peaked throughout the probed region, which indicates that 
there is no noticeable anomaly in the crystallinity, such as polytype mixture, 
inclination of crystal axis, or lattice distortion. In contrast, the Ai (LO) 
mode shows a noticeable variation in the peak intensity and the frequency. 




Fig. 7. Raman image for the ^ 2 -phonon mode (left) and Ai (LO) phonon mode 
(right) observed by linear illumination of the probe laser on the (0001) plane of a AH- 
SiC sample. The vertical axis denotes distance from a micropipe cross section [33] 
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Fig. 8. LO-phonon spectra of a sample used in Fig. 7: (a) near a micropipe defect, 
and (b) far from the defect. Solid line denotes observed profiles and dashed lines 
give the best-Ht calculations [33] 



In Fig. 8, the solid lines show the observed spectra: The peak is narrower and 
located at lower frequency at point A than at B. As described before, LO- 
phonon peaks in n-type SiC broaden and shift to higher frequency with the 
increase of the free carrier concentration because of coupling with plasmons. 
Therefore, this result implies a decrease of the carrier concentration in the 
vicinity of a micropipe. 

The carrier concentration n and the carrier mobility /r were evaluated by 
the fitting to the observed profiles as described in the preceding section using 
the classical dielectric function, (8). The broken curves in Fig. 8 show the 
best-fit calculations, and their parameters yielded n = 3.2 x 10^^ cm“^ and 
fj, = 20 cm^/Vs for point A, and n = 1.3 x 10^® cm“® and fj, = 32 cm^/Vs 
for point B. At point B that carrier concentration agrees very well with 
Hall measurements (1.4 x 10^® cm“®), whereas at point A, a much smaller 
concentration is obtained and also a reduced mobility is observed. These 
results are interpreted as a manifestation that a high density of carrier-trap 
centers is distributed in the vicinity of the micropipe. 

To conclude, characterization by Raman imaging in n-type SiC in the 
vicinity of micropipes clearly reveals the decrease in the carrier concentration 
and mobility. This result suggests that carrier trapping centers are densely 
located around micropipes. 

7 Conclusion 

In this article, recent spectroscopic studies of defects in SiC have been briefly 
surveyed. Micro-Raman analyses have been performed on defects that are 
distinguishable by optical microscopes, and both the structural and electronic 
properties of defects have been investigated. 





604 



S. Nakashima and H. Harima 



Obviously, Raman microscopy has a high potential as an easy-access 
and non-destructive characterization technique for defects in various materi- 
als. Rapid development in Raman-imaging technique using advanced multi- 
channel detectors is a good example. From the material side, wide band gap 
semiconductors like SiC have a great advantage for Raman microscopy be- 
cause of their high transparency. However, micro-Raman studies for defects 
have only just begun, and been limited to macro-defects of |4m-size and their 
qualitative evaluations. It is therefore desirable in the future to further im- 
prove the spatial resolution as well as to deepen quantitative discussions by 
combining with other characterization techniques for defects. 
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1 Introduction 

Quantum confinement in one, two and three dimensions has resulted in im- 
portant advances in semiconductor physics. Low-dimensional structures are 
formed from two semiconductors that have different conduction (valence) 
band energies, thus giving rise to an energy barrier for electrons (holes). Ex- 
amples include semiconductor superlattices and quantum dot arrays, which 
are formed by the periodic arrangement of layers or islands. Quantum dots 
can have an emission wavelength that is a pronounced function of their size, 
resulting in a spectral tunability over a wide energy range simply by changing 
their size and quantum dot lasers have already been demonstrated [1, 2] using 
classical III-V and II- VI semiconductors. There is strong industrial interest 
in the development of new low-dimensional structures. It has recently been 
demonstrated that Ge crystals buried in Si02 show quantum size effects and 
efficient, non-indirect optical transitions when they are smaller than 5 nm in 
size [3]. 

SiC is an extremely promising candidate for achieving quantum confine- 
ment as its fundamental energy gap varies by about 1 eV between the cubic 
polytype and the hexagonal polytypes, and heteropolytypical quantum well 
structures can be created from a single chemical compound [4] . Another new 
class of quantum structures is based on the creation of quantum dot arrays of 
Si or Ge in semiconducting SiC instead of in insulating Si02, thus allowing 
electroluminescence, widening the field of application from optics to opto- 
electronics [5, 6]. Furthermore, an array of transition metal quantum dots 
buried in SiC may have interesting properties in the field of spintronics [7]. 

The number of techniques that can be used to form such nanostructures 
is presently restricted by the need to tune SiC polytype growth and by the 
low diffusion coefficient of dopant atoms in SiC [8] to non-equilibrium tech- 
niques such as molecular beam epitaxy and ion-implantation. We recently 
demonstrated their applicability to low-dimensional growth, (for an overview 
of MBE results see [9]; for recent results on ion-implantation see [10]). 

In order to understand and control the fabrication of low-dimensional 
materials, it is essential that they be characterized at close to the atomic 
scale. The atomic structure of interfaces, defects and nanostructures can be 
investigated by atomic resolution transmission electron microscopy (TEM), 
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using either high resolution TEM (HRTEM) or high angle annular dark-field 
scanning TEM (HAADF-STEM). Just as atomic force microscopy, scanning 
tunneling microscopy and the atom probe have become the primary tool for 
studying surfaces, so TEM has become the method of choice for studying 
defects and low-dimensional structures within materials. 

Many analytical signals are available on modern small-probe-forming 
TEMs. These techniques include convergent beam electron diffraction (CBED) 
[11]-[13], electron energy loss spectroscopy (EELS) (which gives similar in- 
formation to soft X-ray absorption spectroscopy) and energy dispersive X-ray 
(EDX) microanalysis (similar to X-ray fluorescence microscopy) . The combi- 
nation of reciprocal, real space and analytical information with atomic reso- 
lution Z-contrast imaging and EELS spectroscopy offers great potential for 
unraveling structure-property relationships in nanostructures [14]-[16]. 

Theory and simulation are playing an increasing role in the interpretation 
of TEM image contrast. In particular, HRTEM images are difficult to inter- 
pret as a result of multiple scattering and the inability to record the phase 
of the electron wave that has passed through the sample [17]-[19]. Atomic 
resolution HAADF images are generally easier to interpret directly, however 
simulations are still often required [20]. The interpretation of CBED patterns 
requires full dynamical simulations [21]-[24], while the use of ALCHEMI 
(atom location of chemical enhanced microanalysis) to determine atom site 
locations is always accompanied by full dynamical simulations [25, 26]. 

The aim of this article is to show how two new types of low-dimensional 
structures in SiC can be characterized using advanced TEM methods. There 
were many questions which answering required detailed TEM analysis: What 
is the strain state of the SC-quantum wells within hexagonal SiC and how 
accurate can it be determined? And further, do nanocrystals form within 
SiC and can they be visualized within a defective matrix? And moreover, 
can the nanocrystal formation process be visualized? Which structure(s) do 
nanocrystals adopt and why, and finally, do nanocrystals embedded in SiC re- 
ally show the quantum confinement? All these problems have been addressed 
by using most of the signals available for materials characterization in con- 
ventional and state of the art instruments. Thus, here an attempt is made 
to unravel the detailed complexity of nanometer scale structural analysis for 
low-dimensional structures in SiC. 



2 Experimental 

2.1 Lattice Parameter Determination Using TEM 

There are two ways to determine lattice parameters in TEM; from direct 
space (HRTEM-images) and reciprocal space (CBED patterns) information. 
In the first case the equivalent spot distances in the Fourier Transformation 
(FT) pattern of a HRTEM image [27] allow crystal lattice spacings to be 
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measured to an accuracy of at least 0.002 nm, which is decreased in case of 
a distorted matrix [16]. In the second case the accuracy of the lattice pa- 
rameters is about one order of magnitude worse [28] . Here lattice parameters 
are determined from the position of HOLZ (Higher Order Lane Zone) lines 
appearing in CBED patterns, which is detected using the Hough transforma- 
tion [29]. It has been found that the defocus-noise in HRTEM images does 
not influence the accuracy of lattice parameter determination from Fourier 
transforms, however, noise is the limiting factor for lattice parameter deter- 
mination from CBED patterns [30]. 

2.2 Z-Contrast Imaging 

Nanocrystals embedded in crystalline matrices as envisaged in optoelectron- 
ics and spintronics, require routine techniques for counting precipitates and 
determining size distributions. As precipitates usually differ from the matrix 
by elemental content, Z-contrast imaging in a STEM [31] is suited. In the 
STEM a number of signals can be recorded simultaneously while a fine elec- 
tron probe is scanned over the sample. An annual dark-field (ADF) detector 
records the electron intensity scattered to high angles (usually between 70 
and 150 mrad) [31]. At these high angles the scattered intensity depends 
strongly on the atomic (Z) number in the sample [32]. An EELS spectrum, 
which can be recorded simultaneously, contains features that result from the 
excitation of phonons, plasmons, valence electrons and inner-shell electrons 
in the sample, and is therefore sensitive to chemical composition, electronic 
structure and coordination [33, 34]. 

By reciprocity, Z-contrast imaging can also be achieved in a conventional 
TEM using a hollow-cone aperture [35] or using dynamical hollow-cone il- 
lumination [36]. A low-cost alternative for obtaining Z-contrast images in a 
conventional TEM, albeit with a lower spatial resolution, has been suggested 
recently [37]. In analogy to HAADF-STEM images, these are referred to as 
HACDF (high-angle centered dark field) TEM images. Fixed beam tilt high- 




Fig. 1. HACDF images of precipitates in SiC after Er (Z = 68), Ge (Z = 32), Cr 
(Z = 24) and Si (Z = 14) ion implantation, showing a decrease in contrast with 
decreasing difference in Z between the precipitates and the matrix [37] 
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angle (about 70 mrad) illumination and a centered objective aperture are 
used [37]. 

Figure 1 illustrates the dependence of the content on the atomic number 
of the precipitates formed after Er-, Ge-, Cr- and Si implantation into SiC 
(formation process and structure will be described in Sect. 3.2 and 3.3). 

2.3 ALCHEMI 

The area under a peak in an EDX spectrum is proportional to the concentra- 
tion of the corresponding element in the specimen. For determining elemental 
content, the electron-beam current is assumed to be uniform throughout the 
specimen and electron channeling is avoided by avoiding strong diffraction 
conditions. Strongly excited low-order reflections result in the electron beam 
current varying across each unit cell, which is advantageous for atom loca- 
tion by channeling enhanced microanalysis (ALCHEMI). Measurements are 
made at two crystal orientations, at which channeling is weak and strong [38]. 
As beam convergence, absorption and the smearing of the beam by inelas- 
tic scattering reduce channeling effects, care is required to use parallel beam 
conditions and an optimal specimen thickness [39]. It has been determined 
with this method that after ion beam bombardment Ge within SiC is mainly 
located on interstitial positions [40]. 

2.4 Computation Techniques 

As a result of dynamical scattering, experimental high-resolution TEM im- 
ages and convergent beam electron diffraction patterns (CBED) need to be 
compared with simulations, sometimes including an iterative refinement of 
the underlying model [41]. The total wave field in the crystal (solution of the 
Schrbdinger equation) is described using a linear combination of Bloch waves. 
This concept is widely used to calculate CBED patterns and high-resolution 
contrast of perfect crystals with small unit cells. The computational time 
required to solve is proportional to the 4th power of the number of beams 
included in the calculation (20 to 400 beams are usually excited for a perfect 
crystal). Scattering from irregular or defective structure requires 10^ to 10^ 
reflections to be taken into account, which therefore is difficult to simulate 
using Bloch waves. 

An alternative way to solve the Schrbdinger equation is called the mul- 
tislice method, and based on physical optics and does not require three- 
dimensional periodicity of the sample potential [42] . A thick specimen is sub- 
divided into thin slices, and the scattering is calculated sequentially for each 
slice. The transfer of a part of the calculation to reciprocal space by Fast FT 
(FFT), where propagation can be calculated as a multiplication [43], reduces 
the calculation time. The multislice algorithm allows scattering to be calcu- 
lated from irregular models, and is used widely to simulate the HRTEM con- 
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trast of defects, grain boundaries, particles and amorphous materials. Here, 
however, the problem is to get relaxed atom coordinates. 

This can be solved in a full molecular dynamics (MD) calculation where 
the model structure is relaxed and the potential energy is minimized. MD 
calculations solve equations of a motion for a system of particles numerically 
and allow atomic processes such as the reordering of crystal interface atoms, 
the nucleation of particles, crystallization and melting to be investigated. 
Classical MD calculations can be used to simulate atomic processes in systems 
with up to 10® atoms within a time scale up to nanoseconds. The reliability 
of MD simulations depends strongly on the quality of the potential used. The 
Tersoff potential [44]-[46] has been found to be the most appropriate for the 
C-Si-Ge system [47]. 

The experimental HRTEM images and CBED patterns often need to be 
off-line processed to get experiment-near information for the start models of 
the simulations. To reveal information such as small strains approaches are 
used that involve e.g. Fourier Transformation (FT) (analyze HRTEM im- 
ages) or Hough Transformation (analyze CBED patterns) . Advanced Fourier 
analysis techniques include amplitude imaging [48] and geometrical phase 
analysis [49] . Amplitude imaging is used to identify a particular phase in an 
image [50]. 

In Table 1 selected data for the three different poly types simulated are 
presented. 

2.5 TEM Sample Preparation 

Excellent microscopy requires an excellent TEM sample that is electron- 
transparent and artifact-free [51]-[53]. 

Many methods can be used to prepare a TEM sample. Small angle cleav- 
age [54] results in artifact-free specimens, although the method is limited to 
brittle single crystals. Tripod polishing [52] involves thinning the sample me- 
chanically to electron transparency, which results in a very thin amorphous 
surface layer. Ion beam milling is widely used for preparing semiconducting 
materials. Focused ion beam milling [55] is used when site-specific regions 
of a sample are required, such as for failure analysis of integrated circuits. 
The use of a Ga ion gun at 10-30 keV results in a short sample preparation 
time, and recent developments promise that the problem of ion beam damage 
is being reduced in such specimens and thus can be prepared for study by 
means of HRTEM. 

Conventional Ar-ion milling at 6-10 keV is used most widely after the 
sample (cross-sectional or plan-view sample) has been thinned mechanically 
to 5-50 pm [53, 56]. For cross-sectional samples, Ar ions are usually used 
to bombard both surfaces of the sample simultaneously while it is rotating. 
The surfaces can also be bombarded one after the other, and changes in 
the surface morphology can be followed using a stereo microscope or a CCD 
camera. Low angle thinning is advantageous for the preparation of layers with 
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Table 1. Selected data for the different polytypes studied (from: (a) Bauer et ah, 
Phys. Rev. B 57, 2647 (1998); (b) Kaiser and Khodos, Phil. Mag. A 82 (3), 541 
(2002); (c) Maeda et ah, Phil. Mag A 57, 573 (1988), (d) Hong et ah. Mater. Res. 
Soc. Symp. Proc. 572, 498 (1999), (e) Limpijnmnong and Lambrecht, Phys. Rev. 
B 57, 12018 (1998)) 
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different sputtering yields. Sample rocking or sector speed thinning, which 
can be used to prevent differential milling, were used in the present study. 
Conventional ion milling produces an amorphised region on the surface of the 
TEM sample. Decreasing the ion energy to 2-3 keV decreases the damage 
drastically. A low voltage (~100 V) ion gun can sometimes produce a sample 
that has no detectable amorphous layer [57]. 



3 Applications of TEM Techniques to the Study 
of Low-Dimensional Structures 

3.1 Lattice Parameters of Thin Cubic MBE-SiC Films 
and Quantum Well Structures 

Bloch wave simulations were used to determine the lattice parameters and 
strain states of cubic SiC layers by comparing experimental on-axis CBED 
patterns with simulations. The samples studied included a defect-free ~100 nm 
thick cubic SiC layer on a 6i7-SiC substrate, a ~100nm thick cubic SiC film 
beneath a Si precipitate [28] and a 20 nm thick 3C-SiC layer embedded in 
4i7-SiC [58]. The cubic layer, which TEM investigations showed to be nearly 
defect-free [28] , was of perfect cubic symmetry, however the lattice parameter 
of 0.4374 nm was ~0.4% higher than X-ray data for thick cubic SiC layers 
([59] and Table 1). As this layer was grown at high temperature under excess 
Si flow, the excess Si may have been incorporated into the 3C-SiC structure. 
However, when growing at a lower temperature with a high Si excess in the 
flux, the excess Si was found to cluster on the surface in the form of hillocks 
[28]. Underneath the hillocks a transformation from cubic to rhombohedral 
symmetry was measured which can be explained by compressive stress. Such 
small deviation of only 0.1° from cubic symmetry can be already seen by the 
naked eye as demonstrated in Fig. 2. 

As the hexagonal lattice parameter a is larger than that of the cubic poly- 
type (see Table 1), a very thin cubic layer embedded in hexagonal SiC may 
be strained. From the HRTEM investigations of 20 nm thick cubic SiC layers 
embedded in a quantum well structure composed of 4i7-SiC/3C-SiC/4i7- 
SiC, the interfaces were found to be abrupt, and no misfit dislocations were 
observed [58]. CBED showed that the cubic stripe was significantly rhom- 
bohedrally distorted, with a deviation from the cubic 90° angle by 0.22° 
(arhoin = (89.78 ± 0.02)° and Orhom = (0.4360 ± 0.0001) nm). Transformed 
to hexagonal coordinates, Ohex. stripe is (0.3078 ± 0.0001) nm, which is in rea- 
sonable agreement with table values for 4iJ-SiC (see Table 1). The mea- 
sured rhombohedral distortion is interpreted as consequence of pseudomor- 
phic growth of the 3C stripe. The 2 nm thick cubic stripes in the multi- 
quantum well structures grown on stepped SiC are generally too thin for lat- 
tice parameter determination by CBED. The quantum confinement in thin 
3C-stripes has been reported recently [60]. 
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Fig. 2. Simulated {dark grey) CBED patterns at [320] incidence for (a) a cubic 
SiC and (b) a rhombohedral SiC cell (a = 89.9°), overlayed with experimental 
{light grey) CBED patterns. As seen from the enlargements a good ht was achieved 
assuming rhombohedral symmetry [28] 



3.2 The Formation Process of Embedded Nanocrystals 
in Hexagonal SiC Created by Ion Implantation 
and Annealing 

For understanding of Ge nanocrystal formation within SiC, knowledge is re- 
quired of whether implanted Ge atoms are located on lattice or on interstitial 
sites before it clusters. ALCHEMI (see Sect. 2.3) is applied to Ge implanted 
SiC [40, 61]. Bloch wave calculations [21] are used to determine suitable zones 
at which the Si, C and interstitial branches showed a different dependence 
of the excitation amplitude on tilt. One such zone axis is [01-10] (see Fig. 3) 
where the solid curves show the calculated exitations of the Si, C and inter- 




k. in units of g, 



Fig. 3. Excitation amplitude of Bloch states as a function of the reciprocal lat- 
tice vector fcxy in units of poooe- The solid curves show the result of Bloch wave 
calculations, while the crosses are EDX measurements indicating that Ge is pref- 
erentially distributed on interstitial sites (conditions: 250 keV 10^® cm“^ Ge ions 
after annealing at 1200°C) [40] 
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Fig. 4. HRTEM (a), geometrical phase analysis (b), HAADF-STEM images 
(c) from Er implanted SiC (dose 10*^® cm“^, energy 400 keV, implantation temper- 
ature 700° C before (a-c). The edges of interstitial loops comprise strains (see the 
middle image) however cannot act as sink for the Er atoms directly after implan- 
tation; the spotted eontrast is arising from statistically distributed Er atoms [62] 



stitial branches. HRTEM, CTEM and HAADF-STEM studies showed that 
Ge nanocrystals did not form after high dose Ge implantation (implantation 
conditions: 700°G, 10^® cm“^ 250 keV Ge ions, annealing at 1200°G). The 
site occupancy of Ge was studied by obtaining EDX spectra close to [01-10]. 

As can be seen from the qualitative agreement between the experimen- 
tal (crosses) and calculated curves in Fig. 3, a large number of Ge atoms 
was found to occupy interstitial positions in the 6i7-SiG matrix. In addi- 




Fig. 5. HAADF-STEM images obtained after Er and Ge implantation into 4H- 
SiC and annealing. Note the different configuration of the Er and Ge atom columns 
around the dislocation cores [63] 
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tion, by ALCHEMI studies, no preferred site occupancy was found in as- 
implanted specimens and preferred segregation to matrix defects (short in- 
terstitial loops) was not found as seen from Fig. 4c, where an interstitial loop 
is marked not acting as sink for Er atoms. 

When annealing at 1600°C, atomic-resolution HAADF-STEM studies 
showed that, interstitial loops act as nucleation sites for Er or Ge atoms, 
however with strikingly different atomic configurations as demonstrated in 
Fig. 5. 

The foreign atoms around interstitial loops were found to provide the 
seed of the nanocrystals [63]. From the HAADF-STEM studies moreover the 
nanocrystal growth process can be directly imaged as is shown for the case 
of ErSi 2 formation. Here within a single sample which we studied, differ- 
ent stages of the formation process were imaged, which allow the conclusion 
that Er gathers in atom columns, lines, planes and finally three-dimensional 
precipitates (Fig. 6) (for more details see [62, 63]). 

A direct study of the early universe of ion implantation has been pre- 
sented. It may be possible to control the dimensionality, and hence the elec- 
tronic properties, of the resultant nanocrystals by matching the density of 
interstitial loops to the dopant atoms by co-implantation and subsequent 
annealing. 




Fig. 6. After annealing at 1600°C; HAADF-STEM imaging shows that the Er 
has segregated to form precipitates of widely different size. The largest are still 
connected to extended defects (a) and (b) show precipitates composed of two and 
three columns of Er atoms (with roughly 5-10 atoms in each column); (d) is a 2D Er 
platelet attached to an Er rich dislocation core; (e) shows that the platelet edge are 
decorated Hrst; (f) is a fully 3 dimensional unstrained erbium silicide precipitate [63] 
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3.3 Properties of Embedded Nanocrystals Created 
after Er, Ge or Si Implantation- Annealing 

3.3.1 Comparison of Nanocrystals Formed 
after Er and Ge Implantation 

The size distribution of nanocrystals formed after Er or Ge ion implantation 
in SiC is very similar, as shown in Fig. 7a and b obtained from the corre- 
sponding HACDF-TEM images of Fig. 1. After Er as well as Ge implanta- 
tion, many nanocrystals are ~5 nm in size, or smaller, one representative is 
shown in Fig. 7c and d, respectively. It should be noted that in both cases 
the nanocrystals are arranged in a dipole-like configuration around intersti- 
tial loops, reminding us of their ’’seed configuration”, which was displayed in 
Fig. 5. 

The contrasting properties of nanocrystals formed after Er and Ge im- 
plantation are associated with the fact that Er reacts chemically with the 
SiC matrix atoms, whereas Si and Ge do not. ErSi 2 -nanocrystals (identified 
from HRTEM studies [63]) are always found in the same orientation relation- 




Fig. 7. Averaged size distribution for nanocrystals formed after (a) Er and (b) Ge 
ion implantation, as determined from HAADF-STEM and HACDF-TEM images, 
(c) and (d) show [11-20] HRTEM images of nanocrystals in 477-SiC formed after Er 
and Ge implantation, respectively. Note the similar arrangement of the interstitial 
loops around the nanocrystal 
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Fig. 8. HACDF images showing ErSi 2 nanocrystals {bright crystals) of similar bell- 
like shape, which flip with the polarity of the matrix. The direction of the Si-C pair 
is indicated in the insert together with a scheme of the nanocrystal [62] 



ship and with the same bell-like shape, which is associated with the 0004C 
surfaces of the SiC matrix (see Fig. 8). 

In contrast, the nanocrystals created after Ge implantation, have differ- 
ent shapes and show different orientation relationships [40]. All nanocrystals 
found can be subdivided into four main orientation groups a, b, c, d as shown 
in Fig. 9, where always three examples of each group are presented. 

The content of selected nanocrystals formed after Ge implantation had 
been determined by EDX and EELS point analyses in a field emission TEM 
where a small electron probe (< 1 nm) can be realized. On average, the 
crystals contain ~80% Ge and ~20% Si [40]. Moreover, pure Si nanocrystals 
formed after Si implantation under comparable conditions showed lattice pa- 
rameters that were ~3% smaller than tabulated values [64, 65]. By analogy, 
a strain of ~3% for the GeSi nanocrystals may be assumed. Alternatively, 
the nanocrystals may contain a large number of vacancies [64]. 

Before the question will be answered why the nanocrystals appear in 
the different orientation relationships to the SiG matrix, the crystallographic 
structure of the nanocrystals will be identified. 



3.3.2 Identification of the Ge Structure 

The nanocrystals in group a and b are in a SiG-matrix parallel orientation 
([0001]Nc//[0001]sic and [ll-20]Nc//[H-20]sic)- As can be seen from Fig. 9 
all show stacking faults along [0001], however the fault sequence is not uni- 
form. The structure is cubic faulted GeSi or alternatively hexagonal with a 
irregular stacking sequence. 

As can be seen from Table 2. comparing the values in the first two columns, 
the lattice parameter determined form the FFT pattern of the HRTEM im- 
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4nm 4nm 

I 1 I 1 

d|, 

Fig. 9. HRTEM and HAADF-STEM (as, bs, (I 2 , ds) images of four different groups 
a, b, c, d of nanocrystals formed after Ge implantation and annealing. Note the 
stacking faults in types a and b. (a: [0001]Nc//[0001]siC and [ll-20]Nc//[H-20]siC, 
b: [0001]nc inclined to [OOOlJsic, c: [OOOIJnc -L [H-20]sic, d: [OOOIJnc inclined to 
[ll-20]sic) [65] 



ages of the nanocrystals in group c (under the assumption of a cubic struc- 
ture) do not at all fit to cubic Ge. 

Therefore in analogy to nanocrystals orientation group a, it was assumed 
that they are hexagonal as well just projected in a matrix perpendicular ori- 
entation ([0001]NC-L[0001]sic)- HR image simulations confirmed the fact that 
lattice fringes, which are forbidden by the structure factor in the diamond 
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Table 2. Comparison of experimental and tabulated values of lattice parameters 
of nanocrystals after Ge implantation 



Experimental 


Table value 


Experimental 


Table value 


value [nm] 


[nm] 


value [nm] 


[nm] 


CE-NCgroupd 


aoe cubic 


— 10,NCgroupd 


doi-10,Geo,8Sio,2 


cubic assumption 


dceoi-io hex. 


hex. assumption 


doi — 10,Geo,sSio.2+3%strain 

hex. assumption 


0.975 


0.5657 


0.334 ±0.002 


0.343 




0.3460 




0.333 



structure, are present in the hexagonal structure both for an irregular and for 
a regular stacking sequence. Figure 10 shows calculations for 2H-Ge and 3C- 
Ge. The Pendellosung plot, which is simply a plot of the intensity of a reflec- 
tion over the crystal thickness, demonstrates instructively that the reflection 
forbidden in the cubic structure is excited in the hexagonal structure. While 
comparing the dceoi-io value (second value in the second column) with the 
experimental value (third column) a strong discrepancy still remains. EDX 
point analysis from selected single nanocrystals showed that they contain 
80% Ge and 20% Si [68]. However the experimental value still does not fit 




Fig. 10. HR image simulation of 2H-Ge and cubic Ge together with FFTs and 
Pendellosung plots for the 111 (11-20) and forbidden x (01-10) reflections 
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the table value (compare the value in the third column with the value in the 
first row, forth column). Si nanocrystals formed after Si ion implantation into 
SiC revealed that those pure Si nanocrystals are strained by about 3%. In 
analogy, such stain value has been assumed for the Ge nanocrystals. From 
Table 2 (see the values in the third and fourth column) it is seen that the 
experimental d-value fits well to those calculated for hexagonal Ceo, 8 Sio .2 
with 3% strain. In summary the nanocrystals presented in group a, b, c (see 
Fig. 9) are different orientations of the same strained hexagonal GeSi struc- 
ture (for more details see [40, 65]). The nanocrystals presented in group d 
will be identified in the next chapter. 




0 15 30 45 60 75 90 105 120 135 150 165 180 195 

1 I Theta n I 




Fig. 11. Potential energy plots for symmetrically faceted and spherical nanocrystals 
as a function of the rotation angle i? of the nanocrystal with respect to the SiC 
matrix (the model projection at 0° and 180° corresponds to group a, the model 
projection at 90° corresponds to group c). When rotating the nanocrystals by 180° 
it is clearly seen that the faceted nanocrystal shows prominent energetic minima 
for orientation group a (0° and 180°) as well as for c (90°), however the spherical 
nanocrystal does not show deep energetic minima. Both nanocrystal models contain 
the same number of atoms (3000) [65] 
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3.3.3 Why Do GeSi Nanocrystals Appear 
in the Four Orientation Relationships? 

To answer this question, models for differently shaped GeSi nanocrystal em- 
bedded in 4iJ-SiC were created. Their potential energies as a function of 
the rotation angles of the nanocrystals in the matrix were determined us- 
ing molecular dynamics calculations. It has been calculated that the four 
main orientation-relationships a, b, c, d experimentally observed in [11-20] 
high-resolution TEM images of GeSi nanocrystals correlate with minima in 
the potential energy of the nanocrystal-matrix system [65]. For spherically 
shaped nanocrystals (group b), neither group a nor group c orientation is en- 
ergetically preferred as can be concluded from Fig. 11, explaining orientations 
observed experimentally (see Fig. 9). For symmetrically faceted nanocrystals, 
both group a and group c (90° of group a) orientations result in strong min- 
ima, of which the preferred orientation depends on the aspect ratio of the 
nanocrystal [65]. 

A small rotation of a nanocrystals starting from group c orientation 
([0001]nc -L [ll-20]sic see Fig. 9) in a fixed [11-20] 4i7-SiG matrix around the 
[1-100] direction (around rotation angle i?) and around the [0001] direction 
of the matrix for a symmetrically and an asymmetrically facetted nanocrys- 
tal, respectively, has been calculated to understand the orientation group d. 
The calculations showed that no pronounced extra minimum of the poten- 
tial energy is found when the nanocrystal is symmetrically faceted. However, 
for the case of an asymmetrically faceted nanocrystal, a pronounced extra 
minimum forms at a defined small off-orientation value (6° off [1-100] and 4° 
off [0001] [65]). The corresponding simulated HRTEM image results in the 
image shown in Fig. 12, which is in good agreement with the experiments 




Fig. 12. Simulated [11-20] HRTEM image of an asymmetrically facetted nanocrys- 
tal within 4i?-SiC fixed at [11-20] orientation. The nanocrystal tilt coordinates 
used express the minimum of the potential energy of the nanocrystal-matrix system 
found at an orientation, which is small off oriented compared to group c nanocrystal 
orientations. The image shows only {01-10} lattice planes. See the similarity to the 
experimental HRTEM image shown in Fig. 9d) (for more details see [65]) 
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(see Fig. 9d). 

To summarize, hexagonal GeSi nanocrystals are formed after Ge ion im- 
plantation, which appear in different shape defined orientations. It was shown 
by molecular dynamics that those orientations express minima of the poten- 
tial energy of corresponding simulated nanocrystal-matrix systems. 

3.3.4 Why Are GeSi Nanocrystals Hexagonal 
and of Magic Size? 

Molecular dynamics calculations for hexagonal and cubic Ge nanocrystals 
embedded in either hexagonal or cubic SiG show that the matrix structure 
affects the nanocrystal structure [64]. As can be seen from Fig. 13, in hexag- 
onal SiG, hexagonal Ge nanocrystals are energetically preferred, whereas in 
cubic SiG, cubic Ge nanocrystals are preferred. 

It may be concluded that the formation of stacking faults in the GeSi 
nanocrystal embedded in a hexagonal SiG matrix is energetically preferred 
over stacking faultfree cubic stacking. We recently experimentally confirmed 
that after Ge ion implantation into cubic SiG, cubic GeSi nanocrystals have 
been formed [66]. 

For elongated nanocrystals, changes in the width along the c-axis result in 
oscillating energy minima of the interface energy. This explains the fact that 
only well-defined widths, so-called magic sizes are found experimentally [64]. 



Interface Energy of Ge NC's in 4H and 3C-SiC 

□ 4H-S iC matrix 

2H-GeNC 3 C-Ge NC DSC-SiC matrix 




Fig. 13. Calculated interface energy Fint for different conditions. 2H-Ge nanocrys- 
tals have maximum interface energy when they are embedded inside the 4i?-SiC 
matrix. In contrast, 3G-Ge nanocrystals are energetically preferred inside the 3G- 
SiC matrix [64] 
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3.3.5 Do GeSi Nanocrystals Show Quantum Confinement? 

Nanocrystals that are smaller than 5 nm in size are expected to show quantum 
size effects [5] where quantum confinement is expected in both the conduction 
and valence band as demonstrated in Fig. 14 [6]. 

It was found from size distributions (see e.g. Fig. 9) obtained from the Z- 
contrast images (see e.g. Fig. 1) that many nanocrystals are measured to be 
smaller than ~5 nm in size. That many are larger and that photoluminescence 
is an integral method, may explain that, up to now, photoluminescence from 
the nanocrystals has not been measured (the signal intensity from the small 
nanocrystals might be to low). In addition, the SiC defect luminescence may 
overlap that due to the nanocrystals (SiC defect luminescence: visible to near 
infrared spectral region, nanocrystals luminescence: expected in the red-near 
infrared spectral region.) 

However, using a selective measurement method, as EELS in a STEM, 
where the EELS spectrum is obtained from a single defined nanocrystal with 
a one atom-wide electron probe, first evidence for quantum confinement could 
be shown. In Fig. 15, the Si L edges for two small GeSi nanocrystals is mea- 
sured to lie at 101.8 eV and 102 eV, respectively. The nanocrystals were 
simultaneously imaged in atomic resolution using an annular dark-field de- 
tector (see the inserts). For comparison, the Si L edge for pure Si (99, 84 eV) 
and for the SiC matrix (103 eV, experiment) has been given. To interpret 
the shifts of the Si L edge in the nanocrystals, the Si L edge of unstrained 
thick Ceo, 8 Sio .2 layers [67] of 100.3 eV was used as a standard value. It was 
checked experimentally that the shift measured is not chemical in nature, as 
no C was detected in the nanocrystals. In analogy to the quantum confine- 
ment measured in small Si nanocrystals [68], the shift of the Si L edge is 
suggestive of quantum confinement of the Ceo. 8 Sio ,2 nanocrystals buried in 
4iL-SiC. 



4H-SiC Ge 4H-SiC 




Ec 



Ev 



Fig. 14. Scheme of the band structure of a 5 nm thick Ge quantum dot inside 
477-SiC [6] 
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Fig. 15. EELS-spectra showing the intensity around the Si L 3 edge in the 47L-SiC 
matrix {upper part) in the GeSi nanocrystals {middle part) and for comparison in 
pure Si {lower part). The shift of the edge onset for the case of the nanocrystal is 
clearly seen. For comparison: SiLbuik SiC: 103 eV, SiLbuiksi: 99.84 eV. The 5 nm 
dot showed instead 101.8 ± 0.5 eV and the 3.5 nm dot 102.0 ± 0.5 eV [65] 



4 Conclusion 

Transmission electron microscopy and simulations have been used to charac- 
terize two types of low-dimensional structure in the wide band-gap, polytypic 
material SiC: i.e. quantum layers and quantum dots. 

Convergent beam electron diffraction has been used to measure accurately 
the lattice parameters of single, about 100 nm thick cubic SiC layers, as well 
as of 20 nm thin cubic SiC layers periodically arranged in 4iJ-SiC. The first 
case showed how the symmetry is affected by growth irregularities such as 
hillock formation, the second case that a rhombohedrally strained layer has 
been formed as a consequence of pseudomorphic growth. It demonstrates 
the potential of the method to determine such a small strain state from a 
nanosized object. 

The nanocrystal formation process after high-dose ion implantation and 
annealing has been considered in detail. Directly after high dose and high 
temperature Er, Ge and Si implantation no nanocrystals have been formed 
and the foreign atoms are statistically distributed within the defective SiC 
matrix. The prevailing defects are short interstitial loops. The Ge site occu- 
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pancy was determined using EDX under electron channelling conditions for 
the as-implanted material and after annealing at 1200°C. In the latter case, 
diffusion is enhanced and Ge was found to be located preferentially on inter- 
stitial sites. Annealing at 1600°C results in the growth of nanocrystals whose 
size distributions are very similar for nanocrystals formed after Er and after 
Ge implantation. Atomic resolution Z-contrast dark-field STEM was used 
to visualize the nanocrystal formation, e.g. from the birth of the nanocrys- 
tals in form of single Er atom columns, trapped at the cores of dislocations, 
over lines, planes to fully-developed nanocrystals. Similarities and differences 
between the formation of nanocrystals after Er and Ge implantation were 
identified. Properties such as crystallographic structure and the orientation- 
relationship with the matrix have been determined from the high-resolution 
image. The result can be summarized for the Er case that ErSi 2 nanocrystals 
grow with one orientation with respect to the hexagonal SiG matrix, always 
showing a bell-like shape that flips with polarity. In contrast, EDX-analysis 
of the nanocrystals created after Ge implantation show that their content 
is not uniform and consists on average of 80 (±15)% Ge. The structure of 
the GeSi nanocrystals was found to be hexagonal and they are oriented with 
four different shape dependent orientation relationships. Molecular dynamics 
simulations show that the structure and the orientation-relationships corre- 
spond to minima in the potential energy of the matrix-nanocrystal system. 
The electronic structure of GeSi nanocrystals was determined using atomic 
resolution Z-contrast dark-field imaging combined with electron energy loss 
spectroscopy. The results were indicative of quantum confinement in 5 nm 
and 3.5 nm Geo. 8 Sio .2 nanocrystals. 

The new understanding of the role of interstitial loops in the formation 
of clusters may open the possibility of the control of the dimensionality of 
nanocrystals, by matching the density of the interstitial loops to the dopant 
atoms, thereby controlling the physical properties of the resultant nanocrys- 
tals. 
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Synchrotron White Beam X-Ray Topography 
and High Resolution X-Ray Diffraction Studies 
of Defects in SiC Substrates, Epilayers 
and Device Structures 



M. Dudley, X. Huang, and W.M. Vetter 

A general review will be presented of recent Synchrotron White Beam X-ray 
Topography (SWBXT) studies of defects in SiC single crystals and epitax- 
ial layers carried out at Stony Brook and at the Stony Brook Synchrotron 
Topography Station at the National Synchrotron Light Source, Brookhaven 
National Laboratory. Results will be presented from studies of (a) 4iL and 
6iL-SiC substrates growth by Physical Vapor Transport, (b) homoepitaxial 
layers grown on such substrates, (c) hetereoepit axial layers grown on 4iL 
substrates, and (d) SiC device structures. SWBXT results will be correlated 
with those from AFM, Nomarski Optical Microscopy, High Resolution X-ray 
Diffraction (HRXRD), SEM and TEM studies carried out on the same crys- 
tals. From (a), substrate defects observed include closed-core and hollow-core 
screw dislocations (micropipes) in 6H and 4iL, deformation-induced basal 
plane dislocations in 6H and AH] and small angle boundaries in AH. The 
close correlation between simulated and observed back-reflection, grazing- 
incidence reflection and transmission SWBXT images of screw dislocation 
will be discussed. From (b) results from studies of the correlation between 
substrate and epilayer defects in 6H /6H homoepitaxial layers will be pre- 
sented. From (c) polytype mapping in 3C /AH-SiC heterostructures will be 
described. The relationship between substrate and epilayer defects will again 
be explored as will the lattice mismatch between epilayer and substrate as 
indicated by a combination of SWBXT and HRXRD. High-precision mea- 
surements of lattice parameters by X-ray multiple-order reflections enable 
detailed determination of both in-plane and out-of-plane mismatch. In (d) 
observations of stacking fault generation during device operation will be pre- 
sented. 



1 Introduction 

Silicon carbide (SiC) is a prominent material for various high-temperature 
and high-power electronics technologies due to its large bandgap, ther- 
mal conductivity and breakdown voltage among other outstanding proper- 
ties [1, 2]. The past decade has seen rapid advances of SiC technology, mainly 
led by steady improvement in the quality and size of SiC crystals. Diame- 
ters of commercial boules currently approach four inches while defect densi- 
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ties have dropped substantially [3]. Despite these achievements, however, the 
overall crystalline quality of SiC is still far inferior to Si or GaAs. SiC crystals 
generally contain various defects, such as dislocations, stacking faults, inclu- 
sions, polytypes (with 3C, AH, 6H and 15i? being the most common ones 
among many possible polytypes), small-angle boundaries, etc, among which 
“micropipes” and closed-core threading screw dislocations running along the 
[0001] growth axis have been the most severe problem as they affect almost 
every aspect of SiC technology [4]-[7j. These dislocations, called “superscrew 
dislocations” (SSDs) in the following, are growth screw dislocations possess- 
ing Burgers vectors in integer multiples of the c lattice parameter. The Burg- 
ers vectors of hollow-core micropipes are in the range from 30 A to over 
100 A, and Frank’s relationship between the Burgers vectors and the hollow 
core diameters (ranging from 0.1 to a few micrometers in general) has been 
experimentally confirmed [8, 9]. SSDs with smaller Burgers vectors generally 
have no obvious hollow cores. The Burgers vectors of closed-core SSDs are 
Ic or 2c for 4iJ-SiC and Ic for 6i?-SiC (c = 10 A for AH and = 15 A for 
6H being the lattice constant along [0001]), which are still much larger than 
those in Si or GaAs. 

Although the density of hollow-core SSDs has been possibly reduced to 
be less than 1 cm“^ in recent years [3], the densities of closed-core SSDs 
are still no less than 10^ cm“^ for almost all commercial SiG wafers. In 
addition to the fact that they severely degrade the crystalline quality and 
can trigger the formation of other defects during growth and epitaxy, SSDs in 
SiG are most detrimental to devices fabricated within their wide-range strain 
fields [6, 7]. For this reason, crystal characterization is an indispensable step 
for SiG growth, epitaxy and many other processes. Synchrotron White Beam 
X-ray Topography (SWBXT), with its high strain sensitivity and suitable 
spatial resolution, is apparently the technique of choice for this aim. In fact, 
SWBXT has played a very strong role in the progress of SiG growth by 
providing a thorough understanding of the nature and origins of SSDs and 
other defects [5],[10]-[13]. It has been, to date, one of the most accurate and 
reliable methods for discerning both the distribution and character of SSDs 
in SiG wafers, and has been widely adopted by the SiG community as a major 
characterization technique. 

In this paper, we present an overview of the various SWBXT imaging tech- 
niques and their basic principles for characterization of SiG crystals. These 
techniques include back-reflection topography, reticulography, transmission 
topography, and a set of section topography techniques. Apart from their 
particular strengths, these techniques have a common underlying principle in 
that the topographic contrast originating from defects (particularly SSDs) in 
SiG is dominated by “orientation contrast” , which may be accurately simu- 
lated with the ray-tracing method. For this reason, SSDs in SiG have been 
demonstrated to be a “magnified” model to quantitatively investigate the 
detailed contrast formation mechanisms of dislocations in X-ray topography 




Synchrotron White Beam X-Ray Topography 631 



and to test the fundamentals of dislocation theory that have rarely been ver- 
ified from experiments in the past In Sect. 4, we will also discuss 

the influence of SSDs on heteroepitaxial growth of 3C-SiC films on AH and 
6i^-SiC and the applications of SWBXT in combination of high-resolution 
X-ray diffraction (HRXRD) for characterizing these heterostructures. 



2 Back-Reflection Techniques 

In applying SWBXT to characterization of SiC crystals, researchers have 
developed a set of special diffraction schemes, among which back-reflection 
topography is apparently the most efficient method for imaging SSDs in com- 
monly (OOOl)-orientated SiC wafers [4, 5, 11]. In this diffraction scheme, the 
recording film, located at the incidence side, is set parallel to the sample 
surface so as to minimize projection distortion. The OOOn symmetric back re- 
flections have the highest strain sensitivity for SSDs since the Burgers vectors 
are parallel to [0001]. In experiments, the Bragg angle of the OOOn harmonics 
is made large enough (usually around 80°) to achieve high topographic reso- 
lution. As can be seen from the topograph in Fig. 1, the SSDs, either hollow- 
core or closed-core, are clearly revealed as circular white spots surrounded by 
black rings. Such white-black contrast enables us to easily discern each in- 




Fig. 1. SWBXT back-reflection image recorded from a 6H-SiC (0001) wafer 
thinned to around 30 pm. The large circular images {black rings surrounding white 
circles) correspond to micropipe images and the smallest white spots are images of 
closed-core screw dislocations. Sample-to-fllm distance D^i = 10 cm 
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dividual SSD. By employing a scanning device, one can currently take large 
topographs from SiC wafers up to several inches in diameter at the Stony 
Brook Topography Facility [15]. Consequently, the detailed distributions of 
SSDs in these large wafers can be accurately mapped. 

In back-reflection topography, the effective diffracting volume is of only 
a few micrometers in thickness beneath the crystal surface. Thus, new SSDs 
formed in homoepitaxial films of less than 1 pm in thickness can still be 
clearly imaged. This makes back-reflection topography also suitable for char- 
acterization of SiC epilayers. Moreover, the imaging can even be performed on 
wafers with devices fabricated on them, further emphasizing the advantages 
of this technique [6, 7]. 

The black-white contrast of the circular SSD images in Fig. 1 mainly 
consists of “orientation contrast” arising from overlap or separation of the 
diffracted X-rays with slightly different directions. As shown in Fig. 2a, due 
to the helical structure of the screw dislocation, the (0001) lattice plane 
around a dislocation core is no longer a flat plane. According to the lattice 
displacement field Uz = b6j2Tr of a screw dislocation, the continuously varying 
normals (n) to the (0001) lattice plane form a series of twisted cylinders 
surrounding the dislocation core. Meanwhile, the Bragg law of white-beam 
diffraction is identical to the optical reflection principle. Thus, the (0001) 
plane around the core can be considered as a curved mirror. When a (nearly) 
parallel synchrotron white beam is incident on the “mirror” , it can be verified 
that X-rays diffracted from successive circular rings form a series of twisted 
cones. The overlap of these cones in space (Fig. 2b) results in the formation 
of the circular images. Based on this principle, one can actually use the ray- 
tracing method to simulate the SSD contrast [5, 11]. 

In this simulation process, the crystal surface around a dislocation core 
is divided into small equal-size squares. Based on the local surface normal 
(parallel to the local diffraction vector) that can be accurately calculated 
from the lattice displacement field Uz = &0/27T, the direction of the microbeam 




Fig. 2. The contrast formation mechanism of SSDs on SWBXT back-reflection 
topographs, (a) Formation of twisted diffraction cones, (b) Section view of the 
diffraction cones, (c) A simulated image of an SSD with 6 « 90 A and Dsi = 20 cm 





Synchrotron White Beam X-Ray Topography 633 



diffracted from each square can be determined. Geometrically projecting all 
the microbeams onto the recording film along their traces then gives the 
intensity distribution of the direct dislocation image. For example, Fig. 2c 
shows a simulated back-refiection image of a SSD, which is quite consistent 
with the recorded images in Fig. 1. 

Back-refiection images of SSDs contain abundant information concerning 
the dislocation structures. The most important information is that the spot 
diameter D increases monotonically with increasing and b (Z?sf and b 
being the sample-to-film distance and the magnitude of the Burgers vector, 
respectively), as can be seen from Fig. 2b. Based on the relationship between 
these three quantities [11], one can easily estimate the Burgers vector magni- 
tude of each SSD from the diameter of its circular image on the topograph. 

The other kind of information of the SSD predicted by the geometrical 
diffraction principle is the sense of the Burgers vector. As indicated in Fig. 2a, 
a left-handed screw dislocation gives rise to the anti-clockwise twist of the 
diffraction cones (viewed toward the surface). Accordingly, a right-handed 
screw dislocation makes the diffraction cones twist clockwise. Although it is 
totally hidden by the circular symmetry of SSD images on the projection 
topograph, this twisting effect can be readily revealed by back-refiection sec- 
tion topography. In this method, the incident beam is limited to be around 
5-20 pm in width and directed to cover the dislocation core. Then a partial 
image of the SSD is formed, which consists of two tails that clearly indicate 
the rotation of the diffracted X-rays [5] . Unfortunately, it is time-consuming 
to make the narrow beam exactly cover the dislocation core in experiments. 
This difficulty, however, can be easily avoided in reticulography. 

Synchrotron X-ray reticulography is a new versatile method developed by 
Lang and his co-workers [16, 17] for mapping misorientations in single crys- 
tals. In reticulography, a fine-scale X-ray absorbing mesh is placed between 
the sample and the recording film such that it splits the diffracted beam into 
an array of individually identifiable microbeams. From the relative shifts of 
the distorted mesh images on the topograph, one can measure the direction 
differences between these microbeams and consequently the misorientations 
of the corresponding diffracting elements in the crystal with the angular res- 
olution up to sub-arcsec. 

Coincidentally, the principles of reticulography and the above simulation 
process are nearly identical if the absorbing mesh is placed very close to 
the sample surface. But in actual imaging processes, large sample-to-mesh 
distances are usually used in order to amplify the distortion of the mesh 
image. Figure 3 is a synchrotron back-refiection reticulograph taken from a 
6iL-SiC (0001) wafer that contains a large micropipe with Burgers vectors 
b « 309 A, where the significant rotation of the mesh image around the 
micropipe image is clearly discernible. The clockwise rotation of the mesh 
image here unambiguously indicates that the micropipe imaged is a right- 
handed SSD. Thus, reticulography provides a direct and reliable way to reveal 
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Fig. 3. Synchrotron back-reflection reticulograph of a micropipe taken from a 6H- 
SiC (0001) as-grown surface. Field width 0.53 mm (mesh periodicity 17 |tm). 26b = 
135°. Arrow indicating the twist direction of the diffracted X-rays. Dsi = 7 cm. 
Courtesy of A.R. Lang [17] 



the senses of SSDs in SiC. Meanwhile, reticulographs such as Fig. 3 directly 
verifies the justification of the above geometrical diffraction principle used in 
simulating SSD contrast on back-reflection topographs. 

The determination of Burgers vector senses for SSDs has a practical sig- 
nificance in that it can help us understand the formation mechanism of SSDs 
during growth. In SWBXT studies of thin SiC Lely platelets or thin films, it 
has been frequently found that SSDs are formed in pairs with the same Burg- 
ers vector magnitude but with opposite senses. Based on this phenomenon, 
we have proposed a nucleation model that SSDs in SiC be generated at in- 
clusions in the form of SSD pairs or groups with zero net Burgers vector [18]. 
This model is consistent with the conservation of Burgers vectors inside a 
single crystal and has been experimentally confirmed by Sanchez et al. [19]. 



3 Transmission Topography Techniqnes 

In back-reflection geometry, the SSDs images are “magnified” by large 
sample-to-film distances (from 10 cm to meters). Such large imaging distances 
are possible only for synchrotron radiation that has high natural collimation. 
While back-reflection topography can only be performed with some difficulty 
using laboratory X-ray sources [13], conventional transmission topography is 
suitable for both synchrotron and laboratory sources in characterization of 
SiC crystals. Besides SSDs, defects that have been revealed by transmission 
topography in SiC include basal plane dislocations, stacking faults, partial 
dislocations, inclusions, voids, small-angle boundaries [4],[15],[20]-[22]. 
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Similar to ordinary screw dislocations, SSDs in longitudinally cut SiC 
wafers (parallel to the [0001] axis) appear as well-defined double-contrast 
images in transmission topographs. Using section topography one can also 
readily discern the sense of the Burgers vector from the relative shifts of the 
two columns. These images can again be rigorously simulated with the above 
ray-tracing method [11, 12, 23]. 

However, a confusing phenomenon that has long been found in transmis- 
sion topography of SiC and ZnS crystals is that when the diffraction vector is 
strictly perpendicular to the dislocation line, the SSD may still show strong 
contrast [23]-[25], as shown in Fig. 4. Such contrast was previously believed 
to originate either from new wavefields induced by the hollow cores or from 
the dense basal plane dislocations that are generally pinned at the SSDs. 
Nevertheless, the obvious failure of the g ■ b = 0 criterion made it uncon- 
vincing that SSDs in SiC and ZnS are pure screw dislocations. In fact, it has 
been indeed argued that micropipes in SiC could be mixed dislocations with 
large edge components. Based on this assumption, Heindl et al. [26] claimed 
that micropipes are generated from basal plane dislocations, which, however, 
is apparently in contradictory to the nucleation model mentioned in Sect. 2. 

Our group recently demonstrated that SSD contrast formed under g b = 
0 can be quantitatively explained by the in-plane strains (parallel to the 
surface) induced from the dislocation image force near the crystal surface 
(i.e. surface relaxation effect) [14]. Consider a screw dislocation in a thin 




0.2 mm 



Fig. 4. SWBXT transmission image recorded from the same region of crystal in 
Fig. 1. The arrowed contrast feature is a micropipe image, and the snrrounding 
black rings (as well as the black lines elsewhere) are basal plane dislocation images. 
g = 1120 {along the arrow). D^f = 10 cm 
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parallel-sided crystal plate of 2t in thickness that is perpendicular to the 
plate surfaces. Taking into account the free surface requirement, Eshelby and 
Stroh have derived the additional in-plane displacement field as 



n—0 



iln + V^ln + ^2n + V^2n + 



( 1 ) 



in the cylindrical coordinate system, where tin = (2n -I- l)t — z and t 2 n = 
{2n +l)t+z [27]. This component indicates that crystal lattice around the 
dislocation core is rotated, and the rotation extent depends on both z and r. 
Based on this model, the SSD image for g = 1120 has been successfully simu- 
lated using the above ray-tracing method [14] . The good agreement between 
the simulated and recorded images hence quantitatively verifies, for the first 
time, the existence of dislocation image forces near crystal surfaces. Mean- 
while, no edge components of the Burgers vector could be detected in such 
investigations, which further proves that micropipes in SiC are pure screw 
dislocations. 





Fig. 5. (a) The section topography arrangement for imaging bulk SiC crystals, (b) 
and (c) are two section topographs recorded with the slit set at the level of the ingot 
dome (near the ingot end) and near the seed of a 677-SiC crystal, respectively. The 
largest part of the ingot is 3.5 cm in diameter. Courtesy of E. Pernot and P. Pernot- 
Rejmankova [29] 
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In addition to the transmission projection topography technique that is 
suitable for thin wafers, it has been recently demonstrated by Pernot et al 
that synchrotron section topography in transmission geometry can be used 
to image defects in large SiC ingots without slicing [28, 29]. The experimental 
arrangement is depicted in Fig. 5a, where a synchrotron white beam of a few 
tens of micrometers in height is made to penetrate the whole crystal (based 
on the high energy and intensity of synchrotron radiation and light X-ray 
absorption of SiC crystals). Consequently, X-ray diffraction occurs in the 
entire lamella illuminated by the incident beam, while the diffracted beam 
can still penetrate the bulk crystal to reach the recording film. 

In the diffraction process, it seems that both the dynamical diffraction 
effect and rescattering of the diffracted beam along its long path inside the 
bulk is negligible. Therefore, the contrast formed on the recording film is 
mainly from defects located in the thin illuminated lamella. Figures 5b, c 
show two such section topographs taken at different heights from a SiC ingot, 
where the defects are clearly revealed. The distinguishing advantage of this 
imaging technique is that one can quickly take a series of successive section 
topographs by translating the beam or sample vertically. Then it is possible to 
use these topographs to reconstruct the spatial distribution of defects inside 
the crystal. Such a three-dimensional map of the formation and propagation 
history of defects is invaluable feedback to the crystal grower. 

A type of stacking fault, whose outline has the form of either a parallel- 
ogram or triangle, has been observed to develop in the epilayer portion of 
hexagonal SiC diodes during their operation under forward carrier injection 
[18, 19]. Its growth correlates with a degradation of electrical performance, 
an increase in the forward voltage drop [20]. 




0.5 mm 

Fig. 6. Transmission image recorded from degraded diode. Note faults, e.g. at 
S{g = lOTO, A = 0.65 A) 
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A transmission SWBXT of an area of a diode taken after its metalliza- 
tion and much of the thickness of its substrate had been removed is shown in 
Fig. 6. Examination of a series of topographs taken using various g-vectors 
showed that the bounding partials of these faults extinguished entirely in one 
of the (1120) reflections, indicating that the faults have the nature of dislo- 
cation loops of Burgers vector 1/3(1010), a Shockley partial dislocation [21], 
consistent with previously reported TEM results [22]. 



4 Characterization of SiC Heterostructures 

SiC is not only a promising substrate material for Ill-nitrides but AH and 
6i^-SiC have also attracted much attention as substrates for epitaxial growth 
of 3C-SiC since the in-plane lattice mismatch for such heterostructures is al- 
most negligible in the basal planes while the bandgap differs significantly 
across the interfaces. Unfortunately, 3C epilayers grown on AH or QH sub- 
strate generally contain high densities of defects including double-positioning 
boundaries and stacking faults. Threading SSDs in the substrate play a signif- 
icant role in the formation of these defects. Firstly, SSDs cannot coherently 
propagate into the 3C epilayers due to the difference in stacking sequence 
and periodicity. Instead, the termination of SSDs at the interfaces induces 
other defects to compensate the Burgers vectors. Secondly but more signifi- 
cantly, the self-regenerating atomic steps (spirals) of SSDs widely spread on 
the entire substrate surface can cause more defects in the epilayer [30]. 

It is worth mentioning that the existence of SSDs and small-angle bound- 
aries in SiC substrates generally makes it difficult to solely use high-resolution 
X-ray diffraction (HRXRD) techniques to characterize epilayers grown on 
them because these defects themselves can give rise to multiple peaks in 
the rocking curves. Therefore, small-beam footprints are required for the 
HRXRD measurements. On the other hand, back-reflection topographs are 
of great help for one to direct the small X-ray beam to areas free of SSD and 
small-angle boundaries. 

In characterization of iC /AH or iC/QH heterostructures, an important 
task is to verify the 3(7 structure of the epilayer since homoepitaxy or for- 
mation of other polytypes may easily occur if the heteroepitaxy conditions 
are not well controlled. Moreover, 3(7 epilayers grown on the (0001) surface 
can have two twinned variants due to the symmetry decrease from a 6-fold 
rotation operation along [0001] in the substrate to a 3-fold one along [111] 
in the epilayers. SWBXT is capable of identifying the polytype and mapping 
the variant distribution since each SiC polytype or variant has its unique 
Laue pattern. Based on such a map, small-beam HRXRD measurements can 
subsequently be performed for selected areas. 

As an example, here we briefly introduce a study recently carried out in 
our group for characterization of 3(7 / 4i7-SiC heterostructures using SWBXT 
and HRXRD [31]-[33]. In this research, the first task is to produce atomically 
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Fig. 7. Effects of mesas for disconnecting screw dislocation spirals on the (0001) 
SiC surface 



flat AH (and QH) substrate surfaces for epitaxial growth of 3C Aims since 
the presence of atomic steps (resulted either from slight miscut or from the 
helical (0001) lattice planes around SSDs) on the surface means that different 
termination stacking sequences will be present side by side near a step so 
that if two-dimensional (2D) nucleation of 3C occurs, more than one variant 
will nucleate on a given mesa. The steps may also induce other high-density 
extended defects in the Aims, resulting in poor film quality and degraded 
device performance. 

In order to remove the atomic steps, the AH substrate surface was first 
patterned into an array of mesas by etching suitable trenches. Then if a 
mesa contains no SSD cores, its surface is either a flat or stepped surface, 
as represented by mesas A and B in Fig. 7, respectively. For stepped mesas, 
the step segments are isolated from the original step lines. The patterned 
surface was subsequently subjected to a homoepitaxial procedure designed 
to “grow out” all atomic steps based on the “step-flow” growth mechanism. 
Note that if the surface is not patterned, the homoepitaxial process can grow 
out only the steps arising from miscut, but not those from SSDs since the 
threading SSDs are continual sources of steps. Similarly, the mesas containing 
SSD cores are still stepped even after homoepitaxy, but the SSD core-free 
mesas can become atomically flat. If heteroepitiaxial growth is carried out 
afterwards, the flat mesas will experience uniform nucleation of one of the 
two 3C variants, resulting in high-quality 3C epilayers. 

SWBXT mapping of the distribution of the polytypes and their variants 
was carried out in grazing-incidence geometry. Due to the difference in crystal 
symmetry or orientation between the two 3C variants and the substrate, the 
Laue pattern consists of three sets of diffraction spots corresponding to the 
three structures, respectively. Each 3C variant has several unique topographs 
that are not overlapped by reflections from the other variant or the substrate. 
Figure 8 shows a small portion of the Laue pattern taken from a 3C'/4iJ-SiC 
heterostructure under the grazing-incidence diffraction geometry. After cor- 
recting the projection distortion, one can superimpose two such topographs 
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Fig. 8. Grazing-incidence SWBXT Laue pattern of SC/d/f-SiC heterostructure. 
Upper-left inset illustrates diffraction geometry. (0001) surface. Incidence nearly 
along [1010]. Lower-right inset shows the hexagonal coordinates used for indexing 
the diffraction spots. X 1 X 2 X 3 is the common coordinate system for 3C variant I and 
4H while x^x^x^ is related to X\X 2 X 3 by a 180° rotation operation for indexing 
3G variant II. Here the 01164if spot was over exposured in order to show the weak 
reflections 



that are unique to the two 3C variants, respectively, onto the back-reflection 
image of the substrate to form a single topograph showing the distribution 
of the 3C variants and the positions of the SSDs across the sample. Fig- 
ure 9a shows an image that is made up of the superimposition of such three 
topographs. Interestingly, 3(7 epilayers were formed only on atomically flat 
mesas while they are almost completely absent in the trenches as well as on 
some mesas containing SSD cores. 

The detailed crystalline quality of the 3(7-SiC epilayers was investigated 
by HRXRD. The diffractometer used was a Bede D1 system with two Si (220) 
channel-cut crystals as the beam conditioner in the four-bounce mode. The 
conditioned X-ray beam was then limited by a pinhole of 1 mm in diameter. 
In triple-axis diffraction, a Si (220) channel-cut analyzer was used in the 
symmetric four-bounce mode. By selecting areas with sparse 3(7 coverage, 
we were able to let the X-ray beam bathe only a single mesa covered by a 
single 3(7 variant. 

The arrowed mesa in Fig. 9a is a 0.4 x 0.4 mm^ terrace fully covered by 
a single-variant 3(7 epilayer, as indicated by the pure (blue) color. Figure 9b 
is the 0004 rocking curve taken from this mesa. The substrate peak is very 
sharp, with the full width at half maximum (FWHM) being 15.3 arcsec, 
indicating that the mesa contains no dislocation core. Obviously, the well- 
shaped peak at the right side of the substrate peak is from the epilayer. The 
FWHM value of this peak is 17.3 arcsec, from which we can estimate that the 
epilayer thickness is around 0.9 |4m. This peak provides further convincing 
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(a) (b) 



Fig. 9. (a) Composite image showing the distribution of 3C(I) and 3C(II) {darker 
regions) in the 3C/4H-SiC heteroepitaxial structure, (b) 0004 rocking curve of the 
arrowed mesa in (a). CuKai radiation. Inset is the triple-axis reciprocal space map, 
in which the inclined streak on 00044 _h is the analyzer streak 



proof that a high-perfection SC epilayer with macroscopic homogeneity was 
indeed formed on the mesa studied. The angular separation between the two 
peaks indicates that the out-of-plane lattice mismatch is Ac/c = —0.14%, 
where c should be understood as the average thickness of the Si-C bilayer 

(C3C < C4if). 

To further evaluate the crystalline quality of the SC-SiC epilayers, we have 
performed triple-axis diffraction for mesas with well-defined rocking curves. 
The two-dimensional OOO4444/OOO33C reciprocal space map corresponding to 
the rocking curve in Fig 9b is plotted in the inset, where the upper and lower 
peaks (spots) are the epilayer and substrate peaks, respectively. Note that 
in a reciprocal map, the peak spread along the vertical Q (0004)4/4 direction 
indicates statistically the extent of the out-of-plane d-spacing variation while 
lattice tilt is reflected by the spread along the horizontal Q(1120) direction. 
Therefore, the fact that the centers of the two peaks are well aligned on a 
vertical line shows that there is no misorientation between the epilayer and 
substrate (i.e. the (0001)3C and (0001)4/4 lattice planes are parallel to each 
other). 

Although the out-of-plane mismatch can be readily calculated as Ac/c « 
—0.14% (c4// > C3c) from the symmetric-reflection rocking curve in Fig. 9b, 
the measurement of the in-plane mismatch for 3C /AH heterostructure is 
difficult. A full examination of reciprocal space shows that II284// and II263C 
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(cubic index 4023c) are the only two asymmetric reflections with closely 
matched Bragg angles. However, in the glancing-exit geometry, it was found 
that these two peaks are so close to each other that it is difficult to separate 
them. This makes it difficult to use the conventional asymmetric reflection 
scheme [34] to measure the in-plane mismatch. 

In fact, HRXRD is a comparative method mainly used to measure lattice 
mismatch in heterostructures. In this method, only when the lattice param- 
eter of one component, usually the substrate, is known can one derive the 
parameters of other components. This limitation arises from the uncertainty 
in the zero setting, i.e., the absolute value of the measured diffraction angle is 
inaccurate while the only reliable quantity measured is the angular difference. 
Therefore, in conventional HRXRD studies of heterostructures, we are in gen- 
eral unable to measure the absolute angular positions of the Bragg peaks. By 
assuming that the precise values of the substrate lattice constants are known, 
one can calculate the absolute Bragg angle of the substrate. Consequently, 
the absolute position of the epilayer peak may be obtained from its deviation 
from that of the substrate peak. For largely mismatched heterostructures, or 
when the epilayer(s) and substrate differ significantly in orientation or crystal 
symmetry, however, this method usually fails. 

Here we present a very simple method that is based on multiple-order 
reflections for solving the uncertainty of the zero setting. The basic principle 
can be illustrated using the 0004 and 0008 symmetric Bragg reflections of 
4ff-SiC in the inset of Fig. 10. Let 9i and 62 be the Bragg angles of these 
two reflections. Then the two Bragg equations are 




0 100 71500 71600 71700 71800 

DitTraction angle 0 (arcsec) 

Fig. 10. Rocking curves and peak positions of 00044^^ (OOOSsc) and 00084_fr 
(OOOSsc) reflections measured from a wide-range 6 — 26 scan. Inset schematically 
shows the relationship between 00044_fr and 00084n Bragg reflections 
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2d sin 01 = A , (2) 

2(d/2)sin02 = A , (3) 

where d is the spacing of the (0004) lattice planes and A the X-ray wavelength. 
In a wide-range 6 — 20 scan that covers both Bragg peaks, the measured 9i 
and 02 are generally not accurate, but their difference, 02 i = 02 — 0i, is an 
accurate quantity independent of the zero setting. Surprisingly, (2) and (3) 
indicate a very simple relationship between 02 i and 0i: 

2sin0i = sin(0i -I- 02i) • (4) 

Obviously, 0i can be numerically solved from (4) to any precision based on the 
measured 02i- Then the true zero point is determined to be — 0i relative to 
0004 peak. Inserting the calculated 0i into (2) immediately gives the absolute 
value of d, provided that A is known. 

From (2) and (4) the measurement precision can be derived as 

Ad _ cot0icos(0i -h 02i) .g, 

d cos(0i -I- 02i) — 2cos0i 

As an example, the c lattice constant of 4id-SiC is roughly 10.08 A, which 
gives 01 = 17.80° and 02i = 37.69°, respectively for CuATal radiation (A = 
1.540562 A). The precision of 02i measured by double-crystal diffractometer 
is usually in the order of sub-arcsec. If we choose A02i = 0.2", (5) gives 
|Ad/d| = 2 X 10“®. This is in fact a high precision (comparable to that of the 
Bond method) adequate for most applications, and it can be further improved 
using high-angle reflections (e.g. |Ad/d| = 2 x 10“^ for Si 333 and 444). 

The specimen alignment is almost the same as that in other single-crystal 
diffraction procedures. In the preferred symmetric Bragg reflection geometry, 
only the tilt angle x of the specimen should be carefully adjusted so that 
the misalignment is minimized within 0.02°. A simple way to achieve this is 
to adjust X to make the measured 02 angle smallest. When this condition is 
satisfied, both 0i and J72 i are spontaneously minimized. 

In order to make the lattice parameter measurement reach a precision of 
10“®~10“^, the goniometer is required to have a calibrated angular accuracy 
of sub-arcsec for rotation ranges of several tens of degrees. Such calibration is 
generally a very difficult task, but it can be easily realized with multiple-order 
reflections. 

In addition to the 0004 and 0008 reflections of 4iJ-SiC considered above, 
let us include a third reflection, 00012 with a Bragg angle 03 . Combining 
the corresponding Bragg equation 2 (d/ 3 )sin 03 = A with (2) gives another 
equation 

3sin0i = sin(0i -I- 03 i) , (6) 

where 03 i = 03 — 0i. Again 03 i can be precisely measured in the 0 — 20 scan. 
On the other hand, using the value of 0i obtained from the above measure 
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021, one can actually calculate 03 i from (6). If the goniometer is accurate, 
the measured and calculated values of 03 i must be identical (in other words, 
the zero points determined by the 0004/0008 and 0004/00012 reflection pairs 
should be identical since they both refer to the unique zero point of the (0001) 
planes). Otherwise, adjusting the related instrumental parameters (usually 
of the angular encoder) to make these two values equal can lead to precise 
calibration. The unique advantage of this calibration procedure is that it only 
involves (4) and (6) and is independent of the detailed values of d and A. 
Therefore, the calibration is based on a pure geometric effect. 

We have used the novel multiple-order-reflection method to measure the 
lattice parameter of the high-quality 30-SiC epilayer studied in Fig. 9. Only 
the 00044^r/00033c (cubic index of 00033c is lllsc) and OOO844//OOO63C re- 
flection pairs were chosen for the c lattice parameter measurements (since 
the 00093 c reflection is extremely weak) . During the measurements, the sec- 
ond channel-cut crystal of the monochromator (in the dispersive setting) was 
carefully adjusted to the CuitTcd peak position. Figure 10 shows parts of the 
0—20 scan intensity profile covering these four reflections. After the refractive- 
index corrections, the angular distance between 00044/^ and 00084/4 peaks is 
021 = 71554.5". Then (4) and (2) gives d = c^h = 2.521119 A. Here C 4 // rep- 
resents the average thickness of the Si-C bilayer for 4iJ-SiC (1/4 the lattice 
parameter along [0001]). The corrected angular difference between 00033c 
and 00063 c is 0 I 4 = 71685.2", corresponding to C 3 c = 2.517586 A for the 30 
epilayer. Thus, the out-of-plane mismatch is {csc ~ cah) / C 4 h = 1-401 x 10“^, 
which is consistent with the result in Fig. 9. 

In calculating C 4 // and C 3 C, we have considered the epilayer and substrate 
as two independent crystals. Their orientation relationship is actually indi- 
cated by the relative positions of the two sets of peaks. In Fig. 10, because the 
00044 // peak is set at 0 = 0, the zero points of the epilayer and substrate are 
0 = —01 and 0 = —A0i -0f, respectively, where 9f is the 00033c Bragg angle 
and A0i is the splitting between the 00044// and 00033c peaks. The differ- 
ence, 01 — 01 + A0i, obviously represents the misorientation of the epilayer 
against the substrate. However, the value of this calculated here is less than 
0.5", which is negligible, indicating that the OOOI 3 C and OOOI 4 // planes are 
exactly parallel. This directly confirms an important feature of the growth 
mechanism designed for the current heteroepitaxy technique, i.e., the 30-SiC 
epilayer is formed through a two-dimensional layer-by-layer nucleation pro- 
cess on the flat (0001) basal planes rather than the step-flow model commonly 
dominating SiC growth. 

After the zero point of the (0001) planes has been determined, the a lat- 
tice parameters can be measured with the aid of II 284 ///II 263 C asymmetric 
reflections in the glancing-incidence geometry [35]. The relationship between 
11284 // and 00044 // reflections is illustrated in the inset of Fig. 11, where the 
incidence angle of II284// reflection is 0a = 0i — 0ia- It can be easily proved 
that the lattice parameter 04 // is a function of C4// and 0a- 
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-C 2 + y/C^|-4CiC3 

a4H = , (7) 

where Ci = c^h sin 0 a — A, C 2 = cos 0 a, and C 3 = Ac^^. 

The rocking curves of 11284// and 1 1263 c asymmetric reflections are 
plotted in Fig. 11. As the 00044// peak is located at 0 = 0, we have 
01A = 17782.1" (after refraction correction), which gives 0 a = 46271.3". The 
lattice parameter 04 // calculated from (7) is then 3.07950 A. Meanwhile, the 
angular difference between the 00033c and II 263 C peaks is 0 ®a = 17511.6" 
(corresponding to = 46634.8"). Based on the same principle, the basal- 
plane lattice parameter of the epilayer is calculated as a^c = 3.08039 A. 
The in-plane mismatch is, hence, {a^c ~ a 4 //)/a 4 // = 2.89 x 10“^. Although 
very small, the finite in-plane mismatch clearly shows that the interface of 
the heterostructure is not perfectly coherent. The cubic lattice of unstrained 
3C-SiC requires an a/c ratio of -y/1, 5 (« 1.22474) while the measured ratio 
is a-icjc-ic = 1.22355. The difference clearly reveals that the epilayer lattice 
is compressed in directions parallel to the interface but has a tensile strain 
along the interface normal. Overall, the epilayer is partially relaxed. 

Using the multiple-order-reflection method, we have obtained simultane- 
ously but independently two sets of lattice parameters for the two compo- 
nents of the 3C'/4iJ-SiC heterostructure. The lattice parameters of 4iJ-SiC 
measured here are in fact very close to those reported in [36] and [37]. 




Fig. 11. 0-scan rocking curves of 11284 // and II 263 C asymmetric reflections relative 
to the 00044// Bragg peak. Inset shows the diffraction position of II 284 // reflection 
with respect to that of 00044// 
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5 Conclusions 



SWBXT is an extremely powerful technique for nondestructive characteriza- 
tion of defects in SiC crystals. Based on the simple geometrical diffraction 
principle underlying the various imaging processes, it has, to date, provided 
complete quantitative characterization of both closed-core and hollow-core 
SSDs as well as other defects, and has provided essential insight into the 
formation mechanisms of these defects. Being capable of imaging defects in 
wafers with devices fabricated on them, it has enabled much light to be shed 
on the influence of the various defects on device performance. 

SWBXT is also a simple and efficient technique for complete polytype 
determination and variant mapping in 3C/4iJ and SC/Gi? heterostructures, 
which has significantly facilitated optimization of the growth conditions. In 
general, SWBXT is an invaluable aid to HRXRD characterization of SiC- 
based heterostructures that are usually inhomogeneous due to the existence 
of SSDs and small-angle boundaries in the substrate. SWBXT makes it pos- 
sible to perform selected area HRXRD measurements, or it can help discern 
the diffraction contributions of substrate defects in the rocking curves or 
reciprocal space maps. The combination of SWBXT and HRXRD thus en- 
ables us to fully characterize such heterostructures. Combining these two 
techniques, we have studied in detail SC-SiC films heteroepitaxially grown 
on atomically flat mesas on AH and 6iJ-SiC substrates. These techniques 
reveal extremely high crystalline perfection and homogeneity of the ideally 
grown SC-SiC epilayers on isolated mesas. In particular, the multiple-order- 
reflection method is successfully applied to measure the absolute lattice pa- 
rameters of 3C epilayers and AH and QH substrates, from which the small 
strain relaxation effect involved in the heteroepitaxy process is demonstrated. 
The 2D nucleation mechanism of the 3C epilayer from a flat coherent interface 
is clearly revealed from the fact the (0001) lattice planes across the AH/5C 
or 6H/3C interface are exactly parallel. These results demonstrate that the 
“step-free surface heteroepitaxy” growth process is an effective technique for 
high-quality single-crystal SiC heteroepitaxy. 
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Ohmic Contacts for Power Devices on SiC 
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1 Introduction 

An ohmic contact in semiconductor devices consists of an electrode (metal) 
and a semiconductor, and it plays an important role in current injection and 
ejection. Because a voltage drop at the contact increases the power loss and 
deteriorates the device performance, the contact resistance must be negligible 
relative to the total resistance of the device (its on-resistance) [1]. Contacts 
through which a high-density current flows horizontally must have the lowest 
resistivity possible because their effective contact area is very small due to 
current crowding at the contact edges [2]. Source contacts in vertical DMOS- 
FETs are one example of such contacts. Increasing the size of the contact 
area to make it larger than that of the effective area does not reduce contact 
resistance. The only way to minimize contact resistance is to reduce the spe- 
cific contact resistivity, pc, itself. High-power and high-frequency SiC devices 
need horizontal contacts with a pc in the range of 10“® flcm^ or lower [3]. 

A great deal of effort has been made to obtain low-resistivity contacts on 
SiC. Results for contacts on 3C-SiC {Eg = 2.2 eV) and 6iJ-SiC {Eg = 2.9 eV) 
were critically reviewed by Porter and Davis [4] and by Crofton and colleagues 
[5] . A common technique to form ohmic contacts on SiC is to deposit a suit- 
able material (typically, metal) in a heavily doped n- or p-type region, fol- 
lowed by post-deposition annealing (PDA or contact annealing), typically at 
950° C. PDA creates a metallic reaction layer with a low Schottky barrier be- 
tween the contact material and the SiC surface. As a result, the contact has a 
reaction layer/SiC structure. Heavy doping makes the Schottky barrier thin- 
ner and significantly facilitates field emission conduction, eventually leading 
to a decrease in pQ. In contact materials incorporating n- or p-type impuri- 
ties, trace elements migrating into the substrate during PDA may promote 
bulk doping. Naturally, the pc strongly depends on the contact material, the 
doping level, and the PDA conditions. However, it is also markedly affected 
by the surface preparation condition just before metal deposition [4, 5]. Fac- 
tors that may affect the pc include: surface roughness [6], organic and metal 
contamination [7], natural oxide formation [7]-[9], graphitized skin [10]-[12], 
photoresist residue [13], and a deformed or plasma-damaged surface [14]. 

A variety of contact materials have been investigated in the past decade. 
The most promising material is Ni for n-type regions and Al-Ti for p-type re- 
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gions [5]. Also, Co/Si-based material may be used for p-type regions [15]. The 
best results ever reported on 6iJ-SiC are pc values of 7 x 10“^ flcm^ [16] and 
2.8 X 10“® flcm^ [17] in n- and p-type regions, respectively. These results were 
achieved using Ni and alloyed Al-Ti, and they meet the pc level required in 
actual SiC devices. Recently, excellent long-term stability has been obtained 
for contacts made of these materials at temperatures up to 500°C [18, 19]. 
Nevertheless, conventional techniques for contact formation on SiC are still 
imperfect, and problems with structural and fabrication-process compatibil- 
ity remain in practical SiC devices. In addition, low contact resistivity has 
never been demonstrated for practical power devices. 

This paper describes a technology for fabricating the contacts of practical 
power devices on 4iJ-SiC (ifg = 3.2 eV) with superior electron mobility. The 
technology described here is in fact not limited to the fabrication of contacts 
in 4i7-SiC devices, but can also be used to fabricate contacts on 6i7- and 
3C-SiC. 

First, we briefly review some existing techniques for the fabrication of 
low-resistivity contacts on 4i7-SiC. Then, we describe the optimal contact 
structure, which can solve many problems that occur with conventional tech- 
niques. Two basic contacts fabricated on 4i7-SiC with this new technology 
are examined: one is a low-resistivity contact for the n-type region, and the 
other is a single-material contact with an ohmic property for both the n- 
and p-type regions. The reliability of these contacts is evaluated. Finally, the 
proposed technology is applied to a poly-Si gate n-channel vertical power 
MOSFET fabricated on 4iJ-SiC [20]-[22], which looks like a DMOSFET in 
Si devices. 



2 Critical Review of Ohmic Contacts on 4i/-SiC 

2.1 Contacts in the n-Type Region 

Table 1 shows the results of contact fabrication in the n-type region, pc 
values in the range of 10“^ flcm^ have already been demonstrated on heavy 
N-doped epilayers using contacts made of Nb [28] and Ni [29, 32]. These 
pc values are lower than the best values obtained for n-type 6i7-SiC [16]. 
This success probably resulted from the recent improvement of the in situ 
heavy doping technique during homo-epitaxy and the refinement of PDA 
and surface preparation before contact annealing. Nickel is a major material 
for the fabrication of contacts on n-type SiC, and it has been investigated 
extensively. Better results have been obtained for Ni-based contacts subjected 
to PDA at temperatures ranging from 900 to 1000° C for an interval of 1 to 
5 min. A significant reduction in pc necessitates heavy doping at a donor 
concentration of more than No = 10^® cm“®. The doping technique involving 
ion implantation followed by activation annealing is relatively less effective for 
the reduction of pc than in situ doping during epitaxy. The same tendency 
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Table 1. Ohmic contacts on n-type 4_ff-SiC. The layered contact materials are 
shown with slashes to separate the distinct layers; the material on the left-hand 
side touches the SiC surface. The doping level indicates either the carrier density or 
the donor concentration in the SiC. During surface preparation, the material to the 
left of the slash was cleaned first, followed by cleaning of the material to the right 
of the slash. Photolithography performed during surface preparation is indicated 
by (Ph) 







Electrical property 


Doping 






Contact 

mat. 


Depos. 

meth. 


PDA pc 

conditions [Dcm^] 


Method Level 
of meas. [cm”®] 


Method 


Surface 

prep. 


Ref. 


Ni 


t 


950-1000°C, 1x10"® 
5min. 


TLM 


2x10®® 


epi. 


HF/ 
Ar ion 


[23] 


Mo 


t 


1000-6000°C 2x10"® 


TLM 


5x10®® 


epi. 


HF/ 
Ar ion 


[23] 


Ni 


eb 


950°C, 2.8x10”® 

lOmin., N 2 


TLM 


1x10®® 


epi. 


HF(l%)/[24], 
Ar ion [25] 


Ni/Cr/W 


sp 


1000-1050°C, 5x10”® 
5-lOmin., Ar 


TLM 


IxlO®®"- 

1x10®® 


bulk sub. org./Sac 
(Ph) 


[26] 


Al/Ni/Al 


t 


1000°C, 1.8x10”® 

5min., N 2 


4P 


1x10®® 


epi. 


SPM/ 

HPM/HF 


[27] 


Nb 


sp 


1100°C, 3.1x10”'^ 

3-lOmin, vac. 


TLM 


1.3x10®® 


epi. 


N.R. 


[28] 


Ni 


eb 


1000°C, 3.3x10”'^ 

2min, Ar 


TLM 


1.5x10®® 


epi. 


RCA/ 

Sac/HF 


[29] 


Ti/Ni 


eb 


no ~lxl0”® 

anneal. 


TLM 


2x10®° 


P-impla 


RCA/ 

Sac/HF 


[30] 


Ni 


sp 


1050°C, lOmin 6x10”® 
Ar-H 2 (5%) 


TLM 


1x10®® 


N-impla (ICP etch [31] 
or Sac) 

(Ph) 


Ni 


eb 


1000°C, 6x10”® 

2min, Ar 


TLM 


2x10®° 


p-impla 


RCA/ 

Sac/HF 


[32] 


Si/Ni 


eb 


900°C, lOmin, 1.9x10”® 
Ar-H 2 (5%) 


TLM 


2x10®® 

(N) 


epi. 


Sac/HF [33] 


Ni 


t 


900°C, Imin, 6x10”® 
Ar-H2 (15%) 


TLM 


1 X 10®° 

(N) 


epH-Ge- 

impla 


N.R. 


[34] 


TiW 


sp 


650°C, 30min, 3.8x10”® 
950°C, 30min 
vac. 


TLM 


1.1x10®® 


epi. 


SPM/ 

HF/Sac 


[35] 



Notations: t = thermal evaporation, eb = electron beam evaporation, sp = sput- 
tering, N.R. = not reported, 4P = four-point probe method, epi = in situ doping 
during epitaxial growth, and Sac = sacrificial oxidization followed by oxide removal 
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is also observed for contacts in the p-type region, which will be described 
later. This ineffectiveness may be caused by crystalline imperfections such as 
lattice damage, surface step-bunching and secondary defects that remain or 
are formed after activation annealing. Further investigation and improvement 
are required for heavy doping using ion implantation. The drawbacks of Ni- 
based contacts are an excessive amount of carbon precipitate and thicker 
reaction layers resulting from the reaction between the contact material and 
the SiC substrate [5, 23, 28]. These problems can be solved by using one of 
the following contact materials: thinner Ni [29, 32], nickel silicide [25, 33], 
or a refractory material causing the formation of a thin reaction layer such 
as that of Nb [28]. The fabrication of Nb-based contacts involves PDA at 
a temperature of more than 1100°C, which may significantly affect thermal 
oxides such as gate oxides. 

2.2 Contacts in the p-Type Region 

The results of contact fabrication on p-type 4i7-SiC are listed in Table 2. A 
variety of contact materials, including Ti, Pd, Al, Ni, Si, and Co, have been 
investigated. A widely used approach is to use Al in conjunction with Ti to 
form Ti/Al, Al/Ti, and Al-Ti. These materials were originally used for anode 
contacts of light-emitting diodes fabricated on 6iJ-SiC [36] . Crofton and col- 
leagues significantly improved these materials and obtained a very low pc on 
6if-SiC [17]. A Pc value in the range of 10“® flcm^ or lower was obtained on 
p-type 4i7-SiC with these materials [29, 53], but the pc values obtained by 
different researchers differ by as much as two orders of magnitude, as shown 
in Table 2. This difference is too large to be explained only by the difference 
in the doping level and/or PDA conditions. The pc may also be significantly 
dependent on the surface preparation condition before the deposition of con- 
tact material. Unfortunately, surface preparation has not been systematically 
studied. Al-based contacts can be significantly damaged during PDA; that 
is, there may be aluminum spill-over on neighboring areas [48], they may be- 
come strongly oxidized and change into AI2O3 [13, 48, 58, 59], or the contact 
surface may be “pitted” [5, 13, 32]. These problems have not been resolved. 
It is possible that the use of Ti-based contacts accompanied by very heavy 
doping can be effective in overcoming these difficulties [37]. 



3 Contact Design for Practical Devices 

3.1 Problems with Conventional Techniques 

If there were a material, just like aluminum in Si devices, which could be used 
to fabricate both interconnects and contacts, the contact structure could then 
be simplified as shown in Fig. la, where n"*" (p'*’) signifies a heavily doped 
n-type (p-type) region. Such a two-way material should also be resistant 
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Table 2. Ohmic contacts on p-type 4H-SiC. The layered contact materials are 
shown with slashes to separate the distinct layers; the material on the left-hand 
side touches the SiC surface. The doping level indicates either the carrier density 
or the acceptor concentration in the SiC. During surface preparation, the material 
to the left of the slash was cleaned first, followed by cleaning of the material to 
the right of the slash. Photolithography performed during the surface preparation 
is indicated by (Ph) 









Electric, property 


Doping 






Cont. 

mat. 


Dep. 

meth. 


PDA 

cond. 


pc Meth. 

[flcm^] of meas. 


Level 

[cm-®] 


Meth. 


Surface 

prep. 


Ref. 


Ti 


sp 


800°C, 
Imin or 
no anneal 


5x10"®? TLM 


4x10^° 


Al-C- 

co- 

impla 


N.R. 


[37] 


Al/Ni/ 
W etc. 


sp 


850°C, 

2min 


4x10"® TLM 


"Txl0™“ 


bulk 

sub. 


org/Acid/ 

HE 


[38] 


Al-Si, 

Si/Al 


sp 


700°C, 
20min, N 2 


3.8x10"® TLM 


5x10®"' 

(Al) 


epi. 


Acid/Ar dis- 
charge (Ph) 


[39] , 

[40] 


Pd 


eb 


700°C, 
15min, N 2 


5.5x10"® TLM 


5x10®'* 

(Al) 


epi. 


org/HE:HN 03 [41], 
(Ph)HE/Ar [42], 
discharge [43] 


Pd 


t 


600°C, 
in situ 


4xl0""‘ CTLM 


4x10®“ 

(Al) 


epi. 


HN 03 :HE 


[44] 


(Ti/)A1/ 

Ti/Pd/ 

Ni 


eb 


1150°C, 
50sec, H 2 


6x10"® CTLM 


L5xI(F^ 

(Al) 


LPE 


Chem/HF 

(Ph) 


[45] , 

[46] 


A1 


t 


950°C, 
5min, Ar 


6.1x10"® TLM 


“6xI(P“ 

(Al) 


Al-C- 

co- 

impla 


RCA 


[47] 


Ti/Al 

etc. 


N.R. 


1050°C, 
5 min, 
Ar-bH2 


1.4xl0"'‘ TLM 


-IxlO"^® 

(Al) 


Al-C- 

co- 

impla 


Sac(Ph) 
(ICP or BHF), 
or Sac/BHF/ 
(ICP or BHF) 
(Ph) 


[48] 


A1 


N.R. 


950°C, 

5min, 

Ar-bH2 


4.7x10"® TLM 


(Al) 


Al-C- 

co- 

impla 


Sac(Ph) 
(ICP or BHF), 
or Sac/BHF/ 
(ICP or BHF) 
(Ph) 


[48] 


Ti/Al 


eb 


1000°C, 
2min, Ar 


9.7x10"® TLM 


1.2x10®'' 

(Al) 


epi. 


RCA/Sac/ 

CVD(Ph) 

HF 


[29] 


Al/Ni 


t 


1100°C, 
20sec, vac. 
or 950°C, 
5min, Ar 


1.5x10"^ (C)TLM 


IxlO®'' 


Al-diff. 


RCA/HF 


[49] 



Notations: t = thermal evaporation, eb = electron beam evaporation, sp = sput- 
tering, N.R. = not reported, 4P = four-point probe method, epi = in situ doping 
during epitaxial growth, and Sac = sacrificial oxidization followed by oxide removal 
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Table 2 continued 







Electric, property 


Doping 






Cont. 

mat. 


Dep. 

meth. 


PDA pc 

cond. [Dcm^] 


Meth. 
of meas. 


Level 

[cm““] 


Meth. 


Surface 

prep. 


Ref. 


Al/Ti 


t 


1100°C, 1.3x10“'^ 

20 sec, vac./ 

950° C, 

5min, Ar 


(C)TLM 


lxl 0 “® 


Al-diff. 


RCA/HE 


[49] 


Al-Ti 


sp 


1000°C, 1.5x10““ 

2 min, vac. 


TLM 


7x10““ 


epi. 


Org/BHF 


[50] 


Ti/Al/ 

Ti/Al/ 

Ti 


sp 


1050°C, 4x10““ 

2min, Ar 


TLM 


7x10““ 


epi. 


Org/BHF 


[50] 


Ni 


sp 


1050°C, 1.5x10““ 

lOmin, 

Ar-H 2 (5%) 


TLM 


1 x 10 ^“ 

(Al) 


Al-C- 

co- 

impla 


(ICP etch 
or Sac) 
(Ph) 


[31] 


Al/Ti/ 

Pt/Ni 


eb 


1000°C, 9x10“^^ 

2 min, vac. 


TLM 


6 - 8 x 10 ““ 


epi. 


RCA/HF 

(Ph)HF 


[51] 


Al: 

Si,Ti 


eb 


950° C, 9.6x10““ 

7min, Ar 


TLM 


3-5x10““' 


LPE 


NH 4 OH/HCI/ 

H 2 SO 4 / 

HNO 3 /HF/A 1 

discharge 


[52] 


multi- 

Ti/Al 


eb 
or t 


500°C, 30min, 6x10““ 
vac./1000°C, 

2 min, vac. 


CTLM 


1 x 10 ““* 


epi. 


RCA 


[53] 


Ni 


eb 


1000°C, 7x10““ 

2min, Ar 


TLM 


2 x 10 ““ 


Al- 

impla 


RCA/Sac/ 

CVD(Ph) 

HF 


[32] 


Al/Co 


eb 


900°C, 4x10““ 

5min, vac. 


CTLM 


9x10““ 

(Al) 


epi. 


RCA/Sac/ 

HF 


[54] 


Ni(lOO) 


t 


900°C, 8.3x10“° 

Imin, 

Ar+Ha (15%) 


TLM 


5x10““ 

(Al) 


N-Ge- 

co- 

impla 


N.R. 


[55] 


Ti/Si/ 

Co 


sp 


500°C, 5min, 4x10““^ 
vac./850°C, 

Imin, vac. 


TLM 


3.9x10““ 

(Al) 


epi. 


RCA/BHF 

(Ph) 


[56] 


Al/Ti/ 

Au 


ep 

or sp 


900° C, 1.42x10“° 

15min, Ar 


TLM 


3-5x10““ 


epi. 


APM/HF: 

HNO 3 /HF 

(Ph)Ar 

discharge 


[57] 


Al/Pd/ 

Au 


eb 

or sp 


900° C, 4.08x10“° 

5min, Ar 


TLM 


3-5x10““ 


epi. 


APM/HF: 

HNO 3 /HF 

(Ph)Ar 

discharge 


[57] 
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Fig. 1. Contact structures on SiC: (a) ideal, (b) conventional, and (c) proposed 



to PDA at temperatures as low as 1000°C and must not affect the oxide 
layer underneath during contact annealing. However, such a material has yet 
to be discovered. Figure lb shows a conventional contact structure that is 
often referred to in articles on SiC devices [60]. The contact material and the 
interconnect material are structurally divided, with the former extending over 
the CVD oxide. The interconnect is formed after PDA to avoid damaging it 
in the annealing process. However, such contacts have a number of problems. 
For example, contact material with strong tensile stress, such as Ni and Co, 
often peels off in handling [61]. Also, during PDA, the reaction layer may 
penetrate the thin, heavily doped region [13, 23, 32], and the contact material 
may attack or spill over the oxide [48, 62]. In addition, the surface morphology 
of such contacts is poor [29, 50] and it is difficult to form both n- and p-type 
contacts with a very low pc on the same surface. 



3.2 Preferred Contact Structure 

Figure Ic shows the contact structure that we recommend [29]. There is a 
contact window in the thick oxide, which is sequentially grown by thermal 
oxidization or other deposition techniques. This oxide corresponds to the field 
oxide and insulating interlayer in an actual device. The bottom thermal ox- 
ide acts as a sacrificial oxide layer in the contact region and as a stabilizer of 
surface states in the regions outside the contact. This oxide may be thin, but 
it must be present. It should be noted that the contact material is defined 
precisely in the contact window, leaving a constant and fine clearance to the 
sidewall of the oxide. This configuration solves one of the above-mentioned 
problems associated with the contact material attacking or spilling over the 
oxide during PDA. The optimal contact material is determined experimen- 
tally from a number of materials with a low pc and one of the following 
attributes: thin texture, deposited silicide, and low reactivity with SiC dur- 
ing PDA. Such a contact material enables formation of a reaction layer that is 
relatively thinner than the junction depth, Xy This solves the aforementioned 
problems associated with the peeling off of the contact material during han- 
dling, the penetration of the reaction layer in the thin doped region, and the 
poor surface morphology of the contacts. The effectiveness of such a contact 
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material will be demonstrated later by using a contact with a 50-nm-thick Ni 
layer. Interconnect metal such as an Al-Si-Cu alloy or TiW is overlaid on the 
contact. The fabrication process for this contact structure has been detailed 
in [32]. 



4 Integration of Contacts 
into Vertical Power MOSFETs 

4.1 Preliminary Study 

All the contacts reported in this section were fabricated by the authors on 
(OOOl)Si 8°-off 4i?-SiC epitaxial substrates, using the contact structure in 
Fig. Ic and the same process as described in [32]. A mirror projection aligner 
(UTS-1500, ULTRA-Tech.) and a photoresist (OFPR8600, Tokyo Ooka) were 
used in all the photolithography processes: the mesa-based isolation of the 
heavily doped region, the opening of the contact window, and the pattern- 
ing of the interconnect material. This facilitates precise and reproducible 
photolithography. Many L-TLM (linear transfer length method) contacts 
were formed on the substrates in order to determine their pQ and trans- 
fer length, Lt, accurately. The contacts had the following size: W = 200 gm 
and D = 100 pm, and the contact spacing was L = 6, 10, 15, 20, 25, and 
30 pm. The limit for evaluating pc seems to be around 10“^ flcm^. The pc 
values were determined on the basis of at least five TLM measurements. The 
reproducibility of the pc data was within 20%. Reactive ion etching (RIE) 
of the mesa electrically isolated the heavily doped region. A 420-nm-thick 
oxide was sequentially grown around the contacts by dry O 2 oxidization at 
1100°C and by CVD (chemical vapor deposition) at 300°C using SiH 4 and 
O 2 . The total thickness included the 20-nm-thick thermal oxide layer. All 
the contact materials were deposited by using an electron beam evaporator. 
Unless stated otherwise, PDA was performed at 1000°C for 2 min in an Ar 
ambient. The A1 interconnect overlayer was about 500 nm thick. 

4.1.1 Low-Resistivity Contacts in the n+ Region 

The contact material was a thin layer of Ni ranging in thickness from 20 
to 200 nm. An 800-nm-thick epilayer in which nitrogen was in situ doped 
at a level of 1.5 x 10^® cm“^ was used as the region. All the pc values 
were normalized by the pco measured at room temperature for a 50-nm-thick 
Ni-based contact subjected to PDA at 1000°C. 

Figure 2a shows the pc as a function of the Ni thickness, ^Ni- The pc 
is independent of the Ni thickness, except at 20 nm. The smallest pc of 
3.3 X 10“^ ricm^ was obtained at a thickness of 50 nm. The electrode surface 
morphology improved noticeably when the thickness was reduced, and it was 
fairly smooth at a thickness of no more than 50 nm (see [32]). Figure 2b 
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*Ni TpDA (°C) 



Fig. 2. Relationship between fabrication conditions and specific contact resistance, 
pc, of the Ni contact formed in the region (epilayer) in situ N-doped with A^d = 
1.5 X 10*^® cm“^: (a) Ni film thickness (tNi) dependence and (b) PDA temperature 
(Tpda) dependence, pco = 3.3 x 10“^ Dcm^ is the specific contact resistivity for 
tNi = 50 nm and Tpda = 1000° C 



shows the PDA temperature (Tpda) dependence of the pc on the 50-nm- 
thick Ni contact. Although the contact exhibited an ohmic property at all 
TpDA values, the pc increased exponentially with a decrease in Tpda- We can 
see from this result that the Tpda should be as high as possible. 

Rutherford back-scattering (RBS) analysis revealed that even the 200- 
nm-thick Ni contact completely reacted with the SiC substrate, resulting in 
the formation of a reaction layer consisting of nickel silicide and carbon. A 
cross-sectional transmission electron micrograph (X-TEM) for the 50-nm- 
thick Ni contact is shown in Fig. 3. This micrograph indicates that the Ni 
reaction layer varied between 100 and 180 nm in thickness, but was still 
much thinner than the typical junction depth of 300 nm in the region of 




Fig. 3. Cross-section of a 50-nm-thick Ni contact on the in situ N-doped n”*" 4HSiC 
epilayer observed by transmission electron spectroscopy 
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actual devices. The figure also shows that the layer was studded with lots of 
white islands. High-resolution X-TEM and electron energy loss spectroscopy 
(EELS) techniques revealed that the white islands were carbon precipitate 
with a curl structure. 

A 50-nm-thick Ni contact was also fabricated in the n+ region doped 
by ion implantation, and the results obtained are described in the following 
section concerning single-material contacts. 



4.1.2 Single-Material Contacts for the p-Base 
and n- Source Regions 

Practical power MOSFETs require a contact fabrication technique that would 
enable simultaneous fabrication of contacts with a single material both in 
the n“'"-source and p-base regions. This technique would have a direct impact 
on the miniaturization of cells. It could also shorten the device fabrication 
process by eliminating the contact fabrication step for the p-base region. 
Downsizing and short-cut processing in turn can result in a reduction of 
specific on-resistance and significant cost savings. A very low pc is needed 
for source contacts through which high-density currents flow. A moderately 
low Pc is acceptable for p-base contacts. The most crucial aspect in forming 
such contacts, therefore, is to obtain an ohmic property in the p-type region 
using a contact material that shows very low contact resistivity in the n-type 
region. The most promising materials are obviously Ni-based ones. Several 
studies have investigated these materials [31, 32, 37, 63, 64]. The results of 
one such study conducted by the authors [32, 64] are briefly described below. 

50-nm-thick Ni-based TLM contacts were fabricated in the n’*' and p+ 
regions formed by multiple-energy P'*' and Al'*' ion implantation at 500°C 
and 750°C, respectively, followed by activation annealing at 1700°C for 1 min 
in an Ar ambient. The substrates were (OOOl)Si 8°-off 4i7-SiC substrates with 
lightly Al- and N-doped epitaxial layers, respectively. The doping level and 
the junction depth were A^d = 2 x cm“^ and X-^j = 350 nm for the n’*' 
region, and Na = 2 x 10^° cm“^ and Xaj = 270 nm for the p"*" region. 

Figure 4a shows the I-V characteristics between two adjacent contacts in 
the p+ region of a TLM test structure where the parameter L is the contact 
spacing. As can be seen from this figure, all the contacts had ohmic properties. 
Although the results for the n+ region are omitted here, the contacts in that 
region showed superior ohmic properties. The total resistance, Rt, between 
the adjacent contacts is plotted in Fig. 4b as a function of the contact spacing. 
Note that the range of the total resistance is different between the n- and 
p-type contacts. This is because the sheet resistance under the contacts in the 
p-type region is several orders of magnitude higher than that in the n-type 
region. The plots have an excellent linear relationship, indicating that the 
Pc and sheet resistance in the n"*" and p~^ regions are rather uniform. TLM 
analysis of the contacts revealed that pc = 5.8 x 10“® flcm^ and Lx = 1-3 |J.m 
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Fig. 4. Electrical properties for single-material 50-nm-thick Ni contacts (TLM) 
in the heavily-doped p"*" and regions on 4_ff-SiC formed by A1 and P ion hot- 
implantation followed by activation annealing: (a) current-voltage {I-V) charac- 
teristics between adjacent contacts in the p^ region with contact spacing, L, as a 
parameter, and (b) total resistance plotted as a function of L between adjacent 
contacts in the n"*" and p"*" regions. Here, AiA(Al) = 2 x 10^° cm“® and A^d(P) = 
2 X 10^° cm“® 



in the n+ region, and pc = 6.2 x 10“^ and Lt = 1-9 |4ni in the p~^ 

region. The contacts had fairly smooth surfaces, similar to the surface of the 
50-nm-thick Ni contact in the epitaxy in situ doped n'^ region (N) described 
above. 

4.2 Reliability of Contacts 

The reliability of the contacts for power MOSFETs was examined in terms of 
the Pc variation at elevated temperatures, their thermal resistance to the de- 
vice fabrication process, and their long-term reliability. The samples were two 
50-nm-thick Ni contacts prepared and used in the above-mentioned prelim- 
inary study: one was a low-resistivity contact (~10“^ flcm^) in the epitaxy 
in situ-doped n~^ region (N), and the other was a single-material contact 
(~10“^ ricm^) in the A1+ implanted/activated p+ region. Prior to the first 
test, their A1 overlayer was removed with a wet etchant in order to rule out the 
possibility of a chemical reaction between the contacts and the interconnect 
layer. 



4.2.1 Properties at Elevated Temperatures 

Figure 5a shows the pc of the two Ni contacts as a function of the operation 
temperature. Top, ranging from room temperature to 300° C. The pc values 
were normalized by the specific contact resistivity at room temperature, pco- 
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Tqp ( 



Fig. 5. Operation temperature (Top) dependence of: (a) pc and (b) transfer length 
(Lt) for 50-nm-thick Ni contacts in the n"*" and p"*" regions formed by epitaxy in 
situ N-doping and by A1 ion implantation followed by activation annealing, respec- 
tively, where AfD(N) = 1.5 x 10^® cm“® and Aa(A1) = 2 x cm“®. pco is the 
specific contact resistivity at room temperature. Data for the n'^ region obtained 
at temperatures higher than 250° C include large error since they reached the limit 
of our TLM measurement capability 



We can see from this figure that the pc monotonically decreased as the op- 
eration temperature increased and that its variation was approximately one 
order of magnitude for the contact in the n"*" region and one-and-a-half orders 
of magnitude for the contact in the region. 

The transfer length, Lt, is an important yardstick for determining the 
length of the “lateral” contact in power devices. Figure 5b plots the operation 
temperature dependence of Lx for the two Ni contacts. Though the data are 
a little scattered, the results clearly indicate that Lx gradually dropped to 
a sub-micrometer level and reached 0.4 pm and 0.9 pm for the n~^ and 
regions at 300° C. The values of pc and Lx plotted as a function of reverse 
Top [K] do not show a linear relationship for either the n~^ region or the p~^ 
region. 



4.2.2 Resistance to Thermal Budgets 
in the Device Fabrication Process 

Before the completion of the device fabrication process, contacts usually re- 
ceive additional thermal budgets from subsequent fabrication steps such as 
H 2 sintering (PMA), passivation film deposition, and packaging. Some of the 
samples were subjected to a heat cycle test, which simulated such additional 
thermal budgets in a typical power MOSFET fabrication process. The change 
in Pc was monitored at room temperature after each step. 

The results of the heat cycle test are plotted in Fig. 6. The vertical axis 
is the logarithmic pc normalized by the specific contact resistance before the 
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Fig. 6. Change in pc of 50-nm-thick Ni contacts in the and p"*" regions subjected 
to a heat cycle test simulating the additional thermal budgets in a typical power 
MOSFET fabrication process. The samples are identical to those in Fig. 5. pco is 
the specific contact resistivity that the contacts showed before the cycle test 



test, Pco- As can be seen in this figure, for both the contacts in the n+ and 
P+ regions, the pc did not change significantly during and after the test. It is 
concluded that both Ni contacts can withstand additional thermal budgets 
in the device fabrication process. 

4.2.3 Long-Term Reliability 

When contacts are subjected to a high temperature (e.g., 300°C) for a long 
period of time, the pc may increase. This is a very serious problem because it 
results in an increase in the specific on-resistance of power devices [24]. The 
long-term reliability of the two Ni-based contacts was examined at 500°C for 
1 000 hours in an Ar {t < 10 hours) and N 2 {t > 10 hours) ambient. The 
samples were the TLM contacts used in the experiment in Fig. 6. The 500°C 
heating process was occasionally stopped in line with the time schedule, and 
the Pc was measured at room temperature. 

The changes in the pc for the two contacts are shown in Fig. 7, where 
pco is the specific contact resistivity of the contacts before they were heated 
to 500°C. The horizontal axis is the logarithmic heating time in hours. This 
figure clearly shows that the contact in the p+ region was extremely stable 
even at 500°C and that its pc did not vary at all for 1 000 hours. In contrast, 
the contact in the n~^ region behaved differently. The pc decreased in the 
first few hours, then gradually returned to the initial level, and eventually 
became stable after 100 hours. The mechanism that caused such behavior is 
not yet clear. However, it is evident that low-resistivity Ni contacts in the n’*' 
region can potentially withstand 1 000 hours of heating at 500° C in the sense 
that the pc during and after the heating test does not exceed the initial pc 
value. 
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Fig. 7. Change in pc of 50-nm-thick Ni contacts in the n'^ and regions sub- 
jected to a thermal test at 500° C for 1 000 honrs, where pco is the specific contact 
resistivity that the contacts showed before the cycle test. The samples are identical 
to those in Figs. 5 and 6 



4.3 Process Design and Fabrication of Power MOSFETs 

We propose poly-Si gate n-channel vertical power MOSFETs on 4i7-SiC, 
successfully assembling the single-material Ni contacts as explained above 
and describe their fabrication process. Figure 8f shows the cross-sectional 
structure of a unit cell in the proposed vertical MOSFETs. As shown in this 
figure, a single Ni contact is commonly used in both the n“'"-source and 
regions in the p-base region. This contact structure is identical to that in 
Fig. Ic. 

Figures 8a through f show the fabrication process. Figure 8a shows the cell 
structure after the p-base, p^ in the p-base, n^-source, and doped-channel 
regions are selectively formed in the n-epilayer on the heavily N-doped AH- 
SiC substrate. After sacrificial oxidization followed by the removal of the 
resultant oxide, a thick field oxide is formed on the substrate surface by 
thermal oxidization and APCVD. The bottom oxide of the field oxide may 
be as thick as 10 nm. The field oxide over the active area is then removed 
by photolithography using BHF-based wet etching. As a result, although the 
cell returns to the structure in Fig. 8a, the field oxide still remains over the 
gate-pad area, which is not shown in the figure. The substrate is subjected 
to a surface-cleaning procedure consisting of RCA cleaning followed by slight 
etching with a diluted hydrofluoric solution. A gate oxide is then thermally 
grown in the active region followed by the deposition of a poly-Si layer by 
LPCVD. After phosphorus doping using POCI3, the poly-Si gate is defined 
by photolithography using dry etching. The cell structure thus obtained is 
depicted in Fig. 8b. It should be noted that part of the gate oxide remains 
on the n+-source and p^-base regions and that a thermal oxide and a poly-Si 
layer are also formed on the back side of the substrate. Then, after the top 
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Fig. 8. Fabrication process of poly-Si gate vertical power MOSFETs by assembling 
the single-material Ni contacts in both the n”'"-source and regions in the p-base 
region 



and side surfaces of the poly-Si gate are thermally oxidized, a thick insulating 
interlayer, (in this case, PSG) is deposited on the surface by APCVD, as 
shown in Fig. 8c, and it is then densified by annealing in an inert ambient. 
Next, two windows for the n+ source/p+ base and poly-Si gate contacts are 
opened in the insulating interlayer by photo-lithography with RIE followed 
by BHF-based wet etching, and a 50-nm-thick Ni film is quickly deposited 
on the entire surface of the substrate, which still has the photoresist. When 
the photoresist is removed, the Ni film remains at the bottom of the windows 
(Fig. 8d). After protecting the front surface with the photoresist, both the 
poly-Si and the thick thermal oxide layers are removed from the back surface 
by dry and BHF-based wet etching, respectively, and then a blanket Ni film 
is deposited on the “clean” back surface. After the removal of the protective 
photoresist, the substrate is rapid-thermally annealed at 1000°C for 2 min 
in Ar to simultaneously form ohmic contacts in the n“'"-source/p’^-base, n^- 
poly gate (pad), and n+-drain (back surface) regions. Figure 8e shows the 
cell structure after this PDA. A thick A1 overlayer is finally deposited on 
the surface by DC magnetron sputtering and patterned by photolithography 
using RIE (Fig. 8f). 

Based on the fabrication process described above, vertical n-channel 
power MOSFETs with a variety of cell pitches have been fabricated on low- 
resistivity (OOOl)si 8°-off 4i7-SiC substrates. The substrates had a 10-jJ.m- 
thick epilayer with a donor concentration of less than 10^® cm“®. One of the 
fabricated normally “off” power MOSFETs showed a specific on-resistance 





666 



S. Tanimoto, H. Okushi, and K. Arai 



Table 3. Doping level and specific contact resistivity (pc) for each region in the 
fabricated vertical power MOSFETs 



Region 


Doping [cm ®] 


pc [Ocm ^] 


n"*" source 


2.0 X 10^° (P) 


6.0 X 10"® 


p"*" body 


7.0 X 10^° (Al) 


2.0 X 10"® 


n"*" poly-Si 


not measured (P) 


4.8 X 10"'^ 



of 17 mflcm^ at a gate voltage of 23 V and a blocking voltage of more than 
600 V. The electrical characteristics of the MOSFETs are reported in detail 
elsewhere [65]. Only the results for the Ni-based contacts in the n~^ source 
and p~^ base regions and the poly-Si gate are described here [64] . 

The Pc of each contact except for the drain (back-side) contact of the 
power MOS structures was accurately measured by a transfer length method. 
TLM test structures were formed on a substrate identical to that on which the 
MOSFETs were fabricated. Table 3 lists the doping levels and the pc values 
for each region. The source contact showed a pc of 6 x 10“® flcm^. This pc 
value meets the requirements for wide power-MOS applications using 4i7-SiC. 
The single-material (Ni) p+ base contact had a pc lower than that given in 
the preliminary investigation. This slightly better pc may have resulted from 
a higher Al-doping level. The pc for the n+ poly-Si contact was sufficiently 
small to drive the gate of the power MOS structures. 



5 Conclusion 

A contact fabrication technology for practical power devices on 4i7-SiC was 
described. An optimal contact structure was proposed, which can overcome 
the drawbacks of conventional techniques. Specific contact resistances in the 
range of 10“^ flcm^ were demonstrated using a Ni-based contact in an epi- 
taxially grown region on (OOOl)si 4i7-SiC substrates. A single-material 
Ni contact showing an ohmic property for both the n- and p-type regions 
was also fabricated on 4i7-SiC, and it had a specific contact resistivity in 
the range of 10“® flcm^ and 10“^ flcm^ in the ion implanted and p“*" re- 
gions, respectively. The fabricated contacts were able to withstand a thermal 
stress of 500°C for 1 000 hours. Finally, our contact structure was applied to a 
vertically structured n-channel poly-Si-gate power MOSFET fabricated on a 
4i7-SiC substrate. We found that low-resistivity and single-material contacts 
could be made in real vertical power MOSFETs. 
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1 Introduction 

MEMS, short for microelectromechanical systems, is an enabling technol- 
ogy with the potential to impact nearly all fields of science and engineering. 
In a general sense, MEMS consists of an integrated set of microfabricated 
sensors, actuators and electronics designed to perceive and act on its local 
environment in order to achieve a desired function. To make such systems 
possible, materials or material systems that have favorable mechanical and 
electrical properties are required. When researchers discovered that Si had 
favorable mechanical properties and could be machined into micromechani- 
cal structures, the field advanced rapidly by leveraging the know-how, tech- 
niques and infrastructure of the silicon IC industry. Si pressure sensors were 
among the first devices in this new field. These devices consisted of microma- 
chined Si membranes and doped Si piezoresistors fabricated using relatively 
simple and straightforward bulk micromachining processes. With significant 
advancements in polycrystalline silicon (polysilicon) deposition and etch tech- 
nologies, more complex Si mechanical elements, such as tethered membranes, 
micromotors, laterally actuated resonators, hinged plates and the like could 
be fabricated from thin films using surface micromachining techniques. The 
heavy dependence on IC materials and processing techniques opened the 
possibility for integrating microelectronics with microsensors and microactu- 
ators, thus differentiating MEMS from discrete sensor technologies. Develop- 
ment of micromolding and wafer bonding techniques advanced the field even 
further by enabling the fabrication of three dimensional structures that could 
not be realized by bulk and surface micromachining. This repertoire of mi- 
cromachining techniques (bulk and surface micromachining, micromolding, 
and wafer bonding) became, in many respects, a micro-scale analog to the 
conventional machining techniques of the macro-scale world. 

Micromachining of Si has advanced to the point that MEMS technology 
is being used in a number of commercial applications, including inkjet print- 
ing, projection displays, pressure sensing, collision safety, and inertial sensing, 
with new applications emerging with each major advancement in the field. 
And while there is little doubt that Si-based MEMS will continue to make 
a significant impact in application areas that can benefit from miniaturiza- 
tion and batch fabrication, use of Si restricts new applications to those in 



W.J. Choyke et al. (eds.), Silicon Carbide 
© Springer-Verlag Berlin Heidelberg 2004 




672 C.A. Zorman and M. Mehregany 



benign temperature, chemical, and erosive environments due to the physical 
properties of Si. This is not to say that Si MEMS devices cannot be used in 
harsh environments, but deployment often requires extensive packaging that 
can limit or negate the benefit of miniaturization. To extend the benefits of 
MEMS technology to harsh environments (e.g., combustion and flow control) 
with a minimum of packaging, alternatives to Si are needed. Durable semi- 
conductors such as SiC and diamond are excellent candidates, because they 
are largely chemically inert, wear resistant, radiation hard, and electrically 
stable at high temperatures. Comparatively, SiC is more advanced as a result 
of the diversity of production techniques available for amorphous, polycrys- 
talline and single crystal films, the commercial availability of high quality 
single crystal substrates, and a host of processing techniques developed to 
support the SiC electronic device industry. And while SiC is most noted for 
harsh environment applications, it has recently been recognized for its poten- 
tial in mainstream applications where Si currently dominates. For instance 
SiC is particularly well suited for biomedical MEMS where materials that 
are both biocompatible and resistant to the damaging effects of sterilization 
are needed [1]. SiC is also a leading material for high frequency /high force 
electrostatic microactuators due to its high Young’s modulus-to-density ra- 
tio, fracture strength, and electrical conductivity [2]. Of course to fabricate 
MEMS devices from SiC requires techniques to produce and micromachine 
material suitable for the devices of interest. This chapter presents a review 
of the major techniques currently being used to micromachine SiC, including 
deposition techniques for thin films, bulk micromachining techniques for SiC 
substrates, surface micromachining techniques for SiC thin films, molding 
techniques for micro-scale SiC components and production methods for SiC- 
on-insulator substrates. While not the main focus of this chapter, examples of 
structures and devices created using the various techniques will be presented 
where appropriate. To learn more about the specifics of micromachined SiC 
devices, several thorough reviews have recently been published in main- line 
journals and should be consulted by those interested in the technology [3]-[5]. 



2 Thin Film Growth Processes for SiC MEMS 

Silicon carbide has long been known for its outstanding electrical properties, 
especially those that enable SiC microelectronics to function at temperatures, 
voltages and frequencies that are not easily sustained in Si. The demand for 
such devices has pushed the development of techniques for the production of 
electronic-grade SiC substrates and thin films that are sufficient for high per- 
formance devices. Along different lines, SiC is equally well known as a robust 
mechanical and chemical material, and consequently has been used exten- 
sively in industrial applications requiring durable bulk components, resistant 
thin film coatings and heavy-duty abrasives. In both situations the material 
is chemically the same, however the requirements for electronic applications 
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differ so much from those for industrial applications that, until recently, there 
has been little need to develop versatile SiC production processes designed 
to capitalize on the full set of its physical properties. 

MEMS, by its very nature, requires materials that have favorable electri- 
cal, mechanical and chemical properties. Where possible, MEMS technology 
favors materials that have advantageous characteristics in all three categories, 
hence the growing interest in SiC. Early work in SiC MEMS utilized thin film 
growth techniques developed specifically for SiC electronics, since such tech- 
niques were the state-of-the-art at the time. As interest in SiC MEMS began 
to grow, techniques to produce SiC specifically for MEMS began to emerge. 
These techniques are designed to produce SiC with the desired physical traits 
on a wide variety of substrates. In essence, SiC MEMS seeks to capitalize on 
the properties that make the material attractive for both industrial applica- 
tions and electronic applications. The following section presents a review of 
deposition techniques designed and developed specifically for SiC MEMS. 

2.1 Single Crystal SiC 

In wafer form, SiC currently exists in the AH- and 671-SiC polytypes and both 
are well suited for homoepitaxial growth of AH- and 6il-SiC films. As the 
cost of these wafers continues to decrease and the size continues to increase, 
use of AH- and 6i?-SiC polytypes in micromachined devices becomes more 
attractive. Several examples are beginning to appear in the literature and 
are detailed later in this chapter. To the best of our knowledge, the processes 
used to fabricate the substrates and epitaxial thin films in the few cases where 
the hexagonal polytypes are used in micromachining are the same as those 
for SiC electronics and thus will not be reviewed here. 

In contrast to the hexagonal polytypes, 3C-SiC is formed at lower tem- 
peratures and has a crystalline structure similar to silicon, enabling 3C-SiC 
films to be heteroepitaxially grown on Si substrates. The typical process in- 
volves conversion of Si by carbonization in a hydrocarbon gas, followed by 
3C-SiC film growth. The carbonization process results in a carbonized layer 
thickness of 10 to 20 nm. The bulk of the film is then grown by homoepi- 
taxy using carbon and silicon containing precursors. This process was first 
developed for electronic applications in hopes that a low cost, larger area 
alternative to 6iJ-SiC could be found. The high defect density resulting from 
the lattice mismatch between OC-SiC and Si and continued improvements in 
the quality and size of 6i7-SiC substrates eventually led most development 
efforts away from 3C-SiC for SiC electronics, although work does continue 
and recent advancements are beginning to show promise. 

Interest in 3C-SiC began to grow not long after MEMS technology en- 
tered a rapid phase of development (mid 1990’s) for much the same reasons as 
mentioned previously. Much of this early work utilized 3C-SiC films grown 
using the aforementioned two step heteroepitaxial process. Zorman et ah. 
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were among the first to report on 3C-SiC heteroepitaxy for MEMS applica- 
tions, using propane, silane, and hydrogen to grow SC-SiC films on 100 mm- 
diameter (100) Si wafers by atmospheric pressure chemical vapor deposition 
(APCVD) at temperatures around 1360°C [6]. This group was the first to 
report the growth of 3C-SiC films on large area substrates absent of interfa- 
cial voids, a characteristic that is particularly important for micromechanical 
device structures that are attached to the substrate using small anchor pads. 
The growth process remains essentially unchanged to this day and has been 
used in 3C-SiC based pressure sensors, lateral resonators and nanomechanical 
systems, all of which are detailed later in this chapter. 

Growth of heteroepitaxial 3C-SiC films on Si substrates is not limited 
to APCVD and numerous low pressure CVD (LPCVD) processes using both 
single and dual source precursors have been reported. Single source precursors 
are becoming increasingly more common as Si- and C-containing compounds 
that decompose at low temperatures become commercially available. LPCVD 
offers several advantages over APCVD, including improved film thickness 
uniformity over large areas, potentially lower impurity concentrations due to 
generally better vacuum systems, and lower processing temperatures. In a 
notable example pertaining to SiC MEMS, Krotz et ah, reported a LPCVD 
process using mono-methylsilane (HaSi-CHa) that yielded 3C-SiC films on Si 
substrates at temperature as low as 1000°C [7]. The films proved particularly 
useful as free standing membranes, tethered plates and other structures mi- 
cromachined from the Si wafers. The authors were able to show the utility 
of 3(7-SiC at high temperature by demonstrating that a 3C-SiC membrane 
pressurized to 1 bar and heated to 850° C did not suffer plastic deforma- 
tion. In contrast, an identical Si membrane tested in the same manner was 
permanently deformed. 

Production of 3C'-SiC films for use in MEMS is not restricted to CVD 
processes. Serre, et ah, reported on a novel process to form 3C'-SiC by C+ im- 
plantation into Si [8]. The process involves high temperature (500°C) ion im- 
plantation at moderate doses followed by a high temperature anneal (1150°C) 
for 6 hr to form the 3C-SiC layer. For improved conductivity, doped Si wafers 
are used. The films are suitable for surface micromachining, either by selec- 
tive removal of the underlying Si substrate, or by bonding and etch back to 
form 3C-SiC-on-insulator substrates that can be micromachined by selective 
removal of a buried oxide [9]. Membranes, cantilever beams and other thin, 
single layer structures can be made in this manner. Details about SiC-on- 
insulator substrates will be provided later in this chapter. 

2.2 Polycrystalline SiC 

Many micromechanical devices and a large number of microsensor structures 
do not require the high crystal quality needed to fabricate SiC electronics, 
and thus can be fabricated from polycrystalline material. The freedom to use 
polycrystalline material lifts many restrictions on the deposition processes. 




Micromachining of SiC 675 



especially with regards to deposition temperatures and substrate materials. 
As such, polycrystalline SiC films can be deposited on substrate layers such 
as polysilicon, Si 02 , and SiaN 4 , enabling the fabrication of more complex 
structures than could be realized from single SiC layers. 

As with 3C-SiC, early work in polycrystalline SiC MEMS utilized poly- 
crystalline SC-SiC (poly-SiC) films deposited by APCVD using modifica- 
tions to the heteroepitaxial growth process described earlier [10]. And while 
research using APCVD poly-SiC films continues [11], the trend is to use 
LPCVD for the reasons mentioned earlier. With the restrictions related to 
epitaxy completely lifted, a wide variety of single and dual precursors can be 
used. Dual precursor processes specifically for SiC MEMS include dichlorosi- 
lane (SiH 2 Cl 2 ) and acetylene (C 2 H 2 ) at 900°C [12] and silane (SiH 4 ) and 
carbon tetrabromide (CBr 4 ) at 940°C [13]. The process used by Zorman et 
al., is noteworthy for the size of the furnace, which can accommodate up to 
one-hundred, 100 mm-diameter wafers in a single run [12]. Single precursors 
have also been used, with temperatures ranging from 1200°C for compounds 
such as silacyclobutane (SCB) and trimethylsilane (3MS) [14] to 800°C for 
disilabutane (DSB) [15]. It should be noted that while the deposition temper- 
ature for SCB and 3MS is high, the deposition rates were nearly 1 pm/min, 
which significantly reduces the overall thermal budget of the process. 

As in the case of 3C-SiC growth, poly-SiC processes for SiC MEMS are 
not restricted to CVD techniques. If fact, C+ implantation into polysilicon 
films on oxidized Si substrates enables the creation of poly-SiC films on Si02 
sacrificial layers, as reported by Serre, et al. [16]. The process is essentially 
the same as detailed previously except that the post implant annealing step 
is not required. Other methods, such as reactive and magnetron sputtering, 
can also be used to produce poly-SiC films, but to the best of our knowledge, 
use of these films is not widespread in MEMS, although the potential is high 
for applications such as protective coatings. 

2.3 Amorphous SiC 

Amorphous SiC is attractive from a MEMS fabrication point-of-view because 
it can be deposited at very low substrate temperatures (~200°C) on a wide 
variety of substrates using processes such as plasma enhanced chemical vapor 
deposition (PECVD). Due to its chemical inertness, PECVD SiC is commonly 
used as a masking material in Si bulk micromachining applications. Amor- 
phous SiC films are especially resistant to KOH and HE if annealed prior to 
use [17], although films deposited at moderate temperatures (400°C) exhibit 
excellent resistance to KOH, HE and TMAH [18]. PECVD offers the op- 
portunity to control the residual stress in as-deposit SiC films, with stresses 
ranging from moderately compressive to moderately tensile [19], enabling the 
films to be used in a variety of micromechanical applications. 

PECVD is not the only means to produce amorphous SiC films for MEMS 
applications. Ledermann, et al., recently showed that magnitron sputtering 
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of a SiC target could be used to produce stress-controlled SiC films on pla- 
nar and non-planar Si surfaces [20]. Film thicknesses up to 2 pm were pro- 
duced by this method. And unlike conventional PECVD, amorphous, non- 
hydrogenated SiC could be deposited at a substrate temperature of 25° C. 
Pinhole-free, low stress films resistant to KOH etchants were produced when 
the oxygen content was held below 3 at.%. 



3 SiC Bulk Micromachining 

In general terms, bulk micromachining is a process used to create micro-scale 
mechanical structures by sculpting them directly from the substrate. Bulk 
micromachining was one of the first techniques used in MEMS, and is still 
commonly employed to fabricate MEMS devices from Si, GaAs, quartz and 
other high quality substrate materials. Bulk micromachining is typically per- 
formed using wet and dry etching techniques, with laser and ion beam milling 
becoming increasingly popular as these techniques become refined and appli- 
cations require materials that cannot easily be etched. Bulk micromachining 
of Si is extremely common, owing to the availability of high quality single 
crystalline substrates, anisotropic wet etchants and appropriate etch mask 
and etch-stop materials. Anisotropic wet etchants such as ethylene-diamine 
pyrocatecol (EDP) and potassium hydroxide (KOH) etch the (100) and (110) 
planes of Si much faster than the (111) planes, which enables the fabrication 
of deep rectangular and square cavities in (100) Si wafers. Other crystalline 
materials, namely quartz and III-V materials (e.g., GaAs) also exhibit an 
anisotropic etching behavior to particular crystal planes. A significant advan- 
tage of wet anisotropic etching of Si and GaAs is that mechanical structures 
can be machined out of electronic-grade material, thus facilitating integra- 
tion with electronic devices for sensing and signal processing. A drawback of 
this technique, however, is that the geometry of the micromachined struc- 
ture is ultimately restricted by the crystal orientation of the substrate. Gon- 
sequently, fabricating micromechanical structures with complex, free form 
geometry is difficult. Nevertheless, it is relatively straightforward to bulk mi- 
cromachine structures such as suspended cantilevers and square membranes 
from Si wafers for use in high performance devices, such as micromachined 
pressure sensors and accelerometers. To address the geometric restrictions 
of wet anisotropic Si etching, deep reactive ion etching (DRIE) processes 
have been developed and are now widely used. These processes anisotropi- 
cally etch Si with respect to the overlying etch masks, therefore columnar 
structures with circular cross-sections can easily be etched. This technology 
allows the patterning of high-aspect-ratio (e.g., > 20 : 1) features directly 
into a Si wafer using photoresists or Si02 as etch masks. Etch depths of a 
few hundred microns are possible while maintaining smooth, vertical sidewall 
profiles. When silicon-on-insulator (SOI) wafers are used as substrates, device 
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structures such as accelerometers, gyroscopes, and mechanical resonators can 
be made. 

Due to its extreme chemical inertness, fabrication of micromachined struc- 
tures in SiC using the aforementioned conventional bulk micromachining 
techniques has proven to be impossible in most cases and very difficult in 
the few that have shown promise. With the exception of a phosphoric acid 
etch at about 200° C, SiC is not known to etch in any wet chemicals at reason- 
able temperatures. As a result, anisotropic wet chemical etching of SiC along 
select crystal planes has not been demonstrated despite the availability of 
very high quality, single crystal substrates. Some common molten salts, such 
as Na 2 C 03 , Na2B407, NaOH, Na202, and KOH, have been used to decorate 
crystalline defects in SiC substrates, but these etchants lack the selectivity 
necessary to produce device structures by bulk micromachining. 

The chemical inertness of SiC requires that alternative methods be used 
for bulk micromachining. Despite its inertness, SiC can be selectively etched 
using electrochemical processes recently reviewed in detail by Okojie [21]. In 
general, SiC electrochemical etching is performed in an aqueous HF solution 
using a basic three-electrode configuration consisting of an ohmic contact 
to the SiC substrate, a reference electrode, and a Pt counter electrode. For 
etching to occur, holes (of the electronic type) must be present in the SiC 
crystal at the SiC/electrolyte interface, which can be generated by an external 
energy source. Etching occurs by the oxidation of SiC, which is promoted by 
the large concentration of holes at the surface of the SiC/electrolyte interface. 
Si02 is removed by the HF solution, while carbon evolves in gaseous form as 
CO 2 and CO. 

For n-type SiC, the generation of a sufficient number of holes is achieved 
by the use of an external light source in the 250 nm to 400 nm wavelength 
range in conjunction with an anodic potential applied to the SiC substrate. 
For etching selected regions of the SiC substrate, laser-assisted photoelectro- 
chemical (PEC) etching has been performed by simply scanning a laser across 
the surface of the region to be etched. For broad area etching, HF resistant 
masks can be used in conjunction with flood exposures. Electrochemical etch- 
ing has been primarily used to etch 6 HS 1 C, however, n-type 3(7-SiC films 
grown on Si wafers have also been etched, p-type SiC has an excess of holes; 
hence the etching process can be performed without illumination and thus is 
referred to as dark electrochemical etching. 

Due to differences in electrochemical etching of n- and p-type SiC, bulk 
micromachining processes that incorporate etch stop layers can be performed, 
especially in 6iJ-SiC substrates where epitaxial growth of high quality doped 
layers is now routine. A PEC process utilizing an epitaxially grown etch stop 
has been developed to fabricate bulk micromachined piezoresistive 6iJ-SiC 
pressure sensors for high temperature applications [22]. The process starts 
with an n-type 6i?-SiC substrate on which epitaxial p- and n-type 6iJ-SiC 
films are successively grown. Using the p-type epilayer as an etch stop, the 
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overlying n-type epilayer is patterned and etched by PEC into n-type piezore- 
sistors. A timed photoelectrochemical etch is then used to form a circular 
cavity into the backside of the n-type substrate, resulting in the creation 
of a 50 pm-thick, n-type diaphragm underneath the piezoresistors. The p- 
type epilayer serves both as an etch stop and as a junction isolation layer. 
Upon testing, this sensor demonstrated stable output at temperatures up to 
500°C and 69 bar, showing the potential for 6i?-SiC in specialized MEMS 
applications. 

The chemical inertness of all SiC polytypes makes physical processes 
such as laser micromachining particularly attractive for generating microma- 
chined structures. Unlike plasma processes, laser micromachining is a mask- 
less, direct-write process, meaning that patterns are generated by a focussed 
beam only in the illuminated area and at a depth determined largely by the 
power density of the beam. Lasers are commonly used in macroscopic ma- 
chining to create well-defined holes in substrate materials such as SiC. Laser 
micromachining is significantly more challenging because in most cases, struc- 
tures with a higher degree of geometric complexity than holes and cavities 
are desired. Nevertheless, several recent efforts have explored laser techniques 
specifically for micromachining applications. For instance, Jandeleit et al. 
detail a study investigating the removal process of SiC and other notable 
materials using pico- and nanosecond pulsed Nd:YAG laser irradiation [23]. 
As the authors report, pulsed laser radiation has potential in micromachin- 
ing applications because the laser irradiation can be focussed to micron-sized 
spot diameters and the thermal load can be controlled by the duration of 
the laser pulse. Using nano and picosecond pulse lengths allow for very high 
power densities to be used while minimizing the adverse effects of melt pool 
resolidification on the substrate, a problem that can significantly alter the 
shape and size of the final structure. With removal rates of 75 nm to 1.1 pm 
per laser pulse, the authors report the ability to produce holes in SiC with 
diameters as small as 4 pm with sharp edges and steep sidewalls. 

For Si bulk micromachining, DRIE is becoming an extremely popular 
technique, since the selective nature of the process with respect to conve- 
nient etch mask and etch stop materials (photoresist and Si 02 ) enables the 
fabrication of complex structures that cannot be realized using other meth- 
ods. In general terms, DRIE utilizes high-density plasmas to anisotropically 
etch features deep into the substrate without regard to crystal orientation. In 
some Si processes, the etching step is not continuous, but rather is interrupted 
periodically so that a thin protective film can be applied to the sidewalls of 
the newly created structure. In this manner, deep structures (> 100 pm) with 
nearly vertical sidewalls can be created. 

Fortunately, SiC is not so chemically inert that it resists all types of ener- 
getic plasmas. Quite the contrary, SiC can be etched in fiuorinated plasmas, 
many of which are commonly used in Si microfabrication, albeit at slower etch 
rates. For a comprehensive review of SiC plasma etching processes, the reader 
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is directed to [24]. While there are numerous dry etching techniques suitable 
for SiC patterning, most of these were developed for thin film monolithic 6H- 
and 4iJ-SiC electronic devices. Consequently, etch rate, while important, was 
a secondary parameter to etch profiles and etch field characteristics. With the 
rapid rise in the development of SiC-based high power and high frequency 
devices, interest in using ultra-thick (> 50 pm) SiC layers has given rise to 
RIE processes for etching such thick layers. Naturally, these processes will 
have utility in SiC bulk micromachining, since many of the requirements are 
similar. 

Deep plasma etching of SiC is similar to Si in that etching is performed 
using a high density plasma consisting of fluorinated chemistries. To achieve 
etch rates comparable to Si DRIE, SiC DRIE requires plasmas that include 
highly energetic ion bombardment to damage the exposed SiC surface, mak- 
ing it more susceptible to chemical reactions with fluorine radicals. This ne- 
cessitates the use of hardened, non volatile etch masks such as Ni and indium- 
tin-oxide (ITO) as opposed to less durable photoresists and Si02 masking 
materials [25]. The inertness of SiC does, however, provide one significant 
advantage over Si in that the sidewall passivation step that is crucial for high 
aspect ratio Si DRIE, is not required for SiC DRIE, especially since the SiC 
DRIE plasmas are highly directional. 

Several recent publications have detailed the development and applica- 
tions of SiC DRIE for microelectronics and MEMS applications. Cho et ah, 
describe a process to produce via hole etching in 4iJ-SiC substrates by in- 
ductively coupled plasma (ICP) etching with SFe and O 2 [26]. Etch rates of 
0.6 pm/min were achieved and selectivities of greater than 50 were realized 
when A1 was used as an etch mask. Columnar via holes etched both partially 
and completely through 100 pm-thick wafers were formed, thus demonstrat- 
ing the utility of the process for at least relatively simple structures. Along 
similar lines, Chabert reported the deep etching of 4if-SiC using SFg and O 2 
in helicon generated plasmas [27]. The authors report via hole etch depths of 
330 pm, etch rates of 1.35 pm/min and a selectivity to Ni etch masks of 50 for 
helicon-based plasmas. In what is likely the first use of SiC DRIE to produce 
an active bulk micromachined MEMS device, Beheim reports the fabrica- 
tion of a 6iJ-SiC piezoresistive pressure sensor from 6iJ-SiC wafers [25]. The 
sensor consists of four piezoresistors patterned on top of a 60 pm-thick, 1 mm- 
diameter QH-SiC membrane etched from a 120 pm-thick, commercial grade 
6i^-SiC wafer. With the appropriate metalization and packaging, the sensor 
was successfully tested in the compressor discharge of a gas turbine engine, 
reaching temperatures as high as 520° C. 

Bulk micromachining of Si substrates using SiC is straightforward since 
SiC thin films can be readily deposited on Si wafers and is an ideal etch stop 
for Si etchants such as KOH, TMAH, and EDP. This fact enables the fab- 
rication of single and poly crystalline 3C-SiC thin film structures suspended 
from micromachined Si substrates, such as the membranes shown in Fig. 1. 
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Fig. 1. Poly-SiC thin film membranes on 
a 100 mm-diameter Si wafer fabricated 
by wet Si anisotropic etching (courtesy 
FLXMicro, Cleveland, Ohio USA) 



A cross section and plan-view of the structure are shown schematically in 
Fig. 2. 

The process begins with the deposition of a SC-SiC film on a (100) Si 
substrate. Following SiC growth, the wafer is placed in a thermal oxidation 
furnace, where a 1.5 |i,m-thick Si02 film is grown on the backside of the Si 
wafer. Etch windows are photolithographically patterned in the backside ox- 
ide using HF as an etchant. The wafer is then submerged in an anisotropic 
Si ethant such as KOH to remove the unmasked regions of the Si substrate. 
As mentioned previously, the etch preferentially removes (100) and (110) Si 
planes, forming a cavity beneath the SiC membrane bound on four sides with 
(111) Si planes angled at 54.7 degrees to the wafer surface. Due to the prefer- 
ential nature of the anisotropic etch, only square or rectangular membranes 
can be formed. Overetching is of no concern, since the anisotropic Si etchants 
do not attack SiC. Essentially the same process can be used to form more 
complex structures such as cantilevers and tethered plates by simply pat- 
terning the SiC film by reactive ion etching prior to the Si micromachining 
steps. 

The Si bulk micromachining methods described here can be used to fab- 
ricate test structures to evaluate the mechanical properties of single and 
poly crystalline forms of 3C-SiC, as well as amorphous SiC. Suspended SiC 





Fig. 2. Cross-sectional and plan-view schematics of a SiC membrane fabricated by 
Si bnlk micromachining of a (100) Si wafer. The angled sidewalls are the (111) Si 
planes that terminate at the SiC film {black) and the edges of the Si02 etch mask 
{grey) 
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membranes are particularly useful since the Young’s modulus and residual 
stress can be determined from the deflection behavior of membranes sub- 
jected to pressure loads [28]. As determined using such structures, (100) 
3C-SiC films grown by APCVD typically have Young’s modulus values of 
about 350 GPa and residual stress values in the range of 200 to 300 MPa. 
Likewise, typical values of Young’s modulus and residual stress for poly-SiC 
range from 350 GPa to 450 GPa and 100 MPa to 500 MPa, respectively. In 
contrast, amorphous SiG has a much lower Young’s modulus (180 GPa) and 
widely varying residual stress (—400 to 490 MPa) [29]. As with other thin film 
materials, the Young’s modulus of a particular crystal form (i.e., poly-SiG) 
is relatively insensitive to small differences in processing conditions, while 
the residual stress varies widely depending on process parameters, the main 
parameter being substrate temperature. It should be noted that for epitaxial 
films, only (100) 3C-SiG membranes are fabricated by this method, due to 
the anisotropic behavior of the wet Si etchants. 

As mentioned previously, SiG cantilever beams can easily be fabricated by 
simply patterning the SiG films by RIE prior to the backside Si anisotropic 
etching step. Alternatively, a small region of Si beneath the patterned SiG 
structures can be removed from the front side of the substrate by isotropic 
etching techniques. Several groups have used cantilever structures to evaluate 
the mechanical properties of 3C-SiG films [8, 30, 31]. Using 10 pm-thick 
cantilever beams made from 3C'-SiG films grown by LPGVD, Su et ah, found 
that the Young’s modulus varies significantly for doped and undoped films, 
with the Young’s modulus of undoped films being 694 GPa while that for 
A1 doped films being 474 GPa [30]. By studying the behavior of bending 
cantilever structures, Serre, et al., found that the Young’s modulus of 0.3 pm- 
thick 3C'-SiG films fabricated by G+ ion implantation is 470 GPa, which is 
in fairly close agreement with the doped films in the previous example [31]. 

The evaluation of mechanical properties using bulk micromachined 3G- 
SiG structures is not limited to membranes and singly clamped cantilever 
beams. In fact, doubly anchored beams offer the opportunity to use conven- 
tional tensile testing methods to determine the Young’s modulus and strength 
of the material under test. Jackson et al., recently reported the results of such 
a study using epitaxial 3C-SiG films and bulk poly-SiG specimens [32]. For 
both specimen types, the test structures consisted of micromachined dog- 
bone structures. The 3G-SiG specimens were fabricated using the method 
outlined above for the cantilever beams, while the poly-SiG dog-bone struc- 
tures were created using a molding process described in the micromolding 
section of this chapter. From the load-displacement data, the authors found 
that the Young’s modulus for the 3C-SiG films was 420 GPa with a strength 
of 1.2 GPa, while the poly-SiG samples had a Young’s modulus of 430 GPa 
with a strength of 0.49 GPa. 

In addition to mechanical characterization structures. Si bulk microma- 
chining offers many opportunities to fabricate 3C-SiG MEMS devices. Ar- 
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guably the most common 3C-SiC MEMS device is the bulk micromachined 
piezoresistive pressure sensor. For such sensors, 3C-SiC is attractive for both 
its electrical and mechanical properties, especially at operating temperatures 
too high for Si sensors. For pressure sensing, 3C-SiC films can be used for 
both membranes and piezoresistors, but unlike the 6iJ-SiC pressure sensors, 
no successful design has both the piezoresistors and membranes made from 
3C-SiC. This is because p-n junction isolation in 3C-SiC is significantly ham- 
pered by junction leakage in the heteroepitaxially grown films, which only gets 
worse with increasing temperature. Successful pressure sensor designs use 3C- 
SiC only for the piezoresistors and use silicon-on-insulator wafers [33, 34] or 
3C-SiC on insulator wafers [35] as substrates. An example of such a sensor is 
shown in Fig. 3. In each of these examples, the membrane is made of (100) Si 
and is fabricated using Si bulk micromachining either by Si DRIE [33, 34] or 
wet chemical etching [35]. As a result, the sensors are suitable for high tem- 
perature operation (up to 400° C) but are limited to chemical environments 
favorable to Si unless protective packaging is employed. 

3C'-SiC is particularly well suited for applications requiring robust me- 
chanical membranes to support active or passive structures made from ma- 
terials other than 3C'-SiC. For instance, Sugiyama et ah, fabricated X-ray 
lithography masks made of 8 pm-thick Au gold absorber structures sup- 
ported by thin (2 pm) bulk micromachined 3(7-SiC membranes [36]. 3C-SiC 
is well suited for such applications due to its superior mechanical properties, 
radiation hardness, and its compatibility with Si bulk micromachining. 

Several groups have capitalized on the favorable thermal properties of 
3C-SiC to create suspended microbridge heaters for gas sensing applications. 
Each of the following sensor designs is based on the same basic platform, 
namely a bulk micromachined poly-SiC microbridge that can be used either 
as a thermally-isolated mechanical support or a suspended microheater. Ho et 




Fig. 3. Micrographs of a 3C-SiC piezoresistive pressure sensor fabricated on SOI 
substrates by Si DRIE: {left) top view of the circular membrane showing the position 
of the piezoresistors, and {right) cross-sectional view of the pressure sensor cavity 
formed by Si DRIE. The sensor incorporates a center boss (courtesy of M. Eickhoff, 
Walter Schottky Institute, Germany) 
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al., describe an ethanol gas sensor that utilizes such SiC microbridges [37]. In 
their design, poly-SiC films deposited on Si substrates by rapid thermal CVD 
using SiH 4 and CsHg at 1150°C were fabricated into cantilevered bridges us- 
ing Si bulk micromachining. The SiC bridges served as resistively heated 
microheaters. An and Ni thin films were used as electrodes and an ethanol- 
sensitive Sn02 thin film was used for sensing. The poly-SiC microheaters 
allowed the device to reach an operating temperature of 300° C, enabling the 
sensor to detect an ethanol concentration of 1000 ppm in air. In three separate 
papers, Solzbacher et al., describe various NO 2 sensor designs that incorpo- 
rate bulk micromachined poly-SiC microbridges [38]-[40j. In their design, 
poly-SiC films deposited by CVD at 1200°C on oxidized Si wafers were fash- 
ioned into microbridge hotplates using Si bulk micromachining. The poly-SiC 
films were utilized in one of two ways depending on the application. For low 
voltage applications, the poly-SiC microbridges provided mechanical support 
and thermal isolation for HfB 2 thin film heaters. For high voltage applica- 
tions, selected regions of the poly-SiC bridge were doped with nitrogen by ion 
implantation to create resistive SiC microheaters imbedded into the poly-SiC 
bridge. In 203 thin films were used for sensing NO 2 . The authors report that 
the packaged sensors require only 20 mW for stable operation at 250° C and 
can sense NO 2 at concentrations as low as 5 ppm. The authors noted that 
while the operating temperature need not exceed 300° C for detection pur- 
poses, the poly-SiC microheaters could easily reach temperatures of 650°C. 



4 SiC Micromolding 

Micromolding refers to the fabrication of microstructures using disposable 
molds to define the device structure. In general, micromolding is an additive 
process where the structural material is deposited only in areas constitut- 
ing the microdevice structure; in contrast, subtractive micromachining pro- 
cesses (i.e., bulk and surface micromachining) feature blanket deposition of 
the structural material followed by etching to realize the final device geom- 
etry. A molding-based processing approach has been developed to fabricate 
high aspect ratio MEMS devices from polycrystalline 3C-SiC, such as a SiC 
fuel atomizer shown in Fig. 4 [41]. This approach uses molds fabricated by 
Si DRIE to provide for controlled depth variations in the thickness direction. 
SiC structures are fabricated by the deposition of SiC material into the molds 
followed by mold removal in a Si etchant. Molding techniques have long been 
used to fabricate macro-scale SiC structures; however, these processes use 
graphite molds that cannot be micromachined to the dimensions required for 
MEMS. DRIE, on the other hand, can be used to create Si molds with the 
requisite dimensions. 

The process begins with the fabrication of the Si mold, which is created 
by two Si DRIE steps. The molds are first coated with a thin film of 3C-SiC 
to protect the Si surfaces from pitting during a high deposition rate poly-SiC 
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Fig. 4. Fabrication of micromachined SiC components by micromolding: (left) a 
SEM micrograph of a SiC fuel atomizer, and [right) cross sectional schematic of a 
Si mold (white) filled with poly-SiC (black) after polishing [41] 



process that is used to fill the 400 pm-thick molds. Since deposition occurs on 
all critical surfaces of the mold, mechanical polishing is used to remove excess 
SiC. Once the top surface of the Si mold is exposed, the device is released by 
dissolving the Si mold in a KOH solution. Structures, such as components for 
micro-gas turbine engines [42] and tensile testing structures [32] have been 
fabricated from poly-SiC films deposited into Si molds. 

The micromolding process is not limited to CVD SiC, and in fact works for 
sintered SiC components as well. Tanaka et ah, report on a process to create 
microturbine components by hot isostatic pressing of SiC and graphite sin- 
tering powders into DRIE fabricated Si molds [43] . The hot isostatic pressing 
process involves cold pressing the SiC and graphite powders into the molds, 
followed by hot isostatic pressing at temperatures in excess of the melting 
point of Si. As the Si begins to melt, it infiltrates the pressed powder and 
reacts with graphite to form SiC on the pre-existing SiC powder, resulting 
in a dense SiC structure. The remaining Si mold is then dissolved in a mix- 
ture of HE and HNO3 to reveal the micromolded SiC structure. The authors 
report that the sintered material has a bending strength and hardness that 
is roughly 70 to 80% of commercially available sintered SiC fabricated by 
conventional means. Moreover, the pressing process results in dimensional 
shrinkage of less than 3%. 

While use of Si as a material for microfabricated molds works well for 
the fabrication of SiC components, geometric restrictions related to Si DRIE 
ultimately limit the complexity of SiC components made by this method. 
Alternative molding techniques utilizing thick, photodefinable polymer films 
such as SU-8 have proven to be very useful in the fabrication of electroplated 
metal structures that are thicker than Si structures patterned by DRIE and 
have much higher height-to- width aspect ratios. For bulk SiC created using 
conventional means, polymer molds could not be used because the SiC pro- 
cessing temperatures are simply much too high. However a new class of ma- 
terial, polymer-derived SiCN ceramics that retain many of the properties of 
stoichiometric SiC, such temperature stability, oxidation resistance, thermal 
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shock resistance, and can be patterned using polymer molds show promise 
for harsh environment MEMS. The first to report on the development of 
polymer-derived SiCN for MEMS was Liew et al. [44]. In this paper, the au- 
thors detail a polymer-based micromolding process to cast SiCN ceramics into 
components for micromachined devices. Unlike the aforementioned examples, 
the molds in this case were fabricated using photodefinable SU-8 deposited 
onto Si wafers and patterned using a standard UV-based photolithographic 
process. After patterning the SU-8 molds, liquid phase SiCN was injected into 
the molds and converted to a solid ceramic by heating first to 250° C then 
to 400°C and finally to 1000°C, at which temperature the SU-8 thermally 
decomposes, leaving behind the SiCN part. Structures such as tensile testing 
specimens and micromotor gears have been successfully fabricated in SiCN. 



5 SiC Surface Micromachining 

Surface micromachining, in its simplest form, is a process where a thin film 
comprising the structural layer of a device is deposited and patterned onto 
a second film that serves as a temporary, or sacrificial, substrate. The sac- 
rificial layer is then selectively dissolved using a chemical etchant that does 
not attack the structural layer, thus releasing the device in select regions and 
allowing it to move with at least one degree of freedom. In contrast to bulk 
micromachining, the wafer is used as the mechanical support on which surface 
micromachining is performed. With the proper materials, multiple, alternat- 
ing layers of structural and sacrificial material can be deposited, patterned, 
and selectively etched to realize multilayer micromechanical structures that 
would be very difficult if not impossible to fabricate using traditional bulk 
micromachining . 

Surface micromachining is a versatile technology because the patterning 
of the structural and sacrificial layers is typically accomplished by etching 
processes that are insensitive to the crystalline structure of the films. More- 
over, surface micromachining enables integrated, multilevel structures using 
multiple layers of structural and sacrificial material. There is no inherent 
restriction on the structural-sacrificial material system as long as the com- 
patibility between the two materials is maintained. 

The most widely used group of materials in surface micromachining to- 
day is the polysilicon-Si02-Si material system, with polysilicon serving as 
the structural material, Si02 as the sacrificial material, and single crystal Si 
as the substrate. When needed, SisN 4 can be included for electrical isolation 
and etch masking. To pattern the polysilicon films, reactive ion etching in flu- 
orinated plasmas is commonly performed. Use of Si02 as the sacrificial layer 
facilitates the use of hydrofluoric acid (HE) for release. In general, polysil- 
icon surface micromachining is limited to structural layers of about 10 pm 
due to residual stresses in the thicker films as well as process practicalities. 
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For single crystal Si surface micromachining, silicon-on-insulator substrates 
are used. 

In principle, surface micromachining of SiC can be performed in the same 
manner as Si surface micromachining. As reported by Fleischman et ah, the 
first SiC surface micromachining processes utilized poly-SiC films deposited 
on polysilicon sacrificial layers [10]. This simple one-structural-layer process 
begins with the growth of a thermal Si02 layer on a Si substrate to provide 
electrical isolation for the device and chemical protection for the substrate. 
A sacrificial polysilicon film is then deposited by LPCVD on the thermal 
oxide, after which a structural poly-SiC film is then grown on the polysilicon 
sacrificial layer and patterned using a fluorine-based RIF and a metal hard 
mask. After removing the RIE mask, the free-standing sections of the device 
are released by dissolving select regions of the sacrificial polysilicon in KOH. 
The anchor pads of the device structure are sized such that the free-standing 
sections are completely undercut long before the anchors. Schematics and an 
SEM micrograph of a lateral resonant structure made by this method are 
shown in Fig. 5 [11]. 

For the devices reported in [10], 2 pm-thick poly-SiC films were grown us- 
ing a heteroepitaxial SC-SiC growth recipe. In a follow-up study, Fleischman 
et ah, reported that this process could be simplified by using Si 02 as both 
an electrical isolation and sacrificial substrate layer [45]. In both cases, single 
layer, electrostatically actuated lateral resonators were fabricated using these 
processes. Roy et ah, later showed that the mechanical quality factor for such 
devices can be quite high, with values in excess of 150 000 measured under 
high vacuum conditions [11]. As with Si, single layer 3C-SiC structures can 
be surface micromachined from heteroepitaxial films grown directly on SOI 
wafers or transferred to oxide coated Si wafer using wafer bonding techniques. 
Alternatively, SiC structures can be surface micromachined by first growing 
and patterning a SC-SiC film, then converting a thin region of Si beneath 




Fig. 5. Single layer poly-SiC surface micromachining on Si substrates: (left) SEM 
micrograph; {right) cross sectional schematic showing the poly-SiC, polysilicon and 
Si 02 layers as black, shaded, and grey, respectively 
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the film to porous Si, then dissolving the porous Si chemically to release the 
structure. In this manner, microbridge structures for mass flow sensors [46] 
can be fabricated without much difficulty. 

Single layer SiC surface micromachining is relatively straightforward with 
respect to the etch recipes used to pattern the SiC Aims, since any damage 
that might occur to the sacrificial underlayer will have no long-term impact 
since the layer will be dissolved during the release step. For multilayer SiC 
surface micromachining, however, the same is not true, since any damage 
created during a particular SiC patterning step will be manifest in some way 
in the sacrificial and structural layers that follow in the process. In essence, 
the single most important characteristic of an RIE step in multilayer surface 
micromachining is the selectivity between the structural layer and underly- 
ing sacrificial layer. For polysilicon surface micromachining, the selectivities 
between polysilicon and Si 02 are quite high, but unfortunately the same is 
not true for SiC. To address this limiting issue, Yasseen et ah, has devel- 
oped a technique designed specifically for multilevel SiC surface microma- 
chining using thin film molds fabricated on sacrificial substrates to pattern 
SiC Aims [47]. To illustrate the process, a two-layer surface micromachining 
process to produce SiC micromotors is shown in Fig. 6. The process begins 
with the growth of a sacrificial Si02 layer on a Si wafer. A polysilicon layer is 
then deposited by LPCVD and patterned to form a thin film mold. Poly-SiC 
is then deposited into the mold. SiC deposited on the top surfaces of the mold 
is removed by polishing with a diamond polishing slurry. As seen in Fig. 6b, 
the polishing step also serves to planarize the substrate, an important at- 
tribute of the process. A second mold pattern is then fabricated by etching 
the polysilicon in select regions, and followed by a timed etch of the exposed 
Si02 sacrificial layer. The etched cavity is then coated with a thin Si02 layer 
to complete the creation of the second mold. Poly-SiC is then deposited to 




Fig. 6. Cross-sectional schematics of the two-SiC-layer SiC micromotor fabrication 
process: (a) after sacrificial oxide {grey) and polysilicon mold [dark grey) deposi- 
tions; (b) after poly-SiC deposition (black) and planarization; (c) after second mold 
patterning; (d) after second molding oxide deposition; (e) after second poly-SiC de- 
position and patterning; and (f) after mold and sacrificial layer release 
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Fig. 7. SEM micrographs of a series of interlocked poly-SiC micromotors fabricated 
using the micromolding method: (left) before mold removal; and (right) after mold 
removal and release 



fill the second mold. This layer is then patterned by RIE. In this case, the 
release process involves the removal of both the molding and sacrificial lay- 
ers. The device can be released by sequential etching in KOH and HE. The 
selectivity issues associated with SiC RIE are completely bypassed by using 
polysilicon and Si 02 as molding materials since the processes used to pat- 
tern these materials are highly selective to each other and SiC. Issues related 
to polishing selectivity require further research. SEM micrographs of poly- 
SiC micromotors fabricated using the micromolding technique are shown in 
Fig. 7. 

The micromolding-based surface micromachining concept has recently 
been extended to a four-SiC-layer process called MUSiC"’’^. Short for Mul- 
tiuser Silicon Carbide Process, MUSiC"’’^ is modeled after the MUMPs"'"'^ 
(Multiuser MEMS Process) process for polysilicon and is the first large-scale 
process for micromachined SiC devices. And like MUMPs, the multi-user ap- 
proach offers opportunities for those who do not have access to SiC processing 
tools. 

SiC surface micromachining is not restricted to polycrystalline and single 
crystalline 3C-SiC, although these materials appear to be the most versatile. 
In an effort to extend the usefulness of amorphous SiC in MEMS beyond 
etch masks, simple membranes, and protective coatings, Bagolini et ah, has 
recently reported on a novel technique using polyimide sacrificial layers to 
surface micromachine amorphous SiC films [48]. Polyimide is an attractive 
polymeric material for MEMS, since it can easily be deposited by spin casting, 
is chemically and thermally durable, and is compatible with Si IC processing. 
The surface micromachining process described in [48] is relatively straight- 
forward. First, a polyimide thin film is deposited on Si wafers by spin casting 
and cured at temperatures up to 400°C. If desired, the polyimide sacrificial 
layer can be patterned using O 2 or CF 4 /O 2 plasmas. After patterning, an 
amorphous SiC structural layer is deposited by PECVD at 400° C. The SiC 
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layer is patterned using an anisotropic CF 4 /SF 6 /O 2 plasma, and the resulting 
structure is released by etching the underlying polyimide using an isotropic 
O 2 plasma etch. Using this process, single layer SiC structures such as teth- 
ered membranes can readily be fabricated. This process shows promise for 
application areas that would benefit from SiC but cannot tolerate the high 
deposition temperatures needed for thin film growth. 

With the recent popularity in all things “nano” has come a growing inter- 
est in developing SiC structures on the nano-scale in hopes that the attractive 
properties on the micro-scale are retained or enhanced as sizes move toward 
nanometer dimensions. Along these lines, two groups have recently reported 
successes in fabricating 3C-SiC nanorods and nanowires on Si substrates. 
Lai et ah, reported the ability to grow straight, 1 pm-long 3C-SiC nanorods 
by hot filament CVD [49], while Kim et al., reported the successful large 
scale synthesis of 500 pm- long, 40 nm diameter (111) 3C-SiC nanowires on 
Si substrates [50]. And while these approaches do not presently utilize sur- 
face micromachining in the creation of the nanostructures, it is likely that 
some sort of surface micromachining technique will eventually be used if these 
structures are to be employed in nano- or micro-scale devices, and thus merit 
mentioning here. 

SiC nanorods and nanowires notwithstanding, recent developments in SiC 
surface nanomachining have epitaxial 3(7-SiC at the forefront of a new fam- 
ily of devices collectively called nanoelectromechanical systems (NEMS). In 
the first ever attempt to create a nanoelectromechanical structure from SiC, 
Yang et al., have described a process to fabricate nanomechanical beams 
from 3C'-SiC [51]. The process is relatively simple in concept, starting with 
the heteroepitaxial growth of ultra thin (< 200 nm) 3C-SiC on Si wafers. 
Etch masks are then patterned into beams on the 3C-SiC surfaces by con- 
ventional electron beam lithography techniques, and the 3C-SiC films are 
anisotropically etched down to the Si substrate in an ECR plasma using NF 3 
and O 2 . The 3C-SiC beams are then released by isotropically etching the ex- 
posed Si using a NFa/Ar plasma. The first sets of structures were nominally 
260 nm thick, 150 nm wide and 8 to 17 pm long. In a follow-up study, the 
same group fabricated beams that were 75 nm thick, 120 nm wide and 1.1 pm 
long. Beams with these dimensions have fundamental resonant frequencies in 
excess of 1 GHz, a first for mechanical oscillators [52] . Such an achievement 
was made possible, in part, by the high Young’s modulus-to-density ratio of 
3C-SiC and its chemical inertness, which makes such small structures less 
challenging to fabricate than similar structures made from Si. 

An important issue that has hampered the development of SiC for MEMS 
is the presence of residual stresses in SiC thin films. SiC films deposited for 
micromachining applications are, with few exceptions, in a state of resid- 
ual stress. Although not fully characterized in SiC, the stress is believed to 
result from the thermal and lattice mismatches between the SiC thin film 
and the various substrates used in device fabrication. For devices made from 
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6-ff-SiC epilayers, residual stress is not an issue since 6Jf-SiC wafers are 
used as substrates. For 3C-SiC and poly-SiC devices, however, the stress 
issue is significant, since Si, Si02, SiaN 4 and other non-SiC materials are 
used for substrates, and relatively high temperatures (800°C to 1300°C) are 
used to grow the films. Typically, the stress in 3C-SiC and poly-SiC films is 
tensile and is generally in the range of several hundred MPa depending on 
microstructure and processing conditions. For free standing structures such 
as micromachined bridges and membranes, a moderate tensile stress is de- 
sirable, as it keeps the structures from buckling. For structures anchored in 
only one location, a uniform residual tensile stress is also not problematic, 
since the stress will simply cause the structure to contract uniformly along 
its length upon release. From a device perspective the main issue with re- 
spect to stress is that of a stress gradient through the thickness of the film. 
A stress gradient will cause free-standing cantilevers to bend as the stress 
is relieved upon release, and the bending becomes more severe as the beam 
length increases. This effect is problematic for many MEMS designs, espe- 
cially electrostratic devices such as mechanical resonators, since these devices 
rely on well-formed capacitive gaps for sensing and actuation. 3C'-SiC and 
poly-SiC films suffer in varying degrees from residual stress gradients. The 
mechanisms responsible for residual stress gradients are not fully understood, 
but likely sources include a gradient in defect density as a function of film 
thickness for 3C-SiC films, and a gradient in microstructure (grain size) and 
orientation in poly-SiC films. Nevertheless, work is underway to identify the 
proper processing conditions to significantly reduce, if not eliminate, residual 
stresses and stress gradients in SiC films. 



6 Wafer Bonding Techniqnes 

Wafer bonding is a relatively new micromachining technique that involves 
the joining of two substrates to create a structure that otherwise could not 
readily be made using deposition techniques. As with bulk and surface mi- 
cromachining, the most commonly used substrate material in wafer bonding 
is Si. A single crystal Si wafer can be joined to another Si wafer by a pro- 
cess called fusion bonding to quartz or glass substrates by anodic bonding. 
Si fusion bonding is generally performed with the wafers under pressure at 
temperatures of 500 to 1000°C, while anodic bonding utilizes much lower 
temperatures (~200°C) and high voltages (400 to 1000 V). Thermally oxi- 
dized Si wafers can also be bonded together. In all cases, extremely smooth 
(< 0.5 nm roughness), fiat, and chemically clean surfaces are required for 
bonding to be successful. Wafer bonding is a key step in the fabrication 
of commercially available silicon on insulator (SOI) wafers. By combining 
bulk micromachining and wafer bonding techniques, highly complex three- 
dimensional microstructures, such as microvalves, micropumps, and sealed 
channels, can readily be fabricated from Si substrates. 




Micromachining of SiC 691 



As in the case of bulk micromachining, bonding of SiC wafers is extremely 
challenging. The stability of SiC surfaces at temperatures typical for fusion 
bonding makes direct SiC-to-SiC bonding nearly impossible even under ideal 
conditions. Moreover, achieving a level of surface roughness typical for large 
area Si bonding is also very difficult because the hardness and inertness of 
SiC renders most chemical and chemical-mechanical polishing processes inef- 
fective. As a consequence, Si02 bonding layers which can easily be polished 
to a roughness level that is satisfactory for bonding are almost always used 
to join SiC wafers to SiC and other substrate materials. 

Interest in SiC wafer bonding is primarily motivated toward the produc- 
tion of single crystalline SiC-on-Insulator (SiCOI) substrates for electronic 
device applications. Like SOI wafers, SiCOI wafers generally consist of a 
single crystal SiC substrate, a buried Si02 layer, and a thin single crystal 
SiC top layer. In the most common configuration, the substrate is a 6H- 
SiC wafer, the buried oxide is several microns thick, and the top SiC layer 
is 6iL-SiC that also is several microns thick. The production of such sub- 
strates faces two significant challenges; (1) bonding the two 6iL-SiC wafers, 
and (2) removing all but a thin layer of one wafer. The challenges associated 
with bonding not withstanding, removal of the unwanted 6Lf-SiC substrate 
is not straightforward, since chemical etching is not possible and mechanical 
grinding is impractical and economically not feasible, as too much valuable 
material would be wasted. To address these challenges, a substrate splitting 
method has been developed [53, 54]. This method was first developed as an 
alternative to Si etch back techniques for the production of SOI substrates, 
but since has been used to create 6iL-SiC-on-insulator wafers. The process 
begins with the thermal oxidation of two wafers; hereafter called the implant 
wafer and the handle wafer. The implant wafer is made of 6iL-SiC, whereas 
the handle wafer can be 6iL-SiC, polycrytalline SiC, or Si. Hydrogen ions are 
implanted completely through the thermal oxide and a thin portion of the 
6iL-SiC implant wafer. The two wafers are then bonded at the Si02 surfaces 
using standard oxide bonding conditions (i.e., 1100°C). The bonding temper- 
ature causes the implanted hydrogen to coalesce, resulting in the formation of 
a well-defined void layer in the 6iL-SiC implant wafer. This layer serves as a 
cleavage seam; allowing for the majority of the implant wafer to be separated 
from the handle wafer, leaving behind a thin 6iL-SiC layer atop the Si02 
coated substrate. The newly created 6iL-SiC-on-insulator substrate is then 
polished and readied for device fabrication. Since only a thin (several mi- 
cron) region of the implant wafer was removed in the process, the remaining 
wafer can be reused. While the aforementioned process employs Si02 fusion 
bonding techniques, anodic bonding has also been used to extend the process 
to insulating quartz wafers [55]. As with SOI wafers that quickly found uses 
in Si micromachining, the 6iL-SiC-on-Insulator substrates are likely to find 
applications in MEMS where single crystal SiC is needed. 
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Unlike 6i/-SiC-on-insulator substrates, fabrication of SC-SiC-on-insulator 
substrates is greatly enhanced by the fact that 3C-SiC films can be heteroepi- 
taxially grown on Si wafers. To date, three general methods that leverage 
heavily on this capability have been developed to create 3C-SiC-on-insulator 
substrates. These methods include direct heteroepit axial growth of 3C-SiC 
on SOI wafers [56]-[58], conventional wafer bonding techniques [59, 60], and 
3C-SiC film transfer on deposited polycrystalline substrates [61]. 

Without question the most straightforward technique to create a 3C-SiC- 
on-insulator structure is by direct heteroepitaxial growth on commercially 
available SOI wafers. Because the Si top layer in an SOI substrate was pro- 
duced from a high quality wafer, it too is of high crystal quality. As a result, 
the heteroepitaxial 3C'-SiC films are of comparable crystal quality to films 
grown directly on Si substrates. SOI wafers are typically produced either by 
oxygen ion implantation (SIMOX) or by wafer bonding and etchback. The 
main difference between these two substrates (other than the production 
method) is the thickness of the buried oxide layer, with the maximum thick- 
ness of the buried oxide for SIMOX wafers being a few thousand angstroms 
as compared to several microns for the bonded wafers. This difference makes 
bonded SOI substrates generally more attractive for Si MEMS, since the 
thicker oxides provide greater electrical isolation (important for electrostatic 
devices) and thicker substrate-to-device gaps when the oxides are used as 
sacrificial layers. For surface micromachined SiC MEMS, this difference is 
less important since the top Si layer could serve as the sacrificial layer. 

As stated previously, 3C'-SiC-on-insulator wafers have successfully been 
fabricated by direct heteroepitaxial growth on SOI wafers. The process works 
very well except in cases where complete conversion of the Si top layer is de- 
sired. Recalling that heteroepitaxial growth of 3C'-SiC on Si involves the 
growth of a thin carbonization layer, complete conversion of the Si top layer 
requires that the layer be relatively thin compared with typical SOI sub- 
strates. When using such substrates, care must be taken to avoid the forma- 
tion of pits and voids at the 3C-SiC/Si interface. For thin Si layers, the voids 
can actually penetrate deep into the buried oxide layer. These voids, at the 
very least, can compromise device fabrication by altering the geometry of the 
microfabricated structure. But in the extreme case where the voids completely 
penetrate the buried oxide layer, they can either compromise the adhesion of 
the device anchor layers, or, if they become filled with SiC, can lead to elec- 
trical shorting of device structures. To counter this effect, Zappe et ah, report 
on the use of an intermediate Si 3 N 4 layer sandwiched between the top Si layer 
and the buried oxide film [62] . The nitride layer was formed by N ion implan- 
tation and the authors showed that its presence significantly reduced the size 
of voids without compromising the quality of the 3C'-SiC film. Despite poten- 
tial problems with voids, 3C'-SiC-on-SOI wafers have been successfully used 
as substrates in bulk micromachined pressure sensors [33, 34]. These sensors 
utilize SOI substrates to fabricate electrically isolated 3C-SiC piezoresistors 
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on top of a bulk micromachined Si diaphragm. For the sensor reported in [34] , 
Si DRIB was used to fashion the Si membrane and selective epitaxial growth 
using Si02 molds was used to pattern the 3C-SiC piezoresistors. The sensor 
was successfully tested at temperatures to 200°C, and the authors expect the 
sensor to have satisfactory performance up to 450° C. The pressure sensor 
reported in [33] was also constructed on a Si membrane machined by DRIB, 
but the 3C-SiC piezoresistors were patterned by RIB in a SFg/02 plasma. 
To compensate for a known temperature dependence of sensitivity and offset 
voltage, the sensor also incorporated a poly-SiC thermistor. The buried oxide 
layer provided reliable electrical isolation for temperatures up to 400° C, and 
the sensor provided satisfactory output at temperatures up to 300° C. These 
examples demonstrate the potential as well as the challenges of using SOI 
substrates and Si bulk micromachining to fabricate 3C-SiC based pressure 
sensors. For a short, yet informative review of the topic, a paper written by 
Krotz et ah, is highly recommended [63]. 

Conventional Si wafer bonding techniques are another relatively straight- 
forward, albeit challenging way to produce SiC-on-insulator substrates. As 
stated previously, the 3C-SiC surface is not well suited for bonding, therefore 
Si02 bonding layers are commonly used. The first reported attempt at wafer- 
scale SiC bonding utilized thermally-grown Si02 layers on 3C-SiC films that 
were heteroepitaxially grown on Si transfer wafers [59]. The transfer wafers 
were fusion bonded to thermally oxidized handle wafers and then removed in 
a Si etchant. The results proved the feasibility of the approach, but unfortu- 
nately, the 3C-SiC transfer yield was quite low (about 30%). Although the 
authors did not report the reason for the low transfer yield, it is likely due 
to a combination of oxide surface roughness and wafer curvature that results 
from high tensile stresses characteristic of epitaxial 3C-SiC films. 

Silicon dioxide is not the only material that can be used as a bonding layer 
for SiC wafer bonding, in fact polysilicon works well also, as shown by Vinod 
et al. [60] . This process bypasses any dependence on the quality of the 3C-SiC 
surface by using a series of polysilicon depositions and thermal oxidations to 
create a polysilicon/Si02 multilayer stack atop a heteroepitaxially-grown 3C- 
SiC film. The multilayer stack not only provides a surface that is chemically 
well suited for bonding, but also a surface that can readily be polished to a 
finish that closely resembles standard Si wafers. The basic process begins with 
heteroepitaxial growth of 3C-SiC on a (100) Si transfer wafer. After 3C-SiC 
growth, a LPCVD polysilicon film is deposited on the 3C-SiC surface. This 
film is then completely converted to Si02 by thermal oxidation. A thermal 
oxide is simultaneously created on a single crystal Si handle wafer. A second 
LPCVD polysilicon film is then deposited on both the transfer and handle 
wafers. The polysilicon surfaces are polished by CMP, chemically cleaned 
and then joined together by fusion bonding. After bonding, the Si transfer 
wafer is chemically dissolved leaving behind a 3C-SiC-on-insulator wafer. It 
was reported that the highest transfer yields were obtained using 3C-SiC film 
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thicknesses of around 300 nm, which is too thin for most MEMS applications. 
To thicken the 3C-SiC film, the wafer surface is mechanically polished, lightly 
oxidized, etched in HE and additional 3C-SiC is grown using a homoepitaxial 
process. The polishing, oxidation and etching steps are performed to remove 
the near surface region of the 3C'-SiC-on-insulator wafer. The transfer process 
flips the transferred film upside down. For heteroepit axially grown 3(7-810, 
this serves to expose the region of highest defect density, which is located just 
inside the original 3(7-SiC/Si interface. By removing this layer, the homoepi- 
taxial film has a better starting substrate than would otherwise be present, 
thus resulting in a higher quality film. Transfer yields nearing 80% on 100 mm 
diameter substrates and a significant reduction in the overall density of de- 
fects in the homoepitaxial 3(7-SiC films were reported [60]. Improvements 
to the process resulting in the elimination of the polysilicon bonding layers, 
relying instead on Si 02 films created by the complete thermal oxidation of 
polysilicon have led to the creation of 3(7-SiC-on-insulator wafers without 
buried Si layers [64]. The resulting substrate consists of a 2 pm-thick 3(7- 
SiC film on a 2.5 pm-thick Si02 layer on a Si wafer. These substrates are 
well suited for both single crystal surface and bulk micromachining, as evi- 
denced by the single crystal 3(7-SiC lateral resonant structures reported by 
Stefanescu et al. [64], and the piezoresistive pressure sensor shown in Fig. 8 
[35]. At present, the only major drawback to this approach is that warpage 
in the Si handle wafers keeps transfer yields below 100%. Not only are yields 
lower than desired, the regions where bonding fails tend to be random, there- 
fore additional improvements are required for such processes to demonstrate 
commercial viability. 

In addition to the aforementioned bond and etch back approaches to wafer 
bonding with 3(7-SiC, the hydrogen implant-induced layer splitting technique 
has also been applied to 3(7-SiC films in a manner very similar to that detailed 
for 6i7-SiC and thus will not be presented here. 

In order to achieve 100% transfer yields in a 3(7-SiC-on-insulator fabrica- 
tion process, an approach that utilizes a deposited “substrate” has recently 





Fig. 8. Bulk micromachined, 3(7-SiC pressure sensor fabricated on SiC-on-insulator 
substrates made by wafer bonding: (left) schematic cross section; and (right) SEM 
micrograph showing the various layers 
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been reported [61]. Like the other SC-SiC-on-insulator fabrication processes, 
this process begins with the heteroepit axial growth of a 3C-SiC film on a 
100 mm-diameter Si transfer wafer, after which an LPCVD polysilicon film 
is deposited and completely converted to Si02 by thermal oxidation. A thick 
(750 pm) polysilicon handle “substrate” is then deposited on the Si02 surface, 
a thickness that far exceeds the single crystal Si wafer thickness (500 pm). 
After the polysilicon deposition, the Si transfer wafer is dissolved, creating a 
3C-SiC-on-insulator wafer that is ready for processing. The polysilicon depo- 
sition process is conformal to the substrate, and as a result, wafer warpage 
and surface roughness does not affect film transfer yields, which are 100%. 
Moreover, since bonding is not required, insulating layers such as Si 3 N 4 , 
which are highly inert and thus much more difficult to bond, can easily be 
incorporated as the insulating layer. In addition the overall thickness of the 
3C-SiC film is not restricted by the process. For applications where the sub- 
strate serves only as a mechanical support for the device, these wafers appear 
to be particularly well suited. 



7 Concluding Remarks 

Interest in developing MEMS for use in applications where conventional ma- 
terials are not well suited has pushed researchers to develop micromachining 
techniques for SiC. In comparison with other potential materials, SiC is par- 
ticularly attractive because it is highly compatible with Si fabrication pro- 
cesses. The long and fruitful effort to develop SiC for specialized electronic 
devices puts SiC in a favorable position for those harsh environment applica- 
tions that require micromachined devices with on-chip electronics. And while 
many of the basic techniques necessary to realize SiC MEMS have been es- 
tablished, much work remains to bring SiC to a level comparable with Si, 
the benchmark material for MEMS. But with an attractive complement of 
material properties that is difficult to ignore, it is just a matter of time and, 
of course, effort before SiC takes its place alongside Si in the micro- (and 
nano) machinists’ toolbox. 
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Surface Preparation Techniques 
for SiC Wafers 



S. Monnoye, D. Turover, and P. Vicente 



1 Introduction 

The excellent chemical and mechanical properties of SiC make, paradoxically, 
damage free surface preparation a real challenge. The preparation of SiC 
wafers can be described in four successive stages corresponding to different 
objectives: 

- Grinding/lapping gives good geometrical parameters to the wafer. 

- Mechanical polishing enables a decrease in roughness and improves the 
geometrical characteristics of the wafer. 

- The chemical mechanical polishing is the best way to produce surface 
without any scratches or subsurface damage. 

- The cleaning step is essential to remove the contaminants on the surface. 

Alternative preparation methods based on etching have been used to re- 
place the second and third steps. The results are not fully satisfactory in 
terms of roughness, damage and geometrical wafer characteristics. 

In this paper, recent results on surface preparation are described with 
a detailed review of the published work. A description of each step of the 
preparation is detailed in Sect. 2. We present in Sect. 3 the state of the 
art results and the influence of surface preparation on epitaxial growth and 
device performance. A summary will be given in the final section. 



2 Preparation Techniques 

2.1 Grinding/Lapping and Mechanical Polishing 

The main objective of this stage is to produce from as-cut wafers, flat and 
parallel surfaces with a minimum of bow, warp and total thickness variation 
(TTV). Silicon carbide is one of the hardest materials. Only diamond (C), 
cubic boron nitrite (BN) and boron carbide (B 4 C) are comparable or harder 
than SiC [1]. Therefore, only these materials can be used as abrasive for 
mechanical polishing. By using abrasive slurries of decreasing grit size it is 
possible to obtain a very low roughness but scratches and subsurface damage 
are still generated. Of course, not only abrasives do influence polishing but 
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also other parameters like the down pressure, the slurry feed composition 
and temperature, the rotation speed of the plate or carrier and the polish- 
ing pad characteristics [2]-[4]. An interesting attempt combines mechanical 
lapping/polishing and chemical etching with 600°C KOH flux for less than 
3 minutes [5]. The surfaces obtained are similar or better to those obtained 
by commercial suppliers but have to be controlled carefully to avoid revealing 
bulk defects. 

Slicing and even more grinding and mechanical polishing generate sub- 
surface damage. The subsurface damage thickness is critical information at 
each step of the preparation for successful polishing. To assess the subsur- 
face damage thickness, different methods have been used. Depending on the 
analysed thickness, simple edge Normarski observation [6], transmission elec- 
tron microscopy [7]-[9], Rutherford backscattering [9], photon backscattering 
[10]-[12], KOH etching [12] and more recently Raman spectroscopy [13, 14] or 
positron annihilation [15] have been used. A qualitative measure of subsurface 
damage has been done using high resolution X-ray measurement [16]. How- 
ever, there is no simple answer to the question “how deep is the subsurface 
damage in a given wafer?” Depending on the observation method, it has been 
found to extend from 1/2 to 1/75 of the abrasive slurry size. Rapid thermal 
annealing has been used in conjunction with Raman scattering to estimate 
the effect of mechanical and chemical mechanical polishing on the carrier 
traps showing that the free carrier density decreases with polishing [17]. 

2.2 Chemical Mechanical Polishing and Etching 

2.2.1 Chemical Mechanical Polishing 

In the past decade chemical-mechanical polishing (CMP) has emerged as the 
fastest growing operation in silicon semiconductor manufacturing industry. 
The same treatment is now compulsory for “exotic” semiconductors, such 
as silicon carbide [7],[12],[18]-[20]. In a typical CMP process, the chemicals 
interact with the material to form a chemically modified surface. Simultane- 
ously, the abrasives in the slurry mechanically interact with the chemically 
modified surface layers, resulting in material removal. Of course, the same pa- 
rameters that control the mechanical polishing, pressure, slurry temperature, 
pad etc are still important [20]. 

The difficulty with the CMP process on SiC is built on the low chemical 
reactivity of silicon carbide. Moreover the removal rate and homogeneity 
depend on the orientation, the doping level and polytype of the wafer. As a 
result it is necessary to adapt all these parameters for each kind of substrate. 

2.2.2 Hydrogen Etching 

For many years high temperature H2 etching has been investigated [16], [21]- 
[34]. Alternative etching techniques utilize etch mixtures of H2/HCI, H2/C3H8, 
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H 2 /C 2 H 4 in order to limit the formation of Si droplets above 1410°C [23]- 
[25],[32],[35]-[37]. The mechanism for all H 2 type etching process is based 
on producing at high temperature (1400-1700°C) volatile hydrocarbons and 
free silicon. 

Up to now hydrogen-based etching processes are the best alternatives to 
CMP for surface preparation. These techniques appear to remove to some 
extent scratches but quite often remnant scratches are visible after epitaxy. 
The combination of H 2 /HCI seems to be the most effective etching to remove 
scratches. 

A major problem with hydrogen etching is the relatively high roughness of 
the surface [16]. The RMS surface roughness is larger than 4 A and depends 
strongly on the initial surface quality [28, 33]. 



2.2.3 Reactive Ion Etching 

This third surface preparation technique leads to mixed results [38] . RHEED 
shows that Wet O 2 oxidation at 1100°C followed by reactive ion-assisted 
plasma etching improves the surface. But in order to achieve the best results 
concerning surface structure quality the aforementioned procedure is followed 
by 10 successive iterations of oxidation and removal via etching in 10% HE. 
One should also notice that the micropipes lead to the formation of large 
area surface defects under ion plasma etching. 

The surface roughness obtained with reactive ion etching is clearly too 
high for epitaxial growth [39]-[41] . The situation is better using a combination 
of ion implantation and wet chemical etching [42, 43] but the roughness is 
still high with RMS of about 9 A over a 10 x 10 pm area [41]. 



2.2.4 Tribochemical Polishing 

Tribochemical polishing of ceramics (including SiC) has been demonstrated 
and consists of dissolution of material by friction using hard pad at contacting 
asperities and a solution free of abrasive particles [3, 44]. On ceramics the 
surface quality is quite comparable to CMP techniques. On monocrystalline 
substrates the situation is sensibly different because the efficiency of this 
technique is proportional to the friction coefficient (which is quite high for 
ceramics); and therefore efficiency becomes poor. In order to increase the 
efficiency load has to be higher and so self scratching (SiC particles removed 
from the surface) limits the surface quality. 



2.2.5 Electrochemical Mechanical Polishing 

This technique is based on electrochemical oxidation and simultaneous re- 
moval of the oxide by polishing [45, 46]. Regulating the current density can 
control the oxidation rate. The polishing abrasive hardness should be higher 
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than the oxide hardness but much lower than the SiC hardness. Authors did 
not show quantitative results but claim that following this process no more 
scratches were revealed in etching in an alkaline melt, which usually deco- 
rates such defects. A limitation of this technique arises for low-doped samples, 
which slows down the oxidation and for non-uniformly doped samples where 
non-homogeneity can be revealed. 

2.3 Cleaning 

The objective of this stage is to remove all possible contaminants like par- 
ticles, organics, and metallics from the substrate surface. Wafers are usually 
cleaned using the following steps: degreasing; deoxidizing; rinsing in high- 
purity de-ionized water and blowing dry with nitrogen. 

Deoxidizing is the critical step to achieve a hydrophobic surface to ease 
the removal of all the surface contaminants in the later steps [47]-[49]. Subse- 
quent ultraviolet ozone cleaning has been mainly used in order to prepare the 
surface for Si 02 layer deposition by improving the interfacial characteristics 
ofSiOz/SiC [50]. 

Xue et al. [28] have presented an interesting method using 10 cycles of 
ultrahigh vacuum (UHV) Si molecular beam etching. During each cycle Si 
layers are deposited and then annealed at about 1000°C. The principle of 
this technique is to desorb silicon oxides and avoid graphitization due to 
the presence of Si. However, to clearly assess this technique, a quantitative 
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Fig. 1. AFM micrograph of standard as-delivered surface of a 4i7-SiC “on axis' 
wafer. Here the RMS surface roughness is 7.8 A 
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measure of the residual coutamiuauts must be doue. It is worth to meutiou 
that wheu this techuique is combiued with hydrogeu etchiug, the measured 
RMS surface roughuess is still quite high with about 15 A. 

To assess the level of coutamiuatiou differeut methods cau be used. The 
silicou iudustry has validated the followiug techuiques: time of flight SIMS 
(ToFSIMS) [51] as well as vapor/liquid phase decompositiou to iuductively 
coupled plasma mass spectroscopy (VPD/LPD-ICPMS) [52]-[54j. lucludiug 
syuchrotrou radiatiou total reflectiou X-ray fluoresceuce spectroscopy (SR- 
TXRF) [55, 56], these techuiques are the most relevaut for true surface cou- 
tamiuatiou aualysis. lu the SiC iudustry almost uo work ou coutamiuatiou 
aualysis has beeu reported uutil uow. For iustauce, it would be very fruit- 
ful to correlate surface coutamiuauts with defects appeariug after homo or 
heteroepitaxy to hud out the possible sources of defect killers (causiug catas- 
trophic failure of the device) . 



3 Results 

3.1 Polishing Results 

It is well kuowu that the substrate surface quality prior to epitaxial growth 
is a key parameter to achieve high quality epilayers. lu this sectiou we will 
preseut the most receut SiC polishiug processes which produce surfaces free 
of scratches with uo subsurface damage aud for ou-axis wafers lead to the 
formatiou of atomic steps: StepSiC® [57]. The process based ou CMP cauuot 



Table 1. Standard and state of the art surface preparation results on 4i7- and 
677-SiC wafers 



Poly- 


Orien- 


Face 


Standard 


State of the 


Comments 


type 


tation 




Roughness 


art results 
(CMP) 
Roughness 








Si 


5-2.5 A 


1 A 


Atomic steps 




On axis 


C 


Optical 


4 A 




4H 


8° off 


Si 


10-5 A 


1 A 








C 


Optical 


4 A 








Si 


5-2.5 A 


< 1.5 A 


Atomic steps 


6H 


On axis 


C 


Lapped 


2 A 
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be the same for each polytype, orientation and doping levels and has to be 
tuned to reach similar surface quality. 

Table 1 shows the standard results of surface preparation on the two com- 
mercial polytypes of SiC. The Root Mean Square (RMS) surface roughness 
was obtained using Atomic Force Microscopy (AFM) images collected using 
an Autoprobe M5 or a Nanoscope III apparatus in the so-called tapping mode 
with a field of 5 x 5 |4m. 

One should notice the final result of these preparation processes is not 
jeopardize by the manufacturer origin or carrier density of the wafer, but 
more by the intrinsic crystallographic quality of the material. 

Similar results are obtained with 6i7-SiC wafers. The appearance of steps 
with “on-axis” wafers is in fact due to the residual off-axis angle of the surface. 
These steps are a good illustration of the high quality surface preparation. 





and the corresponding height section across the steps. The RMS surface roughness 
is 0.9 A 
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Fig. 3. AFM image of the typical surface obtained after CMP process on 4i7-SiC 
“8°off” wafer. The RMS snrface roughness is 0.75 A 



3.1.1 Surface Reconstruction 

A very interesting characteristic of this CMP surface preparation has been ob- 
served using reflection high-energy electron diffraction (RHEED). B. Daudin 
at Grenoble and F. Semond at Valbonne have collected these results indepen- 
dently. Without any annealing or etching they find that the surface exhibits 
a clear 3x1 reconstruction pattern. 




Fig. 4. RHEED surface reconstruction observed on a 6H-SiC on-axis wafer before 
{left pattern) and after CMP {right pattern) surface preparation (unpublished data) 
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3.1.2 Wafer Reclaim 

Due to the high price and the scarce availability of the material a real need for 
reclaiming (recycling) wafers has recently emerged. Polishing or “strip and 
etch” process, which consists of dipping the wafers into successive baths, can 
remove defective homo-epitaxy, hetero-epitaxy and surface technology. After 
this step the wafers are polished by CMP processes. Using these processing 
steps, the surface quality is similar to the ones obtained by CMP on bare 
wafers. 

3.2 Contamination Results 

Almost no published work has been performed on surface contamination anal- 
ysis. In Table 2 we present results obtained on 2" wafers after epiready surface 
preparation. 

LPD-ICPMS has been perform at the center of the wafer (9 cm^) after that 
surface was covered with HP 2% solution for 2 minutes and then analyzed. 
All the contaminant levels are lower than 2-10^^ atom/cm^ (see Table 2). 
The ‘S’ value corresponds to the maximum error for the detection technique. 
The amount of iron is below the white noise (W.N.) of the apparatus. These 
levels are equivalent to a silicon standard surface. This confirms the excellent 
cleanliness (and packaging) of the surface. 

These results have been confirmed by ToFSIMS analysis where only Ca 
and Na metallics are detected with level close to the detection limit. 



Table 2. Typical surface contamination levels on epiready wafers 





Na 


Ca 


Fe 


Zn 


Al 


C At/cm^ 
S % 


7.0-10^° 

9.2 


1.8-10“ 

7.7 


W.N 


1.7-10^° 

7.7 


1.6-10^° 

31.0 



3.3 Impact of Surface Preparation on the Epitaxy 
and the Device Performances 

Recently several groups have published results of epitaxy on wafers processed 
using special surface preparation techniques. 

Di Forte-Poisson et al. [58] have shown a clear improvement of the quality 
of a GaN layer grown on 6i?-SiC treated with a damage free surface prepa- 
ration process. HR-XRD full-line widths at half-maximum (FWHM) of the 
GaN epitaxy on 6iJ-SiG without polishing is typically 100 arcsec and after 
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polishing the layer is much better with a decrease of FWHM down to 50 arc- 
sec. TEM measurements have evidenced an improved crystallinity quality in 
the first GaN layers at the GaN/SiC interface. 

Weimann et al. [59] found that a surface treatment is crucial to the repro- 
ducible production of high 2DEG mobility of AlGaN / GaN heterostructures 
for High Electron Mobility Transistors (HEMT). 

Wan et al. [60] have fabricated 3C-SiG MOSFETs (SC-SiG on Si) which 
exhibit after adequate polishing and sacrificial oxidation of the SC-SiG layer 
an improved mobility of 165 cm^/Vs with a gate oxide breakdown field of 
3.5 MV/cm. 

3.4 Prospective 

New orientations, such as (1120), (iTOO), (0338) for hexagonal polytypes are 
available on the market. In order to benefit from their expected qualities it is 
necessary to develop adapted surface preparation techniques but their surface 
properties are not fully studied. 

3C-SiG on Si and stand-alone 3C-SiG are not yet mature in terms of 
crystalline quality but surface preparation techniques has recently started to 
be developed [3, 60]. 

New interests, such as G-face preparation or preparation for wafer bond- 
ing are emerging. The chemistry of G-face is completely different with an 
oxidation rate much higher than the Si-face. 

Also among the new challenging developments, the evolution of processes 
to larger diameters (4 inch) and high volume/lower costs is on the way. 



4 Conclusion 

Initial work on surface preparation began in the mid-sixties but only re- 
cently real breakthroughs have emerged. Reproducibility of processes depends 
strongly on the material quality, which has been greatly improved in the last 
five years. GMP process in combination with adapted cleaning has allowed 
the preparation of epiready surfaces. 

Now the surface preparation is mature for AH- and 6H-SiG polytypes for 
the common crystal orientations. New challenges concern exotic orientations, 
cubic phase, G-side preparation and wafer thinning. Improving processes on 
such multi-form material is a never-ending work. 
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Epitaxial Growth and Device Processing 
of SiC on Non-Basal Planes 

T. Kimoto, H. Yano, Y. Negoro, K. Hashimoto, and H. Matsunami 



1 Introduction 

Recent progress in silicon carbide (SiC) crystal growth and device process- 
ing technologies has enabled the fabrication of prototype high-power and 
high-frequency devices which outperform the conventional Si or GaAs coun- 
terparts. Since the development of step-controlled epitaxy [1], AH- and 6H- 
SiC(OOOl) wafers with several-degree off-angles have exclusively been em- 
ployed for SiC homoepitaxy and device development except a few reports [2]- 
[5]. However, SiC metal-oxide-semiconductor field effect transistors (MOS- 
FETs) have suffered from unacceptably low channel mobility, especially in 
4if-SiC. Although significant improvements in channel mobility have been 
reported [6, 7], the maximum inversion-channel mobility of 4i7-SiC(0001) 
MOSFETs is still below 30-50 cm^/Vs. From our demonstration of high 
channel mobility in MOSFETs using the (11-20) face [8], bulk and epitaxial 
growth, characterization, and device processing on this face have attracted 
attention from both scientific and industrial viewpoints. The authors have 
also proposed 4i7-SiC(03-38), which is tilted by 54.7° from (0001) toward 
[01-10], as a novel face with potentially superior quality of MOS interface [9]. 

Another drawback of the SiC(OOOl) face is the threading micropipes (hol- 
low cores associated with “superscrew” dislocations), which severely affect 
blocking performance of high-voltage SiC devices [10]. To scale up the cur- 
rent handling capability of SiC power devices, micropipes must be elimi- 
nated. In this respect, 4i7-SiC( 11-20), parallel to the c-axis, is expected to 
be micropipe-free [11]. Sublimation growth of micropipe-free 4i7-SiC(03-38) 
ingots has also been suggested [12]. It is well known that growth behavior, im- 
purity incorporation, and device performance strongly depend on the crystal 
face employed in Si and most III-V semiconductors. Thus, the investigation 
on non-basal planes, 4iJ-SiC (11-20) and (03-38), is of fundamental interest. 

In this paper, we review the homoepitaxial growth and fundamental de- 
vice processing of 4iJ-SiC(ll-20) and 4i7-SiC(03-38). After describing the 
crystallographic features of these non-basal planes, homoepitaxy by chem- 
ical vapor deposition (CVD) is presented. Surface morphology, crystalline 
quality, impurity doping, structural defects, and the fabrication of Schottky 
barrier diodes to assess the quality of the grown materials and the effect of 
structural defects on the device performance are discussed for these non-basal 
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planes. The ion implantation process and the implant damage anneal, as well 
as the performance of MOSFETs and the quality of the MOS interface on 
4if-SiC (11-20) are also reviewed. 



2 Non-Basal Planes in 4i/-SiC 

Figure 1 illustrates the location of the (a) 4if-SiC(ll-20) and (b) (03-38) 
faces in the unit cell of 4if-SiC. The 4i7-SiC(0001) and (11-20) faces are 
crystallographically equivalent to (111) and (110) in the cubic structure, re- 
spectively. The 4iJ-SiC(03-38) is semi-equivalent (though not identical) to 
(100). 

Figure 2 schematically illustrates surface bond configurations for (a) AH- 
SiC(ll-20), (b) 4iJ-SiC (03-38), and (c) off-axis 4iJ-SiC(0001). In the figure, 
open and closed circles denote Si and C atoms, respectively. Surface recon- 
struction and adsorbed species are neglected for simplicity. At least, 50% 
of bond configuration on the 4if-SiC(03-38) surface is identical to that on 
3C-SiC(001) [13]. 

Although the sublimation growth of 4iJ-SiC(ll-20) and (03-38) ingots 
has been reported [11, 12], no wafers sliced from those ingots are commer- 
cially available at present. In this experiment, 4iJ-SiC(ll-20) and (03-38) 
substrates were prepared by cutting [000-l]-grown ingots. The typical sub- 
strate size was about 25 mm x 8 mm for 4i7-SiC( 11-20) and 40 mm x 20 mm 
for 4iJ-SiC(03-38). The substrates were n-type, doped with nitrogen to the 
10^® cm“® range. It should be noted that the (11-20) face is non-polar but 
the {03-38} exhibits polarity: (03-38) and (0-33-8). The authors mainly em- 
ployed the (03-38) face, because of the superior surface morphology and lower 
background doping level. 



4H(1120) 4H(0338) 




Fig. 1. (a) 47f-SiC(ll-20) and (b) 4H- 
SiC(03-38) faces in the unit cell of 47/-SiC 
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Fig. 2. Surface bond configura- 
tions for (a) 4J/-SiC( 11-20), (b) 
477-810(03-38), and (c) off-axis 
477-SiC(0001) 



3 Chemical Vapor Deposition for Non-Basal Planes 

3.1 Homoepitaxial Growth Process 

Epitaxial growth was carried out by either cold-wall or hot-wall CVD at 
1500-1550°C [1, 14]. The source gases were SiH4 and CaHg with carrier gas 
H2 purified by a Ag-Pd cell. The growth process consists of in-situ HCl or 
C3H8-I-H2 etching and CVD growth. The typical fiow rates of SiH4, CsHg, 
and H2 were 0.50 seem, 0.33 seem, and 3 slm for cold-wall CVD, and 1.5 seem, 
0.75 seem, and 10 slm for hot-wall CVD, respectively. The growth rate was 
3.5 |J,m/h for cold-wall and 5 |4m/h for hot-wall CVD. When CVD growth 
was performed on non-basal planes, 8° off-axis 477-SiC(0001) substrates were 
placed for comparison side by side on the susceptor. 

The epilayer thickness was determined from cross-sectional observation of 
cleaved samples with a scanning electron microscope or from depth analyses 
in secondary ion mass spectroscopy (SIMS) measurements. Epilayers were 
characterized by Nomarski microscopy, photoluminescence (PL), capacitance- 
voltage {C-V) measurements, and deep level transient spectroscopy (DLTS). 
Within the authors’ experience, no essential differences were observed in 477- 
SiC(ll-20) and (03-38) growth itself by either cold-wall or hot-wall CVD 
systems, as far as surface morphology, shapes of surface defects, and tendency 
of impurity doping are concerned. Thus, results obtained by hot-wall CVD 
are mainly described in this paper. 
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It is noteworthy that no intentional off-angles are required for these non- 
basal planes to realize homoepitaxy of 4iJ-SiC. This fact may be readily pre- 
dictable from the appearance of stacking information on the surface, as shown 
in Fig. 2. Even if the growth proceeds through two-dimensional nucleation 
and subsequent layer-by-layer growth, instead of step-ffow, the replication of 
substrate polytype is ensured on these faces. The growth rate on the non- 
basal planes was almost the same as that on off-axis (0001) under the same 
condition, indicating that growth is controlled by mass transport. 

The 4i7-SiC( 11-20) and (03-38) epilayers exhibited very good morphol- 
ogy and a small surface roughness of 0.18-0.24 nm in a 10 pm x 10 pm 
area [13, 15], without any triangular defects and “carrot-like” grooves which 
occasionally appear on off-axis SiC(OOOl) epilayers. No signs of “step-ffow” 
growth such as step bunching have been observed for these epilayers, sug- 
gesting layer-by-layer growth. The typical surface defect density was approx- 
imately 100 cm“^ on off-axis (0001), 30 cm“^ on (11-20), and 300 cm“^ 
on (03-38). In the present hot-wall CVD on off-axis (0001), the optimum 
window of C/Si ratio, where specular morphology is obtained, was 0. 7-3.0: 
Pits caused by Si droplets are observed at lower C/Si ratios, while triangular 
stacking faults appeared at higher C/Si ratios. On the (11-20) face, hillocks 
with a density of 10^ cm“^ were formed when the C/Si ratio was below 1.5. 
The optimum C/Si ratio seems to depend on the crystal face, being 1. 5-5.0 
on (11-20) and 0. 7-5.0 on (03-38). 

3.2 Unintentionally Doped Epilayers 

Figure 3 shows the C-V characteristics {1/C‘^-V) measured for 1.5 mm 
diameter Ni/4i7-SiC Schottky structure on various crystal faces [13]. The 
epilayers were approximately 30 pm thick, and were simultaneously grown 
in the same run without intentional doping at a C/Si ratio of 1.5 by hor- 
izontal hot-wall CVD. The net donor concentration determined from C-V 




Voltage (V) 



Fig. 3. Capacitance-voltage 
(1/C^-V) characteristics mea- 
sured for 1.5 mm diameter 
Ni/477-SiC Schottky structure 
on various crystal faces 
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measurements was 2.2 x 10^^ cm“^ for (11-20) and 3.1 x 10^^ cm“^ for (03- 
38) epilayers. These doping levels are in between those on off-axis (OOOl)Si 
(3.4 X 10^^ cm“^) and (OOO-l)C (8.7 x 10^^ cm“^) faces. Since a donor con- 
centration well below 5 x 10^^ cm“^ has been routinely obtained on off-axis 
(0001) in the present growth system, the higher background doping levels 
in 4iJ-SiC (11-20) and (03-38) growth might be one issue to be improved. 
Nevertheless, the purity in the low 10^^ cm“^ range is sufficiently low for 
most device applications. A lower doping concentration may be expected by 
increasing C/Si ratio. 

Figure 4 shows typical PL spectra at 4.2 K obtained from (a) 4if-SiC(ll- 
20), (b) 4iJ-SiC (03-38), and (c) off-axis 4iL-SiC(0001) epilayers grown in the 
same CVD run. A He-Cd laser (A = 325 nm) was used as an excitation source. 
The 60 pm-thick epilayers were grown, so that PL signals from substrates are 
negligibly small even for lightly-doped 4iL-SiC epilayers. The PL spectra are 
dominated by peaks of excitons bound to neutral-nitrogen donors labeled 
by the P (nitrogen at the hexagonal site) or Q (nitrogen at the cubic site) 
series and by free exciton peaks denoted by the / series. Phonons involved 
in the recombination are represented as the subscripts of labels. The donor 
concentration determined by C-V measurements was 8 x 10^^ cm“^ for 4H- 
SiC(ll-20), 1 X 10^5 cm-3 for 4iL-SiC(03-38), and 5 x lO^^ cm-^ for 4H- 
SiC(OOOl) epilayers. The relative intensity of free exciton peaks (/ta, .^la, 
/to) for the 4iL-SiC(ll-20) and (03-38) epilayers are smaller than those for 
the 4iL-SiC(0001) epilayer, due to the higher donor concentration. The PL 
spectrum for the 4iJ-SiC(ll-20) epilayer is very similar to that for the 4iL- 
SiC(03-38) epilayer, because of the similar doping level. PL peaks related with 




Fig. 4. Typical PL spectra at 4.2 K 
obtained from (a) 477-SiC( 11-20), 
(b) 4J/-SiC(03-38), and (c) off-axis 
47f-SiC(0001) epilayers 
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unwanted impurities, such as aluminum-bound exciton (4A1 q at 381-382 nm), 
Ti (Co at 444 nm), and nitrogen-aluminum (or boron) donor-acceptor pair 
luminescence, were not observed for all the epilayers (not shown in the figure). 
The Li peak at 427 nm due to the D\ center was also not observed. 

In DLTS spectra measured on Ni/4i/-SiC(ll-20), Ni/4i7-SiC(03-38), and 
Ni/off-axis 4i7-SiC(0001) Schottky contacts, two peaks were observed at 300- 
320 K and 620-650 K. From the Arrhenius plots of emission time constant, 
the dominant peak at 300-320 K could be assigned to the Zij 2 center, lo- 
cated at Ec — 0.65 ± 00.3 eV {Ec. the conduction-band edge) [16]. The high- 
temperature peak at 620-650 K originates from the EEq^ center with an 
activation energy of 1.5 ±00.6 eV [17]. Except these defect centers, no DLTS 
peaks due to unwanted impurities such as Ti and V are observed. The C/Si 
ratio dependence of Z 1/2 center concentration for 4iL-SiC(0001), (11-20) and 
(03-38) epilayers is shown in Fig. 5. On the off-axis (0001) face, the Zij 2 
center concentration could be reduced to 1 x 10^^ cm“^ or less by increasing 
C/Si ratio. Although the trap concentration is higher for (11-20) and (03-38) 
epilayers, a high C/Si ratio during CVD is also effective to suppress the for- 
mation of the Zi /2 center. The Z 1/2 center concentrations of 3 x 10^^ cm“^ for 
(11-20) and 8x 10^^ cm“^ for (03-38) could be obtained, which are low enough 
to fabricate, at least, majority-carrier devices. The authors found that the 
formation of EHq/'^ center can be also suppressed under C-rich condition. It 
is, however, not easy to provide clear explanation on these C/Si ratio depen- 
dencies, because the exact microscopic structures of Z 1/2 and AiLg/T centers 
have not been identified. Note that the growth rate showed very little change 
in the C/Si ratio-range investigated. The formation of intrinsic defects, such 
as Si vacancy, C vacancy and antisite, may be influenced by the C/Si ratio 
during growth, leading to different appearance of the defect centers. 




Fig. 5. C/Si ratio dependence of 
Zi /2 center concentration for 477- 
SiC(OOOl), (11-20) and (03-38) epi- 
layers 



0 
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3.3 Nitrogen and Boron Doping 

Intentional nitrogen (N) or boron (B) doping was investigated for different 
faces by C-V and SIMS measurements. When the N 2 gas was introduced, the 
epilayers grown on (11-20) and (03-38) always showed higher donor concen- 
tration than on off-axis (0001), being consistent with Fig. 3. Figure 6 shows 
the C/Si ratio dependence of nitrogen concentration determined by SIMS for 
4if-SiC epilayers on (11-20), (03-38), and off-axis (0001) and (000-1) faces 
grown by hot- wall CVD. In this experiment, four SiC substrates of different 
faces were loaded in the same run. Growth conditions were changed dur- 
ing the CVD run, and the doping characteristic of nitrogen was determined 
through depth profiling of nitrogen atoms by SIMS measurements. The de- 
tection limit of nitrogen atoms in the SIMS measurement was 5 x 10^® cm“®. 
The growth was performed by keeping constant flow rates of SiH 4 , N 2 , and 
H 2 but changing only the CaHg flow rate. The flow rate of N 2 and reactor 
pressure were 10 seem and 100 Torr, respectively. The nitrogen incorporation 
is significantly reduced by increasing the C/Si ratio on (11-20), (03-38), and 
off-axis (0001), following the site competition concept [18]. The C/Si ratio 
dependence is the largest on (0001), while (11-20) and (03-38) faces show 
smaller changes in nitrogen incorporation. On the (000-1) face, however, the 
higher C/Si ratio does not always lead to the lower nitrogen concentration. 
As suggested in the undoped growth experiments, the doping efficiency of 
nitrogen on 477-SiC(ll-20) and (03-38) is located in between that on off-axis 
(0001) and (000-1) faces. 

Figure 7 represents the doping characteristics of boron by cold- wall CVD 
using B 2 H 6 as a dopant source. The flow rates of SiH 4 and CsHg were fixed 
at 0.30 and 0.40 seem (C/Si ratio = 4), respectively. In this experiment, the 
boron concentration was determined by C-V measurements. SIMS measure- 
ments on several samples indicated that the doping concentration determined 
by C-V measurements agreed with the boron concentration obtained by SIMS 




Fig. 6. C/Si ratio dependence of ni- 
trogen concentration determined by 
SIMS for 477-SiC epilayers on (11- 
20), (03-38), and off-axis (0001) and 
(000-1) faces 
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Fig. 7. Doping characteristics of 
boron by cold-wall CVD using B 2 H 6 
as a dopant source. The flow rates 
of S1H4 and CsHs were fixed at 0.30 
and 0.40 seem (C/Si ratio = 4), re- 
spectively 



within the error (±10-20%) of SIMS measurements. In contrast to the nitro- 
gen doping, the acceptor concentration of (11-20) and (03-38) epilayers was 
lower than that of off-axis (0001) epilayers at a given B 2 H 6 flow rate. The 
authors have reported that the doping efficiencies of nitrogen and aluminum 
(Al) on (11-20) are located in between off-axis (0001) and (000-1) at any 
C/Si ratio [19, 20]. The present study indicates that the crystal- face depen- 
dence of B doping is similar to that of Al doping. The doping characteristics 
on (03-38) are very similar to those on (11-20). When B 2 H 6 was introduced 
during CVD, the growth rate was always decreased by 10-30%, depending 
on the B 2 Hg flow rate. The mechanism of the growth-rate reduction has not 
been clarified yet. 

It is known that less nitrogen and more aluminum or boron atoms are 
incorporated on (0001), compared to (000-1), both in CVD [19] and subli- 
mation growth [21]. The authors speculate that the impurity incorporation 
in SiC growth may be dominated mainly by surface bond configuration and 
surface stoichiometry. Reminding that N atoms substitute at the C lattice 
site, N atoms adsorbed on the growing surface should form chemical bonds 
with the outermost Si atoms to occupy the “C site” and thereby to be in- 
corporated into the crystal. On the (0001) face, only one bond is available 
from one Si atom on the surface, whereas the (11-20) and (03-38) faces may 
provide two bonds and the (000-1) face three bonds from one Si atom on 
the surface. Since nitrogen-related species may be easily vaporized, rather 
than condensed, higher desorption rate of nitrogen is expected on the (0001) 
face, on which a nitrogen atom is bound by only one chemical bond. This 
may lead to a lower doping efficiency of nitrogen on (0001). The desorption 
of nitrogen species may be suppressed on (11-20) and (03-38), and may be 
the slowest on (000-1), because of the increased number (or density) of avail- 
able bonds from Si atoms on the surface. This may be the reason why the 
doping efficiency of nitrogen on (11-20) and (03-38) is located in between 
(0001) and (000-1) faces. In a similar manner, the Al and B doping may be 
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strongly influenced by the number (or density) of chemical bonds from the 
surface C atoms, because A1 and B atoms substitute at the Si site to form 
shallow acceptors in SiC [22]. Thus, the A1 and B incorporation on (11-20) 
and (03-38) is less efficient than on (0001) and more efficient than on (000-1). 
These crystal-orientation dependencies of impurity doping must be observed 
in SiC growth by any growth techniques. However, the mechanism of impu- 
rity incorporation should be much more complicated, since surface migration 
of impurity atoms and reaction at step sites are involved. 

3.4 Structural Defects in 4iT-SiC(ll-20) Epilayers 

Structural defects in 4i?-SiC epilayers were investigated by molten KOH 
etching experiments. Etching was performed at 470°C for 1-3 min. Figure 8a 
shows the typical surface of a 4iJ-SiC(ll-20) epilayer after KOH etching. 
The (11-20) epilayers were micropipe- free, as expected. Instead, triangular- 
shaped and elliptic etch pits were observed with a density of 6 — 8 x 10^ cm“^. 
The origin and structural nature of these etch pits are not clear at present. 
According to the bulk growth study on 4i?-SiC(ll-20) [11], major structural 
defects existing in the (11-20) substrates must be slip dislocations in the basal 
planes and {0001} stacking faults. In particular, stacking faults are crucial in 
(11-20) growth. KOH etching of the (1-100) cross-section obtained by cleavage 
of (11-20) samples indicated that all the stacking faults in the substrates are 
replicated in the epilayers. The typical stacking fault density was 1-10 cm“^. 
Recently, it has been reported that stacking faults in 4iJ-SiC( 11-20) epilayers 
severely degrade reverse characteristics of Schottky barrier diodes [23]. The 
elimination of stacking faults is a next challenge in 4iJ-SiC( 11-20) bulk and 
epitaxial growth. 




no etch pits around 
surface defect 




A" ’ 

etch lines 53 pm 
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Fig. 8. Typical surface after molten KOH etching, (a) 477-SiC(ll-20) and (b) 477- 
SiC (03-38) epilayers 
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3.5 Structural Defects in 4i?-SiC(03-38) Epilayers 

The authors have found that micropipes are dissociated in epitaxial growth of 
4iJ-SiC (03-38) [24]. Figure 8b shows the typical surface of a (03-38) epilayer 
after KOH etching at 470°C for 3 min. As shown in the picture, localized 
“etch lines” were observed near a surface defect, in addition to randomly- 
distributed small etch pits. The total etch pit density was in the range from 
high 10^ to low 10^ cm“^. Careful observation of Nomarski and transmission 
images at the same location revealed that one surface defect is formed above 
the region where a micropipe exists in the (03-38) substrate. However, molten 
KOH etching did not yield any micropipe-etch pits (dark holes) around the 
surface defects. Instead, the [-2110]-aligned “etch lines” were detected, the 
position of which is shifted from the surface defect . Observation with a trans- 
mission optical microscope and successive etching experiments elucidated 
that micropipes in substrates were dissociated near the epilayer/substrate 
interface [24]. 

Micropipe dissociation has been investigated for totally 236 micropipes 
observed in four samples. Micropipe closing (complete dissociation) is influ- 
enced by the size of micropipes. Figure 9 shows the percentage of micropipe 
closing for a 60 pm-thick epilayer grown by hot- wall CVD, as a function of 
the micropipe diameter. The numbers above each bar mean “the number 
of closed micropipes/the number of micropipes existing in substrates”. The 
micropipe closing is perfect (100%) except for abnormally large (> 3 pm) 
micropipes. Si et al. have clarified that hollow cores (micropipes) are created 
when the Burgers vector (b) of a screw dislocation equals to 3c or larger 
in 4iJ-SiC (c: unit vector along the c-axis) [25]. According to their study, 
the diameter of micropipes is proportional to the square of Burgers vectors 
(jb|^), following the Frank’s theory. Therefore, the smaller micropipes, which 
have smaller Burgers vectors, should be more easily closed, if the dissociation 
process (nc ^ (n — l)c -|- c) takes place during epitaxial growth. 
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Fig. 9. Percentage of micropipe clos- 
ing for a 60 pm-thick epilayer grown 
by hot- wall CVD, as a function of the 
micropipe diameter 
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Successive etching experiments indicated that the position of etch lines 
moved toward the [0-33-16] direction, as the epilayer thickness decreased by 
polishing. A quantitative analysis on this movement of etch lines suggested 
that the dislocations responsible for the etch lines lie in the {0001} basal 
plane. Since the Burgers vector of these dislocations in the basal plane should 
be mainly me (m = 1 or less), the dislocations are of “edge” nature. The ex- 
perimental details and mechanism of micropipe dissociation will be described 
in a subsequent publication. 

Recently, Kamata et al. reported that a micropipe could be dissociated 
into several closed-core screw dislocations in CVD growth on off-axis 4H- 
SiC(OOOl) [26]. In the present study on 4if-SiC(03-38), however, “screw dis- 
locations” propagating along the c-axis were not observed near the locations 
of micropipe closing. The authors found that even closed-core screw dislo- 
cations in substrates do not thread into 4iJ-SiC(03-38) epilayers but change 
the direction of dislocation lines. 

3.6 Effect of Structural Defects on Performance 
of Schottky Diodes 

In order to assess the epilayer quality and the influence of structural defects 
on the device performance, Schottky barrier diodes were processed. Ni/4if- 
SiC(ll-20) and Ni/4i7-SiC(03-38) Schottky barrier diodes were fabricated on 
60 pm-thick epilayers with a donor concentration of 0.8 — 2 x 10^^ cm“^. The 
net donor concentration of substrates was estimated to be 4 — 7 x 10^® cm“® 
from C-V measurements. Back-side ohmic contacts were formed by evapo- 
ration of Ni followed by annealing at 1000°C for 10 min. The diameter of 
as-deposited Ni Schottky contacts was 300 pm. Neither edge termination nor 
surface passivation was employed. 

The highest breakdown voltage obtained for diodes fabricated on 4H- 
SiC(ll-20) was 3.36 kV. The on-resistance was not fluctuated among fab- 
ricated diodes, being 24 mflcm^. On the other hand, the performance of 
3.28 kV-22 mflcm^ was obtained for the 4if -SiC (03-38) diode. In the for- 
ward characteristics, both (11-20) and (03-38) diodes showed a small ideality 
factor of 1.04-1.08, and the barrier height was estimated to be 1.63-1.67 eV. 
The measured on-resistances (22-24 mflcm^) agree with the resistance of the 
n~ drift layer (20 mflcm^), assuming an electron mobility of 1000 cm^/Vs. 

The authors investigated the effects of micropipe closing on the reverse 
characteristics of 4i7-SiC(03-38) diodes. The current-voltage (I-V) character- 
istics were measured for 52 micropipe-free diodes and 43 diodes which contain 
“closed” micropipes. Figure 10 demonstrates the I-V characteristics for typ- 
ical three (03-38) diodes without micropipes and three (03-38) diodes with 
closed micropipes. The maximum breakdown voltage was 3.28 kV for diodes 
without micropipes and 2.97 kV for those with closed micropipes. These val- 
ues are about 75-80% of the parallel-plane breakdown voltage (4 kV) calcu- 
lated for this epilayer structure. It should be noted that the breakdown field 
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Fig. 10. Current-voltage characteristics for typical Ni/4_ff-SiC(03-38) Schottky 
barrier diodes without micropipes and diodes with closed micropipes 



along 4iJ-SiC (03-38) is approximately 75% of that along 4if-SiC (0001) [27], 
and is estimated to be about 1.58 MV/cm at the doping concentration 
used. Although the breakdown voltage for diodes with closed micropipes was 
slightly reduced by 5-10%, compared to micropipe-free diodes, the present 
result indicates that 4if-SiC(03-38) devices processed on closed-micropipe 
regions can withstand high electric field, at least, close to 1.5 MV/cm. The 
authors also measured five diodes with a threading micropipe, which was not 
closed because of its large diameter. All these diodes exhibited an excessive 
leakage current of 0.2-1 A/cm^ at —1 kV and catastrophic breakdown at 
1.0-1. 2 kV. Thus, micropipe closing is very effective in improving the high- 
voltage blocking capability of SiC devices. Recently, Kamata et al. demon- 
strated that the breakdown voltage of 4if-SiC(0001) Schottky barrier diodes 
was significantly improved by micropipe closing [28]. Thus, the present work 
on 4iJ-SiC (03-38) is in agreement with the work on off-axis 4if-SiC(0001). 



4 Device Processing 

4.1 Phosphorus Ion Implantation 
and Implantation Damage Reduction 

In high-dose ion implantation to form heavily-doped SiC, implantation at 
an elevated temperature followed by annealing at a high temperature above 
1500-1600°C has been employed, because recrystallization of SiC is rather 
difficult. However, a recent report has shown that when activation anneal- 
ing is performed at a high temperature in Ar, considerable roughening and 
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macrostep formation are observed, which may adversely affect the mobil- 
ity of MOSFETs [29]. In this section, high-dose phosphorus ion implantation 
into 4iJ-SiC(ll-20) and 4iJ-SiC(0001) is described. The electrical properties, 
implantation-induced damage, and surface roughness of implanted layers are 
discussed. 

To form selective n"*" regions in SiC, phosphorus ion (P'*') [30] or nitrogen 
ion (N"*') [31] implantations is commonly employed. Recently P“'" implantation 
has attracted increasing attention to obtain lower sheet resistances [32, 33], 
probably due to its higher solubility limit in SiC. In this experiment, both 
8° off-axis 4iJ-SiC(0001) and on-axis 4H-SiC (11-20) epilayers doped with 
boron to the net acceptor concentrations of 0.8 — 6 x 10^® cm“® were used 
as a starting material. Multiple energy (10-360 keV) implantation of P“^ was 
carried out at either room temperature (RT) or 800°C to form a 0.45 pm- 
deep box profile of P atoms. The total implant dose was 1 x 10^® cm“^, which 
resulted in the average P concentration of 2 x 10^® cm“®. Post-implantation 
annealing was performed in a CVD reactor at 800-1700°C for 30 min in pure 
Ar ambience. The electrical properties of the implanted regions were charac- 
terized by Hall effect measurements using the van der Pauw configuration. 
Ohmic contacts were formed by evaporation of either Al/Ti or Ni followed 
by annealing at 900°C in Ar. Mesa structures were fabricated by reactive ion 
etching. 

Figure 11 shows the measured sheet resistance of P+-implanted layers as a 
function of annealing temperature [34]. In the case of implantation at 800°C 
into 4i7-SiC(0001), the sheet resistance takes a minimum value of 80 fl/a 
after 1700°C-annealing, which agrees with recent reports [32, 33]. The sheet 
resistance for the (0001) samples implanted at RT was higher, compared to 
those implanted at 800°C. On the other hand, when 4iJ-SiC(ll-20) epilay- 
ers were employed, a low sheet resistance of 110 0/n has been achieved by 
i?T-implantation followed by annealing at 1700°C. The low-temperature an- 
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layers as a function of annealing tem- 
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nealing even at 1300°C resulted in a reasonable sheet resistance of 460 fl/n. 
The sheet resistance could be further reduced to 27 fl/n by employing 800° C- 
implantation and subsequent annealing at 1700°C. Recently, Schmid et al. 
reported the Hall effect study on P+-implanted 4iJ-SiC(0001) and (11-20) 
[35]. They observed significantly higher electron mobility in 4if-SiC(ll-20) 
samples, owing to a lower carrier compensation than (0001) samples. 

It is important to understand, from a viewpoint of lattice damages, 
the reason why i?T-implantation of P+ into 4i7-SiC(ll-20) brings a low 
sheet resistance while hot implantation is generally required in the case 
of 4iJ-SiC(0001). Implantation-induced damages were analyzed by Ruther- 
ford backscattering spectroscopy (RBS)-channeling measurements with a 
2.0 MeV He2+ primary beam and a scattering angle of 170°. Figure 12a 
shows the aligned spectra of as-implanted and 1700°C-annealed 4if-SiC 
(0001) samples. The aligned yields of the damaged region (channel num- 
ber: 230-280) are close to the random yields in the case of i?T-implantation 
without annealing. Although the yields decrease by annealing at 1700°C, 
severe damages near the surface still remain (normalized yield: y = 18%) 
as reported previously. In contrast, the damage is considerably decreased 
for the 800°C-implanted and 1700°C-annealed sample. Figure 12b depicts 
the aligned spectra of RT-implanted 4H-SiC (11-20) samples followed by 
annealing at 1300°C or 1700°C. Implantation-induced damages are consid- 
erably decreased (y = 4.7%) even by annealing at 1300°C. The damages are 
reduced down to the virgin (epilayer) level (y = 1.2%) by 1700°C-annealing. 
This indicates that remarkable lattice recovery is realized in 4iJ-SiC (11-20), 
owing to a much faster recrystallization rate along the (11-20) direction [36]. 
Further investigation is required to understand the crystal face dependence 
of damage generation and annealing. 

Although a relatively low sheet resistance of 180 fl/n was obtained for the 
(0001) samples implanted at RT followed by 1700°C-annealing, as shown in 
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a (0001) b (1120) 

Fig. 13. AFM image of the 47/-SiC samples implanted at 800°C followed by an- 
nealing at 1700°C for (a) off-axis (0001) and (b) (11-20) 



Fig. 11, a recent transmission electron microscopy (TEM) analysis revealed 
that the implanted region contains high density of 3C-SiC islands [37]. No 3C- 
SiC inclusions were, however, detected in TEM analyses of the 4if-SiC(ll- 
20) samples implanted at RT [37]. As in CVD growth, the availability of 
stacking information on the (11-20) plane may suppress the appearance of 
3C-SiC inclusions. 

Figure 13a shows an atomic force microscopy (AFM) image of the 800°C- 
implanted 4iJ-SiC(0001) sample annealed at 1700°C. Considerable macrostep 
formation is observed. The surface roughness defined as root-mean-square 
(rms) is 13.7 nm in the 10 x 10 |lm^ scan area. An AFM image of the 4F7- 
SiC(ll-20) sample implanted at 800°C followed by annealing at 1700°C is 
shown in Fig. 13b. The surface is mirror-like, and the value of rms roughness 
is as low as 1.5 nm. The absence of an off-angle orientation for 4if-SiC(ll- 
20) samples may be the reason for the good surface morphology after high- 
temperature annealing. 

Thus, the electrical properties, lattice damage and surface roughness can 
be improved by utilizing 4i^-SiC(ll-20). In addition, hot implantation may 
be unnecessary for 4i^-SiC(ll-20), which is attractive for improvement in SiC 
device processing technology. The advantages of i?T-implantation include the 
much higher throughput and the use of a photoresist as an implantation mask. 

4.2 Performance of MOSFETs Fabricated on 4ff-SiC (11-20) 

Planar n-channel MOSFETs were fabricated on B-doped p-type 4iJ-SiC(ll- 
20) and off-axis 4iJ-SiC(0001) epilayers. The thickness and the acceptor con- 
centration of epilayers were 4 pm and 5 — 10 x 10^® cm“^, respectively. 
The source and drain regions were formed by N’*' implantation at RT fol- 
lowed by annealing at 1550° C for 30 min in Ar. The total implant dose was 
8 X 10^"^ cm“^. Then, the samples were cleaned by the RCA process prior 
to the gate oxidation. About 40 nm-thick gate oxides were formed by wet 
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oxidation at 1100°C for 60 min on (11-20) or at 1150°C for 120 min on AH- 
SiC(OOOl), taking into account of the 3-6 times faster oxidation rate for AH- 
SiC (11-20). Both samples were annealed in Ar at the oxidation temperature 
for 30 min. Ohmic contacts for source and drain were formed by evapora- 
tion of Al/Ti and subsequent alloy at 600°C. Al was employed as the gate 
electrode. The channel length and width were 30 and 200 |J,m, respectively. 

From the MOSFET characteristics on (11-20) with two different current 
directions, the anisotropy of inversion channel mobility at room temper- 
ature was determined [38]. The anisotropy, defined as lt(i-ioo>/M(oooi>) is 
0.85 for AH-SiC, showing almost the same anisotropy as bulk mobility [39]. 
From the iDigm — Vg plots (/d: drain current, g^: transconductance, Vg^ 
gate voltage), the low-field mobility (go) was determined to be 81.7 cm^/Vs 
and 5.59 cm^/Vs along the (1-100) current direction for the 4i7-SiC(ll- 
20) and off-axis (0001) MOSFETs, respectively. The low-field mobility along 
the (0001) current direction of the 477-SiC(ll-20) MOSFET is even higher, 
95.9 cm^/Vs. In the case of 6i/-SiC MOSFETs, the channel mobility on (11- 
20) along the (1-100) was also much higher (116 cm^/Vs) than that on (0001) 
(44.8 cm^/Vs) [38]. 

Recently, Senzaki et al. have reported that the channel mobility can be 
further increased by decreasing the temperature of the wet oxidation pro- 
cess [40]. By combining low-temperature wet oxidation at 950°C and post- 
oxidation annealing in H 2 at 800°C, a very high mobility of 198 cm^/Vs in 
inversion channel has been achieved [40]. The (11-20) face is also effective 
to obtain high channel mobility even in buried-channel MOSFETs [40, 41]. 
Although the technology of 4iJ-SiC(ll-20) bulk growth is still not mature, 
fabrication of trench [/-shaped MOSFETs on (0001) wafers with the side-wall 
channel exactly aligned on (11-20) may be one solution to realize SiC power 
MOSFETs with low on-resistance. 

The temperature dependencies of the low-field channel mobility for AH- 
SiC MOSFETs on (11-20) and (0001) are shown in Fig. 14a. Regarding the 
4i/-SiC(0001) MOSFET, the channel mobility is thermally activated, increas- 
ing with temperature. This abnormal dependence may be caused by Coulomb 
scattering and/or the trapping of mobile electrons in the inversion layer at 
a high density of interface states [42]. In contrast, the AH-SiC MOSFET on 
(11-20) exhibits a high channel mobility at room temperature and decreases 
with increasing temperature above 200 K, according to the dependence, 
due to phonon scattering. Figure 14b depicts the temperature dependence of 
threshold voltage for 4i/-SiC (11-20) and (0001) MOSFETs. The threshold 
voltage of 4iJ-SiC(0001) MOSFET is very high, 7.8 V at room temperature. 
It decreases to 2.7 V at 500 K, which is accompanied by the increased channel 
mobility, indicating a reduced number of negative charges near the MOS in- 
terface. However, the threshold voltage of 4iJ-SiC(ll-20) MOSFET is lower, 
4.0 V, and is not very much dependent on the temperature. 
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Fig. 14. Temperature dependencies of (a) low-field channel mobility and 
(b) threshold voltage for 4J/-SiC MOSFETs on (11-20) and (0001) 



4.3 MOS Interface Properties 

To investigate the MOS interface, MOS capacitors with an oxide thickness 
of 40-60 nm were fabricated on fV-doped n-type 4iJ-SiC epilayers grown on 
(11-20), (03-38), and off-axis (0001) substrates. The oxides were grown by 
wet oxidation at 1150°C followed by annealing at the same temperature in 
Ar. The MOS interface quality on 4iJ-SiC(ll-20) and 4i4-SiC(03-38) was 
always deteriorated when oxides were formed by dry oxidation, though the 
reason is not clear at present [43, 44]. The interfaces of the MOS capacitors 
were characterized by high-frequency (1 kHz, 1 MHz) C-V measurements at 
room temperature (300 K) and 100 K with a bias sweep rate of 0.1 V/s. 

C-V measurements on n-type 4iJ-SiC MOS capacitors at 300 K have 
revealed that (11-20) and (03-38) MOS capacitors exhibit much smaller fre- 
quency dispersion in the accumulation region [9, 45]. This result suggests a 
higher density of interface states near the conduction band edge for MOS 
structure on (0001). This speculation was confirmed by C-V measurements 
at low temperature. Figure 15 shows C-V curves at 1 MHz for 4iI-SiC MOS 
capacitors on the (a) (11-20), (b) (03-38), and (c) off-axis (0001) substrates 
measured at 300 K and 100 K. The donor concentration of (11-20), (03-38), 
and (0001) epilayers was 2 x 10^® cm“®, 3 x 10^^ cm“®, and 2 x 10^® cm“®, re- 
spectively. The larger stretch-out in C-V curve for the (03-38) MOS capacitor 
is ascribed to the higher doping level in the semiconductor. The 4i4-SiC(ll- 
20) MOS capacitor exhibited a carrier-injection type hysteresis of 0.4 V at 
300 K and increased to 0.9 V at 100 K. The C-V curve for the (03-38) MOS 
capacitor showed a similar hysteresis. On the other hand, a very large hys- 
teresis of 2.4 V was observed at 100 K for the 4iJ-SiC(0001) MOS capacitor, 
in spite of a small hysteresis of 0.1 V at 300 K, which agrees with a previous 
work on 4i4-SiC(0001) MOS capacitors [46]. 
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Fig. 15. Capacitance-voltage curves at 1 MHz for 4H-SiC MOS capacitors on the 
(a) (11-20), (b) (03-38), and (c) off-axis (0001) substrates measured at 300 K and 
100 K 



At low temperatures, the Fermi level at the flatband condition shifts to- 
ward the conduction band edge, and the time constant for electron emission 
from interface states significantly increases with cooling. Thus, a high den- 
sity of acceptor-like interface states in the upper half of the bandgap causes 
a large positive flatband voltage shift because more electrons are trapped at 
these interface states. In addition, at low temperatures, electrons trapped at 
shallow interface states or at traps very close to the conduction band edge are 
gradually emitted to the band during voltage sweep, resulting in a carrier- 
injection type hysteresis [46]. From the hysteresis at 100 K, the density of 
shallow interface states was estimated to be 4.7 x 10^^ cm“^ for (11-20), 
4.9 X 10^^ cm“^ for (03-38), and 1.3 x 10^^ cm“^ for (0001), respectively. 
From the flat-band shift, the “effective” fixed charge density at 100 K was 
2.4 X 10^^ cm“^ for (11-20), 1.4 x 10^^ cm“^ for (03-38), and 4.3 x 10^^ cm“^ 
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Fig. 16. Distribution of interface 
state density for 4_ff-SiC(0001), (11- 
20) and (03-38) together with &H- 
SiC(OOOl) and (11-20) 



for (0001), respectively. These results indicate that the interface state density 
near the conduction band edge is significantly lower on (11-20) and (03-38) 
than on (0001). 

From the parallel conductance measured in the frequency range from 
1 kHz to 1 MHz at room temperature, the interface state density was de- 
termined by a conductance method. Figure 16 shows the distribution of in- 
terface state density for 4i/-SiC(0001), (11-20) and (03-38) together with 
6H^-SiC(0001) and (11-20). Since AH- and QH-SiC have the same energy 
position of the valence band edge (i?v), which is 6.0 eV below the conduc- 
tion band edge of Si02 [47], the distribution of the interface state density 
for two different polytypes can be plotted against the valence band edge. 
The interface state density of 6i?-SiC(ll-20) MOS structure is higher than 
that of 6i?-SiC(0001), in good agreement with a previous report [48]. The 
4if-SiC MOS structures show a higher interface state density near the con- 
duction band edge, due to the larger bandgap. At the deep energy region 
(E — Ev < 2.9 eV), the interface state density for (11-20) and (03-38) are 
even higher than that for (0001). However, the interface state density of 4H- 
SiC(OOOl) exhibits a sharp increase to above 10^^ cm“^eV“^ near the band 
edge {E — Ey > 3.0 eV). On the other hand, the interface state density of 
4iJ-SiC(ll-20) and (03-38) MOS structures stays in the low 10^^ cm“^eV“^ 
range near the band edge {E — E^ > 3.0 eV). 

Regarding the correlation between the interface state density and channel 
mobility in inversion-type SiC MOSFETs, the authors have suggested that 
negative charges near the MOS interface may limit the channel mobility [49]. 
Schorner et al. have proposed that the mobility is mainly affected by the 
acceptor-like interface states near the conduction band edge [50]. Saks et 
al. demonstrated that most of electrons in the inversion layers, especially 
for 4i/-SiC(0001) MOSFETs, are trapped and immobile based on MOS-Hall 
effect measurements [42]. Afanas’ev et al. reported that near interface traps 





730 



T. Kimoto et al. 



existing either in Si02 or the interface at i?c(Si02) - 2.77 eV, which is located 
between i?c(4iJ-SiC) and Ec{QH-SiC), may be responsible for the low channel 
mobility of 4iJ-SiC(0001) MOSFETs [47]. These models are consistent with 
each other: Electron trapping at shallow acceptor-like interface states or traps 
leads to the reduced concentration of mobile inversion electrons as well as to 
the enhanced Coulomb scattering. Since the shallow interface state density 
in the 10^^ cm“^ range for the 4i7-SiC(0001) MOS structure is of the same 
order as the surface charges in the inversion layer induced by gate bias, most 
of induced electrons may be trapped at these interface states and become 
immobile [42, 51]. Thus, the lower interface state density near the band edge 
on (11-20) brings about the higher concentration of mobile electrons in the 
inversion layer together with the higher channel mobility. Concerning the 
4iJ-SiC (03-38) MOSFETs, a relatively high channel mobility of 36 cm^/Vs 
has been obtained. The mobility may be improved by process optimization. 

In Si MOSFETs, the (001) face is the best choice which exhibits the lowest 
interface state density and the highest channel mobility, the (111) face the 
worst, and the (110) in between. From a simple crystallographical analogy, 
4iJ-SiC (03-38), semi-equivalent to (001), is expected to be the best, and 
(0001), equivalent to (111), the worst, and (11-20), equivalent to (110), in 
between. However, this assumption may not be valid in SiC MOS structures, 
because the major origin of high interface state density may be not caused 
as in Si by the Pb center, related with Si dangling bonds, but by C-clusters 
or complexes [47]. Different bond configurations on non-basal surfaces might 
lead to a different removal process of C-related materials from the interface 
during oxidation and to the reduced number of electrically active states near 
the band edge. Further investigations are required to clarify the origin of 
interface states and the crystal-orientation dependence. 



5 Conclusions 

Chemical vapor deposition and device processing technologies on 4if-SiC(ll- 
20) and (03-38) have been reviewed. A low background doping concentration 
of 2 — 3 X 10^"^ cm“^ (n-type) could be achieved. The efficiency of N incorpo- 
ration was higher but that of B and Al was lower on these non-basal planes 
than on (0001). 477-SiC(ll-20) epilayers are micropipe-free, as expected. Al- 
most complete closing of micropipes was realized in 4i7-SiC (03-38) epitaxial 
growth, although some of very large (> 3 pm) micropipes were threading 
into epilayers. Ni/41?-SiC(ll-20) and (03-38) Schottky barrier diodes showed 
good characteristics of 3.36 kV~24 mflcm^ and 3.28 kV-22 mflcm^, respec- 
tively. The breakdown voltage of 4i7-SiC(03-38) Schottky barrier diodes was 
significantly improved from 1 kV to above 2.5 kV by micropipe closing. 

In high-dose P+ implantation, lower sheet resistances and very little sur- 
face roughening were obtained by utilizing (11-20). Even though severe dam- 
age is introduced by i?T-implantation, solid state recrystallization without 
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3C-SiC inclusion is realized on (11-20). A high channel mobility of 96 cm^/Vs 
has been achieved for inversion- type 4i7-SiC MOSFETs fabricated on (11- 
20). The channel mobility of 4if-SiC(ll-20) MOSFET decreased according 
to the dependence above 200 K, whereas the mobility on (0001) in- 

creased at elevated temperatures. These properties can be ascribed to the 
much lower interface state density near the conduction band edge on (11-20). 
4iJ-SiC(03-38) also possesses much potential to achieve high channel mobility 
in MOSFETs. 
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Devices 




SiC Power Bipolar Transistors 
and Thyristors 



T.P. Chow, N. Ramungul, J. Fedison, and Y. Tang 



1 Introduction 

Silicon has long been the dominant semiconductor of choice for high-voltage 
power electronics applications [1, 2]. However, recently, wide bandgap semi- 
conductors, particularly SiC and GaN, have attracted much attention because 
they are projected to have much better performance than silicon [3]-[8] and 
the epi/substrate technology has matured to make device commercialization 
possible. SiC offers a lower intrinsic carrier concentration, a higher electric 
breakdown field, a higher thermal conductivity and a larger saturated elec- 
tron drift velocity, when compared to silicon (see Table 1). The experimental 
impact ionization coefficients, usually extracted from breakdown character- 



Table 1. Physical properties of important semiconductors for high-voltage power 
devices 
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Fig. 1. Experimental impact ionization coefficients of electron and hole in 6H- and 
477-SiC [9,10] 



istics of reverse-biased pn or Schottky junctions, are shown in Fig. 1 for 
both 6H- and 4iJ-SiC [9]-[ll]. Also included in the figure is the average ion- 
ization coefficient for 6i?-SiC. Such an average ionization coefficient, allows 
one to estimate analytically the breakdown voltage and depletion width at 
breakdown. (See [12] for the silicon case and [13] for 6i?-SiC.) Theoretically 
calculated coefficients for 3C-SiC have also been performed [14]. Unlike in 
silicon, the hole ionization coefficient is higher than the electron coefficient 
in both 4i7-SiC and 6i?-SiC. Such trends have significant impact on bipolar 
transistor structure (npn vs. pnp) considerations, as will be discussed later. 
Also, SiC, like silicon, is an indirect semiconductor, hence SiC can have rela- 
tively long minority carrier lifetimes. Experimentally, recombination lifetimes 
> 1 ps have been extracted in 4iJ-SiC [15]. 

In this chapter, the figures of merit of bipolar power switching devices 
will be first briefly reviewed to demonstrate the potential performance im- 
provement using wide bandgap semiconductors. Then, the basic physics of 
operation and key device design parameters of three-terminal power bipolar 
transistors and thyristors will be presented. Recent experimental highlights 
on high-voltage SiC devices are summarized. Also, the outstanding material 
and processing issues that need to be overcome for device commercialization 
will be pointed out. 



2 Figures of Merit 

To quantify the potential performance enhancement possible with SiC, several 
unipolar and bipolar figures of merit have been proposed [3]-[8]. Bipolar 
transistors, such as BJT, IGBT and HBT, need to use bipolar figures of 
merit [5, 6]. Among the bipolar transistors, we can classify them into two 
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Table 2. A bipolar figure of merit applied to the power npn BJT (calculated at 
Jf = 100 A/cm^ BV = 1000 V, /3 = 10) [6] 
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* Pi and Pioo is the power density dissipitated at a switching frequency of 1 and 
100 kHz, respectively 



Table 3. A bipolar figure of merit applied to n-channel IGBT (calculated at Jf = 
100 A/cm^ BV = 1000 V, Op^p = 0.14) [6] 
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0.6x10"^ 


5.0x10"^ 


75.3 



groups, those with odd number and those with even number of junctions. 
The BJT has an even number of junctions and hence its on-state voltage 
can be minimized through cancellation of junction voltages when it is in 
saturation. In this case, SiC clearly excels over Si and the power dissipation 
is clearly smaller in SiC transistors, as shown in Table 2. By contrast, the 
Insulated-Gate Bipolar Transistor (IGBT) [2], which is the dominant silicon 
power transistor structure, has an odd number of junctions in its structure 
and its forward drop cannot be reduced to less than a diode drop. Since SiC 
has a large diode turn-on voltage due to its larger bandgap, its conduction loss 
cannot be less than the silicon device at low to medium current density and 
only yields a lower total power loss when the switching frequency exceeds a 
certain frequency, /min [5, 6]. This /min, at which the conduction loss is equal 
to the switching loss (at 50% duty cycle), has been considered as the bipolar 
figure of merit, and, in the case of a 1000 V IGBT, is about 20 kHz for SiC 
when compared to silicon, as illustrated in Table 3. Similarly, this bipolar 
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Table 4. A bipolar figure of merit applied to gate turn-off (GTO) thyristor (cal- 
culated at Jf = 100 A/cm^, BV = 1000 V, turn-off gain of 4) [6] 



Name Nd VFn Vf JoE 
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figure of merit can be applied to thyristors, as shown in Table 4. 

There are basically two families of two- and three-terminal power semi- 
conductor switching devices - the Schottky rectifier and the power FET rep- 
resenting the unipolar family and the junction rectifier, the bipolar junction 
transistor and the thyristor belonging to the bipolar family. As will be shown 
below, at a system dc voltage of 5000 V or higher and a device operating 
temperature higher than 150° C, we expect MOS-gated bipolar transistors 
and thyristors to be superior to unipolar transistors and are the devices of 
choice for electrical vehicle applications. 

For each semiconductor, dependent on its bandgap, there is a crossover in 
voltage rating above which bipolar devices are preferred over unipolar ones 
due to the reduced drift-layer resistance from conductivity modulation of 
bipolar carrier injection. For silicon, this voltage is about 300 V whereas, for 
SiC, it is above 3000 V [16]. Also, with increasing operating temperature, this 
crossover voltage is expected to decrease since the ON-resistance of unipolar 
devices varies inversely as the second power of temperature while the turn-on 
voltage decreases and carrier lifetime increases. Recent calculations [17, 18] 
on SiC power transistors have confirmed our observation. 

Besides device type, n-channel or npn type devices are chosen over p- 
channel or pnp counterparts in silicon. The reason for this is the higher elec- 
tron mobility and lifetimes. On the other hand, the higher impact ionization 
of electrons leads to a poorer SOA. In SiC, the electron also has a higher 
mobility but has a lower impact ionization capability than holes. These con- 
siderations lead to the inclusion of p-channel IGBT in SiC. 

As mentioned earlier, we have approximated the electron and hole ion- 
ization coefficients using a power law. Then, we obtain the ideal breakdown 
voltage (BVpp) and depletion layer width at breakdown (Wpp) as a function 
of background doping, as shown in Fig. 2 for 6H- and 4iJ-SiC. These ana- 
lytical calculations have been corroborated well with numerical simulations 
and experimental results. It can be seen that, for the same background dop- 
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Doping Concentration (cm'*) 



Fig. 2. Breakdown voltage of parallel-plane, one-sided abrnpt junction (BVpp) and 
its depletion layer width at breakdown (Wpp) for 6H- and 4_ff-SiC at 300 K 

ing and along the c-axis, 6iJ-SiC has a 10-15% higher BV than 4iJ-SiC, 
despite the larger bandgap of the latter. Also, the effective avalanche field 
estimated for doping concentration of 10^® to 10^^ cm“^ is the range 2.5 to 
5 X 10® V/cm, close to the experimental value of 2 to 3 xlO® V/cm. Like 
silicon, the breakdown voltage of SiC has been established to increase when 
temperature increases, or, in other words, has been shown to have a positive 
temperature coefficient [19]. 




Background Doping (cm'^) 

Fig. 3. Breakdown voltage of open base bipolar transistors in 47/-SiC 
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Fig. 4. Breakdown field along various crystal orientations in three SiC polytypes 
at room temperature [20] 



The breakdown voltages of bipolar transistor structures are generally 
lower than those of pn junctions due to current gain. Figure 3 shows the 
breakdown voltage of open base transistor in 4iJ-SiC for several carrier diffu- 
sion lengths. High voltage open-base pnp bipolar transistor BV (BVceo) de- 
sign depends primarily on minority carrier lifetime and BVceo oc (1 — 
where Oq is the common-base current gain, n is 4 for npn and 6 for pnp tran- 
sistors in silicon. For 4iJ-SiC, we have found that n is 13 for npn and 3 for 
pnp, implying the npn is more rugged than the pnp [18]. Since no orienta- 
tion dependence on the ionization coefficients has been measured on 6H- and 
4if-SiC, our discussions above ignore any anisotropy in the avalanche pro- 
cess. While this approximation is indefensible for 6iJ-SiC, it is acceptable for 
4if-SiC since its anisotropy in material properties are generally within 15%. 
Recent measurements of mesa p~^n diodes indicated that the breakdown fields 
along various crystal orientations in 4iJ-SiC, 6i?-SiC and 3C-SiC is about 
75% that of 4iJ-SiC (0001) (Fig. 4) [20]. 



3 Power Bipolar Transistors 

In general, the power transistors can be classified as the unipolar and bipo- 
lar transistor families. Within each family, they can be further divided into 
current- and voltage-controlled devices. A voltage-controlled transistor is of- 
ten preferred for ease of integrating IC-based gate driving circuitry. A review 
of recent advances in the power unipolar transistors can be found in another 
chapter in this book. Table 5 summarizes the recent experimental results on 
bipolar power transistor structures in 6H- and 4i?-SiC. 

Shown in Figs. 5 and 6 are the schematic cross-sections of several three 
terminal power bipolar transistors and thyristors that can be implemented 
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Table 5. A list of SiC power bipolar transistors that have been experimentally 
demonstrated 



Device 

type 


Poly- 

type 


Power 

ratings 


Features 


Researcher 


Ref. 


SIAFET 


AH 


4500 V, 
10 mA 


Bipolar mode, 
83 mOcm^ 


KEPCO/Cree, 

2000 


[38] 






6100 V 


732 mflcm^ 


KEPCO/Cree, 

2001 


[76] 






5050 V 


Bipolar mode 
80 mllcm^ 


KEPCO/Cree, 

2001 


[75] 


BJT 


QH 


200 V 


Epi emitter 


Cree, 1993 


[23] 




AH 


60 V 


Implanted emitter 


RPI, 2000 


[26] 






1800 V, 
3.8 A 


Epi emitter, 
10.8 mflcm^ 


Cree, 2000 


[27, 29] 






900 V 


Epi emitter 


Rutgers, 2000 


[25] 






500 V 


Implanted emitter 


RPI, 2001 


[28] 






3200 V 


Epi emitter, 
69 mUcm^ 
/3~ 15 


Purdue, 2002 


[32] 






1300 V, 
17 A 


Epi emitter, 

8 mflcm^, d ~ 11 


Cree/RPI, 

2003 


[33] 


Darling- 

ton 


AH 


200-400 V 


Implanted emitter 
d ~ 80 


RPI, 2002 


[34] 






200-400 V 


Implanted emitter 
d ~ 450, Vfioo ~ 7 V 


RPI, 2003 


[35] 


IGBT 


QH 


300 V, 
1 mA 


n-channel, 
self-aligned UMOS 


RPI/GE, 

1996 


[39] 




AH 


600 V, 
1 mA 


p-channel, 
self-aligned UMOS 
p-channel 


RPI/GE, 

1997 

Cree, 1999 


[40] 

[41] 



in SiC [18]. Besides the BJT and GTO, the UMOS devices include the power 
MOSFET, IGBT and MOS-Controlled Thyristor (MCT). A lesser-known 
MOS-controlled bipolar transistor, called the MOS-Gated Transistor (MGT), 
is also shown in its UMOS version (Fig. 6e). The DMOS version of the MGT 
has been previously demonstrated in silicon [21] but has not been widely 
used. However, the MGT deserves considerations in SiC due to the use of 
an substrate, which can be doped heavier than the substrate for the 
n-channel IGBT, as well as a larger safe operating area (SOA). 
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Fig. 5. Schematic cross-sections of (left) an epitaxial and (right) implanted emitter 
SiC bipolar junction transistor 



(a) 

Anode Gate 




N-Base 



P-EPI 

N+ Substrate 
Cathode 



Gate Turn-Off Thyristors 
(GTOs) 

(c) Emitter 




Coiiector 



(b) 

Source 




Anode 



insuiated Gate Bipoiar MOS-Controiied Thyristor 

Transistor (iGBT) (MCT) 



Fig. 6. Schematic cross-sections of several three-terminal vertical power semicon- 
ductor devices: (a) GTO thyristor, (b) MOSFET, (c) IGBT, (d) (5-layer) MGT 
and (e) MGT 
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3.1 Bipolar Junction Transistor (BJT)/ 

Darlington Configuration 

The Bipolar Junction Transistor (BJT) uses a base current to control the 
on-off conditions of the transistor. To design it to support high voltage, a 
lightly doped collector region is used. Also, the base thickness and doping 
must be sufficient to prevent punch-through breakdown. The details of the 
basic operation of the power BJT can be found in [1, 2]. 

The major distinguishing feature of the forward I-V characteristics of 
the power BJT is the quasi-saturation region, which is a direct consequence 
of the lightly doped collector and is not present in low-voltage BJT’s. This 
region reduces the output current and slows down the switching speed. At 
high current densities, part or the entire n~ collector region is flooded with 
an e~ jh^ plasma and is conductivity modulated and hence the voltage drop 
across it decreases [2]. Once the n~ region is no longer highly resistive, the 
conventional saturation region commences and the base collector junction is 
forward biased, leading to a junction voltage cancellation and a low forward 
voltage drop. However, with increasing level of carrier injection, the recombi- 
nation rate in the base/collector region increases, decreasing the current gain 
and requiring a larger base current drive. Other second order effects such as 
emitter crowding and Kirk effect, tend to lower the current gain and degrade 
the conduction performance of the BJT. To enhance the current gain, a two- 
stage, Darlington configuration can be realized by cascading two BJT’s with 
a common collector [2]. This Darlington configuration has a current gain, /Jd> 

/3d , (1) 

where /? is the current gain of each BJT stage, and the base current required 
is significantly reduced. 

During turn-off, the BJT undergoes several carrier removal stages. Also, 
besides the open base turn-off during which the carriers are removed with 
recombination, one can use the base drive circuitry to extract the excess car- 
riers from the device via the base terminal. Due to the 10 x reduced collector 
drift region to support the blocking voltage, the SiC BJT has less stored 
charge and can have a switching frequency up to at least 200 kHz. 

Several reports on 6iJ-SiC and 4iJ-SiC npn BJT’s have been presented 
[22]-[33]. Many of the emitter regions are epitaxially grown and the base 
contacts are made by trench etching through the emitter region, resulting in 
a non-planar structure. Some of the emitters were implanted, but even in this 
case, the device is often non-planar to avoid the use of p~^ implantation and 
subsequent high-temperature anneal (see Fig. 5). In 6iJ-SiC, the best device 
has a breakdown voltage of 200 V and an on-resistance of 126 mfl-cm^ [23]. 

Recently, there are significant advances on 4iJ-SiC BJTs [25]-[33j. An 
1800 V, 3.8 A epitaxial emitter BJT in 4iJ-SiC has been reported [24]. Its 
forward I-V and blocking characteristics are shown in Fig. 7. A maximum 




746 



T.P. Chow et al. 




Fie. 7. (left) Forward I-V and (riqht) blocking characteristics of an epitaxial- 
emitter 4i7-SiC BJT [27] 



current gain of 20 has been measured together with a SVceo of 1800 V for 
devices with an emitter pitch of 23 |4m. At Vce = 2 V, it has a specific on- 
resistance of 10.8 mfl-cm^ at room temperature and 19.7 mfl-cm^ at 250°C. 
These specific on-resistances are better than those reported for power MOS- 
FETs (15-50 mfi-cm^ at room temperature) of the same blocking voltage 
because of the lack of conductivity modulation and low channel mobility in 
the latter. The switching characteristics have also been measured [29]. As 
expected, due to minority carrier storage, the turn-off time is slower than 
that of a power MOSFET and the storage time is about 0.1 |4s and the 
fall time is 0.4 ps with a reverse base current for a collector current density 
of 50 A/cm^ and switching to a collector voltage of 300 V. By increasing 
the n~ collector region, an epitaxial emitter BJT with a current gain of 20 
and BVceo > 3200 V, which is the highest BV reported to date, has been 
achieved [32]. The largest current of any BJT is 17 A with 1300 V of break- 
down voltage [33]. 400 V, 22 A power inverter circuits based on epi-emitter 
BJTs have also been constructed and demonstrated [31]. 

Probably due to residual implantation damage in the base region, the 
implanted-emitter BJTs have inferior current gain vs. SVceo tradeoffs when 




Collector 



Fig. 8. Schematic cross-section of 
SiC Darlington transistor with oxide 
trench interstage isolation [34, 35] 
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VcE (V) 



Fig. 9. Forward I-V characteristics of an implanted-emitter Darlington in 477- 
SiC [34] 



compared to the epi-emitter BJTs. The first implanted-emitter has a high 
(^40) current gain but low BV (~60 V) [26] . To improve the BVceo , a refined 
process has been adopted and its implementation has resulted in 73 Vceo as 
high as 500 V. Unfortunately, the current gain has also decreased to 10 or less 
[28, 30]. Nevertheless, the implanted-emitter process is more flexible than the 
epi-emitter process and further optimization in implantation anneal is needed 
and desirable. 

Recently, monolithic Darlington transistors, based on the implanted- 
emitter technology and oxide trench interstage isolation, have been experi- 
mentally demonstrated in 477-SiC. The schematic cross-section of these Dar- 
lingtons are shown in Fig. 8 and the forward I-V characteristics are shown 
in Fig. 9 [34, 35]. The current gain dependence on Ube is shown in Fig. 10, 
indicating a current gain as high as 450 [34, 35]. Compared to the BJTs, 
these Darlingtons can significantly reduce the base drive current needed. 




Fig. 10. Current gain plot of a 477-SiC Darlington [34] 
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3.2 Bipolar-Mode JFET/ 

Static Induction Injected Accumulated FET (SIAFET) 

The Junction Field-Effect Transistor (JFET) is usually a unipolar field effect 
transistor. However, if the gate/drift junction is forward biased, minority 
injection from the gate into the channel and drift regions will conductiv- 
ity modulate these regions, resulting in a much lower specific on-resistance 
(see, for example, [36]). For SiC, the gate/drift junction will be forward bi- 
ased when the gate voltage exceeds 3 V. Since this bipolar mode operation 
involves current injection from the junction gate, the proper device perfor- 
mance parameter for this mode is the current gain, which is defined as 

/3 = /ds//gp ( 2 ) 

where Ids is the drain-to-source current current and /cp is the gate current. 
Several reports have utilized the high-voltage SiC JFETs close to the bipolar 
mode (to as much as 1 A/cm^ of gate current [37]) but no true bipolar mode 
operation has been studied. 

The SIAFET is an integrated JFET /MOSFET structure that has recently 
been experimentally demonstrated up to 4.5 kV [38]. In its normal operation, 
it is a unipolar field effect transistor that consists of a lateral accumulation 
MOS channel and a vertical JFET channel (Fig. 11). However, the junction 
gate can be forward-biased to beyond the turn-on voltage so as to inject mi- 
nority carriers (holes in this case), very similar to the case of JFET operating 
in the bipolar mode [36]. 

The dependence of the current gain, /J, on the buried gate bias Vcp for 
a SIAFET with a blocking voltage of 2030 V, is shown in Fig. 12 [38]. With 
a forward drop of 1 V and a MOS gate of 40 V, a current gain of ~1500 
at Vqp of 7 V was measured. The corresponding specific on-resistance (at 
kbs = 0.5 V) was reduced from 1200 mfl-cm^ in the unipolar mode to 




Fig. 11. Schematic cross-section of a AH- 
SiC SIAFET [75] 
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Burned Gate Bias V,p[V] 



Fig. 12. /3 vs. buried-gate bias 
for SIAFET [75] 



172 in the bipolar mode. 4-6 kV SIAFETs have also been reported 

with a specific on-resistance of 732 mfl-cm^ for the 6.1 kV devices [76]. An- 
other 5 kV merged MOSFET/ JFET (called SEMOSFET) operating in the 
bipolar SIAEET mode has yielded a i?on.sp of 80 mfl-cm^ [75]. The dynamic 
characteristics of 4-6 kV SIAEETs have been performed, demonstrating a 
high switching time (30-40 ns) despite minority carrier injection from the 
gate [76]. 

3.3 Insulated- Gate Bipolar Transistor (IGBT) 

We have previously indicated that the most popular silicon power bipolar 
transistor is the IGBT, in which a MOSFET is connected to the base of a 
bipolar transistor in a Darlington configuration, as shown in Fig. 6c for an 
n-channel, UMOS device. In parallel with the MOSFET is a parasitic narrow- 
base npn transistor, which is usually emitter-base shorted and, together with 
the wide-base pnp, forms a parasitic thyristor. The n-channel MOSFET has 
a better transconductance than the p-channel one due to higher electron 
mobility but the npn has a higher current gain than the pnp. Compared 
to silicon IGBTs, n- and p-channel SiC IGBT’s have similar forward drops 
because SiC has similar asymmetric electron and hole mobility’s and lifetimes. 
However, the pnp is more rugged and less susceptible to second breakdown 
than the npn in SiC due to a larger electron ionization coefficient (Fig. 1). 
Hence, the p-channel SiC IGBT has a larger safe-operating area than and is 
preferred over the n-channel one. 

In the IGBT, the lower wide-base bipolar transistor in the open-base 
configuration supports the forward blocking voltage. Hence, we can use Fig. 3 
to design the base doping and thickness. There are two designs. The first 
approach (called non-punch-through design) is to have a uniform base doping 
and maximize the base width so that some undepleted base width is left at the 
maximum blocking voltage. In the second, we put a buffer layer of a higher 
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doping than the base between the substrate and base so that we can thin 
down the base and use the buffer layer to prevent the depletion layer from 
reaching the substrate. The latter (called the punch-through case) needs to 
be used for SiC devices because lightly doped ingots are so far not achievable 
and the drift layer is epitaxially grown and is limited in thickness. In the 
punch-through design, the electric field must reduce to zero within the buffer 
layer so the minimum net space charge needs to be 

Qb = cIbNb > esEc (Gauss’ Law) « 2 x 10^^ q/cm^ 

for 6H- and 4iJ-SiC (3) 

where de and Nb are the buffer layer thickness and doping respectively. The 
buffer layer can also be used to control the emitter injection efficiency of the 
bipolar transistor in the on state. 

To compare the performance of the IGBT with the power MOSFET and 
MGT, the forward I-V characteristics of 5000 V n- and p-channel IGBT’s 
and an n-channel MGT at 400° G are compared in Fig. 13. The n-channel 
IGBT is superior over p-IGBT and n-MGT at room temperature but at 
elevated temperatures, the higher gain of the npn over pnp makes p-IGBT 
and n-MGT very competitive in terms of forward drop. Also, the material 
parameters, such as lifetime and substrate resistivity, can significantly impact 
the on-state characteristics. 

Besides on-state performance, the switching characteristics of these bipo- 
lar transistors need to be optimized so as to minimize the switching energy 
loss. Due to the reduced drift layer and higher background doping possible 
with SiG, the turn-off time is substantially faster in SiG than silicon devices. 
The turn-off time for an IGBT is primarily determined by the open base 




Fig. 13. Calculated forward I-V characteristics of 5000 V 477-SiC UMOS FET, 
IGBT and MCT at 400° C. All devices have punch-through epi structures [16] 
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Voltage (kV) 

Fig. 14. Reverse-biased safe-operating-area (RBSOA) of 5000 V UMOS n- and 
p-channel IGBT’s with punch-through and non-punch-through structures. That of 
the UMOS MCT is also included for comparison [16] 



turn-off of the constituent wide-base pnp and hence dependent on ambipolar 
recombination lifetime. To minimize the power transistor for total power loss, 
a forward drop vs. turn-off time analysis is usually performed (see [16] for 
the 5 kV case). 

To quantify the ruggedness of the power transistor under high-voltage 
switching, safe-operating-areas are often defined. The most demanding switch- 
ing condition imposed on the transistor is the high-current turn off under 
high-voltage inductive loads, and the transistor capability can be assessed 
by the reverse-biased SOA (RBSOA). The reverse-biased SOA’s of n- and 
p-channel IGBT’s with non-punch-through and punch-through designs are 
shown in Fig. 14 [16]. Unlike silicon, the p-channel IGBT’s have larger RB- 
SOA ’s than those of the n-IGBT’s in SiG, due to the larger hole ionization 
coefficient. 

Experimentally, only three reports on SiG IGBT’s have been reported. 
The first IGBT is a n-channel planarized UMOS IGBT on 6iV-SiG. Due to 
the large unit cell size, the BV \s limited by the trench corner breakdown to 
300 V. Also, the channel inversion mobility along the trench sidewalls is low 
so that only a small current (<1 mA) has been measured [39]. A p-channel 
4iV-SiG UMOS IGBT with a smaller unit cell yielded a BV as high as 700 V 
but the output current is still limited by the channel mobility [40]. A p- 
channel 4iV-SiG UMOS IGBT with higher current (up to 1.5 A or 75 A/cvc?) 
was reported [41]. The experimental I-V characteristics are shown in Fig. 15. 
The higher-than-expected turn-on voltage (~8 V) is attributed to the non- 
Ohmic contact to the top p~^ emitter. Also, the IGBT BV is only 85 V while 
a high BV has been observed on a diode fabricated along side, inferring that 
the IGBT breakdown is caused by the high gain of the constituent open-base 
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Fig. 15. Experimental blocking characteristics of a planarized UMOS p-channel 
IGBT [41] 



npn transistor [41]. The breakdown problem can be suppressed by using a 
heavier p-type buffer layer and the contact problem can be alleviated by a 
more optimized anneal cycle or re-grown contact as demonstrated in pin 
rectifiers [42]. 

3.4 MOS-Gated Bipolar Transistor (MGT) 

Structurally, the n-channel MOS-Gated Transistor (MGT) (Fig. 6e), which 
can be fabricated in the same IGBT process, has an n-channel MOSFET 
driving a narrow-base high-voltage npn transistor with an optional turn-off 
MOSFET [8, 21]. A 600 V, DMOS version of the MGT has previously been 
demonstrated in silicon [21]. For SiG, the MGT has the optimum device 
structure because the n-channel MOSFET provides a higher transconduc- 
tance than a p-channel MOSFET and the npn bipolar transistor has a higher 
current gain and BVceo than the pnp counterpart. Also, when compared 
to the IGBT, it does not have a four-layer parasitic thyristor and thus has 
a better forward-biased SOA and has an optional n-channel turn-off MOS- 
FET. In addition, the hole ionization coefficient is larger than the electron 
coefficient in SiG and, thus, the npn is now more rugged than the pnp. Fur- 
thermore, the MGT uses a n’*' substrate, which can be doped heavier than 
the p~^ substrate for the n-channel IGBT in SiG. Gonsidering the drawbacks 
of the MGT, we note that this device has more current non-uniformity and 
less conductivity modulation in the drift layer in the on-state when compared 
to the IGBT. Also, the inclusion of the turn-off gate increases the unit cell 
size and the device layout is less straightforward than the IGBT. In light of 
these considerations, it is worth considering the MGT together with IGBT 
in SiG. 
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Fig. 16. Calculated forward I-V characteristics of 5000 V SiC UMOS n- and p- 
channel IGBT and MGT at room temperature [16] 



The simulated forward I-V characteristic of a 5000 V 4iJ-SiC n-channel 
MGT is shown in Fig. 16. At room temperature, it is similar to both that of 
the n- and p-IGBT, mainly due to a larger device unit cell size. An analyt- 
ical I-V model, like the ones shown for the IGBT, has not been developed. 
Nevertheless, the forward voltage drop can be estimated, to the first order, 
by combining the standard analytical models for the power BJT and MOS- 
FET [2]. 

Unlike the IGBT, the turn-off characteristics are not necessarily open 
base and can be controlled by the turn-off MOSFET (M 2 ). The active turn- 
off case is to short the gate of the MGT to ground through M 2 and the 
minority carriers that are stored in the base region can be extracted out of 
the device, similar to the BJT. In this mode, the turn-off time is much faster 




Fig. 17. Passive and active turn-off characteristics of a 5000 V 477-SiC MGT [8] 





754 



T.P. Chow et al. 




Breakdown Voltage (kV) 



Fig. 18. Reverse-biased safe-operating-area (RBSOA) of 5000 V UMOS n-channel 
MGT [8] 



(~0.2 |is) and almost independent of carrier lifetime. By comparison, the 
turn-on time in the passive (open base) mode is larger, as shown in Fig. 17. 

The main bipolar transistor of the MGT has a narrow-base, lightly doped 
collector structure. At high current densities with high-level injection, the 
base region will extend into the collector region and the peak electric field at 
the p base/n“ collector junction will shift to the n~ /n~^ collector junction 
(the Kirk Effect) . As a result, the reverse-biased SO A of the MGT, as shown in 
Fig. 18, is unusual in that when the collector current increase, the maximum 
sustainable collector voltage actually increases. Eventually, the MGT still fails 
with the formation of current filaments and second breakdown commences. 
Nevertheless, because of the Kirk effect, the n-channel 4iJ-SiG MGT has been 
projected to have a larger RBSOA than those of n- or p-channel IGBT’s. 




Fig. 19. Experimental forward I-V characteristics of an all-SiC hybrid MGT [44] 
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The development of the SiC MGT is still in its early stage so that no mono- 
lithic experimental device has been demonstrated. However, hybrid MGTs 
using either a Si MOSFET or a SiC MOSFET driving a 4iJ-SiC BJT have 
been experimentally demonstrated [43, 44]. The forward I-V characteristics 
of 500 V implanted-emitter 4iJ-SiC BJT driven by a 6iJ-SiC lateral MOS- 
FET are shown in Fig. 19 [44]. 

Also, we can observe that the MOSFET in the structure can be replaced 
with a JFET or MESFET, particularly if one is concerned with the gate oxide 
reliability. 

3.5 Heterojunction Bipolar Transistor (HBT) 

No HBT in the SiC system with varying polytypes has been realized. How- 
ever, an HBT with heteroepitaxially grown GaN emitter on 6iJ-SiC substrate 
has been reported [45] . An extraordinarily high common-base current gain of 
>10® has been reported but no common-emitter characteristic was shown. A 
high leakage current across the collector-base junction is attributed. 



4 Power Thyristors 

Thyristors belong to a family of switching devices that have been specifically 
developed for power electronics applications. 

4.1 Silicon Controlled Rectifier (SCR) 

The silicon controlled rectifier (SCR) is a 4-layer, pnpn thyristor that uti- 
lizes a gate current for triggering into the conduction state [1, 2]. In silicon, 
the SCR consists of a lower, wide-base pnp and an upper, narrow-base npn 
because the higher gain npn can be more easily controlled with the gate ter- 
minal and the wide-base pnp has a larger SOA than the npn. To prevent the 
thryistor from inadvertent firing, cathode shorts are usually placed on the 
top cathode surface [1, 2]. An involute gate pattern is adopted to ensure an 
equi-distance between the cathode and the gate edge. With a cathode short, 
the gate triggering current is (for a linear stripe geometry) 

Igt = (Vbi/psB)(2’/T) (4) 

where Fbi is the built-in potential, psB is the base sheet resistance, Z is the 
emitter width and L is the emitter length between cathode shorts. It should 
be noted that the gate triggering current is strongly controlled by the surface 
geometry design. Another important parameter is the holding current, which 
is the minimum current needed to sustain the thyristor in the on-state and 
is given by 

4hA = 2Vbi^/ [(1 — ttripn) PSbT] • (5) 
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P- 



Fig. 20. Schematic cross-section of 
a SiC thyristor [46] 

It can be seen that the holding current can be minimized by increasing the 
sheet resistance of the upper base region and the distance between cathode 
shorts. 

For SiC, due to the difficulties in heavy p-type doping in the substrate, 
a substrate is usually used. Consequently, the actual thyristor structure 
studied is complementary to that of conventional silicon SCR’sSilicon Con- 
trolled Rectifier (SCR). Figure 20 shows the schematic cross-section of a SiC 
thyristor [46]. From device considerations, the lower transistor being npn 
improves the SVceo and safe-operating area but the upper pnp transistor 
requires a larger gate current to turn on due to lower n-base sheet resis- 
tance and current gain. To quantify the performance between pnpn and npnp 
SCR’sSilicon Controlled Rectifier (SCR), we have calculated their respective 
holding currents and found that the SCRSilicon Controlled Rectifier (SCR) 
with the cathode as substrate is favored. 

Once triggered on, the thyristor on-state characteristics strongly resemble 
that of a pin junction rectifier [1, 2]. With both the upper and low base con- 
ductivities modulated with carriers injected from the anode and cathode, the 
forward drop approaches that of the pin diode. With SiC, a much higher ta- 
ble operating temperature is possible in thyristors. The first SiC SCRsSilicon 
Controlled Rectifier (SCR), demonstrated in 6i?-SiC, already can operate as 
high as 400° C [46]. 

4.2 Gate Turn-Off Thyristor (GTO) 

To facilitate turn-off, the thyristors can be designed so that a gate current 
(in opposite direction to the gate triggering current) is used without device 
commutation (or anode-cathode voltage reversal) . Since SiC thyristors is de- 
sired to have a complementary structure to those for silicon thyristors, the 
condition for gate turn-off in SiC Gate Turn-Off Thyristors (CTO’s), unlike 
that in the silicon case [1, 2], is 



N+ Substrate 



CATHODE 
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Iq > {p^npn T C^pnp 1) IaJ ^ pnp (6) 

and the maximum turn-on gain is 

/^max ^pnp! {,^npn “t“ ^pnp 1) ■ (^) 

It can be noted that, the current gain of the upper narrow base pnp transistor 
controls the gate current for turn-off and maximum turn-off gain. However, 
similar to silicon, since 4H-SiC has the same asymmetric mobilities (/i„ > Pp) 
and lifetimes (r„o > Tpo), a„pn tends to be larger than Upnp- Consequently, 



Table 6. A list of SiC power thyristors that have been experimentally demonstrated 



Device 

type 


Poly- 

type 


Power 

ratings 


Features 


Developer 


Ref. 


SCRs 


m 


100 V, 
20 mA 


Gate Triggered 


Cree, 1993 


[46] 




AH 


900 V, 
2 A 


Gate Triggered, 
0.82 mfl-cm^ 


Cree, 1996 


[48] 


CTOs 


m 


100 V, 
1.8 A 


Epi emitter, 

Tfioo = 2.9 V, 

Jmax = 5200 A/cm^ 


ARE, 1995 


[52] 




AH 


600 V, 
4.2 A 


Epi emitter. Involute 

Gate (1600 K/crr? , 

Ffioo = 4;. 5 V) 


Northrop- 

Grumman, 

1997 


[49] 




AH 


600 V, 


Implanted p”*" emitter 


RPI, 1997 


[60] 




AH 


1100 V 


Gate Turn-Off (GTO), 
Vfioo ~ 5 V 


GE/RPI, 1999 


[54] 




AH 


600 V 


Implanted n Base 


RPI, 2000 


[61] 




AH 


2800 V 


Gate Turn-Off (GTO) 


Cree, 2000 


[56] 




AH 


3000 V 


Gate Turn-Off (GTO) 


GE/RPI, 2000 


[61] 




AH 


3100 V 


Gate Turn-Off (GTO) 
Turn-off gain 12.5 
at 300 A/cm^ 
Assymetrical 


Cree, 2001 


[63] 




AH 


7 kV 


Gate Turn-Off (GTO) 
Vpioo ~ 4 V 


Northrop-Grum- 
man, 2002 


[64] 


FCTs 


AH 


305 V 


Buried gate, 4.5 V at 
1 A (~525 A/cm^), 
Blocking gain 7.6 


Cree, 1997 


[66] 


Vfioo is 


dehned 


as the forward voltage drop at Jf = 


100 A/cm^ 
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the current gain asymmetry is much less pronounced in SiC thyristors than 
in that found in silicon counterparts and suppresses the maximum turn-off 
current gain achievable. This trend has been pointed out and measured ex- 
perimentally [54]. 

Besides controlling the current gain of the constituent transistors, the 
surface geometry design, such as the emitter stripe width, plays a critical role 
in determining the maximum gate controllable current with device failure due 
to second breakdown [1, 2]. 

Shown in Table 6 are the experimental thyristors that have been demon- 
strated to date. Symmetric and asymmetric 6H- and 47?-SiC gate-controlled 
thyristors reported have BV up to 7000 V and 6 A at present [47]-[64j. It has 
been demonstrated early that SiC thyristors can operate at much higher tem- 
peratures than silicon ones [46, 47]. Most of the published thyristor structures 
use epi emitter and substrates. In Fig. 21, the forward I-V characteris- 
tics of 1 and 3 kV gate-turn-off thyristors are shown [54] . The lower forward 
drop of the 3 kV devices is due to a lower anode contact resistivity from 
an improved annealing process. The effect of the parasitic contact resistance 
on the thyristor forward drop was first pointed out and quantified in [52]. 
Interestingly, unlike silicon devices, the SiC thyristor turns on faster with 
increasing temperature (Fig. 22) because an increase in acceptor activation 
improves hole injection from the p^ emitters [54]. The turn-off characteristics 
are shown in Fig. 23 and the turn off time increases with temperature be- 
cause of an increase in recombination lifetime. A maximum turn-off current 
density of over 100 A/cm^ is possible at 190°C. The dependence of turn-on 
and turn-off characteristics on device geometries (such as stripe vs. involute 
cell geometries) has also been studied [59]. 

Probably due to reduced injection emitter from residual implant defects, 
most of the CTO’s reported so far have utilized epi-grown emitters. We have 
tried an implanted p~^ emitter process with Al/C/B on a symmetric thyristor 




Fig. 21. Experimental forward 
I-V characteristics of 1 and 



3 kV 477-SiC GTOs [54] 
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Fig. 22. Turn-on character- 
istics of an 1100 V 4i7-SiC 
GTO with increasing tempera- 
ture [54] 



Fig. 23. Unity gain tnrn-off 
characteristics of an 1100 V 47/- 
SiC GTO with increasing tem- 
perature [54] 



structure with a drift layer of 10 |J,m and have obtained BV oi 600 V [60] 
but the forward drop (5-20 V) is higher than expected. The sheet resistance 
of the implanted p~^ emitter needs to be further improved to enhance the 
injection efficiency and lower the contact resistance. More promisingly, the 
use of nitrogen or phosphorus implantation to form the upper n-base has been 
recently demonstrated in a 600 V 4i/-SiC GTO [61]. However, the forward 
drop of this GTO is still relatively high at high current densities (>10 A/cm^) 
so that the implantation process needs to be further optimized. Nevertheless, 
this is the first SiG GTO that has been formed with an implantation process. 

The turn-off gain of SiG GTO is expected to be less than the silicon 
counterpart since a complementary structure is usually adopted. The reason 
is that the upper transistor is now pnp in the SiG case and hence it has less 
current gain. According to (7), /3max is thus smaller. Experimentally, turn-off 
gains between 3 and 7 have been measured on 700 V 4i/-SiG GTO’s (see for 
example [57]-[59]). However, a unity gain turn-off is also possible (this mode 
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of GTO operation is called the IGCT mode). Typical unity gain turn-off 
characteristics of 4iJ-SiG GTOs are shown in Fig. 23 [54]. Furthermore, due 
to the reduced base widths, SiG thyristors can switch at a higher frequency 
than Si devices of the same blocking voltage rating. For example, 700 V AH- 
SiG GTO’s with a switching frequency up to 250 kHz have been reported [47]. 

4.3 Light Triggered Thyristor 

Light-triggered thyristors are commonly used in applications where electri- 
cal isolation is important. The turn-on of a thyristor by optical means is an 
especially important approach for devices that are to be used in extremely 
high voltage circuits, such as those found in dc transmission systems in which 
each of the serially connected switches must be triggered on command. Op- 
tical firing in this application is ideal for providing the electrical isolation for 
trigger circuits required for these devices. 

Often, these light-triggered thyristors are used to provide gate current for 
larger thyristors, in other words, in an externally connected amplifying gate 
configuration, with the light-activated device serving as a pilot thyristor. The 
turn-on process in these devices is quite analogous to that in conventional 
gate-controlled thyristors, with the excess carriers now generated with optical 
absorption. The delay in the turn-on process is directly related the amount 
of excess carriers and hence to the optical power and the efficiency of photon 
absorption. The wavelength of the optical source also needs to be larger than 
the semiconductor bandgap. Recently, light triggering in SiG thyristors was 
demonstrated for the first time with an UV laser with an energy of 3.68 eV 
turn on a 2.6 kV 474-SiG device at room temperature [65]. It was observed 
that, with sufficient optical power, the turn-on process can be very rapid and 
the current rise is only 3 ns, about 30 times faster than with the conventional 
current-triggered mode. 

4.4 Field- Controlled Thyristor 

The Field-Gontrolled Thyristor (FGT) (or Field-Gontrolled Diode) is a pin 
diode that utilizes voltage-control through a reverse-biased pn (gate-channel) 
junction to modulate the main current flow between the anode and cathode 
terminals [2]. The gate region can be accessible from the top surface or buried. 
The schematic cross-section of a SiG buried-gate FGT is shown in Fig. 24 [66]. 
In the on-state, the FGT closely resembles that of a pin junction rectifier, 
with electrons and holes injecting from the cathode and anode, respectively, 
and hence has a high level of conductivity modulation and a very low forward 
drop. During turn-off, the excess minority carriers can be extracted through 
the gate terminal and a high switching speed can be attained. The forward 
blocking state is achieved by the merging of the depletion layers from the 
gate junctions and the formation of a potential barrier in the drift layer. 
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Anode 




Cathode 

Fig. 24. Schematic cross-section of a 4_ff-SiC Field-Controlled Thyristor [66] 



thus preventing current flow from the anode to the cathode. Consequently, 
the blocking voltage is determined by the gate voltage and a key device 
performance parameter is the blocking voltage gain, which is defined as 

G = Vak/Vgk • (8) 

The critical device design parameter is the channel width s and the gate 
width Lq. Also, the channel geometry determines the depletion layer profile 
and the peak electric held at the blocking gate-channel junctions. One of the 
main drawback of the FCT is the normally-on characteristics. Even though 
it can be designed to be normally off, it requires very fine feature sizes and 
it may turn on at elevated temperatures. 
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A buried-gate FCT in 477-SiC with a blocking voltage up to 335 V has 
been reported [66] . The basic FCT here employs a p~ drift layer so that an 
gate junction can be used. Both linear and honeycomb cell geometries 
have been designed and examined with channel spacing between 3 and 5 pm 
and gate widths between 0.5 and 2 pm. The forward and reverse blocking 
characteristics of a linear gate FCT with channel width of 3 pm and gate 
width of 1 pm are shown in Fig. 25. A FCT with good on-state and block- 
ing characteristics has a maximum forward blocking voltage of 305 V and 
blocking gain of 7.6 [48]. An on-state forward drop of 4.5 V at 525 A/cw? 
has also been obtained. While the forward drop improves with increasing 
temperature, both the leakage current and blocking gain degrade. The Vp 
decreased from 5 to 3.4 V with the corresponding increase in /leakage from 
0.8 to 450 A/cm^ and decrease in blocking gain from 6.7 to 5.3 when the 
temperature increased from room temperature to 350° C. 

4.5 MOS-Gated Thyristors 

MOS-gate thyristors use a gate voltage for turn-on and turn-off and they have 
been actively studied in silicon. Examples of these are the MOS-Controlled 
Thyristor (MCT) and Emitter Switched Thyristor (EST) [2]. Usually, a MOS- 
FET is connected in series with the emitter terminal like the EST or con- 
nected in parallel across the emitter-base junction like the MCT. Due to the 
process complexities, 4-layer MOS-gated thyristor structures are preferable 
to 5-layer ones. The MCT, usually implemented with 5 layers, has a 4-layer 
version though the turn-off performance is not as good as the 5-layer coun- 
terpart . 

No monolithic functional MOS-gated thyristor in SiC has been reported so 
far. However, recently, 4i/-SiC CTOs have been turned off with Si MOSFETs 
as base-emitter shunts [56, 57]. It has been demonstrated that the maximum 
gate controllable current is higher with a MOS-gate control than conventional 
gating [57]. Also, the turn-off waveform can be used to extract recombination 
lifetimes in the base regions [56]. 



5 Materials and Process Challenges 

At present, commercial 4//-SiC substrates of up to 3 inches in diameter 
are available and custom n- and p-type epitaxial layers up to over 100 pm 
can be ordered. For high-voltage devices, total epitaxial layer thickness of at 
least up to 50 pm with acceptable surface flatness and doping uniformity and 
minimum compensation is needed. To minimize parasitic substrate resistance 
and maximum carrier concentration, a doping of 10^® cm“^ would be desired. 
Such a high doping level seems to be difficult with p+ substrates. The most 
severe structural defect is the micropipe but its density has been substan- 
tially improved (to a recently reported value of less than 1 micropipes/cm^). 




SiC Power Bipolar Transistors and Thyristors 763 



A micropipe density of less than l/cm“^ is needed to realize devices of cur- 
rent ratings larger than 100 A with reasonable yield. Other structural defects, 
such as screw dislocations, appear to correlate with excessive leakage current 
in 4i7-SiC pn junctions [67] and must be suppressed now that the micropipe 
problem is largely under control. For bipolar devices, the minority carrier 
lifetime is a very critical parameter and needs to be maximized to ensure 
a high level of important conductivity modulation in the drift region. De- 
spite the continuing improvement of SiC MOS interfacial parameters (to, at 
present, a fixed oxide charge density close to 5 x 10^^/cm“^ and an inter- 
face state density less than 3 x 10^*^/cm“^), the correlation between surface 
state densities with inversion layer mobility is still weak. Recently, with high- 
temperature NO anneal, a DMOS inversion layer mobility of ~50cm^/V-s has 
been achieved in 4if-SiC [68] but it still needs to be further optimized and 
correlated to surface process conditions. Moreover, gate oxide reliability at 
elevated temperatures still needs to be ascertained, n-type phosphorus im- 
plantation [69]-[71] has yielded sheet resistance values approaching those in 
silicon (<50 fl/square) but p-type implanted layers still have a too high sheet 
resistance (>1 kfl/square) [72, 73]. Ohmic contacts of reasonable contact re- 
sistivities (10“® to 10“^ ri-cm^) have been made to SiC [74]. Usually, Ni is 
used on n-type contacts and A1 is used for p-type contacts. A relatively high 
(around 1000° C) sintering step is performed for contact formation. Formation 
of p-type contacts is more difficult because a high surface hole concentration is 
often hard to achieve due to the deepness of the acceptor levels (>180 meV). 



6 Conclusion 

We have reviewed the progress in SiC bipolar power switching devices in the 
last few years. Besides the figures of merit, we have discussed the physics of 
operation of three-terminal homojunction devices that are applicable to SiC. 
The performance potential, tradeoffs, and limitations of these SiC devices 
are discussed, together with their recent experimental demonstrations. We 
expect continuing technological improvement and imminent device commer- 
cialization in this area in the near future. 
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High Voltage SiC Devices 



Y. Sugawara 



1 Introduction 

High voltage SiC devices are expected to have big impacts for some large 
electric power converters in the electric application field, which has been 
simulated and is shown in Table 1 [1]. In these simulations, the valve of the 
SiC converters and the valve used for the comparison are composed of a pair 
of SiC MOSFET and SiC diode of 5 kV, 3 kA ratings and a pair of Si CTO 
and Si-diode of 6 kV, 6 kA ratings, respectively. The reason why the voltage 
and current rating of the devices are different is explained as follows: since 
an anode reactor is not needed for a MOSFET, the voltage surge is reduced 
during turning on, therefore, MOSEET with the low rated voltage of 5 kV 
can be used in place of 6 kV CTO. While the average on-state current of 
MOSEET is the same as its controllable on-state current, average on-state 
current of a CTO is approximately half of its controllable on-state current. 
Consequently, the current rating of a MOSFET can be half that of CTO. 
The free-wheeling diodes should have the same voltage and current rating as 
those of switching devices used in conjunction with them. 

Erom Table 1, it is shown that SiC power devices will have a considerable 
impact when they are applied to large electric power conversion equipment 
used for power transmission and distribution. Therefore, high voltage SiC 
FETs and SiC fly wheeling diodes with blocking voltage of 5 kV class have 
been developed for the equipment. 



Table 1. Impact of SiC power semiconductor devices for electric power conversion 
equipment 



Equipment 


Capacity 


Impact 


Power loss* 


Valve volume* 


Self-commutated 
BTB or HVDC 


300 MW 


Low loss 
Small size 


~0.26 


~0.16 


SVG 


50 MW 


High efficiency 
Small size 


~0.3 


~0.2 


Active filter 


10 MW 


Air-cooled 


<0.2 


- 



* Relative value in case that the power loss and volume of the valve 
using Si GTO is 1 



W.J. Choyke et al. (eds.), Silicon Carbide 
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2 High Voltage 4i/-SiC Diodes 



In general, Schottky Barrier Diode (SBD) is superior to the pn diode for 
realization of excellent forward and recovery characteristics. On the other 
hand, apn diode is superior to SBD for realizing high blocking voltage (BV). 
The Junction Barrier Schottky (JBS) diode is a merged device having all 
superior points of both diodes. In this section, 4.5 kV SBD, 3.7 kV JBS and 
6.2-19.3 kV pn diodes developed by us are introduced in turn. 

2.1 5.0 kV 4iT-SiC SBD [2] 

Figure 1 shows a cross-sectional view of the developed SBD. Ni is employed 
as the Schottky barrier metal to realize high BV because it has higher work 
function. p+ Junction Termination Extension (JTE) formed by B“*' implanta- 
tion is adopted as the edge-termination to realize high BV also. The thickness 
and doping of n epitaxial layer are 50 gm and 1.0 x 10^^ cm“^ respectively. 
The shape of SBD metal is circular and its diameter is 300 gm. 

Figure 2 shows its output I-V characteristics. The forward voltage drop 
(Vp) is 3.4 V at 100 A/cm^. The specific on resistance (i?ons) is 23 mflcm^ 
and the ideal factor is 1.07, therefore, excellent Schottky barrier is formed. 




K 

Fig. 1. Cross-sectional structure 4.5 kV 477-SiC SBD 
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Fig. 2. Output characteristics of 4.5 kV 477-SiC SBD 
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The blocking voltage is 4.5 kV and the leakage current is 0.3 A/cm^ at 4.4 kV, 
which is lower than that of a previously reported SBD, about 2 A/cm^ [3]. 
The figure of merit, [{BV)‘^ / Rons], is 841 MW/cm^, which is the highest 
value among the reported SBDs. 

2.2 3.7 kV 4i?-SiC JBS Diode [4, 5] 

Figure 3 shows a cross-sectional structure of the JBS diode. Under the Schot- 
tky barrier metal, p-type regions are formed with a specified spacing. These 
regions reduce the electric field of the Schottky barrier by using static induc- 
tion phenomena in the reverse blocking state and therefore reduce the leakage 
current. Thus, a JBS diode can be expected to realize high BV similar to 
that of the pn diode with a high yield. In the on-state, the forward current 
flows through the Schottky junction among the spacings between p regions. 
Therefore, the JBS diode can be expected to have a low Vp similar to that 
of SBD and the same fast recovery characteristics as that of SBD. 

In order to realize high BV, p~^ JTE layer formed by B’*' implantation is 
adopted as the edge-termination and Ni is employed as the Schottky barrier 
metal also. BV and Vp depend on Rp = Lp/{Lp + Ls). Lp is ap region width 
and Ls is a distance between p regions. In case of Rp of 0.5, similar good 
forward characteristic and lower leakage current can be realized as compared 
with that of SBD. 

Figure 4 shows the forward and reverse characteristics of the 4iJ-SiC JBS 
diode with Rp = 0.5, which has an n-epitaxial layer thickness of 50 pm and 
a doping of 1.5 x 10^^ cm“^. The shape of the JBS diode is circle and its 
diameter is 300 pm also. The BV of 3.6 kV is achieved. The leakage current 
of the JBS diode is 6 x 10“^ A/cm^ at 3.6 kV and is very low as compared 
with that of SBD. Its Vp at 100 A/cm^ is 6.0 V. The ideality factor of the 
JBS diode is 1.24 and the excellent low i?onS of 31 mflcm^ is obtained. 

Furthermore, JBS diode can offer excellent high speed turn-off perfor- 
mances compared with a commercialized Si high speed diode of 400 V class. 



A 




Fig. 3. Cross-sectional structure of of 3.7 kV 417-SiC JBS diode 
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Fig. 4. Forward and reverse characteristics of 3.7 kV 4i7-SiC JBS 



The recovery time (t„) and reverse recovered charge (Qrr) of the 3.6 kV JBS 
are 9.7 ns and 0.18 nC, respectively, which are about 1/10 and 1/150 of those 
of the Si high speed diode respectively, in spite of high BV. The trr and Qrr 
of JBS diode are independent of temperature although those of the Si diode 
become remarkably large with increase in operating temperature [4]. There- 
fore, in the case of JBS diode, snubber loss does not become large even at 
high operating temperature. 

Figure 5 shows the trade-off relationships between i?onS and BV of the 
main reported SBDs and JBS diodes with BV of more than 1 kV. The devel- 
oped SBD has the best trade-off. Rons of the developed SBD and JBS diode 
are about 1/420 and 1/190 of the Si theoretically limited value, which is only 
about 2 times and 4.5 times of 4iJ-SiC theoretically limited i?onS- 




Blocking Voltage (V) 



Fig. 5. Trade-off relationships between Rons and BV of the main SBDs and JBS 
diodes 
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2.3 6.2 19.3 kV 4ff-SiC pn Diode [5, 6] 

2.3.1 Device Structure 

Figure 6 shows the cross-sectional structure of the developed high voltage 
diode. A main pn junction is formed with an epitaxial deposition and a shal- 
low mesa JTE [5] is formed with ion implantations after a shallow dry etching 
of the epitaxial layer around the main junction. By using this structure, the 
main junction with good performance and the termination with proper im- 
purity concentration for electric field reduction can be formed, and excellent 
forward and reverse characteristics can be realized at the same time. 

The dopant for the p epitaxial layer is aluminum and that of the ter- 
mination is boron. The impurity concentration of the former is about 5 x 
10^® cm“^. The depth of the shallow mesa is about 1 pm. An n~ drift layer 
is also formed with epitaxial deposition and its dopant is nitrogen. The shape 
of the diodes is circular and its diameter is 200 pm. 

Figure 7 shows a packaged high voltage pn diode. The package is devel- 
oped for high voltage transistors, therefore, it has three terminals. In the case 
of this packaged high voltage diode, the center terminal is used as the cath- 
ode terminal and one of the other terminals is used as the anode terminal. 

Shallow Shallow 




Fig. 6. Cross-sectional structure of 477-SiC high voltage pn diode with shallow 
mesa JTE 




Fig. 7. Packaged high voltage pn JH-SiC diode 





774 Y. Sugawara 

The diameter of the package is about 5 cm and its height is about 2.5 cm. 
In the package, N 2 or SFg gas is filled through the two pipes of the cap. The 
blocking voltage of the package without a diode is designed to be 25 kV and 
is confirmed to be more than 20 kV in air at room temperature. 

2.3.2 Electrical Characteristics 

Diodes with four kinds of drift layer thickness are fabricated : 60 |4m, 120 |4m, 
150 pm and 200 pm. The typical JTE length for the former is 250 pm and 
it is 500 pm for the latter three. Each diode shows the BV of about 6 kV, 
12 kV, 15 kV and 19 kV, respectively. 

Figure 8 shows the I-V characteristics of the high voltage diodes with the 
drift layers of 150 pm and 200 pm. The former diode, type A, has BV of 
14.9 kV and kp of 4.4 V at 100 A/cm^. The latter diode, type B, has BV 
of 19.5 kV and Vp of 6.5 V at 100 A/cm^, whose BV is the highest among 
all developed semiconductor devices presently. The reverse leakage current 
density of the type A diode is less than 1.0 x 10“^ A/cm^ even at the voltage 
near BV . Although the reverse leakage current density of the type B diode is 
less than 1.0 x 10“^ A/cm^ at less than 6 kV, it increases around 6 kV and 
becomes to 2.5 x 10“^ A/cm^ at more than 10 kV. An increase tendency of 
the reverse leakage current density like this is observed in all type B diodes, 
but is not observed at higher temperature. 

Figure 9 shows the turn-off waveforms for these diodes. are very small 
and are about 34 ns and 43 ns for type A and B diodes respectively, which 
are less than 1/30 that of commercially available Si free wheeling diodes in 
the 6 kV class. Q„s are also very small and are about 3.6 nQ and 3.8 nQ 
for type A and B diodes, respectively. The 6 kV Si diode is used for the 
comparison because it is the highest voltage available for commercialized Si 



Type A 




Fig. 8. I-V characteristics of high voltage 477-SiC pn diodes 




High Voltage SiC Devices 775 




-100 -so 0 so 100 ISO 20C 

Time (sec) 



Fig. 9. Turn-off waveforms for high 
voltage 477-SiC pn diodes 



diodes. In Fig. 9, the waveform of the commercialized 0.4 kV Si high speed 
diode is also included, whose is about 4 times larger than the developed 
diodes in spite of the lower BV . 

Figure 10 shows the trade-off relationships between BV and Vp for the 
main reported SiC pn diodes. In the figure, the relationship curves of the com- 
mercialized Si pn diodes are shown. The tendency of the curve is explained as 
follows: since the built-in potential of the injunction is more dominant under 
BV of 3 kV, the slope of the curve increases with increasing BV slightly, but 
it becomes steep above 3 kV because the resistance of n~ drift layer becomes 
dominant. In case of SiC pn diodes, the slope is gradual because increase of 
i?onS with increasing BV is small even above 5 kV. 

The SiC pn diodes with BV of 6-19 kV has not only the excellent trade- 
off between BV and Vp but also the extremely fast switching characteristics 
as compared with Si pn diodes, therefore, its power loss can be reduced to 
1/2-1/6 drastically. 




Fig. 10. Trade-off relationships between BV and Vf for main reported SiC pn 
diodes 
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3 High Voltage 41/-SiC FETs 

Recently, several high voltage SiC FETs with high performance over the 
theoretical limit of Si FETs have been developed [7]-[12]. Hereinafter, our 
developed 4i7-SiC FETs are introduced [7]-[10]. 

3.1 4.5 kV SIAFET [7] and 5.0 kV SEMOSFET [8] 

Figure 11 shows a cross-sectional structure of the SiC-SIAFET (Static in- 
duction carrier Injected Accumulated FET) [7], which has two gates, a p~^ 
buried gate Gp and an accumulated MOS gate Gm. The SIAFET acts as an 
accumulated MOSFET under zero p'^ buried gate signal, but offers superior 
blocking characteristics due to a more effective channel pinch-off operation by 
Gp under a negative buried gate bias, —Vop. Furthermore, SIAFET acts 
similar to the ACCUFET under a positive MOS gate bias +VGm, but under 
a positive buried gate bias +Vop, SIAFET achieves a lower i?onS by using 
two effects: (a) a reduction of a depletion layer around the p"*" buried gate 
in the channel; and (b) conductive modulation by minority carriers injected 




Fig. 11. Cross-sectional structure of 4.5 kV 4il-SiC SIAFET 




Fig. 12. Typical output characteristics of 4.5 kV 47/-SiC SIAFET 
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from Gp. Although SIAFET has two gates, it can operate as a three terminal 
device by connecting Gp and Gm with diodes between the terminals. 

Figure 12 shows the output characteristics of the fabricated SIAFET with 
an n~ epitaxial layer thickness of 75 pm and a doping of 5 x 10^^ cm“^, which 
is a normally-off type device and has BV oi 4580 V and the leakage current 
density is 5 x 10“^ A/cm^. The typical three operation modes are observed in 
the figure like described above, such as the accumulated FET mode, the de- 
pletion layer reduction FET mode and the conductivity modulation mode. A 
channel mobility is 11 cm^/Vs and Vth is 6 V for the accumulated MOSFET. 
By the conductivity modulation for Vcp of greater than 2.7 V, Ins becomes 
more than 6 times that of the depletion layer reduction mode FET (namely 
Ids at Vop of 1 V and Vcm of 20 V). Thus, i?onS is reduced remarkably, and 
becomes 387 mflcm^ (at Fds of 0.5 V, Vcp of 10 V and Vcm of 20 V) in the 
case of 4580 V SIAFET. 

The FET structure is improved and SEMOSFET (Static channel expan- 
sion MOSFET) is developed [8], which has the similar device structure like 
shown in Fig. 11, but is different from SIAFET [7], since an n"*" buried channel 
is formed on the p~^ buried gate to increase channel impurity concentration 
and reduce i?onS and its gate voltage of Gp is limited under the built-in po- 
tential of the buried p~^ gate junction. The fabricated SEMOSFET has an n~ 
epitaxial layer of 60 pm in thickness, a doping density of about 7 x 10^^ cm“^, 
n~ channel layer with a dose of about 3 x 10^® cm“® and the gate oxide layer 
with 80 nm in thickness. Its chip size is 1.1 mm x 1.1 mm and active area 
is 3.66 X 10“^ cm^. It has a square cell pattern and the cell size is 28 pm x 
28 pm. When the same design rule with the minimum pattern width of 2 pm 
is used, the channel resistance of the square cell is estimated to be about 51% 
of that of the stripe cell. The developed SEMOSFET has i?onS of 87 mflcm^ 
and BV of 5.0 kV, which has excellent switching characteristics also. Its turn- 
on time is 36 ns and the turn-off time is 47 ns, which are measured at Vos of 
30 V , Ids of 60 mA, Vcm of 20 V, Vop of 2 V and room temperature. Since 
these switching speeds are less than 1/50 of the 4.5 kV Si-IGBT, SEMOSFET 
has drastically lower switching power loss as compared with the Si-IGBT. 

3.2 5.3 kV SEJFET [9, 10] 

The SEJFET (Static Expansion Junction FET) is developed by using the 
similar device concept with SEMOSFET except the gate structure. Eig- 
ure 13 shows its cross-sectional structure, whose n~ epitaxial layer thickness 
is 45 pm, and a doping density is about 9 x 10^^ cm“®. Figure 14 shows a 
top view of the developed SEJFET. A chip size is 1.7 mm x 1.7 mm and 
an active area is 4.45 x 10“® cm^. SEJFET has a square cell pattern which 
has the channel width of about 1.3 times greater than that of a stripe cell 
pattern. 

The developed SEJFET has the shallow mesa JTE as the termination also 
and has BV of greater than 5.3 kV. At less than 5.3 kV, the leakage current 
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Fig. 13. Cross-sectional structure of 5.3 kV 47/-SiC SEJFET 




Fig. 14. Top view of 5.3 kV 477-SiC SEJFET 

is very low, being less than 3.4 x 10“® A/cm^. Figure 15 shows its output 
characteristics. The threshold voltage is 1.0 V. The expansion of the channel 
region appears at a positive gate bias of greater than 1.5 V and reduces both 
the lateral and vertical channel resistances remarkably. At a positive gate 
bias of 5 V, its i?onS at Vds of 1 V becomes only 69 mficm^. The figure of 
merit BV^/RonS is 407 MW/cm^. This value is the largest among reported 
normally-off FETs. 

SEJFET has excellent switching characteristics, which are measured at 
Vbs of 30 V, Ids of 60 mA, Vgs of 5 V and the room temperature. Its turn-on 
time is 20 ns. The turn-on delay time and the rise time are 7 ns and 13 ns 
respectively. The turn-off time is 47 ns. The turn-off delay time is 7 ns and 
the fall time is 40 ns, respectively. 

Figure 16 shows the trade-off relationships between BV and i?onS of the 
main reported FET. SEMOSEET and SEJFET have the excellent relation- 
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Fig. 15. Output characteristics of 5.3 kV 477-SiC SEJFET 




Fig. 16. Trade-off relationships between BV and Rons of main reported FETs 

ships and have i?onS of less than 1/140 and 1/230 of the theoretical i?onS 
limit of Si-MOSFET for their blocking voltage respectively. 



4 High Voltage High Current SiC Module 

Because of many SiC crystal defects such as micropipes and stacking faults, 
the chip of SiC devices is limited to very small size and its current capability 
becomes very small for practical applications. To increase the current capabil- 
ity, the SiC modules are effective. A few modules such as SiC pressure contact 
flat package module [13], Si-IGBT & SiC-diode combination module [14] and 
a direct bonding copper substrate module [15] have been developed. Here- 
inafter, our approaches for electric power applications are introduced, which 
are aimed at using under high temperature of more than 250° C in order to 
make heat sink simple and compact. 
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4.1 Module Design and Fabrication 

Figure 17 shows a top and a cross-sectional structure of a designed pressure 
contact flat package diode module, which includes 5 diode chips [13]. Both 
cathode and anode electrodes are composed of copper, and intermediate elec- 
trodes are composed of molybdenum which acts for reduction of the thermal 
expansion coefficient difference between SiC and copper electrodes. Spacers 
are for accurate chip arrangement and are composed of ceramics. 

Figure 18 shows the developed diode module, which has 105 mm in diam- 
eter and 36 mm in height. Since the module is developed for high voltage SiC 
transistor modules, it has five gate terminals. The module is designed to be 
used at temperatures of higher than 300°C in an air atmosphere, therefore, 
the surfaces of the copper electrodes are coated to reduce their oxidation. 
Furthermore, the module structure is optimized to avoid the destruction by 
the thermal expansion and the mounting force needed for good electrical 
contact. 

The fabricated modules has been tested under the high temperature and 
high mounting force, and has been confirmed that the module does not get 
oxidized even at 500° C in the air and is not warped at the mounting force of 
2 ton. 




Fig. 17. Cross-sectional structure of high temperature pressure contact flat package 
module 




Fig. 18. Developed 3 kV 600 A 477-SiC diode module 
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4.2 Diode Module Characteristics [13] 

Figure 19 shows forward output characteristics of a module with 5 diode 
chips. The size of the diode chip is 6 mm x 6 mm and its Vp is 5.67 V at 
100 A and its BV is 5.0 kV typically. The developed module has Vp of 4.43 V 
at 600 A and 150° C. Its Tj is estimated to be more than 300° C. Vp mea- 
surements over 150° C are impossible due to limitations of our measurement 
tools. The blocking voltage of the module is 3.1 kV. 

Figure 20 shows the temperature dependence of its reverse characteris- 
tics. The leakage current increases with increasing temperature. The leakage 
current density at room temperature and 300°C are 2 x 10“"^ A/cm^ and 
3 X 10“^ A/cm^ at 3 kV, respectively. 

Figure 21 shows turn-off waveforms of the module at 500 V, 600 A , 
1200 A/ps and 150°C. t„, and are 330 ns and 33 pC, respectively, which 
are about 1/10 of those of 4.5 kV 200-600 A Si diodes. Hence, this SiC diode 
module can reduce the switching loss drastically. 




Vp(V) 



Fig. 19. Forward output characteristics of 3 kV 600 A diode module 
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Fig. 20. Temperature dependence of reverse output 
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Fig. 21. Turn-off waveforms of 3 kV, 600 A AH-SiC diode module at 150°C 



5 Conclusion 

High voltage 4iJ-SiC devices have big impacts for the reduction of both 
power loss and valve volume in many kinds of large electric power conversion 
equipment. As the fly-wheeling diodes, high voltage diodes such as 4.5 kV 
SBD, 3.7 kV JBS and 6.2-19.3 kV pn diodes were developed. The developed 
SiC SBD and JBS diodes have low i?onS of less than 1/420 and 1/190 as 
compared with the Si SBDs with the same BV, therefore, their power loss 
can be reduced drastically. Since the developed SiC pn diodes have short t„ 
of less than 1/10 and small Q„ of less than 1/100 as compared with the Si 
high speed diodes with the same BV, their switching loss can be reduced 
drastically. As the switching devices, 4.5 kV 387 mflcm^ SIAFET, 5 kV 
87 mflcm^ SEMOSFET and 5.3 kV 69 mflcm^ SEJEET were developed, 
which have low i?onS of less than 1/25, 1/140 and 1/230 as compared with 
Si-MOSEETs with same BV respectively. The current capabilities of these 
developed devices are limited to small value because of many crystal defects. 
In order to increase the current capability, high temperature pressure contact 
flat package module technology was developed and 3 kV 600 A SiC pn diode 
module was demonstrated, which can operate in the air atmosphere of 300°C. 
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Power MOSFETs in 4ff-SiC: 
Device Design and Technology 



A. Agarwal, S.-H. Ryu, and J. Palmour 



1 Introduction 

Silicon (Si) power metal-oxide-semiconductor field-effect transistors (MOS- 
FETs) are widely used in audio and radio frequency (rf) amplifiers, switch 
mode power supplies (SMPS), power factor correction (PFC) circuits, lamp 
ballasts and many types of control circuits. Power MOSFETs have several 
desirable characteristics such as (a) high switching speed due to the absence 
of minority carrier storage, (b) voltage controlled input, and (c) ease of par- 
alleling due to the negative temperature coefficient of the on-state current. 
Power MOSFETs have largely replaced bipolar junction transistors (BJTs) 
in medium power (<20 kW) applications requiring high switching speeds 
(>10 kHz). In contrast to a power MOSFET, a power BJT requires a large 
continuous base current to turn it on and keep it on. The base current re- 
quirement can be as high as 25% of the collector current. It is difficult to 
parallel power BJTs due to the fact that the on-state current increases with 
temperature making the current sharing between different transistors un- 
equal. Furthermore, the switching speed of BJTs is much slower than power 
MOSFETs due to the storage of minority carriers in the base and collector 
regions. Thus, the switching losses become prohibitively high at switching 
frequencies higher than 10-20 kHz. 

Si power MOSFETs are available up to about 1200 V. However, for rat- 
ings above 200-300 V, the specific on-resistance becomes very high and a 
very large chip area is required to obtain an adequate current rating. For 
example, 200 V Si MOSFETs can be purchased as a single unit up to about 
100 A whereas a 1200 V device is generally available for <10 A current 
rating. Therefore, above 600 V, it is customary to use Si insulated gate bipo- 
lar transistors (IGBTs), which are available in large current ratings but are 
extremely slow due to the minority carrier storage. In contrast, SiC power 
MOSFETs can be developed with voltage ratings up to 3000 V with a specific 
on-resistance similar to that of a 300 V Si MOSFET. Therefore, it will be 
advantageous to replace a Si IGBT with a SiG power MOSFET up to about 
3 kV in applications requiring faster switching speed and lower switching 
losses. 
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2 Device Structures and Operation 
of Power MOSFETs 

Figure 1 illustrates the two basic designs used for power MOSFETs in SiC. 
The UMOS structure was the first one to be realized by Palmour et al. 
in SiC [1]. Subsequently, it was developed by a number of groups [2]-[7] 
culminating in the first report of a 1600 V UMOSFET in 1997 by Agarwal 
et al. [8]. However, the UMOSFET suffers from several practical problems. 
First, the quality of the SiC/Si02 interface along the reactive ion-etched 
sidewalls of the trench is extremely poor due to the surface roughness and 
the damage done by the reactive ion etch (RIE). These factors contribute to 
a lower inversion layer mobility on the sidewalls. 

The sharp corners of the trench result in electric field crowding under a 
high voltage on the drain with source and gate terminals at ground poten- 
tial. The electric field at the corners can exceed 2 MV/cm which results in 
>5 MV/cm field in the gate oxide - significantly higher than the 2-3 MV/cm 
recommended for longterm reliable operation. Furthermore, the thermal ox- 
ide tends to grow approximately 5 times faster on the sidewalls as compared 
to the Si-face which results in a very thin oxide at the bottom surface of 
the trench and at the top surface of the n~^ source. This is of great concern 
under the on-state when a gate voltage of 15-20 V is applied on the gate wrt. 
the source terminal. The electric field in the thin regions of the gate oxide 
can easily exceed 2 MV/cm which is the maximum recommended value in 
the oxide under positive gate bias (on-state). This problem can be avoided 
with a deposited oxide layer provided an adequate inversion layer electron 
mobility can be achieved. 

The first two problems were solved by Tan et al. in 1998 [9] with a very 
elegant structure shown in Fig. 2. The first feature of this structure is a self- 
aligned p-type implant in the bottom of the gate trench. The p-type layer is 
grounded (not shown) and shields the trench corners and the trench oxide 
from high fields in the blocking state. The second feature is a thin n-type 




Drain Drain 



Fig. 1. Cross-sections of (a) UMOS and (b) DMOS power transistors in SiC 
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(each division = 2 |jm) Polysilicon 




Fig. 2. Cross-section of the trench-oxide protected UMOSFET introduced in 
1998 [9] 



current spreading layer formed between the blocking layer and the p-type base 
during the epilayer growth. This layer is designed such that it fully depletes 
in the blocking state and thus has negligible effect on the blocking voltage. In 
the on-state, it provides current spreading, thereby reducing current crowding 
at the trench corners. The third feature is an n-type epilayer formed by epi- 
growth after the trench etch. This provides the counter-doping and enhances 
the effective channel electron mobility while reducing the threshold voltage 
[7, 10, 11]. With this structure, it was possible to obtain a blocking voltage of 
1400 V, which is approximately 72% of the theoretical parallel plate voltage 
for the 10 pm drift layer, and a record low on-resistance of 15.7 mfl-cm^. 

Although the basic UMOSFET in SiC has evolved into an advanced struc- 
ture with a successful resolution of many problems, several issues still remain: 
(1) The elecric field in the gate oxide over the source and bottom trench cor- 
ners is very high when the transistor is in the on-state leading to oxide reli- 
ability concerns as discussed later, and (2) it is very difficult to manufacture 
these devices with any useful yield due to the poor doping control during 
epi-regrowth of very thin films used for n-type current spreading layer and 
the counter-doped channel layer. The main advantage is of course that the 
cells can be packed very tightly in a given area resulting in a reduction of the 
overall on-resistance. 

The second type of the structure, called a DMOSFET, has also been de- 
veloped with some success [12]-[21]. In Si, the p-type channel and n~^ source 
regions of DMOSEET are formed by double diffusion of p and n-type dopants 
through a single oxide window. This process is difficult in SiC due to the small 
diffusion coefficients of impurities in SiC. However, Suvorov et al. have suc- 
ceeded in making the DMOS structure by diffusing Boron (B) at 1600°C [16]. 
Nevertheless, separate implants for p-well and n^ source seem more practical. 
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Fig. 3. I-V characteristics of the 2.4 kV, 10 A 4i7-SiC DMOSFET [21] 



In the DMOSFET structure, the inversion layer electrons flow along the Si 
plane, a surface that has not been roughened by RIE. However, the DMOS 
structure has its own problems. The p-well, ri^ and body contacts have 
to be implanted at elevated temperature and annealed at 1600°C or higher 
to achieve electrical activation. During the high temperature anneal, the Si 
leaves the surface leaving it carbon rich and somewhat rough. This higher 
implant anneal temperature has been shown to result in lower inversion layer 
mobility [22]. The second problem with this structure has to do with the 
quality of the gate oxide on the implanted n"*" region. The high electric held 
in this region, due to positive gate bias, can lead to oxide failure. 

Agarwal et al. demonstrated a counter-doped 4iJ-SiC DMOSFET [20]. 
In this device, a thin n-type surface layer is introduced by ion-implantation 
to improve the surface mobility and reduce the threshold voltage. This is 
similar to the threshold adjust implant done in Si devices. The on-state I-V 
characteristics demonstrated a maximum drain current of 10 A in an active 
area of 0.105 cm^. This represents a specific on-resistance of approximately 
45 mfl-cm^. This device had a threshold voltage of —2 V (normally on, accu- 
mulation mode) and showed a maximum effective channel electron mobility 
of 195 cm^/V-s at a gate bias of 2.5 V. This device blocked only about 350 V. 
Subsequently, Ryu et al. improved on this design and demonstrated a nor- 
mally off device with a blocking voltage of 2.4 kV, and a specific on-resistance 
of 42 mfi-cm^ with 10 A capability as shown in Fig. 3 [21]. 

Since, of the two structures, the DMOSFET seems to be a more practical 
structure at this time, we will focus exclusively on this structure in the rest 
of this chapter. 

3 Design of the Drift Layer 

The drift layer resistance in SiC power MOSFETs can be significant depend- 
ing upon the blocking voltage. The goal of the design process is to mini- 
mize the drift layer resistance for a given blocking voltage. This is gener- 
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Fig. 4. Electric field vs. distance profile for (a) the punch-through, and (b) the 
non-punch-through cases 



ally achieved by the “punch-through” design in which, the depletion region 
reaches through the n-type drift layer before the breakdown occurs. The “non- 
punch-through” design is the one in which the breakdown occurs before the 
entire drift layer is depleted. The two cases are shown in Fig. 4. 

3.1 Punch-Through Design 

In this case, the breakdown voltage, Vb, is calculated as an area under the E 
vs. X plot and is given by 



FB = £^smax-d- , (1) 

ZCs 

where, i?smax is the maximum surface field in SiC, which is not to be exceeded 
for reliability considerations of the gate oxide, d is the drift layer thickness, 
A^d is the doping density in the drift layer, and £s is the permittivity of SiC. 
It should be noted that Eg max is not the breakdown field strength, Ec, of 
SiC. In fact Eg max is much less than Ec as discussed later. 

The specific on-resistance of the drift layer is simply given by 



.Rdrift = 



qfJ-nNl) 



(2) 



where, fin, is the bulk electron mobility in the drift layer. Eliminating Nc 
from equations (1) and (2), we get 



.Rdrift = 



‘^d‘n^s(,ddgmaxd 1 b ) 



( 3 ) 



It can be shown from equation (3) that i?drift is minimum when. 
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d 



optimum 




E 

max 



Thus, the minimum value of i?drift is given by 



-Rdrift , optimum 



/27\ 

V 8 / ^n^sT'lmax 



( 4 ) 

( 5 ) 



3.2 Non-Punch-Through Design 



In this case, the doping density in the drift layer is higher than the punch- 
through design. In an optimum design, the doping density and thickness of 
the drift layer are chosen in such a way that the electric field drops to zero 
at the epilayer/substrate interface when the surface electric field reaches the 
maximum allowed value of Eg max {W = d in Fig. 4b). The optimum values 
of d and Nd are given by 



d = 



2Vb 






, Nu = 






qd 



( 6 ) 



Using equations (2) and (6), we can get an expression for i?drift as follows 



Rdrih = 



4U| 



Mn£| 






( 7 ) 



Comparing equations (5) and (7), we see that the i?drift in the punch- 
through design is approximately 15% smaller than the non-punch-through de- 
sign. The parameters for the punch-through design have been plotted against 




Vb (V) 

Fig. 5. Design curves for a punch-through design of the drift layer for 477-SiC 
and Si as a function of the breakdown voltage. The following values for 477-SiC 
were used: Esmax = 1.2 MV/cm, fin = 600 cm^/V-s. The values used for Si were 
Us max = 0.3 MV/cm, fin = 800 cm^/V-s 
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P >1 




Fig. 6. Various contributions to the on-resistance in the DMOSFET structnre 



Vb in Fig. 5. The maximum surface field for SiC has been assumed to be 
1.2 MV/cm. The reason for assuming such a low value of Fismax is the fact 
that the field in the oxide is approximately 2.5Fisinax (^Sic/Soxide ~ 2.5), 
which needs to be limited to about 3 MV / cm for long-term reliability of the 
gate oxide (discussed later). The plots in Fig. 6 can be used as design curves 
for designing the drift layer of a SiC power MOSFET. They also show that 
the advantage of using SiC over Si improves with breakdown voltage. For 
example, the drift layer resistance for 4iF-SiC at 1200 V is ~6.0 mf7-cm^ 
compared to ~200 mfi-cm^ for Si. 



4 On-Resistance 

The overall on-resistance is determined by various contributions to the on- 
resistance as shown in Fig. 6. 

4.1 Channel Resistance, i?ch 

The channel resistance, i?ch> represents the resistance in the inversion layer 
of the MOSFET. In the linear region of operation, i?ch is given by 

where, L is the channel length, P is the cell pitch, /Zn is the effective inversion 
layer electron mobility, Cox = £ox/dox is the oxide capacitance per unit area, 
and Vt is the threshold voltage. Using L = 2 pm, pn = 30 cm^/V-s, £ox = 
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3.9 X 8.86 X 10-1^ F/cm, dox = 750 A, Vq - '^t = 10 V, and P = 20 |.mi, we 
obtain i?ch = 14-5 This value of i?ch is rather high in comparison 

to the drift layer resistance and should be minimized. From an inspection of 
(8), it is clear that the channel resistance can be decreased in a number of 
ways: 

a. Reduction of channel length to about 0.5 |J,m. This is more easily achieved 
in a UMOSFET structure because the channel length is defined by the epi- 
layer thickness. It will require extremely flat wafers to consistently achieve 
a channel length of 0.5 pm. 

b. Increase in the channel mobility (discussed later). 



4.2 JFET Region Resistance 



The JFET region is shown in Fig. 6 for the DMOSFET structure. This region 
is not present in the UMOSFET structure. The JFET resistance depends on 
the gap between the p-wells, G, thickness of the p-well, D, doping density, 
A^D) of the n-type JFET region and depletion width, Xn. The forward drop, 
Vf) reverse biases the p-well wrt. the n-type JFET region and results in 
the depletion width, ATn, which restricts the current flow through a narrow 
neutral part of the JFET gap, G. Therefore, the JFET region resistance 
increases with the forward drop. Xn may be calculated by using the following 
expression: 



Xn = 



/2(Ubi - Ff)£s 



qNu 



(9) 



where, 

by 



Vbi is the built-in voltage of about 3 V. The JFET resistance is given 



Rjfet 



1 / + Xn \ 

V G — 2Xn ) 



p, 



(10) 



where, /i„ is the bulk electron mobility in the JFET region. 

Assuming, pn = 600 cm^/V-s, Xd = 3 x 10^^ cm“^ for a 1200 V design, 
£» = 0.5 X 10"^ cm, G = 5 X 10"4 cm, pitch (F) = 20 x lO""^ cm, Uti = 3 V 
and Vf = 2 V, we get Xn = 1.36 x 10“^ cm and Pjfet = 5.7 mfl-cm^. This 
value of Pjfet is quite significant in comparison to the drift layer resistance 
and the channel resistance. One possible way to reduce the JFET resistance 
would be to increase the doping density in the JFET region through ion- 
implantation by about a factor of 2 to 3. However, one should be careful 
about not increasing the doping too much otherwise, the breakdown voltage 
would reduce. Another possibility would be to increase the JFET gap, G. 
However, as shown later, the electric field in the gate oxide increases with an 
increase in G. The maximum value of G should be selected consistent with a 
maximum permissible electric field in the gate oxide. 
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4.3 Drift Layer Resistance 



The drift layer resistance calculated in the previous section represents an 
ideal value. In practice, the current spreads from the JFET region into the 
drift layer at about 45° angle as shown in Fig. 6. The current spreads from a 
cross-section of IT(G — 2XN), where W is the width of the cell normal to the 
plane of the paper. At a depth y below the p-well, the cross-section is given 
by W{G — 2An -I- 2y). Therefore, the drift region resistance is given by: 



= PW 




1 dy 

W(G - 2Xn + 2y) 



P /G-2XTsi + 2d\ 

2<7MnA^D V G — 2An / 



fl ■ cm^ . 



( 11 ) 



Using /In = 600 cm^/V-s, P = 20 pm, A^d = 3 x 10^^ cm“^ (for a 1200 V 
design), d = 14 pm, G = 5 pm, An = 1.36 pm, we get Ru = 9 mfl-cm^. 

Comparing the above number with the ideal drift layer resistance, i?D, ideal 
=d/qy,nNu = 4.86 mfl-cm^, we see that the actual drift layer resistance is 
almost twice the ideal value due to the spreading effect. The above equation 
applies as long as the spreading cones from two adjacent cells do not touch 
each other. If they do (as in the numerical example above), then the actual 
value of the resistance will be higher than what is predicted by the above 
equation. 



4.4 Optimization of the JFET Region 

Once the drift layer doping and thickness have been selected for a given 
breakdown voltage, the next task is to choose an appropriate JFET gap. 




Fig. 7. Cross-section of the DMOS structure used for 2D-device simulation 
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An example is shown in Fig. 7, which illustrates a device cross-section for a 
2000 V, 4iJ-SiC MOSFET. The doping density is chosen as 3 x 10^® cm“^ 
and drift layer thickness as 25 |4m. 

The 2D-Simulations were done to optimize the p-well spacing in the ver- 
tical DMOSFET structure shown in Fig. 9. The cell pitch of the structure is 
18 |4m. For the sake of clarity, we have not shown the p~^ contacts to the p- 
well. In the real structure, the p~^ contacts are placed within the n~^ implants 
along the z-axis (width of the cell) at regular intervals and are shorted to the 
source by a common contact. The p-well is designed with a retrograde profile 
with higher doping near the bottom to block the voltage and lower doping 
near the surface to reduce the threshold voltage. 

The results of the 2-D simulations are summarized in Figs. 8-9 for the 
2000 V, 4iJ-SiC MOSFET. The relevant parameters are listed in the figure 
captions. The electric field in the oxide is maximum in the center of the JFET 
gap. Figure 8 shows the variation of the oxide field vs. the gap between the 
p- wells. The oxide field increases with an increase in the gap and reaches 
~3 MV/cm for a gap of 4 pm. In view of the long-term reliability issues with 
the oxide, the gap dimension should not exceed 5 pm. Figure 9 shows the 
variation of current density vs. the gap. Again, the current density increases 
rapidly up to a gap of 3 pm and then saturates. Thus, from current density 
considerations, the gap dimension of 4 to 5 pm is appropriate. 

The key question which needs to be answered before we can decide on 
the JFET gap dimension relates to the maximum electric field the gate oxide 
can tolerate at a given operating temperature under blocking state (negative 
gate bias) for a reliable operation. Similarly, before we decide the gate ox- 
ide thickness and the maximum gate voltage, we must decide the maximum 
electric field the gate oxide can withstand at a given temperature under on- 
state (positive gate bias) for longterm reliability. Therefore, we turn to the 
question of reliability next. 




Fig. 8. Oxide field vs. p-well spacing for the 2000 V, 4iJ-SiC MOSFET biased in 
the off-state with Fg = 0 V and Vo = 2000 V 
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Fig. 9. Current density vs. p-well spacing for the 2000 V, 477-SiC MOSFET biased 
in the on-state with Vg = 10 V and Vb = 3 V. /inefi = 25 cm^/V-s and /ibuik = 
600 cm^/V-s along the vertical direction have been assumed 



5 Reliability of the Gate Dielectric 

Long-term reliability of the gate oxide in a 4iL-SiC MOSFET is crucial for 
it to be a useful commercial device. This becomes even more important for 
applications where the oxide is subject to high electric field at high temper- 
atures. A comprehensive study of MOS reliability has not been conducted in 
SiC. However, some initial studies have been conducted which point to some 
important considerations in the design of the power MOSFET which are not 
present in the Si technology [23]. Basically, the maximum electric field in 
the gate oxide, in a 4iL-SiC/Si02 system, must be kept below some criti- 
cal value to insure long-term device reliability. This critical value of electric 
field is temperature dependent and different for on and off conditions of the 
MOSFET. 

5.1 On-State Under Positive Gate Bias 

As shown in Fig. 1, the electric field under positive gate bias, Eox-i-, in the 
gate insulator overlapping the source regions can be very high as source 
is grounded and -1-15 V is applied to the gate. Under on-state, the drain is at 
a relatively low voltage of 1-2 V. This field is also enhanced by the presence 
of sharp corners in the UMOSFET or any topology in the oxide over the 
source since the oxide grows at a faster rate in heavily implanted regions. 
The presence of high electric field induces Fowler-Nordheim (F-N) injection 
of electrons from the conduction band of n“*" SiC into the gate oxide. The 
energy band diagram showing the conduction and valence band line-up for 
Si, 6H-, 4iL-SiC, and Si02 is shown in Fig. 10 [23]. The barrier determining 
the F-N injection of electrons is measured from the conduction band edge 
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Fig. 10. Energy band diagram of 
Si, 677-SiC, 477-SiC, and Si02 il- 
Instrating barrier heights for F-N 
electron injection from semicon- 
ductor into the gate oxide 



of SiC to the conduction band edge of Si02- This barrier was measured by 
F-N and internal photo-emission studies [23]-[25]. It is evident that the AH- 
SiC/Si 02 system has the lowest barrier height and is therefore expected to 
have the highest F-N injection at a given electric field. This is unfortunate 
as 4i^-SiC is the material of choice because of its four to five times higher 
electron mobility along the c-axis as compared to 6iJ-SiC. 

The energy band diagram under positive gate bias is shown in Fig. 11. 
Since the barrier for electrons in the conduction band of 4iJ-SiC is onlj^ 
2.7 eV compared to 3.15 eV for Si, the F-N tunneling distance is only 135 A 




Fig. 11. Energy band diagram of n"*" 477-SiC/Si02 /polysilicon system under pos- 
itive gate bias (on-state of the power MOSFET) 
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Table 1. The effective barrier heights, extracted from F-N measurements, for Si, 
6-ff-SiC and 4i7-SiC at different temperatures [23] 



T (°C) 




<^efF (V) 




Si 


677-SiC 


AH-SiC 


25 


3.10 


2.69 


2.43 


150 


3.07 


2.38 


2.11 


325 


3.02 


2.03 


1.76 



at Eox+ = 2 MV/cm. At elevated temperature, the F-N current increases 
due to temperature induced statistical spreading of energy of electrons in the 
conduction band. The broadening of the electron distribution allows a larger 
fraction of electrons to tunnel through the thinner (upper) part of the trian- 
gular barrier. This phenomenon is well understood in Si MOS devices [26]. 
The effective barrier heights, extracted from F-N measurements, for Si, 6H- 
SiC and 4iJ-SiC at different temperatures are given in Table 1 [23] . It should 
be noted that the effective barrier height, extracted from F-N measurements 
at high electric fields, is lower than the barrier height extracted from internal 
photo-emission studies shown in Fig. 11. From data in Table 1, it can be con- 
cluded that the effective barrier height at elevated temperature is much lower 
than the room temperature value for both 6iJ-SiC, and 4iJ-SiC whereas the 
effective barrier height in Si remains relatively constant up to 350°C. The 
reduction of effective barrier height at higher operating temperatures raises 
serious concerns about the long-term reliability of SiC MOS devices. Thus, 
a maximum limit on the electric field under the on-condition of the power 
MOSFET structures should be established for a given junction temperature 
and given projected life of the device. This maximum electric field will limit 
the inversion layer charge density and hence the resistance of the inversion 
layer, i?ch- 

In order to determine a maximum limit on the electric field across the 
gate oxide, Time Dependent Dielectric Breakdown (TDDB) measurements 
are needed. However, it is clear that the maximum electric field in the AH- 
SiC MOS system should be lower than that in 6FT-SiC, which in turn, should 
be lower than the maximum value allowed in a Si MOS system. It should be 
further reduced for operation at higher junction temperature. 

The TDDB measurements were done by Maranowski et al. [27] on QHSiC 
and Das et al. [28] on 4iJ-SiC. A sample data from [28] on AHSiC is shown 
in Fig. 14. Here, the mean-time-to-failure (MTTF) is plotted as a function 
of the electric held in the gate oxide for different temperatures. The data 
is actually taken at high helds and is extrapolated to lower helds. A MOS 
capacitor is considered failed when the leakage current exceeds 10 |J,A. If we 
consider an MTTF of 1000 years as a reasonable insurance for reliability, 
then the data in Fig. 12 gives us the maximum positive electric held, Aox+ 
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Fig. 12. TDDB data for n 4i7-SiC/Si02 system from [28] 



for each temperature which should not be exceeded during the on-state of the 
MOSFET. The electric field in the oxide can be related to the gate voltage 
by the following expression: 

Eox+ = (Vg — <^ms)Aox , (12) 

where, is the metal-semiconductor work-function difference and fox is the 
oxide thickness. Considering = 0.45 V for n+ polysilicon and 4i/-SiC 
and Eox-i- = 2 MV/cm and Vg = 15 V, the oxide thickness should be about 
725 A. 

5.2 Off-State Under Negative Gate Bias 

Under off-state, both the source and gate terminals are kept at ground po- 
tential while a large voltage is applied at the drain terminal. As shown in 
Fig. 1, the electric field, i?ox-, is highest in the gate insulator around the bot- 
tom corner of the trench in a UMOS structure or between the two p-wells at 
the SiC/Si02 interface. Under this condition, F-N injection of electrons may 
occur from the gate electrode, into the oxide film as shown in Fig. 13. The 
barrier for eletron injection from ri^ polysilicon is around 3.15 eV. Again, 
the TDDB studies are needed to establish the temperature dependent maxi- 
mum electric field in the oxide, Uqx- It has been suggested that for a given 
junction temperature of 175°C, Uqx-, should not exceed 3 MV/cm to ensure 
>100 years of life-time [28]. The field in the SiC is given by 

Esic = Eox- ^1^ = 3 X — MV/cm « 1.2 MV/cm . 

^r.SiC 10 



( 13 ) 
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Fig. 13. Energy band diagram of n'^ 4J/-SiC/Si02/polysilicon system under neg- 
ative gate bias (off-state of the power MOSFET) 



The above value of 1.2 MV/cm is well below the breakdown field strength 
of SiC (~3 MV/cm). Such a low value of field will drastically increase the 
drift layer resistance for a given blocking voltage. The value of Eox- should be 
appropriately reduced for higher temperature operation. It is clear that the 
performance is limited by the insulator reliability rather than the intrinsic SiC 
properties. The reliability issues become more severe at elevated temperatures 
and thus it is difficult to take advantage of low leakage currents in SiC at 
high operating temperatures. 



6 Design of the MOSFET Structure: 

Various Considerations 

We have already examined the design of the drift layer, the JFET gap and 
the selection of gate oxide thickness in previous sections. The next step is to 
design the p-well doping and the cell layout. In order to decide on the p-well 
doping, we need to consider the bipolar second breakdown [29]. 

The bipolar second breakdown effects determine the Safe Operating Area 
(SOA) of the device. When the device is operating under high voltage and 
high current at the same time, it is susceptible to destructive failure due to 
excessive thermal dissipation and the phenomena of second breakdown. 

The bipolar second breakdown originates from the parasitic npn bipolar 
transistor shown in Fig. 14. Normally, the breakdown voltage, BV, is sup- 
ported by the p-well/n-drift layer pn junction and is equal to the common 
base breakdown voltage, SVcbo, of the bipolar transistor. As discussed be- 
fore, the electric field is highest at and around point “y” in the p-well where 
the avalanche process is initiated. As a result, electron-hole pairs are gener- 
ated. The generated electrons are collected by the drain whereas the holes 
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Source 




Fig. 14. The origin of bipolar second 
breakdown from the parasitic npn bi- 
polar transistor 



flow towards the contact through the base resistance, i?B, of the unde- 
pleted base region. If the base resistance is high, then the voltage drop along 
the p-well forward biases the emitter at and around point “x” . When 
the forward bias at point “x” exceeds 2.7 V, the n“*' emitter begins to inject 
electrons which transport through the thin neutral base and are collected by 
the n-drift layer acting like a collector. Thus the breakdown voltage of the 
device reduces to the common emitter breakdown voltage, SVceOj which is 
normally less than the BVcbo depending upon the current gain of the par- 
asitic bipolar transistor. An example of this effect is shown in Fig. 15 (left), 
where the breakdown characteristics of a 4i7-SiC power MOSFET are shown. 
The manner in which the subsequent traces curl up at lower drain voltages 
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Fig. 15. (left) The breakdown characteristics of a 477-SiC power MOSFET showing 
bipolar second breakdown. The p-well dose was 3 x 10*^® cm“^. (Right) Blocking 
characteristics of a 477-SiC MOSFET with a box-type p-well prohle (p-well charge 
~ 3 X 10^® cm“^). Reduction in blocking voltage was observed with an increasingly 
positive gate bias 
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is a tell-tale sign of bipolar second breakdown. An extreme example of the 
second breakdown is shown in Fig. 15 (right)). The p-type charge under the 
implanted source regions was about 1 x 10^^ cm“^, which was enough to 
block the voltage, BVcbo ~ 2000 V as measured on the p-well/n-drift layer 
diode on the same wafer. However, the resistance of the p-well was sufficiently 
high to cause the open base bipolar breakdown. 

6.1 P-Well Design 

Both of these effects can be suppressed by reducing the lateral resistance 
of the p-well by increasing the p-well doping and placing the contact in 
the center of the p-well. However, increasing the p-well doping everywhere 
would lead to very high threshold voltage of the MOS transitor. An ideal 
combination is shown in Fig. 16, where the p-well is divided into two regions 
“ A and B. The doping in region B, Pb, is kept below 1 x 10^® cm“® to keep 
the threshold voltage low. At the same time, the doping in region A, Pa, is 
kept as high as possible without adversely affecting the doping in region B. 
The total charge in region A should be about 0.5— 1.0 x 10^® cm“^ to reduce 
the lateral base resistance and keep the depletion in the p-well as small as 
possible under high drain bias. 

The next question is which acceptor impurity should be used: A1 or B? 
A1 has a shallower acceptor level than B and therefore its ionization is much 
higher and the resistance much lower than B at any given temperature. Fur- 
thermore, A1 does not diffuse in SiC whereas B is known to diffuse in SiC 
during the implant activation anneal [16], which can close up the JFET gap. 
For these reasons, it is preferred to use A1 for p-well doping and contact im- 
plant. With an increase in temperature, the avalanche current reduces which 
tends to increase the second breakdown voltage. The p-well resistance, Pb, 



Source 




Drain 



Fig. 16. The doping in part B is chosen to set the threshold voltage whereas the 
doping in region B is made as high as possible to reduce the base resistance 
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Source 




Fig. 17 . A cross-section of the d/f-SiC DMOSFET showing the turn-on of the 
parasitic BJT by high AV/&t induced capacitive current flowing through the base 
resistance, Rb 



will remain relatively constant with temperature due to the cancellation of 
reduction in the hole mobility with an increase in the hole density due to the 
increased ionization of deep acceptors. 

Another advantage of reducing i?B is that it improves the dV/dt capability 
of the device [29]. As shown in Fig. 17, a high dV/dt across the capacitance 
Cdb, causes a current flow of approximately C'DB(dF/dt) through the base 
resistance, i?B, which can forward bias the base emitter junction enough 
(>2.7 V) to turn on the parasitic BJT and collapse the breakdown voltage 
from SVcBO to BVqeo- A low value of Rb will prevent the dV/dt turn on of 
the parasitic BJT. 



6.2 Threshold Voltage 



The doping in region B (Fig. 16), Fb, is solely determined by threshold voltage 
considerations. The threshold voltage is given by, 



.. \/4esiC^7"fBln(FB/ni) .^kT 
Vt = 1 h 2 — In 

^ox / ^ox Q 



Pb 

n\ 



Vfb = 



Qo 



Qst 



S^ox/tox ^ox/to 

V, = 3.15 - 

(n^ polysilicon to p-type 4iJ-SiC) 



L kT , 
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' 2 



Vfb 



( 14 ) 
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where, 

£SiC = 8.86 X 10“^^ F/cm, permittivity of SiC, 
kT= 0.026 X 1.6 X 10-19 eV, 
kT/q = 0.026 V, 

Pb = doping density in the p-well in cm“^, 

rii = 5 X 10-9 cm-9, intrinsic carrier concentration at room temp, in 4i7-SiC, 
£Si02 = 3.46 X 10-19 F/cm, permittivity of Si02, 
lox = gate oxide thickness in cm, 

0ms = metal-semiconductor work function difference in Volt, 

Qox = fixed oxide charge in C/cm^, 

Qst = interface state charge in C/cm^. 

In the above equations, Qox is generally positive and is of the order of 
qx 10 1^ C/cm^ whereas Qst is negative due to high density of interface traps 
and can be as high as —qx lOi^ C/cm^. Thus the two terms generally cancel 




Fig. 18. 0ms vs. Pb for n+ 
polysilicon/4iy-SiC MOS sys- 
tem 




Fig. 19. Vt vs. Pb for different 
values of oxide thickness asum- 
ing Qox = -Qst 






804 A. Agarwal, S.-H. Ryu, and J. Palmour 



out leaving VpB ~ 4>ms, a small negative number. 4>^s vs. Pb is plotted for 
n~^ polysilicon/4iJ-SiC MOS system in Fig. 18. The threshold voltage, Vt 
vs. Pb is plotted for different values of oxide thickness in Fig. 19 assuming 
Qox = —Qst- In order to keep the threshold voltage at a reasonable value of 
2 to 3 V, we note that Pb should be kept between 10^® cm“® to 10^^ cm“® 
for an oxide thickness of 750-1000 A. 

6.3 Cell Design 

Figure 20 shows a schematic cross-section and a layout of the basic cell. The 
cell pitch is 16 |4m. All the p-wells are connected to each other with con- 
tacts placed at the four corners and the center of the cell. The JFET gap, 
as drawn is 4.0 |4m. It should be remembered that the actual JFET gap will 
shrink to about 3.0 pm due to the process bias and implant straggle. The 
gate length, as designed, is 1.5 pm. The most critical dimension is the spacing 
between the gate and the n"*" ohmic contact, designed to be 1.5 pm. Any mis- 
alignment will result in a direct short between the gate and source electrodes. 
This spacing is selected after taking into account the relative lack of flatness 
in SiC wafers. While the state of the art projection aligners can achieve align- 
ment tolerances of less than 0.2 pm, they do require absolutely flat wafers. 
Typical bow in SiC wafers is about 20-40 pm which can change shape during 
the process, especially after the high temperature implant activation anneal 
and the oxidation process. Therefore, the design with absolute minimum de- 
sign rules is not recommended for SiC unless one is using a direct- write ebeam 
lithography with die by die alignment. 

The source overlayer connects the n"*" and ohmic contacts and covers 
most of the active area of the chip. The gates which are connected to each 
other are fed from a single pad, generally at the center of the chip. 

Many cell designs are possible. Some designs may have disconnected p- 
wells which are inter-connected by the overlayer. The p-wells shield each other 
under high drain bias and the entire device acts like a single p-n junction 



16 um 




Fig. 20. (a) The cross-section of a DMOSFET cell, (b) design of a single DMOS- 
FET cell 
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diode under reverse bias to achieve the blocking voltage. However, if any of 
the p-well contacts is missing due to any reason, then the potential of that 
particular p-well will float resulting in a high local electric field and loss of 
the blocking voltage. Therefore, the design with disconnected p-wells is not 
desirable in SiC because it is very likely to have unopened vias in a large 
area chip due to the bow in wafers. Due to the relatively poor inversion 
layer mobility, it is desirable to select the design which maximizes the gate 
periphery for a given area. 



7 Process Integration 

7.1 Fabrication Process Sequence 

Figure 21 shows a simplified fabrication process sequence of DMOSFETs. 
Starting material is lightly doped n-type epilayer grown on Si-face of a n’*' 
SiC substrate, preferably 4il- polytype. Since this n- epilayer serves as the 
drift layer of the power DMOSFET, the doping and the thickness of this 
layer is selected so that the peak field in SiC is approximately 1.5 MV/cm 
(see Sect. 3). First, alignment marks are etched into SiC epilayer using dry 
etching techniques. Then, p- wells are formed by implanting aluminum (Al) 
or B ions into the n~ epilayer (Fig. 21a). Al is the preferred species for this 
step because it is a relatively shallower level acceptor in 4iJ-SiC when com- 
pared to B, and therefore the use of Al implants will result in lower p-well 
resistance. This alleviates the problem with open base breakdown of the par- 
asitic bipolar transistor, as discussed in Sect. 6. The other advantage of Al 
over B is that it has negligible diffusion coefficient in SiC. Therefore, it is 
much easier to implement tight pitch designs if Al implants are used. n~^ 
source regions are then formed by heavy-dose nitrogen or phosphorus im- 
plantation (Fig. 21b). The MOS channel length is defined by the distance 
between the edges of the source implants and the p-well implants. The 
contact regions for p-wells are formed by heavy dose Al implants (Fig. 21c). 
If the device usesthe floating guard rings for its edge termination, the guard 
rings are formed at this time. All implants are done at elevated temperatures 
(>650°C) to reduce implant damages. All implants are then activated to- 
gether at a temperature greater than 1550°C. During the high temperature 
implant activation, a Si overpressure [30] must be provided in the ambient to 
suppress surface roughening. 

A thick (>1 pm) field oxide layer is formed after the implant activation. 
The field oxide is generally deposited using LPCVD or PECVD because Si- 
face SiC has very low oxidation rate, and because consumption of implanted 
layer must be minimized. The field oxide layer is then patterned by selec- 
tively etching to open active areas, then a pad oxide, which is approximately 
5000 A thick, is deposited and patterned. The pad oxide provides a mechan- 
ical support for bonding pads, and reduces input capacitance. Gate oxide 
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n- drift layer n- drift layer 

rr substrate n+ substrate 





Fig. 21. Cross-sectional view of the SiC DMOSFET fabrication, (a) Selective im- 
platation for p-wells. (b) source implantation, (c) implantation for contacts 
to p-wells. (d) Gate oxidation followed by gate metal deposition, (e) Formation of 
ohmic contacts, (f) Deposition and patterning of metal overlayers 



layer with a thickness ranging from 400 A to 1200 A is then formed by either 
thermal oxidation or LPCVD deposition and densification. The gate oxide is 
then nitrided in NO [31, 32] or N 2 O [33] to achieve higher effective channel 
mobility. The gate electrode is then formed by depositing and patterning of 
a heavily doped polysilicon layer or a refractory metal layer, such as Molyb- 
denum (Fig. 21d). The ohmic contacts are formed by removing oxide layer 
from the contact regions (both and p'^) and the backside of the wafer and 
depositing metal (Fig. 21e). Ni is the most commonly used metal for ohmic 
contacts in SiC, and other metal stacks, such as Ti/Al [17] and Al/Ni/Al [34], 
can also be used. The gate then can be metallized to reduce gate resistance, 
which results in a very high switching speed of the device. The structure is 
then covered with intermetallic dielectric. Via holes are then opened, and 
finally, a thick metal layer, such as A1 or Ti/Pt/Au stack, is deposited and 
patterned as the final metal layer (Fig. 21f). 
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7.2 Processing Considerations 

The p-wells in SiC DMOSFETs must meet three requirements. First, the p- 
type doping density at the surface must be low, so that a reasonable threshold 
voltage and MOS effective channel mobility can be achieved. Second, the p- 
wells should have enough p-type charge to prevent punch-through in blocking 
state. The critical field in SiC is generally believed to be around 2 MV/cm. 
Therefore, the p-well should have a p-type charge density of at least 1 x 
10^^ cm“^. Third, the p-wells must have low resistance to prevent the open 
base breakdown phenomenon in the parasitic bipolar transistor and MOS 
second breakdown, as discussed in Sect. 6. Retrograde p-well implants are 
used to meet these requirements in a planar structure. Figure 22 shows an 
implant depth profile created by an A1 implantation with an energy of 360 keV 
and a dose of 4 x 10^^ cm“^. The doping concentration at the surface is 
approximately 7 x 10^® cm“^ and a peak concentration of 1.5 x 10^® cm“^ 
is at a depth of around 3800 A. This implant profile meets the first two 
requirements. In most cases, the contacts to p-wells are placed at the center 
of the n'^ source regions, which are generally formed by ion implantations. 
Therefore, the outside parts of the p-well are connected to the ground contact 
only through the thin p-type regions sandwiched between n~^ source regions 
and the n-drift layer (Fig. 23a). The resistance of this p-region increases when 
high drain biases are applied due to depletion of holes, and eventually results 
in open base breakdown in the parasitic bipolar transistor and MOS second 
breakdown. 

Implanting a buried p^ layer the n~^ source regions can alleviate this 
problem (Fig. 23b) [35]. In Si devices, deep p+ diffusion regions are placed 
under the n+ regions [29]. In SiC devices, the depth of the p+ regions are 
limited due to lack of controlled diffusion processes. Instead of using deep p^ 




Fig. 22. Simulated dopant depth profile for a p-well formed by A1 ion implantation. 
The dose of the implant is 4 x 10^® cm“^ at an energy of 360 keV 
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Fig. 23. Planar SiC DMOSFET structnre with retrograde p-well implants, (a) n"*" 
sonrce implants pinch p-well regions, results in increased p-well resistance. The 
structure is susceptible to open base bipolar breakdown and MOS second break- 
down. (b) Buried layer reduces p-well resistance. This structure has improved 
resistance to open base bipolar breakdown and MOS second breakdown 



regions, thin p+ layers with higher impurity concentration should be used in 
SiC devices. This layer can be easily implemented by implanting A1 ions at 
a very high energy using same implant mask that were used for implanting 
n-type species to form source regions. In this case, the depth of the source 
should be limited. If nitrogen implants are used, the implant energy should 
be limited to less than 130 keV. 



8 Results on 2.4 kV Design 

4iJ-SiC DMOSFETs with blocking voltage rating of 2.4 kV were fabricated 
following the sequence described in Sect. 7 [21]. A 20 gm thick drift region 
with a doping concentration of 2.5 x 10^® cm“^ was used for a 2.4 kV block- 
ing voltage design. The MOS channel length, defined by the p-well and n“*' 
implants, is 1.5 gm. Electrons flow from source through an MOS channel 
on the implanted p-well, then through the 4 gm wide JFET region formed by 
two adjacent p-well regions, and then through lightly doped n~ drift region 
into the drain. A rectangular cell design was used. The cell pitch is 16 gm, 
and packing density of the gate periphery is 1250 cm/cm^. The contacts to 
the p-wells are placed at the center of the source regions and at the four 
corners (Fig. 20b) of the p-wells for higher resistance to open base bipolar 
and MOS second breakdown. Multiple floating guard ring structure was used 
as edge termination, and a 2 gm thick PECVD oxide was used as field oxide. 
A 500 A thick gate oxide was formed by thermal oxidation, and the oxide 
layer was later nitrided in NO ambient. 2500 A thick sputtered molybdenum 
layer was deposited and patterned as gate metal, which was later reinforced 
with 2500 A thick Ni/Au layer to achieve lower gate resistance. 

Figure 3 shows the on-state and blocking characteristics of a 3.3 mm x 
3.3 mm DMOSFET at room temperature. The active area, excluding pad 
area, of this device is 0.103 cm^. The device is normally off, and shows an on- 
current of 10 A (97 A/cm^) at a forward drop of 7.2 V. Specific on-resistance, 
7?on.sp, measured with Vgs = 20 V is 42 mO-cm^ at room temperature. The 
specific on-resistance is very dependent on the gate bias, and moderately high 
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(a) V,3(V) 




(b) Temperature (°C) 



Fig. 24. Temperature dependent characteristics of the 4J/-SiC DMOSFETs. (a) Ef- 
fective channel mobility, and (b) specihc on-resistance 



gate voltages were required to turn the devices fully on, indicating that the on- 
resistance is dominated by the MOS channel resistance at room temperature. 
The measurement was done in Fluorinert"*"^ oil to prevent arcing. The device 
starts showing some leakage current at a Vbs of 2100 V, then avalanches at 
a Vbs of 2370 V. This blocking voltage is approximately 75% of the ideal 
parallel plate blocking voltage of the drift layer. 

Figure 24a shows the effective MOS channel mobility (/ies) and threshold 
voltage measured on a 200 |4m/200 |4m lateral test MOSFET. A peak mo- 
bility of 22 cm^/Vs was measured at room temperature. At 200°C, the peak 
mobility increases to 27 cm^/Vs. This suggests that the MOS channel is still 
severely affected by interface traps. Figure 24b shows i?on.sp as a function of 
temperature. The i?on,sp value increases with temperature due to decrease in 
electron mobility in the drift layer, which enables easy paralleling of these 
devices. 





Fig. 25. Switching characteristics of a 0.0387 cm^ 477-SiC DMOSFET at room 
temperature, (a) Turn on characteristics, and (b) turn off characteristics 
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Figure 25 shows dynamic characteristics of a 0.0387 cm^ device at room 
temperature. A supply voltage of 1000 V, a 500 resistive load, a 50 gate 
resistor, and a 100 kHz gate pulse were used for this measurement. The device 
switches 2 A of drain current (about 52 A/cm^) with a turn-on delay, td(on)) 
of 40 ns, a rise time, of 140 ns, a turn-off delay, td(off)) of 100 ns, and a 
fall time, t{, of 120 ns. This shows that these DMOSFETs are ideal for low 
loss, high speed power switching applications. 
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Normally- Off Accumulation-Mode 
Epi-Channel Field Effect Transistor 



R.K. Malhan 



1 Introduction 

The MOSFETs have been one of the most versatile devices in Si and is 
the building block for most VLSI application. SiC power MOSFET can rev- 
olutionize the high voltage switching applications in the blocking voltage 
(Vb) < 5.0 kV. Eor such a high voltage range, typically Si power devices uti- 
lize conductivity modulation in the drift region to reduce the forward drop, 
however, compromising with the switching speed of the device. SiC MOS- 
EETs are currently being developed because of exceptional electrical and 
physical properties. SiC power devices has the capability for high tempera- 
ture operations in the range ~200°C for MOS based and ~400°C or higher 
for non-MOS based devices. Today about 15% of the electric power produced 
undergoes some form of electronic conversion that mostly occurs at the con- 
sumer end. Therefore, there is strong demand for the improvement of the 
following critical parameters of the power inverter systems viz., (a) cost (low 
device and circuit cost, modularity), (b) size (weight, volume, and foot-print), 
(c) efficiency (low conduction and switching losses, fast switching capabili- 
ties), and (d) reliability (rugged high temperature operations, high blocking 
stability, and low random failure). 

SiC is unique among compound semiconductor in the sense that its na- 
tive oxide is Si02, the same oxide as Si. The GaN and AlGaN have high 
breakdown field and high carrier mobility, and would appear to be ideally 
suited for power device implementation. However, these III-V nitride com- 
pounds do not possess a native oxide similar to Si02, so true MOS devices 
will not be feasible. In addition, the nitrides suffer from the lack of a suit- 
able lattice-matched substrate for crystal growth, and hence the material is 
in a more primitive state of development than SiC. Various figure-of merits 
were calculated in order to quantify the advantage of SiC over the Si viz., 
Johnsons Figure-of-Merit, Keys Figure-of-Merit, and Baliga Figure-of-Merit. 
The Baliga Figure-of-Merit (BFM) is for power devices in general defined 
by Baliga in 1989 [1]. BFM (FbM-^On) is a single quantity that represents 
how closely the device approaches the theoretical limits for the semicon- 
ductor material. The theoretical maximum BFM for Si unipolar devices is 
about 5 MW/cm^, whereas the theoretical limit for 4iL-SiC unipolar de- 
vice like MOSFET is about 2000 MW/cm^. Compared to bipolar Si-IGBTs, 
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considerable reduction in static and dynamic losses can be achieved for the 
unipolar power MOSFETs. However, the inversion-mode 4iJ-SiC MOSFET 
performance is still hampered by the problem of low channel mobility due 
to the high interface trap density near the conduction band edge (-Dnit)- 
Refined oxidation techniques have improved the Si02/SiC MOS interface 
quality, but producing reliable devices still require a process innovation. 
Recently, there has been significant progress in producing SiC devices for 
high power and high frequency applications [2, 3]. From the HEV applica- 
tion point of view, inverter system power module requires high-efficiency, 
high-functionality, and high-reliability [4, 5]. Existing HEV inverter systems 
use Si-IGBT based power modules. Being a unipolar switching device, SiC 
MOSEETs are the ideal replacement for Si-IGBTs. This paper provides an 
overview of the normally-off Accumulation-mode Epi-Channel Field Effect 
Transistor (ECFET) design concept. The challenges for power device devel- 
opment beginning from SiC wafer quality to key device processes of thermal 
oxidation and ion-implantation are also discussed. Finally, the applicability 
of these ideal SiC switches in HEV propulsion application is reviewed. 



2 Design of SiC Power MOSFETs 

Until DENSO’S ECFET reported in ICSCRM’97 [6, 7], SiC power MOSFETs 
had not significantly exceeded the Si theoretical limits. ECFET is basically a 
trench type accumulation-mode MOSFET in which a thin n-type epi-channel 
layer was grown on the trench sidewalls to form an accumulation-mode power 
device. The use of an accumulation-mode channel improved the MOSFET 
channel mobility significantly, resulting in the lowest specific on-resistance 
(7?on) of about 10.9 mflcm^ at room temperature with controlled avalanche 
breakdown of about 450 V, the first Si-limit breaking performance by any SiC 
power switching device. The SiC MOS based power device design is evolv- 
ing mainly on the accumulation-mode MOSFET design concept in efforts to 
utilize the maximum potentials of SiC material. 

2.1 Accumulation-Mode SiC ECFET 

The main feature of ECFET is that the n-type channel-forming region is 
epitaxially grown on the p-base region to form the MOS structure. This epi- 
layer provides an independent control of the impurity concentration of the 
channel and the p-base region. Therefore, a power MOSFET with high block- 
ing voltage, low specific on-state resistance and low threshold voltage can be 
designed such as to allow independent control of the dopant concentration 
of the different regions. Since, the concentration in the p-base region can be 
raised independently, therefore, the thickness of the p-base region can be re- 
duced. This helps in trimming the JFET component of i?oN, compared to the 
inversion-mode structure. Moreover, in the accumulation-mode conduction. 
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the channel depth is about 5 ~ lOx larger than that of the inversion-mode 
channel, thereby the current conduction is less affected by the MOS inter- 
face conditions. The accumulation-mode channel mobility is expected to be 
higher than the inversion-mode channel mobility due to relaxation of electric 
field. The epitaxially grown n-type epi-layer that defines the channel region 
can be completely depleted by the potentials created by the work function 
difference between the p-base region and the epi-channel layer, and the work 
function difference between the epi-channel layer and the poly-Si gate elec- 
trode. ECFET can be turned-on by applying the positive bias to the gate 
electrode. This design concept can withstand up to the avalanche breakdown 
conditions. We reported the fabrication of first accumulation-mode 4iT-SiC 
trench ECFET on (0001) plane 4iJ-SiC epi-wafers [6, 7]. On the similar 
accumulation-mode channel design, a blocking voltage of about 1400 V was 
reported for the 4i7-SiC lOP-ACCUFET [8]. lOP effectively eliminated ox- 
ide breakdown in the trench corner, allowing the device to reach 87% of 
the theoretical value. The i?oN was 15.7 mflcm^ with Figure-of-Merit of 
125 MW/cm^, a value 25 x higher than the theoretical limit for Si-MOSFET. 
In trench MOSFET design, practically it’s difficult to realize the high block- 
ing voltages due to the poor gate oxide reliability, as the electric field is higher 
near the bottom of the trench corners. 

Chilukuri et al. [9] reported the fabrication of planar accumulation-mode 
MOSFET, called ACCUFET on (0001) plane 6i7-SiC n-type epi-wafers. 
Accumulation-mode mobility as high as 120 cm^/V.s was reported for the 
fabricated device. However, they reported the problem related to the p-type 
dopant B diffusion from the p-base region. Usually, high power applications 
require a high level of unit-cell integration, which can be achieved by reducing 
the pitch of unit-cell. The B diffusion can limit the reduction of p-base spacing 
due to increasing JFET pinch resistance. We reported a novel C/B sequential 
implantation process to control the B lateral and vertical diffusion from the 
p-base region of the planar ECFET [10]. The schematic cross-section struc- 
ture of our proposed accumulation-mode planar ECFET is shown in Fig. 1. 
The B vertical and lateral diffusion as shown in figure can lead to serious 
design problems and electrical performance degradation of fabricated device. 
The B lateral diffusion into the JFET region results in high on-state resis- 
tance or even completely blocks the current conduction due to pinch effect 
phenomenon. We performed the 2D numerical device simulations using ISE 
DESIS simulator to access the (a) Effect of electric field relaxation on the 
channel mobility in the accumulation-mode of current conduction, and (b) 
Effect of B lateral diffusion on the ECFET on-state characteristics. Figure 2 
shows the simulated correlation between electric field and electron mobility 
as a function of distance from the MOS interface for the both, inversion-mode 
and the accumulation-mode conduction. The channel doping levels and the 
biasing conditions are marked in the inset of the figure. It is clearly evident 
from the simulation results that the channel mobility in the accumulation- 
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Fig. 1. Schematic cross-sectional structure of accumulation-mode planar ECFET 
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Fig. 2. Correlation between electric field strength and electron mobility as a func- 
tion of distance from the MOS interface for both, the inversion-mode and the 
accumulation-mode conduction 



mode of conduction is 2x higher than that for the inversion-mode under a 
given condition. In addition, the higher doping levels of the epi-channel layer 
further leads to further increase in the channel mobility due to the relaxation 
in the electric field. 

To access the effect of B lateral diffusion on the ECFET on-state char- 
acteristics, three ECEFET models with different B lateral diffusion length 
were considered viz., diffusion length = 0 pm (without diffusion), 0.5 pm, 
and 1 pm. The B lateral diffusion simply translates a decrease in the p-base 
spacing of the ECFET unit-cell. The simulated potential contours for the 
26 pm unit-cell ECFET with (diffusion length = 1 pm) and without B lat- 
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Fig. 3. Simulated potential contours in the planar accumulation-mode ECFET 
(Half cell model). The simulated output characteristics of ECFET with and with- 
out B lateral diffusion are also shown in the figure 

eral diffusion are shown in Fig. 3. The contours gradient in the JFET region 
indicates the voltage drop in that region. The voltage drop is higher in the 
JFET region for the case where B diffusion was considered. The simulated 
on-state characteristics of ECFET indicates the strong affect of B diffusion 
on the i?oN due to JFET pinch effect as the drain current is reduced by a 
factor of 1/3 for lateral diffusion length of 1 pm for a given drain and gate 
bias conditions. Therefore, it is vital to suppress the lateral as well as verti- 
cal diffusion of B to fabricate the accumulation-mode ECFET. A1 is another 
p-type dopant for selective implantation process, however, requires the rel- 
atively high temperature activation annealing and also yields more residual 
defects in comparison with B dopant. 

The planar 4i7-SiC ECFETs were fabricated using (0001) plane n/n“*' 
4if-SiC single epi-wafer. The planar ECFET device fabrication details are 
given elsewhere [11]. Typical on-state output characteristics of the fabricated 
4iJ-SiC planar ECFET with and without the B lateral diffusion at room 
temperature are shown in Fig. 4. Excellent -Vy) characteristics were ob- 
tained for the planar ECFET without B lateral diffusion as the device shows 
good current saturation and gate control. The threshold voltage measured at 
Vg = Vd was about 2.0 V. The effectiveness of C/B sequential implantation 
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Fig. 4. Typical on-state output characteristics of the fabricated planar 477-SiC 
ECFET with (a) B implanted and (b) C/B sequentially implanted p-base region 

process in suppressing the JFET pinch effect is clearly visible from the 3 ~ 4 
fold increase in drain current of ECFET for p-base spacing which was scaled 
down to about 3 |4m. Therefore, this technique opens door for the larger pack- 
ing densities through unit-cell pitch reduction for power device applications 
by suppressing the B diffusion to match the design requirements. Typical 
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Fig. 5. Typical off-state characteristics of the 4JT-SiC ECFET 
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off-state output characteristics of the fabricated 4iJ-SiC planar ECFET at 
room temperature are shown in Fig. 5. The fabricated device features the 
controlled avalanche Vb of about 1200 V. 

The 1st SiC trench MOSFET was reported by Cree Inc. in 1993 [12] 
and the 1st accumulation-mode SiC ECFET with i?oN lower than that of 
Si-limits was reported by DENSO CORPORATION in 1997 [6]. The Vb as 
high as 5.0 kV for SEMOSFET has been reported by KEPCO and Cree [13]. 
The Ron was 88 mllcm^ with Figure-of-Merit of 284 MW/cm^, a value about 
50 X higher than the theoretical limit for Si-MOSFET. The power MOSFETs 
reported to date [14, 15] indicate that although the Vb has increased steadily 
over the past 10 years, there has been slow reduction in i?oN- This is because 
the specific on-resistance of 4iJ-SiC MOSFETs is still dominated by the chan- 
nel resistance, rather than by the drift region resistance. The relatively high 
channel resistance is due to relatively low channel mobility, particularly in the 
4iJ-SiC polytype. The reduction of channel resistance is vital for any further 
improvement in the performance of MOS based SiC power devices. For an 
insight of the future trends of SiC power devices, relations between blocking 
voltage and specific on-resistance of conventional unipolar and super junc- 
tion devices is shown in Fig. 6. The specific on-resistance of conventional SiC 
power devices will be trimmed further by one or two orders of magnitude, de- 
pending on the targeted blocking voltage using the RESURF technology [16] 
in the future. 




Blocking Voltage(V) 

Fig. 6. Specific on-resistance and blocking voltage plot for conventional unipolar 
and super-junction Si and SiC power devices 
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2.2 Selection of SiC Polytype: Bulk Electron Mobility Anisotropy 

4iJ-SiC polytype is the material of choice for power device applications be- 
cause of (a) nearly isotropic high bulk electron mobility in comparison to 
6-ff-SiC, (b) availability of relatively high quality wafer, and (c) advanced pro- 
cessing technologies including epitaxial growth. Earlier, Schorner et al. [17] 
had reported a comparison for inversion-mode channel mobility of 4iJ-, 6H- 
and 15i?-SiC MOSFETs under the identical processing conditions. They ob- 
served low inversion-mode channel mobility for 4i7-SiC MOSEETs and at- 
tributed it to the high density of interface states located at approximately 
2.9 eV above the valence band edge or just below the conduction band edge 
of 4i7-SiC. More of these states lie in the band gap for 4i7-SiC (Eq = 3.3 eV) 
compared to 677-SiC {Eq = 3.0 eV) where they affect the channel mobility 
via carrier trapping and Coulomb scattering. Afanasev et al. [18] originally 
reported the existence of near interface trap states between the conduction 
band edge of 4H- and 6i7-SiC, which act as the scattering centers at the MOS 
interface. They proposed that interface states in SiC/Si02 structures result 
from C-clusters at the interface and defects in a near-interface sub-oxide. 
6i7-SiC MOSFETs have shown moderate inversion-mode channel mobility, 
however, the performance of 6i7-SiC vertical power MOSFETs are limited 
by lower bulk mobility in the direction parallel to the c-axis, which is about 
1/10 of 4i7-SiC. Alternatively, the 15i?-SiC is another attractive solution 
as the band gap of this polytype is smaller than that of 4iJ-SiC, therefore, 
the inversion-mode channel mobility is less influenced by near interface trap 
states. In addition, the bulk mobility of 15i?-SiC is less anisotropic in nature. 
Therefore, 15i?-SiC is a promising polytype for power device applications, 
however, the large size high quality wafers are not yet available. 

2.3 Selection of Crystal Plane: Channel Mobility Anisotropy 

As mentioned earlier, anisotropic nature of the bulk electron mobility is 
an important parameter for power device design. The channel mobility 
anisotropy is another important design parameter that determines the de- 
vice performance. The step controlled epitaxial growth on the conventional 
(0001) plane requires off-axis 6i7-SiC (3.5 deg. off) or 4i7-SiC (8.0 deg. off) 
substrates to inherit the polytype information from the substrate. The sur- 
face roughness introduced by the use of off-axis wafers may affects the MOS 
interface properties and thereby channel mobility. Yano et al. [19] reported 
a dramatic improvement in the inversion-mode channel mobility of 6i7- and 
4i7-SiC MOSFETs fabricated on (11-20) plane by using on-axis substrates. 
The planar SiC MOSFETs on (11-20) plane have also shown the negative 
temperature dependence of channel mobility that was observed for the first 
time. These results indicate that the (11-20) plane may be the best selec- 
tion for SiC MOSFETs, however, the maximum breakdown electric field in 
(11-20) plane is only 75% of that for the (0001) plane and that limits the 
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use of this plane for the power MOSFETs with Vb< 2 kV. The best reported 
inversion-mode mobility values are typically ~50 cm^/V.s and ~150 cm^/V.s 
for the planar MOSFETs fabricated on (0001) and (11-20) oriented 4if-SiC 
wafers, respectively [20]. The oxide reliability issues are yet to be addressed. 



3 Key Device Processing Technologies 

In SiC device fabrication process, various high temperature conflicting pro- 
cesses influence strongly the SiC MOSFETs channel mobility. Fabrication 
process steps like thermal oxidation, p-type dopant activation, and ohmic 
contact annealing collectively degrade the channel mobility. The process de- 
pendent channel mobility degradation of SiC MOSFET is still poorly under- 
stood to date. The key device processing technologies include (a) True p-pipe 
defect and dislocation free large size (~ 4" size) off-axis (0001) oriented Si- 
face and on-axis (11-20) oriented a-face SiC wafers (Recently, higher channel 
mobilities are reported with MOSFETs fabricated on (11-20) oriented a-face 
wafers), (b) High quality Si02/SiC MOS interface and its high temperature 
reliability (this is the most critical factor for MOSFET practical applica- 
tions), and (c) High dopant activation process for selective ion-implantation. 
The main challenge in ion-implantation process is to develop a technology 
for p-type low temperature dopant activation annealing process that can cap 
the surface morphology degradation. 

3.1 Quality of 4JT-SiC Large Size Wafers 

Recently, 600 V class SBDs and MESFET are available commercially from In- 
fineon Technologies [2] and Cree Inc. [3], respectively. Infineon Technologies 
has announced the market introduction of cascode switching (normally-on 
SiC-JFET with Si-MOSFET) devices. However, the high quality and large 
diameter wafer is a prerequisite for industrial-scale fabrication of power de- 
vices which to date lacks for SiC. The greatest challenge is the quality of the 
material, which limits both current capability and yield of such devices with 
respect to the chip area. Development of SiC wafers has been very successful 
over the past years in achieving major improvements in quality and yield. 
However, there are particular areas where SiC wafers are still significantly 
behind state of the art Si wafers technology viz., (a) SiC wafer size which is 
currently available in 2" and 3" diameters (research level: 4" diameter), (b) 
Lack of high quality material as SiC wafers still contains various type of de- 
fects, and (c) SiC wafer process technology (Warp, total thickness variation 
(TTV), local thickness variation (LTV), etc.) is still demanding. The crystal 
defects such as p-pipe defect, comet-tail defect, dislocations, and impurities 
within the active region of large area devices affect both on- and off-state 
characteristic adversely. At present, the dislocation density in the commer- 
cially available wafer is in the range of 10^ ~ 10® cm“^. The secondary effects 
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of dislocation centers on leakage current or breakdown phenomenon are not 
clear at present. There are several thermodynamic, kinetic, and technological 
mechanisms, which causes fi-pipe formation in SiC wafer. The /r-pipe defects 
generally propagate into the LPCVD grown epitaxial layers, which leads to 
premature junction breakdown below the maximum permissible electric field. 
The /i-pipe density of less than 1 cm“^ is needed to realize devices of cur- 
rent ratings >100 A with reasonable yield. Recently, (11-20) oriented a-face 
SiC wafers are commercially available from Cree. The key epitaxial growth 
and selective ion-implantation technologies appear very feasible on (11-20) 
oriented a-face SiC wafers. 

3.1.1 4ff-SiC Wafer Quality Versus Bipolar Forward Degradation 

As we will discuss later, in the HEV inverter power module, 600 V class 
Si-IGBTs are generally used in parallel with and Si-PiN free wheel diode 
(FWD) to conduct the reverse current for IGBTs. Bipolar power devices 
stand to benefit greatly in high voltage and high temperature applications. 
The MOSFETs can be used as a bi-directional switch and the internal pn 
body diode can eliminate the needs of the external FWDs. Recently, the 
bipolar forward degradation phenomenon [21] characterized by an increase 
of the forward voltage caused by forward operation has been reported. Such 
an electrical degradation of bipolar pn diode can limit the use of the inter- 
nal body diode of SiC MOSFETs. The suppression of the bipolar forward 
degradation is vital for the future development of such an ideal switch. 

Earlier, we reported the impact of SiC structural defects on the forward 
current degradation of pn diodes fabricated on in-house developed high qual- 
ity 4iJ-SiC wafers [22] . The pn diodes were fabricated on in-house developed 
(1-100) oft oriented 4iJ-SiC standard (STD), (11-20) off oriented 4i4-SiC high 
quality (HQ), and (11-20) off oriented 4i4-SiC reference wafer to evaluate the 
impact of SiC structural crystal defects. The etch pit density, especially the 
slip/stacking faults of DENSO HQ wafer is about 1 ~ 2 order of magni- 
tude lower than that of other wafers. Moreover, these wafers are free from 
the ^-pipe defects. The electroluminescence (EL) images of pn diodes fabri- 
cated on DENSO STD, HQ, and reference 4iJ-SiC wafers, before and after 
the forward current degradation are shown in Fig. 7. EL images reveal the 
formation of triangular type structural defects after the current degradation. 
Bright lines observed at low current densities were formed as a result of high 
current density stress effect. Whereas, these bright lines are viewed as dark 
features at high current densities and are attributed to a localized reduction 
of carrier lifetime caused by the creation of extended defects viz., the stacking 
faults. The propagated defect looks like a single layer Shockley type stack- 
ing fault bounded by partial dislocations with Burgers vector of a/3(l-100) 
type. These created extended defects degrade the device performance due to 
large recombination leakage current. The defect grows in the direction per- 
pendicular to the off-axis direction and often grows until it spans over the 
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Fig. 7. Electroluminescence images of pn diodes before and after the forward cur- 
rent stress degradation 



whole device area. The nucleation and propagation velocity of defect seems 
to be different, depending on the quality of the wafers. We observed that 
defect generation rate is relatively higher for pn diodes fabricated on 4iJ-SiC 
wafer with higher defect densities. It is shown that the in-house developed 
DENSO HQ 4iJ-SiC wafer is less susceptible to the forward current degra- 
dation, which we attributed to comparatively much lower EPD values. These 
results demonstrate that the degradation phenomenon of bipolar pn diodes is 
strongly related to the SiC structural crystal defects of the starting material. 
The continuous SiC material development will eventually lead to the robust 
bipolar device in the future. 

3.2 Thermally Oxidized Si02/SiC MOS Interface 

The thermal oxidation kinetics and the MOS interface of SiC are poorly 
understood as they still lacks the critical know how. Afanasev et al. [18] 
originally proposed that interface states in SiC/Si02 structures result from 
C-clusters at the interface and defects in a near-interface sub-oxide that is 
produced when the oxidation process is terminated. The reported low MOS- 
FET channel mobility is due to high interface trap density that increases 
exponentially near the conduction band edge. Schorner et al. [17] reported 
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the relatively one-order higher channel mobility values for d>H- and 15i?-SiC 
MOSFETs, compared to 4iJ-SiC MOSFET. The microstructure of transient- 
Si02 region in the Si02/SiC system is very much different from that of 
Si02/Si system [23]. The C-related compounds such as Si4C4_x02 complex 
and SiOi.5 sub-oxide interspersed in C-matrix were reported to exist in the 
transient region. These residual complexes can form clusters or interact with 
or OH~ ions under pyrogenic oxidation condition. Therefore, the con- 
trol over the C in the transient region is vital for improving the quality of 
MOS interface. Electrical characteristics of MOS interface have shown strong 
dependence on the pre- and post-oxidation conditions. The re-oxidation and 
02-annealing post-oxidation treatments were found to be effective in reducing 
the C-content near the MOS interface, which was attributed to the reduc- 
tion of C concentration near or at the MOS interface. The maximum electric 
breakdown fields above 10 MV/cm and interface trap density value below 
1 X 10^^ eV“^cm“^ have been reported for thermally grown Si02 on (0001) 
oriented Si-face n-type 4iJ-SiC. 

We investigated the Unit using the thermal admittance (TAS) spec- 
troscopy on 4iJ-SiC MOS capacitors fabricated under the wet oxidation am- 
bient. n-type 4i7-SiC (0001) Si face off-oriented epi-wafers were used in the 
present investigation. The thickness and nitrogen doping concentration of the 
epi-layer was 10 |4m and 1 x 10^® cm“®, respectively. Figure 8 shows a series of 
admittance spectra for 4iJ-SiC MOS capacitor under various accumulation 
bias conditions in the range of 0 ~ 15 V. The conductance was measured 
over the temperature range of 80-380 K. The admittance spectroscopy can 
provide the information related to the trap centers in MOS capacitor. It can 
be seen from the figure that even for 0 V bias, tail of peak-A was detected 
in the measured temperature range that corresponds to the deep traps near 
the midgap. When the accumulation bias voltage is increased in steps from 
0 V to 8 V, a broad peak was observed for each biasing condition. Under the 
accumulation condition, the electrons are available near the MOS interface 
that can be trapped by the interface traps, which are close to the Fermi-level. 
The admittance signal arises from these charged interface traps. The shift in 
the peak position towards the lower temperature range indicates lowering of 
ionization energy or capture cross-section of the corresponding trap states. 
For 8 V bias, two peaks (peak-A and peak-B) appear as a result of response 
from interface traps of different microstructures. The intensity of the broad 
peak was also decreased with increasing accumulation bias voltage due to 
bias effect on the TAS signal. At this point, we think that the Unit is con- 
tributing to the peak-B. Finally, in the strong accumulation region i.e., 15 V 
bias, only peak-B appears which supports the above stated statement. The 
Arrhenius plots of electron emission rate 6pT“^ for the trap state calculated 
from the admittance spectra is shown in Fig. 9. The estimated density of 
traps from the admittance data for peak-A and peak-B are shown in the fig- 
ure. The ionization energy of broad peak-A shows a strong bias dependence 
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Fig. 8. The admittance spectra for 4JT-SiC MOS capacitor under various accumu- 
lation bias conditions 

and indicates a broad distribution of these traps below the conduction band 
down to midgap region. The peak-B corresponds to the traps in the near Si02 
region and lies very close to the conduction band edge that was first reported 
by Afanasev et al. [18]. The Unit has strong influence on the channel mobil- 
ity of 4iJ-SiC MOSFETs because their ionization energy (AE = 180 meV) 
lies between the conduction band edge of AH- and QH-SiC polytype. How- 
ever, the ZInit values estimated from the admittance data is in the range 
of 10^° ~ 10^^ eV“^cm“^, which is about 1-order lower than that estimated 
by the capacitance- volt age (C-V) measurements. Earlier, Bassler et al. [24] 
reported the presence of high value of Unit at 4i7-SiC/Si02 interface located 
close to the conduction band edge of MOS capacitors fabricated under the 
dry oxidation ambient. Novel innovations are needed to bring the Unit value 
down to about ~1 x 10^^ eV“^cm“^. 

Recently, the NO and N 2 O annealing at high temperatures has revealed 
to improve Si02/SiC MOS interface properties. Fabrication of 10-20 A class 
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Fig. 9. Arrhenius plots of electron emission rate CpT ^ vs. reciprocal temperature 



power DMOSFETs were reported by Cree Inc. [25, 26]. Remarkable improve- 
ments of the 4iJ-SiC MOSFET inversion layer mobility were reported by 
using the oxide nitridation [27]~[29]. The oxide is usually thermally grown 
in nitrous oxide atmosphere at 1250°C. Inversion layer mobility values up 
to ~ 50 cm^/Vs for lateral 4iJ-SiC MOSFETs which were prepared on low 
doped p-type epilayers and the oxide was thermally grown in nitrous oxide 
atmosphere at 1250°C [30]. This annealing process is considered to have two 
effects, one is formation of stable Si-N bonds and the other is removal of 
C-related sub-oxides. However, it is not yet understood which effect brings 
the improvement of MOS interface properties. Main reason for the improve- 
ment should be an increase of channel mobility. The channel mobility in- 
crease may be due to the reduction of the Unit- The N introduced into the 
Si 02 /SiC interface can passivate interface states, however, it does not remove 
the residual-C in the oxide as C was detected by XPS measurements [31]. The 
high inversion-mode channel mobility and high temperature reliability us- 
ing deposited ONO (silicon oxide/silicon nitride/silicon oxide) are also quite 
encouraging for MOS based devices. The innovations in the SiC oxidation 
process have improved the Si02/SiC MOS interface quality, but producing 
reliable devices will require additional improvements. 

3.3 Selective Ion-Implantation Doping in SiC 

For SiC selective doping process, the thermal diffusion commonly used for 
Si devices is not available because of the extreme stability of SiC [32]. One 
of the key issues for realizing the SiC planar devices is to eliminate the ion- 
implantation process induced damages as well as to achieve the high electrical 
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activation for dopants to match the design requirements. However, the high 
temperature activation annealing process of SiC usually deteriorates the im- 
portant chemical and morphological surface that eventually leads to poor 
electrical properties. Donor (N, P, As) and acceptor (Al, B, Ga) atoms are 
required for the tailored n- and p-type doping profiles. Recent reports on 
n-type SiC doping indicate that P is a potential candidate for power device 
applications, which require low source/drain contact resistance. Capano et 
al. [33] reported that P is the better choice for the high doses due to higher 
electron mobility, however, N is preferred for the moderate doping levels. 
Khan et al. [34] reported about four times lower dielectric strength of ther- 
mal oxide grown over a P implanted region than a non-implanted region and 
about two times lower than the N implanted region under the identical con- 
ditions. However, the average ionization energies {h- and fc-lattice sites) of 
the P donor are relatively higher than that of the N donor in 4if-SiC. Re- 
cently, Laube et al. [35] reported that below the critical implantation donor 
concentration of about 3 x 10^® cm“^, the N is superior below and P above 
this critical value. We have shown that the co-doping with N and P is better 
for higher activation at low annealing temperatures [36]. The lower activa- 
tion of N for higher concentration was attributed to the formation of deep 
electrically inactive complexes. 

On the other hand, the efficient electrical activation for p-type dopant in 
SiC is difficult, a common feature in wide band gap semiconductors. The Al 
shallow acceptor energy level is located at 191 ~ 230 meV. The B-related 
shallow and deep levels are located at 285 ~ 390 meV and 540 ~ 720 meV, 
respectively. The B dopant provides an advantage that it can be implanted 
deeper into the SiC than the other group-HIA impurities for a given implan- 
tation energy and causes less implantation damage to the SiC crystal lattice. 
Magnetic resonance studies by Adrian et al. [37] confirmed that the shal- 
low acceptor level consists of B residing at Si-lattice site. The microscopic 
structure of second deep levels, known as D center is still an open issue 
and needs to be addressed theoretically as well as experimentally. Based on 
EPR/ENDOR investigations, Baranov et al. [38] speculated a complex mi- 
crostructure in which B on Si-lattice site is paired with a C-lattice vacancy 
i.e., B^i-Vc configuration. These D centers can lead to the degradation of 
the device electrical characteristics in long term, therefore, a suitable pro- 
cess is needed to suppress these centers. Moreover, long B diffusion tail has 
been observed in SiC polytypes [39]. The B has the large diffusion constant 
at elevated temperatures compared to most of the other p- or n-type dop- 
ing species. As we discussed earlier, the high power applications require a 
high level of unit-cell integration. However, B lateral diffusion can limit the 
reduction of unit-cell due to increasing JFET pinch resistance. 
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3.3.1 Control Over B Diffusion 

Considering that B has middle values between Si and C both in atomic cova- 
lent radius and electronegativity, and also that both A1 and B form shallow 
level in Si. It is expected that B substituted on a Si-lattice site in SiC will 
have low formation energy and will form a shallow level. This implies that 
a suitable process is needed to increase the probability for B to occupy the 
favored Si-lattice site for high electrical activation. The B on a Si-lattice site 
is favorable under the C-rich conditions to achieve high electrical activation, 
based on a site-competition effect [40, 41]. Earlier, we reported that B on a 
Si-lattice site is favorable under the C-rich conditions to achieve high electri- 
cal activation, based on first principle calculations [42]. Therefore, the C/B 
sequential implantation can increase the probability for B to occupy Si-lattice 
site and this way also suppresses the formation of D centers. Troffer et al. 
[39] have demonstrated that the C/B co-implantation can suppress the for- 
mation of D centers. Laube et al. [43] recently reported the suppression of B 
out-diffusion and correlated it to the mechanism based on an analogy to the 
B diffusion in Si. 

We have systematically investigated the effect of C/B sequential implan- 
tation on the formation B-related D center and the transit enhanced diffusion 
(TED). The (OOOl)-oriented 4i7-SiC epitaxial wafers consisting of a LPCVD 
grown 5 |J,m thick p-type epitaxial layers on p-type substrates were used. The 
background Al dopant concentration of the epitaxial layer was 1 x 10^® cm“®. 
Multiple 8-fold implantations with suitable ion energies were performed to 
create a box profile of C and B with a mean B concentration of 1 x 10^® cm“® 
and a depth of 0.8 pm. The C concentration was varied from 1 x 10^^ cm“® 
to 1 X 10^® cm“®. The C/B implanted samples were furnace annealed at 
1650°C for 30 min in Ar to activate the dopants. The B implantation was 
performed at 1000°C to prevent amorphization in (0001), (1-100), and (11-20) 
oriented 4iJ-SiC wafers to determine the anisotropic nature of vertical and 
lateral diffusion of B dopant. The single step B implantation doping concen- 
tration and energy were 1 x 10^® cm“® and 400 keV, respectively. The (0001) 
oriented wafer represent the vertical diffusion and the (1-100), and (11-20) 
oriented wafers represent the lateral diffusion. As evident from the SIMS 
data in Fig. 10, we found that the lateral diffusion of B is more dominant 
compared to the vertical diffusion for a given set of implantation conditions. 
This was the first confirmation report on the anisotropic nature of B diffu- 
sion in 4if-SiC. Also, compared to (1-100) orientation, the B tends to diffuse 
even at lower temperature in the (11-20) orientation. The SIMS data of the 
as-implanted (11-20) oriented wafer shows the B diffusion during the implan- 
tation at 1000°C. Therefore, the suppression of B enhanced lateral diffusion 
is vital for fabricating the SiC power devices with high cell packing density. 
Planar circular Schottky diodes were fabricated on the C/B sequentially im- 
planted 4i7-SiC, forming Ni Schottky contacts with (f) = 500 |J,m and large 
area Al/Ni Ohmic backside contacts. The z-DLTS measurements setup used 
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Fig. 10. SIMS profile of implanted B impurity in 4iiI-SiC along the (0001), (1-100), 
and (11-20) orientations showing a long diffusion tail after annealing at 1600°C for 
30 min 



to monitor the electrically active deep defects in C/B sequentially implanted 
4if-SiC. The measured typical z-DLTS spectra for the B implanted 4iJ-SiC 
sample ^1 are shown in Fig. 11a. The mean implantation concentration was 
1 X 10^® cm“®. 

The z-DLTS spectra can provide information on the deep levels under- 
going charge transfer at higher temperatures. The spectra for different time 
windows exhibit a sharp peak due to the B-related D centers. The calcu- 
lated ionization energy and the density of D center were Ey + 529 meV and 
9.4 X 10^® cm“®, respectively. The identical z-DLTS spectra were observed 
for the C/B sequentially implanted sample #2 as shown in Fig. 11b. It can 
be seen that there is no visible changes in the z-DLTS spectra of sample #2 
from that of sample ^1. However, the ionization energy of the D center has 
shifted towards the higher side i.e., F^v + 566 meV. The D center spectrum for 
sample #2 shows a decrease in the peak intensity, which is directly related to 
the density of defect centers. This indicates that the introduction of C leads 
to the suppression of D centers. Sample ^3 was prepared under the identical 
process parameters except that the C concentrations raised by one order of 
magnitude. This time as evident from the z-DLTS spectra of sample ^3 that 
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Fig. 11. The i-DLTS spectra of C/B sequentially implanted d/f-SiC. There is no 
visible change from that of typical i-DLTS spectra of B implanted 4/f-SiC, except 
for the decrease in the intensity of D center with increasing C content 



the D center is suppressed further in this C/B sequential implanted sample 
with C and B ratio of 1:1 as shown in Fig. 11c. Again, the ionization en- 
ergy of the D center shifted towards the higher side i.e., Ey + 586 meV. We 
further raised the C concentration by one order of magnitude in sample ^4. 
It was found that the D center peak completely disappeared for C and B 
ratio of 10:1 as shown in Fig. lid. The free hole concentration calculated 
from the C-V analysis also shows an increase for C/B sequentially implanted 
samples as the density of D center start decreasing with increasing C concen- 
tration. These results demonstrate that the C/B sequential implantation, a 
site-competition effect, is effective in suppressing the formation of D center. 
The above results of the C/B sequential implantation process lead to the 
speculation that the D center microstructure configuration is more likely a 
complex in which B on Si-lattice site is paired with a C-lattice vacancy i.e., 
Bsi-Vc configuration. The D center is located at about Ay -I- 529 ~ 586 meV. 

In this C/B sequential implantation process, another striking results were 
observed from the SIMS profiles of the annealed samples as shown in Fig. 12. 
Two main noticeable points are as follows: 
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(a) Long B diffusion tail of more than 1 |a,m was observed in the implanted 
4iJ-SiC sample, and 

(b) The B diffusion tail is suppressed to as-implanted SIMS profile when 
the C concentration reaches about 1 x 10^® cm“^ (C and B ratio of 
10:1) for sample #4 for a given ion-implantation and activation annealing 
conditions. 

This suppression of B diffusion tail can be attributed to the following 
phenomenon. First, as evident from the i-DLTS data that for this particu- 
lar composition of C/B the deep defects are less than the detection limit of 
the measurement system. This indicates that the elimination of defect is one 
of the phenomena, which is responsible for the suppression of the B tran- 
sit enhanced diffusion. Based on the i-DLTS analysis of the B implanted pn 
junction, Gong et al. [44] reported the high density of D centers in the ex- 
tended B diffusion tail. These results clearly correlate the B transit enhanced 
diffusion to the formation of D centers, a B-vacancy complex. Secondly, the 
implanted C may out number the C vacancies with increasing C concentra- 
tion in C/B sequential implantation. This phenomenon can also explain the 
observed suppression of B diffusion tail. According to our first principle cal- 
culations, it is more likely that the C vacancy concentration control the B 
diffusion. On the other hand, it may be possible that the B out-diffusion is 
somewhat related to the kick out mechanism [45] as the RBS data of C/B 
sequentially implanted samples indicate the creation of a Si-rich subsurface 
region. In summary, by implanting the electrically inactive C into the p-base 
region and/or epi-channel layer and/or the JFET region between the p-base 
regions, a B diffusion resistant region can be formed to match the ECFET 
design requirements. 
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Fig. 12. SIMS profile of implanted B in 471-SiC along the (0001) orientation show- 
ing a long diffusion tail after annealing at 1650° C for 30 min in Ar ambient 
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4 Application of MOS Based Power Devices 
in HEV Inverters 

MOS based SiC power switches, with their superior features compared with 
Si-based switches, can substantially improve the performance of hybrid elec- 
tric vehicle (HEV) inverter systems. Today’s most advanced electric vehicle 
still suffers from the insufficiency of the energy storage because of the limited 
battery capabilities. Compared to fuel tanks, they are inferior in terms of mo- 
bility at high costs. The commercial production of HEVs using a combination 
of electric motors and internal-combustion engines (ICE) for power-train be- 
came feasible. HEVs eliminate the limited mobility of electric vehicles. The 
various technical solutions for hybrid drive systems can be categorized into 
series and parallel hybrid system. In simplified terms, a series hybrid transfers 
the power electrically i.e., the electric power produced by an ICE-generator 
unit is transformed into mechanical power via electric drive motors. The par- 
allel hybrid transfers the power mechanically to the wheels. The power and 
torque of the ICE and electric motor can be added by running both at the 
same time. However, the potential to reduce emissions is greater for a series 
hybrid drive system than of a parallel hybrid. For the inverter of HEV trac- 
tion motor control system, vital requirements are compactness, light-weight, 
highly efficient, and high reliability. Existing HEV inverter systems generally 
use intelligent power modules in an attempt to achieve compact and effi- 
cient designs. One of the basic building blocks of power module is the half 
bridge pulse width modulation (PWM) circuit in which pairs IGBT switch 
and anti-parallel PiN FWD are connected in series in a Totem-pole configu- 
ration. For the IGBT power module (18-chips in 6-arms) of a rated voltage 
of 600 V and a rated current of 600 A, each chip is connected in parallel to 
each other for each phase arm. The IGBT power module contains within a 
package the protective functions against over-current, short-circuit, voltage 
drop, and overheat. Required characteristics for the IGBTs are low losses, 
high ruggedness, and easy drivability. However, there is a trade-off relation 
between the power loss and ruggedness. The controller produces gate-driving 
signal into each phase arm based on the PWM signal from the engine control 
unit (ECU). The performance of the inverter systems generally depends on 
the quality of its power chips. 

In these IGBT inverters, the circulating current flows through FWDs 
because these devices can’t conduct reversely. In this configuration, when 
the gate voltage turns the IGBT on, the PiN diode attempts to turn off. 
The PiN diode drift region is conductivity modulated by minority carrier 
injection, and there is a substantial minority charge storage that must be 
removed each time when the diode turns off. Therefore, the transient reverse 
current in the FWD adds to the motor current flowing through the IGBT, 
causing the collector current to overshoot. This high current flows while the 
collector voltage of the IGBT begins to fall, and the IGBT dissipates con- 
siderable instantaneous power. Therefore, the turn-on energy loss is given by 
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the integral of the current- voltage product during the overshoot spike. The 
turn-off losses are mainly dominated by the turn-off characteristics of bipolar 
Si-IGBT alone. The total switching loss can be roughly classified into two 
categories: (a) the conduction loss, determined mainly by the product of the 
voltage and current, when the element is turned-on, and (b) the switching 
loss, caused in the transient state of switching. When the carrier frequency 
reaches or exceeds 10 kHz, the switching loss accounts for nearly 50% of all 
the total inverter loss. The high switching losses lead to high heat dissipa- 
tion from the power switching devices. Therefore, to increase the efficiency 
and decrease the cost, weight, and volume of power inverter systems, it is 
important to reduce this heat dissipation. The higher destruction immunity 
is required for automobile applications. 600 V class (Current rating = 200 A) 
planar or trench Si-IGBTs and soft recovery PiN FWDs are being used in 
the existing inverter systems. FWDs soft recovery characteristics are desired 
in order to reduce the EMI noise occurring with IGBT switching operations. 
FWD power loss reduction is particularly important for HEV systems be- 
cause of the frequent regenerative operations and stall modes. To reduce 
these switching losses or heat dissipation, both software as well as hardware 
approaches are available. One of the hardware solutions is to use the unipolar 
SiC power switching devices. Majority carrier devices like the MOSFETs and 
JFETs offer extremely low switching power losses. Therefore, the application 
of SiC unipolar devices can drastically reduce both the conduction loss and 
the switching power dissipation of power inverter systems. The soft switch- 
ing characteristics also guarantee good electromagnetic compatibility (EMC) 
behavior. It is expected that SiC MOSFETs will replace the Si-IGBT for 
the future generation inverter system for medium class power applications 
in the blocking voltage range below 5 kV. The bipolar devices like IGBTs, 
and CTOs offer low forward voltage drops at high current densities but have 
higher switching losses than majority carrier devices. Since a built-in junction 
potential of SiC is higher than that of Si due to larger band gap, therefore 
bipolar power devices are attractive with a blocking voltage above 5 kV. 
There exists a design trade-off between the switching speed and the on-state 
voltage drop in a switching power device. There are also other considerations 
that may be of paramount importance for the circuit designer while making 
the choice of the switching device for a particular application viz., high tem- 
perature capability, radiation hardness, easy current control ability, simple 
protection under abnormal modes of operation, and operation-mode of device 
(normally-on or -off type). In addition, the high value of thermal conductivity 
for SiC allows dissipated heat to be readily extracted from the device. This, in 
turn, allows a corresponding increase in power to be applied to the device for 
a given junction temperature, while maintaining the power chip destruction 
immunity. The other advantages of using the SiC MOSFETs are their reverse 
conduction characteristics and the availability of internal pn body diode that 
can be used as a FWD to achieve a FWD-less inverter system. Figure 13 
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Fig. 13. A comparison of existing Si-IGBT power module basic half-bridge circuit 
with the possible SiC unipolar device based power modules 



shows a comparison of existing Si-IGBT power module configuration with 
the SiC power modules. The SiC module type-1 utilizes the Schottky FWD, 
while module type-2 is using the internal pn diode and reverse conduction 
mechanism. The SiC power devices will reduce the conduction losses and the 
switching losses drastically by 1~2 order of magnitudes depending on the 
applications. These features allow the construction of power module using 
fewer power device chips e.g., three Si-IGBT chips in each phase arm can be 
replaced by a single SiC unipolar MOSFET chip. The FWD-less SiC power 
module will further helps in the downsizing of inverter system. Cost reduction 
is one of the most important problems to overcome for the popularization 
of HEV vehicles. The SiC unipolar power devices have various advantages 
compared with Si-IGBT, provided the following issues that are limiting the 
wide-spread use would find the reasonable solutions. Some of these key issues 
are (a) size of the SiC wafer and low processing yield because of high density 
of defects, (b) high cost and limited availability of SiC power devices, and (c) 
unavailability of high-temperature packaging technology. 
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5 Conclusions 

Accumulation-mode ECFET design concept that is particularly applicable to 
wide band gap SiC and the device processing technologies that face the hard 
challenges for high power switching applications have been reviewed. The 
challenges for power device development beginning from SiC wafer quality to 
key device processes of thermal oxidation and ion-implantation are also dis- 
cussed. The outstanding material issue demands the reduction in the /r-pipe 
defects and the dislocation density to allow higher yields and larger devices 
to become practical. We demonstrated that the degradation phenomenon of 
bipolar devices is strongly related to the SiC structural crystal defects of the 
starting material. Si02/SiC MOS interface fabrication process calls for the 
novel innovations to improve the MOS interface quality. The Z?nit close to 
the conduction band edge remains high in the range of ~ 10^^ eV“^cm“^. 
The near interface traps in Si02 were observed below the conduction band 
edge that severely degrade the channel mobility. High temperature nitric ox- 
ide annealing techniques have shown reduction in the I?nit values as well 
as improvement in the MOSFET channel mobility. We found that C/B se- 
quential implantation process can control the B transit enhanced diffusion. 
This vital process can match the design requirements, especially for the high 
blocking voltage power device design. Finally, the applicability of ideal SiC 
switches in HEV propulsion application is reviewed. These systems with SiC 
power devices have the qualities of being more compact, lighter, and efficient. 
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Development of SiC Devices 

for Microwave and RF Power Amplifiers 

E. Morvan, A. Kerlain, C. Dua, and C. Brylinski 



1 Introduction: At the End of the Feasibility Period 

1.1 RF and Microwave Power: Switching vs. Analog 

RF and microwave power is a specific world in the universe of electronics. For 
a given power level, the frequency spectrum is divided in two territories: the 
digital lowland and the analog highland. On the low frequency side, digital 
electronics is installed, seemingly for ever. The primary power signal is made 
of short pulses with variable duration and/or amplitude. Passive filters re- 
ject the higher parasitic harmonics. In contrast, the high frequency side still 
belongs to analog electronics, a world of high complexity, a world in which 
electronics is still to some extent an art, and not yet a science. 

Let’s take the example of radio and TV transmitters, systems in which 
power is measured in kilowatts. Up to 1 MHz, they actually operate in a 
switching mode using silicon switching transistors. Solid state switching so- 
lutions are available for power levels up to almost one Megawatt. Switching 
modules and electric lines are the main visible elements. At higher frequency, 
the shape and the content of the electronics is changed. Heat sinks, fans and 
cooling pipes dominate the landscape. Rise and fall transition delays and 
the related heat dissipation are stressing the system architecture. Heat starts 
to appear as a major threat and concern. Very few kinds of active compo- 
nents can achieve the job: vacuum grid tubes for the higher power levels, over 
10 kW, and solid state analog transistors for the lower power amplifiers. 

Of course, the high frequency limit of switching power electronics is con- 
tinuously pushed upwards by the progress of solid state devices. However, 
for the past ten years, some kind of saturation has been observed. The next 
revolution will happen through the use of wide bandgap semiconductors. 
Electrically speaking, the figure of merit in this area is that of Baliga, a 
few hundred times higher for the wide bandgap materials and devices. Since 
switching electronics has high energy conversion efficiency, heat is not the 
major issue and thermal management will not set the limit. The new semi- 
conductors can actually bring a steep increase of performance by one or two 
orders of magnitude. However, the wide band gap revolution for switching 
transistors has not yet happened. A few reasons can be found for the de- 
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lay. First, the switching devices are big devices driving large currents. They 
require large chip area and substrates with low defect density. 

Second, the MOS structures on SiC still do not work fast enough. Finally, 
bipolar transistors have not yet been developed; significant research on them 
has only started a few years ago. Today, the wide bandgap devices are absent 
in the area they would bring the most tremendous change. The RF switching 
market is rather small, but the RF switching device specifications are not 
far away from that of the huge industry of high frequency switching power 
supplies. We are confident that wide bandgap transitors will be developped 
for switching power supplies and then applied to RF switching amplifers, 
probably by 2010-2015. 

1.2 Wide Bandgap Semiconductors for Analog RF Power 
Applications: The Challenge of Thermal Management 

The area in which SiC and GaN devices are emerging is that of the analog 
RF power amplifiers. The relevant electrical figure of merit is that of John- 
son [1], the value of which is again hundred times higher for the wide bandgap 
semiconductors as compared to Si or GaAs based semiconductors. 

Analog power amplifiers are circuits based on devices for which switching 
times from ON and OFF state and back are not significantly less than the 
signal period. The devices permanently operate in a “lag” regime that is 
considered as transition for switching devices. In this regime, there is a period 
of the electrical cycle for which there is simultaneous presence of both voltage 
and current in the device. As a consequence, part of the energy from the 
power supply is dissipated as heat, often half or more. The heat power level 
is comparable to the RF power delivered to the load. It has to be evacuated. 
Here lies a major challenge. SiG or GaN are electrically 100 times or more 
better than silicon, but, for the thermal conductivity, SiG is only 3 times 
better, and the present hetero-epitaxial GaN is comparable to silicon. 

For the present SiG devices, such as MESFETs and SITs, the dissipated 
heat density is at least twice that for silicon devices [2] . For GaN it is further 
twice higher and it will be even more in the future. There is a chance to 
manage the heat problem for SiG devices with the classical thermal man- 
agement technology, but for the full exploitation of GaN, and later of AIN, 
diamond, BN based devices, it is expected that the development of a new 
technology for more efficient heat transport will be mandatory. For many 
years, the US defense agencies have understood the importance of thermal 
management and today, they support several projects aimed at providing this 
kind of breakthrough. 

Thermal management can be complicated because of the specific hard- 
ware it requires. It often involves “dirty technology” such as liquids, gases, 
or mixed fluids, and a whole set of mechanical pipes, seals, vents, valves to- 
gether with awkward thermo-mechanical design optimization. This side of 
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the development is not usually considered as the “noble” side. Nevertheless, 
it can be expected to account for the major part of the actual business value 
in future systems. 

1.3 The Small World of Analog Microwave Power 

“Cleaner” hardware is required for the design of microwave power amplifiers. 
Built around the power transistors, such an amplifier includes passive input 
and output circuits, which are assemblies of lines and localized passive ele- 
ments. The core of the effort for the designer can be described as “impedance 
matching” . The impedance levels of the load and the source are dictated by 
the application. Those required by the transistor on input and output are 
measured by “Load - Pull” and “Source - Pull” techniques. The designer 
has to provide networks which will “transform” each of the source and the 
load impedance values into the optimum impedance required by the tran- 
sistor. This transformation must be realized over the whole frequency range 
of operation, sometimes including harmonics in order to get maximum en- 
ergy conversion efficiency. Additionally, the amplifier must be stable over the 
whole spectrum. A heavy batch of constraints. 



1.3.1 RF Power Designer’s Obsession: The Impedance Issue 

The impedance issue is the obsession of the microwave amplifier designer. 
Let us consider how it affects the design of the power stage of a typical 
base station for mobile communications. Around year 2000, the base stations 
are working around 1 or 2 GHz. The typical power requirement is 100 watt 
according to the base stations urban density. For building the power amplifier, 
the designer has very little choice in terms of devices. Although GaAs FET 
and HBT are proposed as alternative solutions, silicon LD-MOS has been 
retained by most of the system manufacturers, at least in Europe. 

No commercial LD-MOS product could be operated safely at more than 
28-32 V drain voltage bias. Those who have tried to operate a few volts over 
the specs sheet limit have experienced a dramatic reduction of the device 
lifetime, by about one order of magnitude. This lifetime issue has even led 
to industrial breakdown of one of the major device manufacturers, due to 
reliability problems. 

In order to get 100 W RF power at 30 V bias supply supposing 40% 
efficiency, a good figure, the real part of the impedance to be set at the 
intrinsic transistor outlet is ideally 5 ohms, it is actually around 1 Ohm, due 
to the reactive part of the transistor admittance. This is a major problem, 
since the impedance of antennas and access lines cannot be moved away from 
50 ohms by more than a factor 2. 

By applying their art and science, the microwave power designers have 
been able to cope with the existing devices and build amplifiers good enough 
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for the first and second generations of mobile communications. They have 
found their ways to get together: high power, high gain, the required band- 
width without too much distortion, good enough linearity, and stability over 
the whole spectrum. However, they often have failed to get good efficiency 
and they have had to implement device pre-matching in the transistor case. 
As a result, one packaged device generally offers very limited bandwidth. A 
typical 1 GHz catalogue transistor offers poor performance at 900 MHz. 



1.3.2 New Standards Bring Next Challenge: 

The Wide Band Gap Opportunity 

Meeting all these amplifier specifications together has been a real challenge 
for the GSM standard. It has become a nightmare for the next generation 
of modulation standards. With the new signal modulation modes, constraint 
on linearity has become a hundred times more stringent. 

With higher voltage handling and higher output impedance, impedance 
matching becomes considerably simpler. A wide bandgap transistor is to be 
considered as a piece of paradise by all microwave power designers. To them, 
at the end of years 1980s, we, the wide bandgap semiconductor community, 
have promised this paradise. It took us more than 10 years to demonstrate on 
real experimental devices and circuits the existence of the high voltage and 
high impedance capability we had initially promised [3, 4]. The SiG Schottky 
gated FET devices (SIT and Mesfet) have been the first wide bandgap tran- 
sistors available as prototypes for trying to make prototype amplifiers. The 
use of SIT has been restricted so far to one company and its customers. SiG 
Mesfet power devices have been available so far at two places or more in the 
USA, and at least in one place in Europe. 

1.4 Troubles with Traps: The Importance 
of Getting “Clean” Material 

Indeed, what RF power amplifier designers do not like is a device which 
breaks too easily. And what they really hate is a device the properties of 
which are not stable with time or vary with bias history. 

Even the first SiG devices have been rather robust as compared to early 
silicon or GaAs ones. Unfortunately, the early SiG Mesfet devices on semi- 
insulating substrates were very unstable. The qualitative explanation is sim- 
ple. In wide bandgap semiconductors, the deep levels induced by metals or 
defects or interface states have higher energy and much longer charging and 
discharging time constants, orders of magnitude longer. The same kind of 
deep levels which generate temporary effects in the millisecond range or less 
in silicon or GaAs, produces effects in the range from minutes to weeks in 
the case of wide bandgap materials, precisely the worst possible time-scale 
range for microwave power designers. Furthermore, the new devices operate 
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Fig. 1. 19.2 mm Thales SiC UHF MESFET prototype provides P{ldB) = 51 W 
RF output power (2.65 W/mm) at 500 MHz for Fds = 70 V 



with very large voltage sweep. This large voltage makes it possible for a small 
but significant part of the electron population to get enough energy to reach 
almost any trap present in the device structure. 

Consequently, wide bandgap RF power device technology requires “clean” 
material and interface structures in terms of traps, even cleaner than for 
previous materials. Regrettably, in the starting period, not any new material 
is clean, there are plenty of traps everywhere. At Thales we have obtained our 
first 30 W stable power SiC MESFET devices only in the year 2001, reaching 
50 W CW in year 2002 (see Fig. 1). At the beginning of year 2003, stable 
III-N compounds based devices have still to be demonstrated. At present, 
III-N compouds layers are made by hetero-epitaxy with very high mismatch. 

They contain many crystal defects which can induce traps. And passiva- 
tion too is far from perfect. Reducing the trap density in III-N devices is still 
a major challenge for the years 2000-2010. 

1.5 Approaching the Market 

Now, the feasibility of a first wide bandgap RF power technology has been es- 
tablished. The present Thales 50 W SiC Mesfet prototype exhibits a 40 ohms 
input and output optimum impedance (both imaginary and real part) in 
UHF (500 MHz) without any pre-matching in the package, only simple wire 
bonding without any special optimization. Such packaged devices have been 
successfully operated and measured from 1 MHz up to 2 GHz. We have also 
measured real part of output impedance around 25 ohms on a 50 W tran- 
sistor working at 1.5 GHz with 50 V bias. Future devices from more mature 
technology are expected to deliver RF power over 100 W CW with output 
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impedance close to the 50 ohm ideal. In a few places in the world, including 
ours, good amplifiers have now been demonstrated with performance level 
never achieved before with silicon devices. As an example, at Thales, for a 
very wide band RF to UHF amplifier prototype for military communications, 
we can now reproducibly achieve power levels over 60 W over the whole band, 
while 5 W has been the maximum power ever obtained with silicon devices. 

The whole community of solid state RF and microwave power is con- 
vinced that wide bandgap semiconductors are the right materials for the 
applications requiring the top possible performance. There is no more doubt. 
Wide bandgap RF and microwave power semiconductor devices will appear 
on the market. The main issues are time and cost. 



2 Key Issues on the Way 

to SiC RF Power Device Industry 

2.1 Device Topology 

It is noticeable that none of the popular device structures for silicon has found 
its way so far for silicon carbide. No SiC MOS has achieved high frequency 
power operation [5]. Device development on Bipolar Junction Transistor has 
just started recently in the USA [6], and in Sweden. It could have been started 
before, but it requires a high degree of control on the epitaxy. 



2.1.1 Missing the MOS 

Great initial enthusiasm was born from the fact that silicon carbide can 
be oxidized in a way somewhat similar to silicon, creating a silicon dioxide 
layer with good insulating properties. The disappointment came from the low 
electron mobility in the inversion layer. To date, it is still at least 5 times lower 
than on silicon MOS [7, 8]. On standard (0001) Si-face 4i7 substrate surface, 
it is often much lower. The result is that no RF or microwave SiC MOS 
transistor has been demonstrated yet. Terrible oxide reliability problems are 
also predicted if the mobility problem could be solved, in relation with the 
very high field in SiC transistors [9]. It is already very difficult to master 
the oxide reliability problem for 50 V silicon LD-MOS. It seems that nobody 
knows how it can be solved for a 100 V SiC transistor. 



2.1.2 Vertical Structures Static Induction Transistor (SIT) 
and Bipolar Junction Transistor (BJT) 

Probably the most successful SiC transistor structure today is the Static 
Induction Transistor (SIT) [10, 11], with kW power achieved in pulse regime 
from UHF to L-band, and several hundred watts in CW operation. The SIT 
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device structure had never really found its way on the silicon device market, 
despite of repeated attempts, especially in Japan. It seems that the RF power 
SiC SIT is being developed exclusively for some defense applications and not 
aiming at any open commercial activity at the device level. The BJT devices 
can be seen as possible competitors to SIT, with the advantage of simpler 
process but with the drawback of lower input impedance, and also the need 
of excellent control on the epitaxial material and the etching process. The 
process of optimal vertical RF power devices is difficult. There are many 
problems arising from the trench configuration: (1) the ohmic contacts on 
the top of narrow trenches, (2) the gate contacts on the side or at the bottom 
of the trenches, (3) passivation and peripheral protection on the trench edges, 
in combination with (4) planarisation for interconnect. 

It is even more difficult to make high voltage vertical devices with anode 
electrode (or drain, or collector) on top. In this configuration, the high volt- 
age between drain and gate enhances the problems related to passivation, 
peripheral protection, and interconnect. We have seen so far no publication 
on such device configuration, although it would be the simplest for device 
packaging and thermal management. In all the published realizations of ver- 
tical SiC devices, the anode electrode is down and connected to a conductive 
N+ substrate. 

2.1.3 HBT Early Attempts 

Early attempts to make GaN/SiC Heteroj unction Bipolar Transistors at As- 
tralux, Thomson-CSF (now Thales), and The Royal Institute of Technology 
(Sweden) have not led to any viable RF power demonstration. The GaN/SiC 
heterojunctions measured so far exhibit a strange behavior, somewhat similar 
to the old results on GaAs/Ge. In most cases, the bipolar transistors have a 
current gain far below unity. Early better results could not be reproduced [12]. 



2.1.4 The Dream of Heteroj unctions Between SiC Poly types 

Using heterojunction between polytypes to make some kind of HEMT device 
is still a dream. Quasi valence band alignment is predicted by almost all 
theoreticians, potentially leading to very high conduction band offset, 0.5 to 
1 eV, ideal for HEMT structures, higher than for any heterojunction on GaAs 
substrate. The problem is that the material is extremely difficult to fabricate. 
Some people at Jena University, NASA, and also at Gornell have managed to 
demonstrate 3C/6il heteroj unction on 6F[ substrate, but no heteroj unction 
transistor has been shown. One reason is that the useful heterojunction for 
HEMTs would be the “reverse” heterostructure made of 6H or 4iJ layer on 
3C substrate, never obtained so far. 
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2.1.5 SiC MESFET 

The SiC MESFET is probably the simplest structure which can be proposed 
for SiC microwave power devices. Indeed, transistor-like characteristics can 
be obtained on simple test devices fabricated with only 4 lithography steps 
using the geometry of any good old GaAs MESFET and some basic process 
adaptation to SiC material. This is one reason why SiC MESFET has been 
chosen for the first demonstrations of wide bandgap microwave devices. 

On the other hand, for making large power RF and microwave devices, 
fully exploiting the capability of the wide bandgap material and fulfilling the 
tough requirements of the device consumers, the work is as hard as for any 
other kind of sophisticated device [13, 20]. 

2.2 The Substrate Issue 

The SiC material in use today is expensive, and the substrates are too small 
for being used in existing foundries of silicon or GaAs RF and microwave 
products [21]. The SiC crystal still contains a high density of structural de- 
fects. In addition, there are only one or two sources in the world for the 
preferred kind of material: semi-insulating SiC. However, some competition 
has started to appear. As a result, the purity of the material available on the 
market has improved dramatically. Still, the price has not decreased, staying 
around 4000 $EUR for one piece, two inch diameter. Two reasons for the 
high price. One is the low fabrication yield of the sublimation technique used 
today for growing the semi-insulating crystals. This may change soon. High 
Temperature-Chemical Vapor Deposition (HT-CVD) growth techniques are 
expected to provide higher yield. The other reason comes from a starting 
market issue: “egg and chicken”. For the present substrate price range, the 
customer basis is very narrow. A small decrease on the price is not expected 
to result in any substantial increase on the volume. Most of the device man- 
ufacturing units and the future customers are not ready yet to use the new 
substrates. Only a big change on the substrates can break the circle. This 
can only be achieved by incentive coming from applications with high added 
value. Military market can be one type. National programs on advanced tech- 
nology is another possible way. Investment from the high added value product 
manufacturers is a third possibility. All those are presently at work for SiC 
in different places in the world. We expect the critical mass to be gathered 
before year 2005. 

2.2.1 Polytype 

No good quality and large substrates are available in cubic 3C, 15i? or other 
rhombohedral polytypes. It seems that nobody has ever succeeded in growing 
any kind of 2il-SiC crystal with size over a few mm. Up to now, the only SiC 
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material polytypes that can be used for RF power device development are 
a>H and AH. For SiC MESFETs, as for the “vertical” devices such as Bipolar 
Junction Transistor (BJT) or Static Induction Transistor (SIT), the use of QH 
results in lower RF power gain devices as compared to AH . The AH poly type 
is therefore needed, although good 3C would be welcome if it was to become 
available one day. Eor III-N HEMTs, no difference has been identified on 
the basic device performance between AH and QH substrates. It seems that 
people can use both. The actual choice is more based on other criteria such 
as substrate diameter, availability, cost, and crystal defect density. 



2.2.2 Orientation and Surface Polarity 

All the SiC RF power devices demonstrated so far have been fabricated on 
the Si face of AH (0001) substrate. It seems that going to C-face would only 
provide additional problems, and no improvement. Polishing is more difficult, 
the surface has more microscopic defects, epitaxy also is more difficult, es- 
pecially doping. Eor optimum epitaxy, the substrate surface is mis-oriented, 
typically by 8° for AH polytype. This high angle should decrease as the crys- 
tal quality improves, to reach probably around 2° or even less, as for the most 
of the III-V or silicon misoriented substrates in use today. 

2.2.3 Electrical Conductivity 

Doped substrates are used for vertical devices. N+ is preferred, because of 
the n-type channel of the device, a choice resulting from the higher mobility 
of electrons as compared to holes. Eor lateral devices, electrically isolating 
substrate is preferred. A key advantage for SiC is that it can be made semi- 
insulating by incorporating deep centers in the crystal lattice, as for GaAs 
and InP. 

2.2.4 SiC Semi-Insulating Substrates (Sl-SiC) 

SiC Semi-Insulating Substrates (Sl-SiC) are surely today the best kind of 
substrates available for making RF and microwave power devices. STSiC 
offers high thermal conductivity, around 4 W/K.cm and very high electrical 
resistivity, typically over 10 Cn.cm at 300 K and 1 Mfl.cm at 500 K. Only 
diamond substrates will be better, but today they are still small and much 
too expensive. Today, there exist three kinds of AH semi-insulating substrates 
available on the market. The oldest is PVT grown and vanadium doped, 
with [V] between the low 10^® and the mid 10^^ cm“®. The two others are 
“vanadium free”, PVT or HT-CVD grown, with [V] much below 10^® cm“®. 
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2.2.5 Vanadium Doped Sl-SiC 

Vanadium is known to create both a deep donor level and a deep acceptor 
level in AH and 6iJ-SiC crystals, with the deep donor level located below the 
deep acceptor. It has therefore the unique capability to confer semi-insulating 
properties to both p-type and n-type SiC, whatever AH or 6H polytype [22]. 

For SiC without intentional doping, the main impurity limiting the resid- 
ual doping level is the nitrogen donor. It seems that the following approach 
has been used for making the vanadium doped Sl-SiC crystals from which the 
commercial V-doped SI substrates are extracted: (1) aluminum is added with 
quantity adjusted in such a way that the average Al shallow acceptor density 
compensates the average shallow nitrogen donor density as exactly as possi- 
ble, (2) vanadium is added in density large enough so that it can compensate 
for the largest difference between nitrogen density and aluminum density in 
the whole volume of the useful crystal. Since none of the impurities has any 
kind of uniform distribution in the crystal, the peak density of vanadium in 
some places of a V-doped semi-insulating substrate today can be very high 
(from low to high 10^^ cm“^). 

This approach is very clever. The problem for SiC MESFET is that the 
starting nitrogen residual level for PVT grown SiC crystal is usually around 
10^^ cm“^. Therefore, the minimum average vanadium density required in 
the crystal is in the range from mid 10^® cm“^ to mid 10^^ cm“^, about the 
same range as the doping level of active layer in almost all the SiC MESFET 
transistors developed today. Since each vanadium element in excess can act 
as a trapping center, the SiC MESFET devices made on such V-doped PVT 
grown material generally exhibit strong trapping effects leading to DC and 
RF instability, and lower efficiency in RF power regime. On such substrates, 
we do not know any European research group that has ever obtained SiC 
MESFET which could be used to build amplifiers with any kind of stable 
performance. The amplifier prototypes we have built at Thales from such de- 
vices on such substrates had very short lifetime (a few minutes) due to drift 
of the device characteristics. The failure was partly reversible under light, 
and/or long rest (days to weeks) and/or elevated temperature storage (typi- 
cally 300°C - 1 hour). However, the behavior depends on epitaxial structure. 
None of the 6 types of buffer (undoped, n“, rC , P+, p, p“, thicker or thin- 
ner, some of them in combination), obtained from 4 different epitaxy sources 
could ever solve the stability problem we have met using commercial V-doped 
substrates for SiC MESFET power devices. 

Moreover, it seems that the vanadium solubility limit is low, typically 
in the E16 cm“^ range, and that high density of vanadium results in the 
creation of vanadium-rich precipitates or aggregates. 

For III-N HEMT transistors, it is still not clear whether the deep level 
density in the substrate has significant importance. There are still too many 
other possible sources of trapping effect which can mask the effect of the 
substrate. Traps can originate from passivation, buffer layer, cladding layer. 
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structural defects. Also, since the channel carrier density is very high, around 
10^^ cm“^, it is more difficult for trapped charges to deplete the channel. The 
heterojunctions in the epitaxial buffer can also make it difficult for electrons 
to be injected into the substrate. 

4iJ polytype off-axis (for SiC MESFET) and on-axis (for III-N HEMTs 
epitaxy) vanadium doped SI-SIC substrates are commercially available from 
Cree in the USA. A few other suppliers like Sixxon and possibly Sterling and 
Okmetic may be sampling 6H on-axis material soon. 

In conclusion, we believe vanadium has not necessarily to be prohibited 
as a deep level for the doping of semi-insulating SiC material. The problem 
is most probably quantitative, not qualitative. The vanadium density should 
simply stay much below the doping density in the active layer of the device. 
Typically, for the SiC MESFET devices under development today, that have 
channel doping density in the low to medium 10^^ cm“^, vanadium density 
should be kept well below 10^® cm“®. 

2.2.6 High Purity Sl-SiC Substrates from PVT Grown Crystals 

According to the literature [23, 24], it seems that the Westinghouse semi- 
insulating material has reached rapidly high purity and low vanadium doping 
level, in such a way that Westinghouse probably never met on their substrates 
the problems we have encountered on the highly V-doped substrates [25]. 
Therefore, in the USA, it is almost sure that pure Sl-SiC has been available 
in limited quantity since 1995 as a result of the Westinghouse SiC research 
activity, transferred later into the Northrop Grumman group, and seemingly 
to the “Litton Airtron” and “II- VI” companies. The material resulting from 
this work has not reached the open market so far. A new quality of PVT 
grown substrates called “Vanadium Free High Purity Semi-Insulating” is now 
commercially available [26] . Only Cree has published the results of extensive 
tests on this material [20] . The Cree results show impressive improvements of 
MESFET performance in terms of energy conversion efficiency. A few other 
groups are presently testing this new material. 

Initial commercial samples had nitrogen density in the mid 10^® cm“®, 
only about twice as low as the usual vanadium doped substrates. This is 
still rather high value and it brings a risk. The crystal may contain a too 
high density of deep levels for most MESFET structures to deliver optimum 
performance. 

2.2.7 High Purity Sl-SiC Substrates 
from HT-CVD Grown Crystals 

The first Sl-SiC substrates made from HT-CVD grown crystals were demon- 
strated in the year 2000 from the work of the Swedish groups at Linkoping. 
The use of High- Temperature Chemical Vapor Deposition technique (HT- 
CVD) allows to achieve very low residual density for almost all impurities. 
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Therefore, a low density of deep levels in the crystal is sufficient to get the 
semi-insulating properties. Those substrates have allowed us to demonstrate 
devices stable enough for building a prototype for RF to L band amplifier 
at Thales Com. 

The amplifier performance has stayed unchanged upon the whole test 
duration, typically 10 to 20 hours, which has never been obtained using com- 
mercial vanadium doped substrates. 

2.2.8 Structural Crystal Quality of SiC Substrates 

More than ten years after the first release of commercial SiC substrates (6if 
N’*', PVT grown, one inch diameter), the quality has improved considerably 
[27], but it is still far from the level required for RF power device manufac- 
turing with acceptable yield. The optical image obtained by transmission of 
polarized light through Sl-SiC substrates, reveals many sub-structures even 
in the best SI SiC substrates accessible on the open market, with evidence 
that the crystal is not uniform at the macroscopic level. 

X-ray diffraction on a 1 mm^ round spot reveals several peaks at almost 
every place on the substrate surface. This is the sign of persistent mosaicity, 
related to the presence of domains or grains with small but significant mis- 
orientation from one to the neighbors [28]. The mosaicity on SI substrates 
seems to be much worse as compared to N+ substrates. Probably the growth 
conditions for SI crystals have to be different, away from the optimum con- 
ditions for getting the best crystal quality. At the border between domains, 
dislocations appear, and also micropipes. 

It also seems that the diameter-increasing crystal growth process, neces- 
sary for the substrate manufacturer to maintain or enlarge the crystal diame- 
ter from one growth run to the next one, is deleterious to the crystal quality. 
It induces high strain resulting in crystal relaxation through the creation of 
extended defects. 

The quality improvement process for SI crystals started a long time ago. 
Looking at the present results and the relative stagnation, we believe that 
some special effort should be devoted by the manufacturers to improve the 
crystal quality. There will be no large expansion of SiC device market as 
long as the crystal quality remains at the present level. We will insist again 
on this aspect at the end of this chapter. Approaching substrate customer 
satisfaction and the opening of new markets will require larger substrates, 
larger defect-free zones, and higher process yield. 

2.2.9 Homo-Epitaxy 

The epitaxy of the SiC and III-N compounds has been dramatically improved, 
and the main phenomena understood [29] . Uniform epitaxy of both 4i7-SiC 
and III-N compounds has become a reality. Multi-wafer epitaxy reactors for 
both can be found on the market for substrate diameter up to 100 mm 
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2.3 Schottky Contacts for SiC Mesfet Gate 

The quality of the Schottky barrier is one of the most important issue for the 
performance and reliability of SiC MESFET devices, as it is for MESFETs on 
other materials, including all kind of HEMT devices. The role of this barrier 
is to prevent electron flooding from the gate into the drift region of the device 
towards the drain. The state of the art of making Schottky contact and the 
state of the understanding of the Schottky contacts on SiC are now as good 
as on any other semiconductor possibly including silicon [30, 31]. 

It is, however, still very poor on most III-N compounds, including GaN. 
For the realization of MESFETs, the highest possible barrier height seems to 
be the preferable, simply because a higher barrier height brings a lower gate 
leakage current, and also a higher breakdown voltage through the shift of the 
impact ionization threshold field. In normal device operation, MESFET gate 
contacts operate very seldom in the direct regime. The on-state voltage is not 
an issue as it is for the Schottky rectifiers, for which lower Schottky barrier 
height may be preferred. 



2.3.1 Surface Preparation 

Efficient cleaning of the surface is necessary prior to metallisation. In princi- 
ple, cleaning is easier for SiC than it is for almost all the other semiconductors, 
since SiC can accept any kind of chemical cleaning. It has now been checked 
that the classical cleaning procedures in use for silicon, such as CARO and 
RCA procedures, can be successfully used for the cleaning of virgin SiC sur- 
face. However, the choice for chemical is completely free only if the cleaning 
step happens at the very beginning of the process. If metal or insulator has 
already been deposited before, some limitations appear. This is the case for 
the usual fabrication processes. We will not enter in depth into the descrip- 
tion of all the possible gate process schedules, but we will emphasize two 
key issue for the Schottky gates of MESFET transistors. One is related to 
ohmic contacts processing, and the other to the lift-off processing technique 
generally used for gate patterning. 

In principle, the ohmic contact can be realized before or after the gates. 
The standard way to process those contacts involves annealing of the nickel 
metal around 950° C for a few minutes. If tungsten is chosen, the temperature 
is even higher, around 1300°C [30]. 

Therefore, if the ohmic contact are realized before the gates, the sur- 
face cleaning process prior to gate metallization must preserve ohmic contact 
metal, which is often nickel silicide. This discards the use of many aggres- 
sive chemicals. This also brings a risk for pollution of the surface by nickel 
compounds before gate metal deposition. 

On the other hand, if the gates are realized before, the gate Schottky con- 
tact, and the whole gate metal stack, have to withstand the 950° C anneal of 
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the ohmic contacts. This requires the use of refractory metals for the Schot- 
tky contact metal and the whole metal stack, including very efficient metal 
diffusion barrier layer between the Schottky contact metal and the highly 
conductive top metal layer, often gold or even copper. This generally brings 
too many constraints. In practice, ohmic contacts are actually realized before 
the gates and the cleaning procedure before gate contact must accomodate 
with the presence of nickel on the wafer. 

In the lift-off process, often used for gate patterning, resist is deposited on 
the whole wafer, exposed, and locally dissolved inside the patterns defining 
the metal deposition zones. Therefore, most of the SiC surface is covered by 
resist polymer during the gate Schottky metal evaporation. In consequence, 
the chemical treatment prior to evaporation must preserve the resist. Many 
classical chemicals for cleaning silicon surface cannot be used, especially those 
designed to eliminate organic molecules. Only soft cleaning and some plasma 
or ion gun cleaning/etching can be applied because resist is present on the 
wafer. 

This is probably the main explanation why the Schottky contact quality 
on processed MESFET wafers is generally lower as compared to Schottky 
contact on test diodes made on test wafer. The cleaning is not as good, and 
the metal is evaporated, and not sputtered. In silicon and 111-V technology, 
sputtering of metal is known to yield better contact as compared to metal 
evaporation. 

2.3.2 Choice of Metal 

Many different metals provide good Schottky barrier behavior on SiC. One 
family of metals which seem especially suited for Schottky contact on SiC is 
that of the nine “most classical refractory” chemical elements of the columns 
IVb, Vb, VIb of the periodic table. At least the following metals have been 
tested : Ti, Hf, Ta, Cr, Mo, W and it is almost sure that the three other Zr, V, 
Nb could also be used successfully. All the nine metals also form both metallic 
silicides and carbides. There seems to be a general trend for Schottky barrier 
height. The carbides would yield barrier height higher than the silicides. We 
have checked this trend for TiC and studies on WC can be found in the 
literature. The same metals also form nitrides and borides. The nitrides we 
have tested yield barrier height lower than the pure metal, but higher than 
the silicide. We have checked the case of TiN and WNx (x around 0.15) [32]. 
The borides may give higher barrier height than the pure metals, but very 
few have been tested so far as Schottky contacts on SiC. 

Other metals could also be used. Platinum could be a good candidate, but 
its evaporation results in highly strained layer. Iridium and Osmium could be 
good candidates too, but they are really exotic for most process lines. Nickel 
yields high barrier height just after deposition. However, at high temperature 
it attacks SiC to form Ni 2 Si silicide ohmic contact. It forms no carbide that 
would stop the reaction process. Therefore, nickel gates are suspected as 
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possible troublemakers for the reliability of SiC MESFETs and they are not 
used for this purpose. Palladium, gold, and silver may cause the same kind of 
troubles. Additionally, it seems that gold does not stick well on SiC surface. 

2.3.3 Thermal Stability 

For most of the nine classical refractory pure metals, the Schottky behav- 
ior of the contact is probably maintained even after thermal annealing in 
clean atmosphere (primary 1 mtorr vacuum in our case) at temperature over 
1000°C. We have checked that it works for W, Ti (protected with TiN), Mo, 
and TiW. 

Most of the nine metals are sensitive to oxidation. They can be protected 
by a layer made of nitride or carbide of the same metal. When the metal 
is deposited by sputtering, the nitride is easily obtained by adding nitrogen 
into the plasma. However, when heated at high temperature without protec- 
tive atmosphere, the metal nitride tends to dissociate and form a layer of 
the pure metal. For TiN, nitrogen evaporates after a few minutes at 800°C 
under vacuum, for TaN, at 600°C, and for WN, around 1000°C. Carbides are 
extremely stable. 

The upper temperature limit of the SiC/metal carbide systems seem to 
be even higher than that for pure metal on SiC. 

2.3.4 Barrier Height of “Pure Metals” 

The barrier height of pure metals is variable. It is generally around 1 eV 
on 4i7-SiC. It depends on the metal work function and on the chemistry 
of one or a few atomic layers at the interface between the metal and the 
semiconductor. Depending on the surface preparation, the metal atoms may 
bond with silicon or with carbon, or both. The barrier height will depend on 
the proportion. This proportion can change after thermal treatment. Gener- 
ally, the carbides have higher bonding energy as compared to the silicides. 
For titanium contacts, barrier height between 0.75 and 1.25 eV can be ac- 
tually obtained, just by changing the surface preparation. On diodes with 
areas around 0.01 mm^, the behavior of the diodes in direct regime is nearly 
perfectly described using thermo-ionic model with 2 nm interfacial layer. In 
reverse mode, at low electric field, the model also applies when corrections 
are applied for barrier lowering through image effect [33]. 

2.3.5 Metallisation Process 

For diodes, sputtering metallisation process is generally preferred to evapo- 
ration, as it is for silicon technology. It is considered to yield better bonding 
of metal onto SiC. It also allows simpler manipulation of the wafers. 

For transistors, the realization of short gates is simpler using lift-off pro- 
cess. As we already pointed out, lift-off with fine geometry is generally not 
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possible using classical sputtering tools for metallisation, since the energetic 
ions present in the plasma deteriorate the mask resist. Therefore, when lift-off 
is applied, evaporation metallisation process has to be used. The evaporation 
of refractory metals is difficult, even using e-beam surface heating, because 
of the very high temperature needed to get high enough deposition rate. This 
brings limitation to the actual choice of metals available for fabricating the 
gate Schottky contact of SiC MESFETs. 

Ti, Nb, Cr, Mo can be evaporated using “normal” machines from the 
silicon industry. Silicide layers can be obtained after annealing of multilayer 
deposition of metal and silicium with the right thickness ratio for optimum 
silicide stoichiometry. However, the silicide option is generally not chosen 
because it tends to yield lower barrier height. 

2.3.6 In-Situ Surface Cleaning 

In a sputtering machine, it is easy to clean the surface prior to metallisation by 
ion etching using a temporary reverse of the electric field. In an evaporation 
machine, a separate ion gun has to be used. It generally provides argon ions 
with energy from a few ten eV up to a few hundred eV. We never could get 
good Schottky contact behavior from evaporated metal without in-situ ion 
gun etching prior to gate metal deposition. 

2.3.7 Ideality Factor 

On an ideal Schottky barrier, this factor should be equal to 1. It is really easy 
to make Schottky contact on SiC with almost ideal behavior in the direct 
regime. On diodes with areas around 0.01 mm^, almost all of the diodes have 
an ideality factor below 1.05 for at least 5 different metals we have tried. On 
larger diodes and FET gates, ideality factor increases and effective barrier 
height decreases. Using the classical Werner theory, a model can be built for 
interpreting those deviations as consequences of microscopic barrier height 
dispersion within the diode area [33]. 

2.3.8 Reverse Leakage Current 

In reverse mode at low electric field, the same thermo-ionic model also applies 
when corrections are included for barrier lowering through image force effect 
and tunnel assisted process (see Fig. 3). At high field, however, even with 
optimum peripheral protection, there is always much higher reverse current 
as compared to what is predicted by the available models, often by a few 
orders of magnitude. From evaluation of geometrical effect on diodes with 
different diameters, it seems that this excess current does not come from 
the periphery but from the bulk part of the contact. The role of the defects 
induced by the substrate or the epitaxy on the leakage current have been 
studied by several groups [34] -[36]. 
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From our experience and the dozens of trials with different metals and 
surface preparation, we can conclude that the leakage phenomenon is present 
for all kinds of metals we have tried and for all surface preparation schemes. 
Therefore, we tend to incriminate possibly an influence of the steps due to 
the surface misorientation. We have not been able so far to check the validity 
of this hypothesis on epitaxy with lower misorientation angle. 




Fig. 2. Two examples of SiC MESFET device topology: (a) Recessed MESFET, 
(b) N+ implanted MESEET 




VfVO 

Fig. 3. Experimental low field J{V) and C{V) characteristics of Ti/SiC Schottky 
contact (crosses') fitted with a thermo- ionic model [33]. The fit is remarkable, almost 
ideal 













856 



E. Morvan et al. 



2.4 Transistor Design and Fabrication Process 

The transistor design proceeds in two steps: (1) The elementary transistor or 
“finger” , and (2) the finger assembling or “chip layout” . 



2.4.1 The Elementary Transistor Design 




Fig. 4. SEM image of an elementary SiC MESFET device (recess topology) with 
mesa, and with air bridge on source pads 



Channel Characteristics 

Channel Material. The preferred channel SiC material is 4iJ. The use of QH 
leads to devices with much lower gain, due to much lower electron mobility. 
This was published by Westinghouse around year 1995 [24], and, at Thales, 
we have got the same kind of results later. Cubic SC-SiC could be used in 
principle, but no good SC-SiC layer has been ever available yet from any 
source in the world. 

Channel Doping Level. Preferred channel material conductivity is n-type, 
(1) because the mobility of the electrons is higher than that of the holes, 
and (2) because the donor levels, (mainly those of nitrogen, possibly in the 
future those of phosphorus too) are much shallower as compared to the known 
acceptor levels (essentially aluminum and boron). Over 90% activation of 
nitrogen donors in 4iJ-SiC is obtained at temperature of operation for doping 
level up to 10^^ cm“^, and slow decrease above. Channel doping level is 
usually chosen between 1 and 3 x 10^^ cm“^. The lowest end is chosen for 
devices requiring breakdown of 200 V or higher. The highest is chosen for 
maximum power gain at high frequency, but the breakdown voltage can be 
twice lower. It degrades rapidly with increasing doping level. 
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Channel Thickness. Thick channel provides maximum current density and 
output power density, but lower transconductance and power gain. As an 
example, for 2 x 10^^ cm“^ channel doping level, 300 nm effective channel 
thickness yields 300 mA/mm drain current at Fgs = 0 V and Vds = 20 V 
for 1 X 100 |J,m^ device measured in DC regime directly on-wafer without 
special cooling of the device or the wafer. Transistor pinch off voltage in such 
device is around —15 V &iVds = 2Q V. 

Sub-Channel Buffer Issues 

What lies under the channel has a tremendous influence on the device behav- 
ior. In our experience, even the most sophisticated buffer structure cannot 
provide safe electrical separation between the device channel and a substrate 
with high density of traps. We have previously developed this point in greater 
details in Sect. 2.2.5. 

The Lateral MESFET Approach 

ACREO and AMDS (Sweden) has developed the concept of a “lateral MES- 
FET” for nearly ideal configuration of the underchannel structure [36]. Like 
for the silicon LD-MOS, there is a vertical p-type confinement layer under- 
neath the part of the channel located just under the gate. This almost elimi- 
nates the reverse transconductance effect, improves the voltage handling, and 
allows to use much shorter gates. In principle, the gain can be increased and 
the maximum frequency of use may be extended, probably up to 10 GHz. 
The associated fabrication process is, however, more complex than for the 
other SiC MESFET structures developed so far. 



2.4.2 Source and Drain Electrodes 

Current has to be injected in and collected out of the semiconductor through 
ohmic contacts located at source and drain electrodes. Ohmic contacts with 
specific resistance below 10“® ohm.cm^ are needed to get no significant distur- 
bance on the device behavior. The realization of such Ohmic contacts requires 
high N+ doping level of the SiC zones and an adequate metal structure. 

AT Doping for Source and Drain 

Doping level must be over 3 x 10^® cm“®, and much preferably higher, in the 
range 1-3 x 10^® cm“®. There are mainly two ways of getting the N+ zones 
under the source and drain (Fig. 2). One is to use localized ion implantation 
(Fig. 2b), the second is to use either N+ epitaxy, or blanket ion implant, 
together with “recess” etching between source and drain (Fig. 2a). 
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A^“*" Ion Implant 

There has been many studies on N+ ion implant in SiC [38, 39]. What can 
be practically used is somewhat different from the peak results of the best 
publications in the literature. For getting those best results, high temper- 
ature implantation is necessary. It requires special implantation machines. 
It also excludes the use of a resist mask for localization. We have preferred 
to use standard ion implanters working at room temperature for the sub- 
strate and providing maximum ion energy around 200 keV. For nitrogen, a 
maximum depth of 150-200 nm can be obtained, with an additional 200 nm 
deeper tail. For phosphorus, the maximum ion penetration is shallower, typi- 
cally 100-150 nm, also with an additional tail. In both cases, multiple energy 
implantation is used to achieve a flat plateau, followed by an exponential de- 
crease over a distance twice the length of the plateau for a level decrease by 
two or three orders of magnitude. Activation of the implanted ions requires 
annealing at high temperature. The minimum temperature to get any sig- 
nificant activation is 1300°C, but 1400-1500°C is highly preferable [38]-[40j. 
For annealing in this temperature range and higher, the SiC surface must be 
protected to prevent departure of silicon, carbon, or both, depending on the 
annealing atmosphere [41]. Using a reproducible process with standard tools, 
a sheet resistance around 1500 ohm can be obtained with both nitrogen and 
phosphorus (see Fig. 5). 




cumulative annealing (°C:mn) 

Fig. 5. Cumulative annealing dependence of N"*" sheet resistance (square) and 
Ni Ohmic contact specihc resistance (circle) for Nitrogen RT mnltiple energy im- 
planted 44f-SiC 
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2.4.3 Gate Length 

Reducing gate length brings an increase of drain current and a decrease of 
input capacitance. It also brings increased reverse transconductance, except 
in the case of the lateral MESFET. 

Gate length around 1 micrometer is probably short enough for UHF power 
amplifiers. Going down to half micrometer has allowed Gree to get excellent 
results in S'-band at 3 GHz [42]. 

2.5 Passivation 

One key limitation for the passivation resides in the fact that the very same 
insulator materials optimised for the previous silicon and GaAs technologies 
have to be used for passivating the new wide bandgap devices. After years 
of work, they now work rather well for the previous technologies, but in the 
new wide bandgap devices, they will have to accept five to tenfold higher 
electric field. The insulator reliability may suffer dramatically from long time 
high field exposure. One other issue is that the interface between SiG and 
insulators is still the location of many parasitic charges and traps. Those 
charges have electrostatic influence on the device channel. 



2.5.1 The Case of No Passivation or Thin Insulator (50 nm) 

When there is no passivation or only thin insulator film (50 nm) on the device 
active zone, the net charge density seems to be negative at normal operation 
bias voltage. Higher breakdown voltage is observed by some spontaneous 
effect of gate periphery protection, analog to the P“*" guard ring configuration 
for high voltage devices. However, those charges also bring problems. They 
are not stable. They can move away under light, or after long rest. They 
are also responsible for parasitic pinching of the device gate to drain zone 
(see Fig. 6a). The on-state resistance increases dramatically as the drain 
voltage is increased and recovers very slowly. When such high charge density 
is present, the device can present good DC characteristics, but does not 
operate properly in RF power mode. The drain efficiency and the power 
density are low, typically <30% and 1 W/mm. 



2.5.2 The Case of PECVD Deposited Silicon Oxide or Nitride 

Device with stable characteristics can be obtained using PEGVD deposition 
of either silicon oxide or silicon nitride with thickness in the range 200- 
500 nm. The presence of the thick insulator brings increased leakage of the 
gate/channel Schottky barrier and reduced breakdown voltage, as compared 
to the situation before insulator deposition (see Fig. 6b). 
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Fig. 6. DC 100 run periphery SiC MESFET characteristics before and after pas- 
sivation (400 nm PECVD Si02). (a) Parasite pinching induced by V dg stress for a 
device without passivation as compared to a stable device behavior after deposition 
of the PECVD insulator, (b) increase of gate leakage current after passivation 



2.6 Chip Lay-Out 

The initial SiC MESFET designs were directly translated from the GaAs 
MESFET experience. 

2.6.1 Thermal Management 

It appears now that the thermal management of SiC devices indeed requires 
even more care and effort than that of silicon or GaAs devices. The main 
reasons are the following. At first, it is true that at 300 K and for pure SiC, the 
thermal conductivity is more or less that of copper. But that of copper is only 

3 times that of silicon and stays unchanged up to temperatures above 400°C, 
while that of SiC goes down as T~^'^ . Increasing channel temperature to 
300°C, the local thermal conductivity drops by a factor 3. Moreover, the early 
semi-insulating substrates, with high vanadium doping level, had thermal 
conductivity in the range 2.5-3 W/K.cm [43]. Only the recent high purity 
semi-insulating materials have the “normal” conductivity, around or above 

4 W/K.cm at 300 K. 

Another fact was not clear enough for early SiC device designers: the rapid 
decrease of mobility with temperature, which was later confirmed to follow 
a rule (a ~ 2-2.4) [43]-[45j. The global result is a saturation of power 
vs. periphery for a given chip size and for a single set of parallel fingers (see 
Fig. 7). Thermal simulations and temperature measurements have allowed 
to correct the designs in order to take the actual materials limitations into 
account. 
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5 10 15 20 25 30 35 40 



Device periphery (mm) 

Fig. 7. Output power density versus the device periphery on chips from the same 
wafer for d/f-SiC MESFET with short pitch (11 |j,m) 



2.6.2 Chip Size 

Large chips have large cost, both for material and processing. Also, brazing 
of large chips can lead to too large stress and the appearance of cracks in the 
brazing area. Finally, large chips means large device periphery and higher 
probability of failure, hence lower fabrication yield, limited essentially by the 
defect density in the material. With the material quality available today, chip 
size between 1 and 3 mm^ is probably the best choice for devices with 20- 
30 W/mm^ dissipated power density. Parallel operation of several chips in 
the same package is possible, and simpler as for silicon and GaAs because of 
the higher impedance levels. 

2.7 Packaging 

The packaging is also an issue for the wide bandgap RF power devices. For 
silicon carbide devices with dissipated power density in the range 2-5 W/mm, 
or 20-30 W/mm^, the existing packaging technology used for silicon or GaAs 
devices can be used, but it works close to its hard limits. Temperature will 
generally be 100°G higher at the chip bottom as it is at the case bottom. For 
III-N devices, a new packaging technology is required. For both, the actual 
device performance of the device in operation will heavily depend on the 
channel local temperature. 
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Fig. 8. Example of medium power MESFET device layout: 16 x 100 |lm width 
fingers with a 50 |lm pitch 




Fig. 9. Example of dual chip 50 W SiC MESFET packaged using conventional 
approach 



2.7.1 Necessary Adaptation for SiC Devices 

Silicon and GaAs devices have very low input and output impedance level. 
Therefore, it is interesting to have connection lids to the outside with low 
characteristic impedance, hence, geometrically speaking, as large as possible. 
This is why most packages in the catalogues have large lids. For SiC FET de- 
vices, the level of impedance is much higher and low characteristic impedance 
of connecting lines is no more a requirement. New variants of packages with 
different geometry in the same technology are required. It brings additional 
initial cost but nothing severe in the long term for the competitiveness of the 
new SiC devices. 

For devices without via-holes, another adaptation is necessary to provide 
surface connection for the source electrode. One solution is to perform wire 
bonding directly from the chip surface to the ground on the metal base plate. 
This is simple but it brings very high source inductance and a decrease of 
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power gain. It is certainly not acceptable for devices working over 1 GHz. A 
better solution for high frequency operation is to organize source connection 
lift from the base plate up to the front face of the chip. This can be done 
either by adding a metal bar on the base plate along the chip, or by adding 
via holes in the ceramic frame of the package. Both solutions increase the 
package cost and probably cannot be used for operation at frequency over 
2-3 GHz. 

For the players who have not yet developed via hole technology on SiG 
substrate, a choice will have to be made. Either to develop the via-hole tech- 
nology and use more standard packaging, or to accept more expensive pack- 
aging solutions. For those who are also developing HI-N HEMT technology 
for higher frequency up to millimeter waves, as we do, via-hole or flip-chip 
solutions are the only known solutions. 

2.7.2 Economical Trade Off: 

Chip Area vs. Temperature/Performance 

For SiG devices working in CW mode, the usual packaging technology will 
be used at the upper limit of its capability in terms of heat power density. 
For 100°G ambiance and 25 W/mm^ heat flow, the chip back side tempera- 
ture will probably reach 180-200°G, and the channel temperature will stay 
around 300° G for optimum chip lay out. Some of the performance capability 
will be lost. The actual compromise will depend more on economical choice. 
Either accept larger chips and packages in order to get lower temperature 
and better performance, or restrict both chip and packaging areas, together 
with performance. Since the price of the SiG substrate will stay an issue for 
a long time, the compromise will have to be continuously managed all along 
the development and during the starting phase of the volume production for 
this technology. 

2.7.3 Substrate Thinning 

Without via holes, there is no need for substrate thinning in SiG MESFET 
technology. SiG substrate thinning can only be justified in the case the chip is 
placed on diamond tab in the aim to reduce device thermal resistance. In the 
other cases, it does not bring any significant thermal advantage while it adds 
some complex steps in the fabrication process. When via holes are used, sub- 
strate thinning can be of interest to reduce hole digging duration. The digging 
is usually performed by plasma etching which is a slow process. Etching rate 
is often limited to 1 pm/mn, even with the dense plasma techniques avail- 
able today. This means many hours duration process for each wafer batch. 
Thinning the substrate from typically 300-400 micrometers down to 100 mi- 
crometers can bring dramatic savings on the device fabrication cost. Today, 
SiG substrate thinning process is under control and can be considered as a 
normal fabrication step. It can even be purchased as a commercial service. 
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2.7.4 Via Holes 

Via holes bring minimum source inductance and possibly simpler device in- 
terconnect scheme. However, very few groups in the world have the complete 
technology for processing via holes in SiC. Only Cree is known to have it 
readily available for SiC MESFET. Thales has shown probably the first via 
holes in SiC in 1997 [46], but this process is not incorporated yet in the Thales 
SiC MESFET process. 

Apart from the digging process, there is a problem for finding an appro- 
priate mask for defining the hole geometry. Nickel has been used with success, 
but it has to be removed after the digging process, which is complex. Other 
approaches for masking involve thick resist or spin on glass (SOG). 



3 Perspectives 

3.1 Need for Better RF and Microwave Power Devices 

There is definitely a need and a place for better RF and microwave power 
devices. None of the designers of the most advanced high power RF amplifiers 
based on solid state devices are satisfied with the exiting products. They 
sometimes manage to live with them, but they will surely warmly welcome 
new and better devices. What they want is a device with higher impedance 
and accepting higher temperature of operation. The present situation for 
amplifiers for UMTS base stations seemed to be somewhat desperate at the 
beginning of year 2002. From two sources, we have got the information that 
the prototypes could hardly or not meet the new specifications for linearity, 
and that the final stage of the amplifier had to be operated in conditions 
in which the energy conversion efficiency was lower than 10%. This is not 
acceptable. Whatever silicon LD-MOS or GaAs transistors, it seems that 
none of them has brought any viable solution. Designers hope that III-N or 
SiC devices will bring better behavior. A first market niche is there. It is not 
sure that the SiC or III-N devices are ready to catch it. 

In addition, there are many other new potential applications of RF and 
microwave power waiting for better devices. Some of them are small niches. 
Some could become large volume industry. Microwave heating is one example. 
It is limited today by the rather clumsy magnetron tubes used as microwave 
sources. Adjusting power and/or frequency is not possible with this technol- 
ogy. Plasma applications is one other area in which more friendly microwaves 
sources can pave the way to new markets, some related to lighting industry. 
Ignition is a particular case of plasma applications. Improving ignition control 
is surely a way to get energy savings, lower pollution release, and enhance 
safety. 
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3.2 Si and III-V Technologies Close to the Limit 

The progress of silicon bipolar transistors is more or less stopped. There is 
still some progress on the LD-MOS^, but it is slow and it seems to reach 
some kind of saturation, which is easily explained by the Johnson’s limit. 
The situation is similar for GaAs HBT and FET technologies. Getting higher 
voltage brings new problems. There is also some kind of saturation along the 
Johnson’s limit for the GaAs based power devices. 



3.3 Long Term Is Diamond and Related, for Sure 

In the long term (10-15 years), it is almost sure that the technology for RF 
and microwave power transistors will switch to diamond and related materials 
such as BN based compounds. For diamond, the breakdown field is higher, 
the carrier velocity is higher, and its seems that the carrier mobility is also 
higher. However, working with these extreme electric fields will be a new 
challenge. Working on SiG and the III-N is a helpful training. 

3.4 Minimum Time to Market for SiC and III-N Devices 

In the short term, it will take time for SiC and GaN devices to find some 
place on the market. No III-N product can be found today and very little 
SiC, and only at the 10 watts level. Maybe the large recent funding from 
US defense to wide bandgap industrial players will result in the acceleration 
of product release. It is not sure however, since defense administration has 
also to maintain a technology gap. What we fear most is the reliability issue. 
Because of the higher field and voltage, we think that problems won’t be the 
same as for previous technologies. Reliability studies have started on the SiC 
MESFET. From preliminary limited storage and ageing tests under DC bias 
on our devices without macroscopic crystal defects, we find no special degra- 
dation, out of the transformations in the metal phases at high temperature 
and some long term trapping effects inducing current lag, which can be com- 
pensated by 10% gate voltage bias shift. It will still take us a few more years 
to get the complete results needed for acceptance by the most demanding 
users such as space embarked applications. 

3.5 III-N Devices Will Take It All... When They Arrive 
on the Market 

For the frequency range extending over 3 GHz, the existing device products 
are so expensive and difficult to use that there is strong appeal from the 
market for device products based on wide bandgap semiconductors. This is 
why III-N device research receives so much support at present. III-N HEMT 
devices have more gain, and there is strong hope to get devices working up to 
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30 or even 40 GHz, as illustrated by recent press release from several groups. 
If III-N device development was easy and straightforward, there would be no 
place for SiC based devices like SiC MESFET. The question arises because 
III-N device research is everything but easy and straightforward. Today, we 
don’t know anybody who can tell with confidence how long it will take to get 
the first reliable microwave power device product based on III-N compounds. 
Maybe the most advanced groups in the USA have a more precise idea, but 
almost surely no group in Europe or Japan. 

3.6 To Go or Not to Go into the Industry 
of SiC RF Power Devices 

Despite some release of SiC MESFET devices initiated several years ago to 
selected customers, there seems to be today no volume on this kind of product 
on the open market. At the beginning of year 2003, in Europe, people have 
to decide whether it is worth building the infrastructure to launch SiC based 
product for RF and microwaves. This is a complex debate. 

Those who push towards have the feeling that III-N products will not 
appear before year 2006-2008. This is our opinion. It cannot be based only 
on objective computation. There are too many influencing factors. Some of 
them are completely out of our control like those related to politic issues. 
Some other are more or less subjective, like the market admittance. However, 
such a SiC MESFET project is vulnerable. It can be destroyed by the arrival 
of good III-N products on the market or even by any rumor about it. On 
the other hand, we can also try to compare to what happened for GaAs 
MESFET. For ten years, in principle, GaAs HBT and GaAs HEMTS have 
better peak performance as compared to any GaAs MESFET. Still there has 
been so far good market places for GaAs MESFETs and the development 
of new GaAs MESFET products has not been stopped yet. The same could 
happen for the SiC MESFET. Since there are people really pressed by the 
need for better devices, we are convinced that there is a market place for SiC 
MESFET, today and for the next coming ten years. To be honest, there are 
also a few open technical questions. One issue is about the surface passivation, 
in relation with gate periphery protection. The transition zone between SiC 
and the atmosphere is still a mess. How to manage it is not clear cut today. 
One other issue is about the process yield. It used to be severely limited by 
epitaxial uniformity. This problem is solved with the new epitaxy systems 
already on the market. More of a problem is the substrate crystal quality. It 
is still much too far from any kind of stable satisfactory state for commercial 
semi-insulating material. For crystal quality improvement, a real effort is still 
necessary. When the quality is better, the consumption will increase and the 
price will decrease, not before. 

Organizing manufacturing is also a necessity. No industry can be built on 
device prototypes. The manufacturing of RF and microwave power devices 
based on wide bandgap semiconductors is still far from maturity in terms of 
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yield and fabrication cost. Because of the small substrates, it cannot use the 
silicon or GaAs “mainstream” processing tools, and it is not sure it can be 
made competitive in the short term without public money support. 
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1 Introduction 

Constraints around environmental issues continue to increase in severity. This 
causes a demand for increasing control of emissions and reduction of energy 
consumption in vehicles and in industry, which necessitates the development 
and production of faster and more efficient sensors for on-line control. Gas 
sensors that can function in extreme environments have the potential to pro- 
vide this control. Those based on wide band-gap materials such as SiC, AIN, 
GaN, AlGaN and diamond have the potential to function in these extreme en- 
vironments such as corrosive atmospheres and at high temperatures. Through 
the employment of a catalytic material on the device surface, chemical gas 
sensors based on a variety of field effect devices have been realised. The capa- 
bility for operation at elevated temperatures considerably increases the speed 
of response to a change of gas atmosphere, providing the potential for the 
production of very fast sensors. The possibility to measure directly on-line 
in extreme atmospheres, for example in car exhausts or flue gases, makes it 
possible to quickly detect unwanted emissions, which allows immediate ad- 
justment of the system and permits the requirements of low emission levels 
and fuel consumption to be met. 

The wide band-gap of silicon carbide, 3.2 eV for 4iL-SiC, permits an op- 
eration temperature up to 1000°C [1, 2], with time constants for the gas 
response of a few milliseconds [3, 4]. An electronic device based on silicon 
carbide can function as a chemical sensor by the deposition of a catalytic 
material on a thin insulating layer on its surface [5]-[15]. The catalytic ma- 
terial can be for example a metal such as platinum, iridium or palladium, or 
combinations of these. Metal oxides can also be used as catalytic layers on 
devices where the material does not need to conduct large currents. 

Other wide band-gap materials, such as GaN, AIN and diamond, with 
bandgaps of 3.4, 6.3 and 5.5 eV respectively, have also been explored. These 
have higher band-gaps than SiG, and so have the potential to function at 
even higher temperatures. Several groups have started to develop chemical 
gas sensors based on these materials, but the film growth and process tech- 
nology of these materials is currently not so mature as for SiG. Therefore, 
commercialication of these devices cannot be expected until the technology 
has matured somewhat. 
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The high quality of the SiC material available today and the maturity 
of the processing technology has allowed commercialisation of SiC devices to 
begin. This includes Schottky diodes as commercialised by Infinion [16] and 
UV flame detectors as commercialised by General Electric [17]. It has also 
permitted the demonstration of high quality prototypes of other devices, such 
as large-area SiC X-ray detectors based on Schottky diodes which function 
at 100°C [18]. Therefore, if commercialisation is to be realised in the near 
future, SiC is the preferred material for the development of gas sensors that 
can function in extreme environments. 

In this chapter, the state of the art concerning the development of field 
effect chemical gas sensors based on SiC is described, together with a review 
of other wide band gap materials. The detection principle and gas response 
is explained, and the various devices that have been developed are described 
together with a number of applications in which they have been tested. 



2 Detection Mechanism of Field Effect Gas Sensors 

It is important to have a clear picture of the gas detection mechanism when 
considering the results obtained from the field-effect chemical gas sensors. 
Therefore, we include this section about the detection mechanism as well as 
the gas sensing properties at this point. The sensing mechanism is largely 
independent of the device type, since the chemical reactions responsible for 
the gas response are defined by the type of catalytic material processed onto 
the device and the operation temperature [1, 2, 19, 20]. Even at a temperature 
of 600° C, the rate at which these chemical reactions occur in the catalytic 
material is slower than the response time of the device. 

2.1 Gas Sensing Principle 

The detection principle of field-effect sensors with catalytic metal contacts 
is based on the formation of an electric field in the underlying insulator due 
to a change of the electric charge at the insulator surface. Gas molecules 
adsorb, dissociate and react on the catalytic material. The so formed gas 
species diffuse from the metal onto the insulator and, through adsorption 
and/or complex formation, create a polarized layer at the metal-insulator 
interface. This gives rise to an electric held in the insulator, which causes the 
concentration of mobile carriers in the semiconductor to change. 

In the case of thick, dense catalytic metals, hydrogen or hydrogen- 
containing molecules such as hydrocarbons dissociate on the surface of the 
metal and react with for example adsorbed oxygen forming H 2 O and CO 2 . 
These leave the surface and the resulting hydrogen atoms diffuse through the 
metal within microseconds to the insulator surface (see Eig. la). This occurs 
at temperatures as low as 150°C, and the speed at which it occurs increases 
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Fig. 1. (a) Schematic picture of a MISiC device with a dense catalytic metal contact 
and (b) a porous catalytic metal contact. The total gas response is a combination 
of response at metal-insulator interface (i), metal in contact with insulator (m) and 
exposed insulator surface (s). The constant 7 is a function of e.g. metal coverage 
and temperature 



with increasing temperature. Recent experimental results on Si sensors indi- 
cate that the polarized layer is indeed located on the insulator surface [19, 20]. 
This is further supported by results from ion selective field-effect sensors (IS- 
FETs), where it is shown that hydrogen introduces SiO“, SiOH and SiOH^ 
groups on the Si 02 surface in a liquid environment [21]. 

GaN Schottky diodes have been shown to produce a similar gas response 
to their SiC counterparts, irrespective of whether the Schottky contact is 
formed on the Ga or N surface. This indicates that the interface properties 
which are responsible for the gas response are similar for SiC and GaN and on 
both faces of the GaN [22, 23]. Indeed, a similar model to that for SiC has been 
suggested for the hydrogen response of thick Pt films on GaN Schottky diodes. 
This is supported by results from elastic-recoil detection (ERD) experiments, 
which lead to a model where the hydrogen-induced polarized layer is formed 
at an oxidic interfacial layer [9]. 

The gas detection mechanism of FET devices is very complicated and not 
all details are well understood. A very interesting experiment was performed 
by Neuberger et al. using AlGaN/GaN high electron mobility transistors 
(HEMTs) that do not include metal or insulator on the gate region [22]. 
These devices also showed modulation of the channel current when Ga or N 
face surfaces were exposed to fluxes of negative or positive ions generated by 
an ion spray technique [22]. The channel current was amplified by as much 
as 1000. The mechanism here was explained by electrostatic interaction and 
accumulation of negative or positive charges respectively on the GaN surface. 

The detection of other molecules, such as ammonia, requires the use of a 
porous catalytic metal. It is believed that triple points are required in these 
cases, where gas molecules interact with both the metal and insulator in order 
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Fig. 2. (a) When the MISiC sensor is exposed to a test gas, such as propane, its IV 
curve shifts. The voltage at a constant current is the sensor signal, (b) The sensor 
signal during cylinder-specific monitoring of a petrol engine, when one cylinder is 
purposely driven under rich conditions. When cylinder 1 ignites, the sensor signal 
changes to a lower voltage 



to obtain a response. Gas species such as hydrogen atoms or protons will 
diffuse out onto the exposed oxide surface in-between the metal grains, (see 
Fig. lb) [24]-[26]. It has been suggested by several groups that oxygen may 
be involved in the detection mechanism [27, 28]. For example, the removal of 
adsorbed negative oxygen ions will give the same electrical effect as adsorption 
of positive hydrogen ions, protons. 

The polarization introduced by the gases at the insulator interface will 
change the current voltage {IV) curve of a Schottky diode (see Fig. 2a) or 
a transistor, and will change the ffat band voltage of a capacitor. A time 
resolved gas response can therefore be measured as the voltage shift at a 
constant current or constant capacitance level (see Fig. 2b). 

Since chemical reactions on the catalytic metal surface are responsible 
for the detection of gases, the sensor response is highly temperature depen- 
dent. In general, an increased temperature gives a faster gas response, see 
Sect. 4.1 [4]. Thus, both the catalytic metal type and the temperature inffu- 
ence the gas response [29, 30]. 

Further details of the detection mechanism may be obtained by spec- 
troscopy studies such as DRIFT, Diffuse Reflectance Transform Infrared 
Spectroscopy, which can be performed under realistic conditions [31, 32] and 
theoretical modelling [33]. 

2.2 Selectivity at Different Temperatures 

The metal-insulator-SiC (MISiC) sensors function over a large temperature 
range, 100-700°C. Their gas response can be divided into two different tem- 
perature regimes with the break-over point around 600° C. 
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Fig. 3. The response of a MISiC sensor (a) at 600°C to gas mixtures containing 
different hydrocarbon concentrations (buthane, propene, ethane) (b) to hydrogen 
in different oxygen concentrations at 300° C and >600° C. Inset: the pulse response 
at 620°C to 0.1, 0.2 and 0.3% H 2 in 0.1% 02 /Ar. a = as defined in (1) (from 
[35, 36]) 



Above 600° C the gas response of MISiC sensors, for example to hydrocar- 
bons, shows a binary behaviour. This means that the signal has basically only 
two voltage levels and changes rapidly from a low level in excess hydrocarbons 
to a high level in excess oxygen, see Fig. 3. 

Due to the large reaction rates that occur at temperatures around and 
above 600° C, exposure to hydrogen or hydrocarbon gases causes the pla- 
tinum surface to go rapidly through a transition from a surface covered with 
adsorbed oxygen atoms to a surface covered with adsorbed hydrogen and 
hydrocarbon species [34]. This causes the sensor signal to change quickly 
from the base-line level in oxygen to the saturated hydrogen response level. 
In excess oxygen, it is assumed that total combustion of the hydrocarbon 
molecules on the metal surface occurs at these high temperatures. This causes 
the hydrocarbons to convert to water and carbon dioxide, which leave the 
surface, causing the sensor to register the baseline signal level. A model for 
this binary response has been suggested by Baranzahi et al. based on kinetic 
phase transitions [35]. This explains that the signal depends on the total 
ratio of oxidizing and reducing species, a as defined in (1), but is largely 
independent of the gas composition. 






(2x + [Ca:Hy] . 



( 1 ) 



In the temperature regime below 600° C, a more linear response is ob- 
tained. This is demonstrated in the response to hydrogen at 300°C as shown 
in Fig. 3b [36]. In this lower temperature regime it is postulated that only 
partial combustion of the gas molecules occurs on the metal surface. This 
means that at these lower temperatures, the various hydrocarbons are disso- 
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Fig. 4. The ammonia response versus temperature for a MISiCFET sensor with 
(a) 60 nm Ir and (b) 25 nm Pt as the gate contact metal. NH 3 concentration: 12.5, 
25, 50, 100, 200, 250 ppm in 10% O 2 /N 2 (from [37]) 



ciated to different degrees and give substantially different responses at critical 
temperatures. This gives the possibility to differentiate between different hy- 
drocarbons at these lower temperatures. 

Other gas molecules such as ammonia and CO also show a strong tem- 
perature dependence. The response to ammonia as a function of temperature 
is shown in Fig. 4 for the case of two different catalytic metals. It is seen 
that the temperature profile of the response is dependent upon both the 
type of catalytic metal and the concentration of NH3 [37]. This provides the 
opportunity to tailor-make the sensor to fit the application by choosing an 
appropriate catalytic metal and measurement temperature. 

The fact that the sensing of different gases can be controlled by the correct 
choice of catalytic metal and measurement temperature opens the possibility 
to use arrays of these sensors together with pattern recognition techniques 
in order to provide detailed information about the composition of ambient 
gases. This has been tested in flue gases by Uneus [38] et al. and is described 
in Sect. 6.4. Hunter et al. have also suggested the use of their SiC-based 
Schottky diodes in arrays at different temperatures to enhance the versatility 
of their sensors [10]. 

3 Field Effect Chemical Gas Sensor Devices 

The hydrogen sensitivity of Palladium-Oxide-Semiconductor, Pd-MOS, struc- 
tures was first reported by Lundstrom et al. in 1975 [39]. In the past decade, 
various groups have demonstrated a variety of field effect devices during ef- 
forts to develop sturdy chemical gas sensors for use at elevated temperatures 
(see Fig. 5) [40] -[45]. 

Since the capacitor, Schottky diode and transistor all contain an insulat- 
ing layer under the catalytic metal, they are all referred to in this chapter as 
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Fig. 5. Schematic diagrams of the different field effect devices described in this 
chapter 



field-effect devices. In published literature, the capacitor and diode SiC de- 
vices are often referred to as MISiC (metal-insulator-silicon carbide) devices, 
and the transistor as a MISiCFET (metal-insulator-silicon carbide-field effect 
transistor) device. Examples of measurements on the various devices will be 
given here, and their advantages and disadvantages will be discussed. 

3.1 Capacitor Sensors 

SiC capacitor sensors were first published in 1992 [40] and have demonstrated 
gas-sensitivity to gases such as hydrogen and hydrocarbons [2, 6, 28] up to 
a maximum temperature of 1000°C [2, 46, 47]. These devices are easy to 
fabricate and especially suitable for basic research studies in the laboratory. 
Devices that can be operated both as MOS capacitors (reverse bias) and as 
Schottky diodes at temperatures greater than 490° C have also been demon- 
strated (see Sect. 3.2 [6]). These devices showed sensitivity to combustible 
gases such as propane, propylene and CO and were tested at temperatures 
up to 640° C. 

Ghosh et al. investigated Pt/Si02/SiC capacitors at high temperature 
(527°C) in oxygen or hydrogen atmosphere [13]. Baranzahi et al. investi- 
gated Pt/TaSix/Si02/6il-SiC capacitors [48] at temperatures above 650°C 
and Tobias et al. the same device types made on 4iJ-SiC [49]. In addition 
to the polarization effects at the metal-insulator interface (Fig. la), these 
researchers found phenomena related to the diffusion of hydrogen through 
Si02, which occurs at a considerable speed at these temperatures. It was pro- 
posed [50] that hydrogen reversibly occupies and vacates surface states at the 
insulator-SiC interface at temperatures above 427° C. This has implications 
for the operation of a MOS capacitor sensor in the constant capacitance mode, 
especially n-type devices biased in the upper part of the CF-curve [13, 50]. 
A response time in the order of 30 minutes when switching from hydrogen 
to oxygen was observed and attributed to a slow emptying of interface states 
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[50] . The inversion capacitance was seen to decrease in the presence of hydro- 
gen at 750°C by about 50 pF, and this was attributed to a reduction in the 
minority carrier generation at the oxide-SiC interface and/or at the surface of 
the SiC in the presence of hydrogen [48, 49]. The reversible hydrogen-induced 
shift in the inversion capacitance value also took place in the 4iL-SiC devices, 
but at a somewhat higher temperature, which was attributed to the higher 
band gap of the AH polytype [49]. 

3.2 Schottky Sensors 

The development of SiC Schottky diode sensors was of interest due to their 
simple associated electronic circuitry. These devices were pioneered by Hunter 
et al. [41], and several research groups have subsequently contributed to the 
development effort. For a review see [51]. 

In the first Schottky diode sensors produced by the authors, the catalytic 
metal contact was deposited directly onto the semiconductor surface using 
HF to remove the native oxide. These devices showed poor stability and 
reproducibility. This was attributed to the presence of surface states, caused 
by dangling bonds for example, which are known to introduce pinning of the 
Fermi level. In the worst case, changes in the metal work function caused by 
the ambient gas would not cause a change in the barrier height [52], thus 
preventing a gas response. 

Tobias et al. also investigated Pt-contact 6iL-SiC Schottky diodes with 
an interfacial layer of 1 nm Ta or 10 nm TaSix [53]. Both n-type and p-type 
diodes showed a gas response to hydrogen at 400-600°C. It was postulated 
that the gas response observed in the forward direction was mainly due to a 
change in the resistance of the metal contact [53] . 

It was demonstrated that reproducible gas-sensitive silicon Schottky sen- 
sors could be produced after terminating the silicon surface with an oxide 
layer [54, 55]. Therefore, this technique was also tested on SiC. An ozone 
treatment (10 min at room temperature) was carried out on the HF-etched 
SiC surface before the metallisation step [56] . The use of spectroscopic ellip- 
sometry analysis and also photoelectron spectroscopy utilizing synchrotron 
radiation showed that an oxide, 1 nm in thickness, was formed by this ozone 
exposure [56, 57]. The oxide was also found to be close to stochiometric Si02 
in composition. This thin oxide increased the stability of the SiC Schottky 
diodes considerably, without the need for any further interfacial layer such 
as the Ta and TaSix mentioned above. Schottky diodes employing a porous 
Pt gate electrode and the ozone-produced interfacial layer were subsequently 
operated successfully in both flue gases and diesel exhausts [38, 58]. 

Several groups have investigated the use of Pd as a catalytic contact to 
Schottky sensors. Hunter et al. experienced a drift when their sensors were 
operated at 350°C for a period of several weeks [5], which they attributed 
to a reaction between Pd and SiC. They subsequently reported a substantial 
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improvement in the long term stability, and an increase in the hydrogen sen- 
sitivity, after testing an alloy of Pd/Cr and the use of Sn02 as an interfacial 
layer under the Pd contact [5]. Kim et al. [12] compared the response of Pt- 
and Pd-SiC Schottky diodes to hydrogen and methane at 400-600° C. The 
Pd-SiC Schottky diodes were found to have a higher sensitivity, as well as 
faster speed of response to both gases. Both types of sensor used in this work 
showed excellent stability when the hydrogen response was tested for 30 days 
at 500° C. However, those investigated by Chen et al. [59] did not show such 
good stability. Chen et al. investigated the effect of a high temperature an- 
neal (425°C for 140 h) on Pd-contact Schottky diodes both with and without 
an interfacial oxide layer. In both cases, sensitivity to hydrogen was reduced 
and PdxSi formed on the surface of the diode. 

AIN exhibits both a wide band gap (6.3 eV) and also a high dielectric 
constant. It is capable of being used either as a substrate or as an insulator 
in SiC-based sensors. AIN has the potential to form an excellent insulating 
layer on SiC, as the crystalline materials are latticed-matched and so can 
be expected to be an advantageous substitute for the interfacial oxide layer. 
Crystalline AIN can be formed on SiC by epitaxial growth [60, 7]. 

Sarina et al. have demonstrated the use of Pt/AlN/SiC devices as highly 
selective hydrogen sensors, where the AIN was deposited by plasma source 
molecular beam epitaxi [7]. Samman et al. have tested Pt/AlN/SiC devices, 
where both the Pt and AIN were deposited by a laser ablation technique 
[6]. The latter devices could be used as both a MOS capacitor (in reverse 
bias) and as a Schottky diode (in forward bias) [6]. In the capacitive mode 
the maximum response was caused by hydrogen, while in the forward-bias 
mode at 5 |J,A, propane, propylene and CO produced the largest responses. 
The device could be operated in the Schottky diode mode in the temperature 
range of 250-650° C. These results led to the conclusion that the normal diode 
equation for thermionic emissions should be adjusted with a resistance term: 

V = ip + nkT{\nI)/q + RI . (2) 

Nakagomi has suggested a similar relationship, involving a barrier height 
change in series with a resistance change, for the hydrogen response of Schott- 
ky sensors based on Pt/TiOx/SiC devices. The hydrogen response of Pt/SiC 
diodes could be accounted for by considering only changes in the barrier 
height [61]. The response of the latter device was found to be constant, while 
the response of the former devices was dependent on the current level and in- 
creased with increasing current level. The varying gas response was attributed 
to a change in the resistance of the device. 

A mixed ion conductor, BaSnOs, has also been tested as a catalytic con- 
tact layer on a Schottky sensor [62]. The BaSnOs/SiC sensor showed a re- 
sponse to oxygen and this was most pronounced at 400° C. The sensor was 
tested from 200°C to 700°C. Operated at 700°C the sensor showed a negative 
resistance peak at a bias of 2 V, see Fig. 6. This peak was accounted for by 
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Fig. 6. /F-curves at 700°C in different gas atmosphere, N 2 and 21% O 2 /N 2 [62] 



the tunnel or Esaki effect [63]. Up to an operation temperature of 400°C, 
thermionic emission was proposed to explain its behaviour. At higher tem- 
peratures, a resistance connected in series with a Schottky diode can model 
the device [6, 61]. At temperatures of 500-600°C, the BaSnOs shows a mixed 
behaviour of electronic and ion conduction, and the Nernst potential [64] can 
be added to the model. The complete proposed model is given in equation (3): 

I = SA*T“^ exp[-q4>Bn/kT] * (exp[g(U - IRs - Vnernst )/n/eT] - 1) . (3) 

The first part of the equation relates to the well known thermionic emission 
equation [65]. At low temperatures (up to 400°C), the term IRs is more 
significant than Unernst, and vice versa at high temperatures (above 400°C). 

The BaSnOa/SiC device has the potential to be used as an oxygen sensor 
without the need for the reference electrode and reference air required during 
use of the regular lambda sensor based on zirconia [66]. Sensitivity to oxy- 
gen has also been achieved in SiC-based capacitor or Schottky diode devices 
through the introduction of a metal oxide, for example zirconia [67], Ce02 
[68] or LaFa [8], on top of the Si 02 . 

Schottky diode sensors based on other wide band-gap materials have also 
been investigated. GaN Schottky diodes processed on both the Ga and N face 
have been examined by Schalwig et al., as mentioned in Sect. 2.1 [9, 69]. A 
Pt Schottky contact to GaN with a barrier height of 1 eV has been shown 
to reversibly transform into an ohmic contact through exposure to H 2 [70]. 
Nakagomi et al. have also investigated the use of Pt/GaN Schottky diodes as 
hydrogen sensors up to 600°G [71]. 

Pt/SnOx/diamond diode gas sensors have been investigated by Gurbuz 
et al. [72]. This sensor responded in seconds to small concentrations of O 2 , 
GO and H 2 at operation temperatures up to 450° G. 
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3.3 Transistor Sensors 

Both capacitor and Schottky sensors have disadvantages. Capacitors require 
complex surrounding circuitry in order to measure the gas response. Schott- 
ky sensors require extremely thin insulating layers under the catalytic metal 
through which current must constantly flow, which can degrade at high tem- 
peratures and during long term operation. The use of a thick interfacial layer 
in a Schottky sensor has been shown to lead to low repeatability due to a 
current dependent gas response [61]. The best characteristics of these two 
devices can be combined in a MOS transistor device, where simple circuitry 
can be combined with the use of a thick gate insulator through which no 
current flows. 

A silicon carbide transistor chemical gas sensor has been developed in a 
cooperative effort between S-SENCE and Acreo AB [42, 43, 73]. The sensor 
is based on a silicon carbide field-effect transistor, with buried source, drain 
and channel regions in order to improve high temperature performance [37]. 
The transistor functions as a gas sensor by the application of a catalytic gate 
material, such as Pt or Ir, on the device surface over the channel region. 
The device design is shown in Fig. 7. The source and gate of the device are 
connected together in order to create a convenient two-terminal device. A 
voltage applied between the source and drain contacts causes a current to 
flow between these contacts through the buried channel region. This device 
has shown stable gas sensitivity to hydrogen, hydrocarbons, ammonia and CO 
up to temperatures of 500° C. Detection of hydrocarbons up to a temperature 
of 775°C has been demonstrated [43], but a slow drift was detected in the 
response at temperatures above 600°C. 

GaN MODFETs, modulation-doping-fleld effect transistors, have been 
developed by Pyke [74]. These are operated in a constant drain current mode. 
Pt and Rh catalytic metal gates are used to detect and distinguish between 
hydrogen and carbon monoxide. This device shows the best high temperature 
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Fig. 7. A schematic drawing of the design of the MISiCFET sensor (from [42]) 




880 A. Lloyd Spetz and S. Savage 



performance of the GaN and AlGaN-based devices reported so far. It performs 
at temperatures as high as 600° G for some time, and it is not clear if the 
failure at higher temperatures is due to the device itself or due to packaging, 
which is a critical issue at these high temperatures. 

Schalwig et al. [69] and Stutzmann et al. [70] have processed HEMTs, 
high electron mobility transistors, with the structure Pt/GaN/AlGaN/GaN 
or Pt/AlGaN/GaN and tested their sensor performance. The devices were 
processed onto sapphire substrates by plasma induced molecular beam epi- 
taxy at 800° and showed a gas response to H 2 , hydrocarbons and GO up to 
a temperature of 400° G. Some baseline drift indicated that improvements in 
the material quality are needed [69, 70]. 

GaAs JFET devices have also been tested as gas sensors. A n-type Sn02 
layer was used to form a hetero-junction to the p-type channel region. Pal- 
ladium on top of the Sn 02 caused the device to detect NO 2 at a device 
temperature around 200°G [75]. 

3.4 p-n Junction Diodes 

p-n junction diodes with catalytic metal contacts have recently been tested for 
their gas sensing abilities, as described below. In general the sensor response 
tended to be lower than for the devices described previously in this chapter. 

Nakshima et al. fabricated p-n junction devices by the use of Al implanta- 
tion into n-type 6i7-SiG [44]. A Pt layer on top of the p-type ohmic contact 
(PtSi) provided both protection and a catalytic metal contact in order to 
create a chemical gas sensor device. A response of 30 and 60 mV respectively 
was obtained to 50 ppm and 100 ppm of ammonia in nitrogen at 500°G. 

Another p-n junction based gas sensor has been produced by the implan- 
tation of palladium ions into 6i7 n-type SiG material [45]. The gas response 
to hydrogen was measured as (small) changes in current as the gas ambient 
was varied between air and 4% H 2 in argon in the temperature range 23- 
240°G. However, at absolute voltages above 1.2 V the p-n junction tended to 
break down. 



4 Sensor Properties 

4.1 Speed of Response 

The speed of response is normally determined by the adsorption, desorption, 
chemical reactions and diffusion of the gas molecules on the sensor surface. 
The time constants involved are in the second to millisecond time range. This 
means that the speed of response is defined by the type and structure of the 
catalytic metal and insulator in combination with the operation temperature 
of the device. It is normally not dependent on the choice of the semiconductor 
material. Device properties such as the carrier mobility, which are normally 
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Fig. 8. The gas outlets of the MGO equipment move back and forth under the sen- 
sors, powered by a small electrical engine attached to the piston, thereby exchanging 
the gas in the sensor’s immediate environment at a high frequency (from [3]) 



of great importance in electronic devices, are in general not important for 
chemical gas sensor devices. 

In order to be able to measure the time constants for the gas response, 
it must be possible to change the gas atmosphere surrounding the sensor 
surface at a frequency of 1-20 Hz. This challenging experimental problem 
was elegantly solved by Tobias et al. through the development of moving gas 
outlets, MGOs, which vibrate under the sensor surface, powered by a small 
electrical engine [3]. A diagram of the construction is shown in Fig. 8. Another 
solution was the use of a very small cavity, a 6 ml chamber in this case, around 
the sensor and high speed injection of the gases through automotive injection 
valves [76]. In this way, the response time of SrTiOa sensors was estimated 
to be below 10 ms. 

In SiC-based capacitor devices with a contact of 40 nm TaSix/40 nm 
Pt, response time constants to hydrogen in the millisecond range have been 
measured at 200°C with an MGO system by Schalwig et al. [77]. Response 
time constants to GO, ethylene and propane have been measured as less than 
50 ms at a temperature of 500°G, while the time constant of the NO response 
was found to be several seconds [77]. 

The largest influence on the speed of response is found to be the temper- 
ature. Wingbrant et al. has investigated the temperature dependence of the 
speed of response for a large number of different MISiGFET devices used as 
both hydrogen and ammonia sensors [4]. Gate metals of 100 nm Pt/10 nm 
TaSix, porous Pt and porous Ir of different thickness were used. 

The hydrogen sensor can be used as a lambda sensor, where lambda is 
defined as follows: 
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Fig. 9. The sensor response to 1% H 2 for a 10 nm TaSix/100 nm Pt sensor at (a) 
500° C and (b) 600° C. The steady state values at constant gas concentrations are 
indicated in (a). The sensor is switched at a frequency of 5 Hz between 0.4% O 2 
and 1% H 2 in 0.4% O 2 . The current between source and drain is 0.1 mA. Sampling 
is performed each ms (from [4]) 



In automotive applications such as the cold-start application described in 
Sect. 6.2, a sensor response time of the lambda sensor is required to be less 
than 10 ms. 

In Fig. 9, it is shown that sensors with this response time have been 
demonstrated [4]. To make the measurement, the sensor signal was sampled 
by the MGO equipment every millisecond over a period of 10 s at an expo- 
sure frequency of 5 Hz. The sensors shown here were operated at 500° C and 
600°C and employed TaSix/Pt catalytic layers. In Figure 9, two sequences 
of responses are shown where the gas mixture from one of the outlets was 
chosen as 1% H2 in 0.4% O2/N2 and from the other outlet as 0.4% O2/N2. It 
is seen in Fig. 9 that after exposure to the hydrogen-containing gas mixture, 
the sensor signal reaches its lowest level in less than 10 ms, and that the 
sensor signal switches between values that are close to the constant levels. 
This shows that 10 ms at 500° C is sufficient to bring the sensor close to a 
steady state condition and indicates that these sensors can achieve the 10 ms 
switching speed required for this application. It also shows that the MGO 
equipment is capable of measuring time constants of this magnitude. 

An ammonia sensor has been developed for another automotive applica- 
tion, the selective catalytic reduction (SGR) of NOx gases in diesel exhaust. 
A response speed of 1 s is required for use in this application, see Sect. 6.3. 

The response in the MGO from sensors with two different catalytic lay- 
ers is shown in Fig. 10 [4]. The ammonia sensors were exposed to pulses of 
500 ppm NH3 in 20% O2. The sensor signals were sampled every millisec- 
ond for 10 s periods at an exposure frequency of 3 Hz. The sensor response 
measured at 300° G, which is the temperature normally encountered in the 
SGR system, is shown in Fig. 10a. As can be seen in the figure, the sensor 
signal reaches its lowest level in less than 100 ms for both types of sensor. 
However, in this case, neither the highest or lowest signal level reaches the 
steady-state value, indicating that the gas exposure frequency is too high for 
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Fig. 10. (a) The sensor response to 500 ppm NH 3 for a 25 nm porous Pt sensor at 
300°C. The steady state values at constant gas concentrations are also shown, (b) 
The sensor response to 500 ppm NH 3 for a 60 nm porous Ir sensor at 350° C (from 

[4]) 



the reactions on the sensor surface to reach a steady state. This means that 
the response time, traditionally defined as the time required for the response 
to change from 10% to 90% of its final value, would have been longer if a 
slower exposure frequency had been used. However, if the frequency is too 
low, mixing of the gases by diffusion can occur, and this defines the limit at 
which the MGO can be used. 

In Figure 10b, the response at 350°C is shown. At this temperature, the 
gas surface reactions can be expected to occur at a faster rate, and indeed 
it is seen that the response now reaches a steady-state value after exposure 
to the ammonia atmosphere. The extra dip in the response curve in the 
oxygen environment is attributed to the slow diffusion of ammonia which 
leads to some ammonia molecules still remaining under the sensor surface 
when the oxygen gas outlet arrives. Due to the discovery of a capacitance- 
level-dependent response time in capacitor sensors, as reported in Sect. 3.1, 
the authors looked into the influence of the current level on the response 
time of MISiCFET sensors at 500°C. Current levels of 0.67, 100, 500 mA 
were investigated, but no influence on the speed of response was observed. 

4.2 Long-Term Stability 

The long-term stability of a sensor that is to be used at high temperatures and 
in corrosive atmospheres can be affected by many parameters. An overview 
of these is presented below. 

The quality of the insulator under the catalytic material is an important 
parameter for high temperature operation. The formation of good quality 
insulators is especially difficult on wide band-gap materials, since the bar- 
rier height at the interface decreases as the band-gap of the semiconductor 
increases. Many techniques have been developed to improve insulator qual- 
ity, especially for the case of SiC, but the technology is still not so mature 
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as that for silicon. However, a Si02/Si3N4/Si0x (densified Si 3 N 4 ) insulator 
stack, as used in MISiCFET devices, see Sect. 3.3, has shown good stability 
at temperatures up to 500°C [37]. 

The effect of hydrogen annealing on the passivation of insulator-semicon- 
ductor interface states is well-known. This is often carried out at tempera- 
tures around 500° C, and normally improves the electrical characteristics of 
devices operated below this temperature. However, during operation at higher 
temperatures, the complexes formed by hydrogen with interface states at the 
insulator-semiconductor interface may dissociate, see Sect. 3.1. An investi- 
gation has been carried out on Schottky sensors into the effect of annealing 
the devices in either H 2 or O 2 at 500 or 600°C [78]. IV characteristics were 
measured at 300°C in an oxygen atmosphere after the anneal. The IV curves 
differed by up to 200 mV due to the different anneal cycles. Although it is 
possible that hydrogen may penetrate the SiC and interact with impurities 
such as dopant atoms, the shift was mainly attributed to a change in the 
occupancy of surface states. 

Mixing and reaction between adjacent layers in the sensor device has also 
been observed to be a problem at elevated temperatures. Capacitor sensors 
with a platinum contact layer, a buffer layer of tantalum silicide and ther- 
mal Si02 as an interfacial layer were investigated by XPS and AES after 
heat treatment at 550°C in oxygen and hydrogen atmospheres for 1 hour. 
It was concluded that considerable mixing of layers and some consumption 
of the oxide had occurred during this time [79]. Other researchers have also 
found inter-diffusion of metals and insulators as well as silicide formation 
after treatment or use at elevated temperatures [80, 81]. Therefore, the use 
of diffusion barriers, such as the Si 3 N 4 used in the insulator stack mentioned 
above, will probably be necessary for the operation of sensors at 600°C and 
above. 

Ohmic contacts that are unaffected by corrosive environments at high 
temperatures are not yet fully developed, although several groups have ad- 
dressed this problem. It has been shown, for example, that TiW contacts 
covered by TaSix + Pt as corrosion protection showed better performance at 
high temperatures in an environment of H 2 /O 2 pulses than standard alloyed 
Ni contacts also with TaSix + Pt protection [82]. 

During high temperature sensor operation, the use of catalytic metal con- 
tacts such as Pt can be the cause of hydrogen incorporation into the active 
regions of the device, causing associated stability problems. It was shown 
by Linnarsson et al. using secondary ion mass spectroscopy, SIMS, that hy- 
drogen (deuterium) is introduced into SiC at temperatures >600°C through 
contacts of Pt and Ni, although not through Au contacts or non-contacted 
surfaces [83]. The penetration depth was 3 |4m at 600°C after a 4 h anneal 
in deuterium (5% D 2 in N 2 ). The presence of Ti contacts caused a large con- 
centration of deuterium to pile up in the contact material, but no deuterium 
diffused into the SiC. 
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5 Experimental 

5.1 Sample Preparation 

The SiC Schottky and capacitor sensors produced by the authors were pro- 
cessed on either d>H- or 4il-SiC substrates (n-type, about 1 x 10^® cm“^) 
with a 5-10 pm n-type epi-layer (2 — 6 x 10^^ cm“^) [46, 84]. A thermal oxide 
was grown and holes were etched for the metal contacts. In the case of the 
Schottky sensors, the SiC surface was exposed to ozone for 10 minutes before 
deposition of the catalytic contact metal. This ozone treatment produced an 
extremely thin silicon dioxide layer, 10 ± 1 A as measured by ellipsometry 
[56, 57]. The MISiCFET sensors were processed on 4i7-SiC as described in 
detail elsewhere [85]. The catalytic metal contacts consisted of 10 nm TaSix 
plus 100 nm Pt, porous Pt or porous Ir deposited by sputtering or by e-beam 
evaporation. 

The layout of the MISiCFET device connects the gate and source to- 
gether. This creates a “two terminal” device, which produces diode-like IV 
characteristics. For more details of sample preparation, see [85, 1]. 

The sensor signal was measured as the change in voltage at a constant 
current of 0.1 mA. 



5.2 Mounting 

For testing in both laboratory and industrial applications, the sensor chip 
produced by the authors is mounted by gluing onto a ceramic heater, which 
is attached to a 16-pin holder while maintaining an air gap underneath, see 
Fig. 11b. This allows the sensor chip to be heated to 600°C, while the holder 
stays below 200°C. A Pt-100 element is also glued to the heater and used for 
temperature control. In order to carry out measurements in exhaust gases. 




Fig. 11. (a) The tube mounting used for engine exhaust measurements by the 
authors. The flow direction of the gas is indicated by the arrows. To the left a 
schematic drawing of the device is shown, and to the right a photograph of the real 
device without the inner tube, (b) A sensor chip mounted together with a ceramic 
heater and a Pt-100 element on a 16-pin holder (from [86]) 
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the 16-pin holder is mounted in a specially-designed tube, see Fig. 11a [86]. 
Exhaust gases are cooled while passing through the tube, which makes it pos- 
sible to make measurements with the sensor chip at a constant temperature 
that is somewhat below the exhaust gas temperature. 

Hunter et al. have mounted their sensors by gluing the SiC sensor chip 
onto a thin membrane realized by spin-on glass, with a heater and tempera- 
ture detector underneath. This mounting technique has enabled operation of 
the sensor at 600° C with a heater power of close to 1 W [10]. 

Solzbacher et al. have constructed a micro-hotplate based on a SiC- 
membrane and a HfB2 thin film heater, where the active part of the mem- 
brane is separated from the surrounding structures by six SiC micro-bridges. 
The heater is designed for operation temperatures up to 700°C and can be 
operated at 380°C with a power of 35 mW [87, 88]. 

5.3 Device Operation 

It is advantageous to operate the FET devices in a constant current mode 
using a feed back system to compensate for the voltage change caused by the 
gas molecules. It is considered to be more relevant to measure the voltage 
change, and it has been proposed that this will promote a greater base line 
stability since the electric field over the sensor remains constant [74, 89]. 

Testing of the basic properties of the SiC sensors is often performed in 
intermittent pulses of oxygen and hydrogen (1% O2/N2, 60 s, and 1% H2/l% 
O2/N2, 30 s) in the laboratory. This treatment is chosen since the corrosive 
oxygen atmosphere combined with the hydrogen/oxygen atmosphere can be 
regarded as being very tough for the catalytic metals. For example, catalytic 
etching can take place in O2/H2 at temperatures above 450°C [90]. This 
treatment has been used by the authors to speed up aging phenomena in the 
sensors. In this way, improvement of the stability and reproducibility of the 
gas response can be promoted. 



6 Applications 

The authors have identified several areas in automotive and industrial appli- 
cations where the excellent properties of SiC can be exploited. The MISiC 
and MISiCFET sensors have been tested in a variety of applications, both 
in simulated environments in the laboratory [77] and in real applications in 
the field [15, 37, 38, 58, 86, 91]. This section will describe the evaluation of 
sensor signals by chemometric methods during cylinder specific monitoring in 
exhaust gases, a cold start sensor, NH3 monitoring during the selective cat- 
alytic reduction (SCR) of diesel exhausts, and the possibility for combustion 
control in boilers. 
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6.1 Cylinder Specific Monitoring 

The SiC-based MISiC sensors have been used to demonstrate cylinder-specific 
control of the burning process in petrol engines [15, 86, 91]. Gas responses in 
the order of a few milliseconds [3, 4] and a sensitivity to the change between 
oxidizing and reducing gases at very high temperatures [16] are prerequisites 
for this application. Tests have been performed in an engine test bench using 
both MISiCFET transistor sensors and MISiC Schottky sensors operated at 
about 600° C with a catalytic gate metal of 100 nm Pt with a 10 nm layer of 
TaSix underneath [15, 86, 91]. During field tests, the SiC sensor is placed in 
the exhaust system at the point where the four outlet pipes from the cylinders 
join together. The signal from a Schottky diode sensor is shown in Fig. 2b, 
when it is operated at 600° C in the exhaust of a four-cylinder engine where 
the air to fuel ratio to one cylinder is deliberately run fuel rich. The deviating 
cylinder is immediately identified by a sharp dip in the sensor signal. Also 
MISiCFETs have been successfully operated in a similar experiment [15]. 

It has also been shown by Larsson et al. that the MISiCFET sensor be- 
haves as a linear lambda sensor when operated at 500° C [15], which is further 
described in the next section. 

6.2 Cold Start 

During cold start of a car engine, as much as 95-98% of the total emission 
during an entire test driving cycle is emitted [92]. This is partly due to the 
fact that the zirconia-based lambda sensor [66], which is currently used to 
control the air-to-fuel ratio of the engine, cannot be heated to its operating 
temperature and therefore does not function until the engine is sufficiently 
warm. This is because water droplets, which form on the cold walls of the ex- 
haust pipe during cold start, can be subsequently carried downstream by the 
gas flow, and can cause the brittle heated zirconia sensor to break. Therefore 
vehicle manufacturers currently choose to prevent the sensor from function- 
ing until the engine is warm and water droplets do not form. The lambda 
value of the gas mixture, defined according to (4), needs to be close to a value 
of 1.0 for the catalytic converter to work efficiently. If the lambda sensor does 
not function, the lambda value cannot be controlled effectively, and so even 
if the catalytic converter has reached its optimum operation temperature, it 
will not combust the exhaust gases efficiently. 

One way to solve this problem, and thereby control emissions directly 
from the start, is to use a sensor based on a material more resistant to 
thermal shock as a cold start sensor. Silicon carbide is such a material and 
has been tested by the authors for its suitability in such an application. Very 
encouraging results have been obtained to date, although it cannot yet be 
stated that the water splash resistance of SiC has been verified, since these 
experiments are complicated and difficult to perform in a laboratory engine 
test bench. 
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Fig. 12. Lambda stair in a computer-controlled engine. Lambda varies between 
0.94 and 1.07. The operating temperature of the MISiCFET device is 500°C, and 
the current between source and drain is 0.1 mA (from [86]) 



The cold start sensor should also be capable of selective response to A, 
(defined in 4), in the vicinity of A = 1. The sensitivity of the MISiC sensors 
to A was tested in a 5-cylinder 2.5-liter turbo engine in a test bench at Volvo 
Cars in Gothenburg, Sweden [86]. The sensor holder was placed in a tube 
mounting, see Fig. 11a, and plugged into the exhaust pipe of the engine 
between the manifold and the catalytic converter. The tube mounting was 
used in order to cool the gases since the exhaust is at a temperature of 700- 
900°C and the 16-pin holder, see Fig. 11b, cannot withstand this temperature. 
It is also important to be able to control the temperature of the sensors during 
operation. The lambda value in the engine was varied during idle running [86]. 
The signal from the Zr02 linear lambda sensor together with the signals from 
the MISiCFET sensors can be found in Fig. 12. As can be seen in the figure, 
the MISiCFET sensor signals follow the lambda sensor signal very closely in 
the range 0.98-1.06, thus demonstrating its potential for this application. 

6.3 NH 3 Sensor for Use in Selective Catalytic Reduction 
of Diesel Exhausts 

Selective catalytic reduction (SCR) is a process by which NOx gases in diesel 
exhausts can be reduced to levels that will meet future legislation. SCR is 
based upon the reduction of NOx in the catalytic converter. Ammonia is 
injected into the exhaust gases before they enter the catalytic converter where 
NOx and NH3 react to form N2 and H2O. The ammonia injection process 
may be controlled by measuring either the ammonia or nitric oxide slip after 
the gases have passed though the catalytic converter. 

Such an ammonia sensor should be able to tolerate contaminants such 
as particles in the exhaust gases and should show very low cross sensitivity 
to NOx and HC. Typical diesel exhaust contains 3-9% CO 2 , 50-250 ppm 
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Fig. 13. The sensor signal from two MISiCFET sensors {upper curves) and the 
optical reference instrument (lower curve) during injection of NH 3 into the exhaust 
pipe of a diesel engine, y-axis (upper two curves) shows the signal in volts; first 
curve: step 0.2 V, starting level 5.6 V; second curve: step 0.1 V, starting level 
1.6 V', third curve: step 100 ppm, starting level 0 ppm (from [37]) 



CO, 6-12% O 2 , 200-1000 ppm NOx and 130-260 ppm HC. Furthermore, the 
response to NH 3 should have a time constant in the order of 1 s. 

The MISiCFET sensor operated at 300° C has demonstrated very promis- 
ing results in this application, as reported by Svenningstorp et al. [58]. In 
Fig. 13, the sensor response to NH 3 obtained from two MISiCFET sensors 
with porous Pt and Ir gates respectively is compared to the NH 3 concentra- 
tion as measured by an optical instrument [37]. It is seen that the MISiCEET 
sensors follow the optical signal very closely. It can also be noted that even 
very small concentrations of ammonia produce a significant response in the 
MISiCEET sensors, which is an important factor if the sensor is to detect 
small amounts of ammonia that slip through the catalytic converter. At a 
device temperature of 300°C, the time constant for the sensor response is 
estimated to be 50 ms (see Fig. 10a) in Sect. 4.1, which falls well within the 
required limit. 

Although the response to NH 3 of a MISiCFET with a porous Pt gate 
shows an optimum at around 250° C, an operation temperature of 300° C is 
chosen since it has been observed that this ensures a clean sensor surface 
even in diesel exhaust [58] . The choice of Ir as the gate material produces a 
high NH 3 sensitivity over a broader temperature range and at a somewhat 
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higher temperature, see Fig. 4a [37]. The temperature at which maximum 
sensitivity occurs increases as the NH3 concentration increases. 

Schalwig et al. have tested the feasibility of using a SiC MOS capacitor 
sensor containing a contact metal of 40 nm TaSix plus 45 nm Pt to detect NOx 
and HC after the catalytic converter. This was carried out by simulating lean 
burn engine exhausts [77]. It was observed that the sensor signal increased 
for NOx detection and decreased for HC detection. This could permit this 
sensor to be used in a sensor array in order to differentiate these two gases. 

6.4 Flue Gas Monitoring 

In flue gases MISiC sensors can be used to either monitor the gas components, 
such as carbon monoxide (CO), nitric oxide (NO) and oxygen, or to identify 
different modes of combustion in the boilers (small power plants) . In this way, 
it is possible to optimise the combustion in boilers of capacity 0.5-5 MW in 
which optical techniques such as Fourier Transform Infrared (FTIR) are too 
expensive and complex. The authors have performed measurements in a larger 
boiler of 100 MW, since this boiler is equipped with the necessary reference 
instruments. This boiler has been used for the remote heating of industrial 
and residential buildings and for the generation of electricity in Nykoping, 
Sweden. It is fuelled by wood pellets, and there was a natural randomisation 
of the flue gases, which were used to stimulate the sensors [93]. MISiCFET 
sensors containing Pt or Ir gates, metal oxide sensors and a lambda sensor 
were used in the measurements, together with signals from the reference 
instruments. 

It was found that the CO concentration in the flue gases varied substan- 
tially within the range 80 to 500 ppm, while the NO concentration varied 
within a smaller range, 60-100 ppm. The oxygen level also varied a little 
and seemed to be correlated to the NO level. These relative variations are 
advantageous for the measurement and prediction of CO since ACO/COmax 
is large. 

Data was collected over several months. The data from the sensors was 
evaluated using PCA (principal component analysis) [94]. Figure 14b shows 
that it is possible to separate different operation modes of the boiler, as de- 
fined in Fig. 14a [93]. It was also possible to use partial least square algorithms 
to build models of the sensor signals representing the CO concentration. Here 
it is important to use data containing enough variation for the calibration 
model. 

The results in this investigation showed that it should be possible to use an 
array of these sensors together with chemometric data evaluation to control 
the operation mode of the boiler. Also, fine-tuning of the combustion should 
be possible, by measuring the CO concentration in the preferred boiler mode 
for example. 

The MISiC sensors have been operated in the flue gas environment at 
300° C for a total of 6 months without failure. 
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Fig. 14. (a) The CO {above, in ppm) and O 2 {below, in percentage) concentrations 
versus time in the flue gases from a boiler. Different boiler modes of operation 
(1-4) could be identified according to different combinations of the CO and O 2 
concentrations, (b) The different modes of operation could be identified in a score 
plot. Measurement points from the most advantageous mode of operation (low 
emissions and good combustion) are found within the white circle (from [93]) 



7 Outlook and Conclusions 

Field effect devices based on high band-gap materials are under rapid deve- 
lopment, since the robustness of the materials and their tolerance of extreme 
environments makes them very attractive for use in high temperature and 
corrosive environments. GaN, AIN and diamond have wider band-gaps than 
SiC and will probably be important as sensor materials in the future. However 
their production and processing technology is not so mature as that of SiC, 
and so commercialisation of devices produced on these materials will occur 
at a later date than those produced on SiC. 

A number of field effect devices such as capacitors, Schottky diodes, p-n 
junctions and transistors have been explored for use as chemical gas sensors. 
Advanced transistor sensors have been demonstrated in both SiC and GaN. 
The use of transistor devices has many advantages, such as greater stability 
and simple electronic circuitry. It also permits the use of more resistive cat- 
alytic materials, enabling the use of a greater range of materials, and causing 
a corresponding increase in the range of gases that can be selectively de- 
tected. MISiCFETs can be operated over a large temperature range, from 
100°C to 700°C. This enables these sensors to be used in a large number of 
applications, such as control of exhaust gases in vehicle engines and for flue 
gas monitoring. The small size and versatility of these sensors also permits 
sensor arrays to be used in sensor systems such as the electronic nose. 

The gas response of the field effect devices is determined by the catalytic 
properties of the contact material, which includes both the catalytic layer 
and the underlying material. The temperature plays a dominant role in the 
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detection process, since the origin of the gas response is found in the chem- 
ical reactions that take place on the sensor surface, together with the mass 
transport properties of the gas molecules. This permits sensors of a common 
design to be tailor-made for detection of a range of gases, for use in a range 
of applications. 

SiC material and processing technology is rapidly reaching maturity as 
described in other chapters of this book. Wafers of 3" diameter are already 
available and 4" is expected to follow soon. SiC also offers the possibility 
to integrate electronics on the sensor chip in the future, which makes this 
technology very attractive. Free-standing chips of SiC can, in the future, 
include arrays of chemical sensors, a heater, temperature control and signal 
processing circuitry. The high thermal conductivity of SiC will permit heating 
of these chips up to 600° C within a few seconds and also rapid cooling should 
be possible. 

SiC technology provides the opportunity for the exploitation of chemical 
gas sensors in the near future, in environments and applications that are 
problematic today. The extension of this technology to these areas will enable 
the reduction of unwanted emissions and will promote reductions in the use 
of fuel and energy, resulting in positive implications for natural resources and 
the environment. 
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